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PREFACE 


The  series  of  International  Conferences  on  "Creep  and  Fracture  of  Engineering 
Materials  and  Structures”  was  initiated  at  University  College  Swansea,  Wales, 
thanks  to  the  special  efforts  of  Professors  B.  Wilshire  and  R.  W.  Evans.  The 
Conferences  have  earned  a  world-wide  reputation  in  the  field  of  high- 
temperature  creep  of  materials.  I  think  that  the  success  of  the  Conferences  owes 
much  to  the  organizational  skills  of  these  two  professors.  The  Conferences  were 
intended  to  be  of  moderate  size  so  as  to  preserve  the  single-session  style.  The 
latter  works  well  in  encouraging  stimulating  discussions  and  in  cultivating  a 
friendly  atmosphere  at  all  of  the  Conferences.  In  addition,  all  of  the  participants 
must  have  enjoyed  the  congenial  and  refined  atmosphere  of  the  Conference  site, 
Clyne  Castle,  and  the  highly  elegant  arrangements  of  the  social  events,  including 
the  formal  dinner.  It  was  a  good  chance  for  us  to  taste  the  sophisticated  Welsh 
life-style. 

The  seventh  Conference  was  held  in  August  1997  at  the  University  of 
California,  Irvine,  under  the  chairmanship  of  Professor  J.  Earthman.  Personally, 
I  was  most  impressed  by  the  up-to-date  presentations  and  fruitful  discussions 
held  in  the  beautiful  campus  of  Irvine,  although  the  climate  and  atmosphere  in 
California  were  very  different  from  those  in  Wales. 

On  the  request  of  Professor  Wilshire,  we  organized  the  eighth  Conference  at 
the  National  Research  Institute  for  Metals  (NRIM)  in  Tsukuba  city,  Japan. 
Tsukuba  city  is  not  an  historical  site,  but  a  technopolis  established  about  30 
years  ago,  and  its  atmosphere  is  totally  different  from  that  of  Swansea  or  Irvine, 
but  we  paid  a  lot  of  attention  to  maintain  the  original  style  and  policy  of  the 
Conferences.  The  Conference  was  organized  with  the  assistance  of  the  local 
organizing  committee,  and  the  staff  of  the  NRIM.  I  would  like  to  acknowledge 
the  financial  support  of  the  Iketani  Science  and  Technology  Foundation,  and 
also  the  support  of  the  NRIM.  Finally,  I  wish  to  express  my  sincere  thanks  to  all 
of  the  authors  and  participants  to  whom  the  success  of  the  conference  must  be 
credited. 


The  University  of  Tokyo,  November  1999 


T.  Sakuma 
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Abstract 

Recent  developments  in  the  analysis  of  creep  rupture  data  for  design  and  product  standards  are 
reviewed.  These  include  the  successful  implementation  of  the  ECCC1  post  assessment  tests  for  full- 
size  datasets,  their  integration  into  a  new  advanced  creep  rupture  data  assessment  procedure  and 
their  application  to  the  analysis  of  sub-size  datasets. 

Introduction 

At  elevated  temperatures,  metallic  structures  deform  with  time  under  the  influence  of  applied  stress. 
In  the  limit,  the  accumulation  of  such  deformation  leads  to  fracture  by  a  creep  rupture  mechanism. 
The  consideration  of  this  damage  process  is  a  key  part  of  the  design  assessment  of  critical 
components  for  high  temperature  applications,  with  the  necessary  engineering  calculations  requiring 
a  knowledge  of  the  creep  rupture  strength  of  the  material  from  which  the  structure  is  manufactured. 

Recent  developments  in  the  analysis  of  creep  rupture  data  for  the  prediction  of  long  time  strength 
values  have  been  directed  towards  the  statistical  assessment  of  both  large  (full-size)  population 
datasets  as  well  as  those  containing  relatively  small  numbers  of  experimental  observations  (referred 
to  as  ’sub-size’  datasets  in  the  following  paper). 

In  ideal  circumstances,  creep  rupture  strength  values  for  design  purposes  are  determined  from  an 
assessment  of  the  results  of  sufficient  tests  on  a  variety  of  casts  of  the  material  in  question  to  ensure 
that  its  true  property  variance  has  been  fully  characterised  for  an  appropriate  range  of  stresses  and 
temperatures  ( e.g .  [1]).  Such  full-size  datasets  for  traditional  materials  may  comprise  up  to  -1,000 
observations  for  -100  casts  covering  several  temperatures  with  test  durations  up  to  >100,000h  (e.g. 
Fig.l). 

The  large  international  creep  rupture  datasets  originated  from  an  era  when  national  groups  from 
the  main  industrial  nations  had  the  resources  to  independently  generate  the  long  term  results 
required  to  adequately  characterise  the  behaviour  of  their  strategic  alloys  to  design  life  durations. 
Today,  new  alloys  are  typically  developed  as  a  consequence  of  focused  international  collaboration 
and  there  is  greater  pressure  than  ever  before  for  their  introduction  into  service  at  the  earliest 
opportunity.  Current  developments  are  therefore  directed  towards  the  assessment  of  sub-size 
datasets  and  the  qualification  of  strength  values  which  are  the  result  of  extended  extrapolation. 

Post  Assessment  Tests 

In  the  early  1990s,  the  drive  to  greater  integration  in  Europe  led  to  the  specification  of  unified 
(rather  then  independent  national)  design  and  product  standards.  ECCC1  was  founded  in  1992  to 

1  European  Creep  Collaborative  Committee 
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provide  the  means  for  European  industry  to  have  a  greater  influence  over  the  creep  strength  values 
incorporated  into  these  standards  [2].  The  brief  of  ECCC’s  technical  working  group,  WG1,  was  to 
devise  common  rules  for  the  material  specialist  WG3.x  working  groups  to  follow.  The  outcome 
was  a  series  of  five  volumes  covering  common  terminology  and  the  generation,  collation/exchange 
and  assessment  of  creep  data  [3]. 


Fig.  1  Large  multi-temperature,  multi-cast,  multi-source  creep  rupture  dataset  for  214CrMo 

A  number  of  well  established  creep  rupture  data  assessment  (CRD A)  procedures  were  employed 
by  the  various  national  specialists  involved  in  ECCC.  These  provided  the  mechanism  for 
representing  a  variety  of  material  rupture  characteristics,  either  by  an  appropriate  model  description 
(e.g.  [4])  or  by  means  of  a  graphical  method  [5].  Such  was  the  reliance  by  specialist  analysts  on  the 
experience  gained  with  individual  techniques  that,  in  the  short  term,  it  was  not  possible  to  agree  a 
single  European  methodology.  ECCC-WG1  therefore  devised  a  series  of  post  assessment  tests 
(PATs)  to  independently  test  i)  the  physical  realism,  ii)  the  within-data-range  goodness-of-fit,  and 
iii)  the  extrapolation  repeatability/stability  of  a  model  determined  by  any  procedure  ( e.g .  Fig.  2  to 
Fig.  4). 

The  effectiveness  of  the  PATs  was  demonstrated  in  an  inter-analyst  assessment  comparison 
exercise  [6].  This  involved  the  assessment  of  large,  multi-cast,  multi-temperature,  multi-source 
creep  rupture  datasets  for  four  commonly  used  engineering  alloys,  i.e.  2UCrMo  (Fig.  1), 
12CrMoVNb,  18CrllNi  and  31Ni20CrAlTi.  The  datasets  were  typical  of  those  used  for  the 
determination  of  creep  rupture  strength  values  for  national  and  international  design  and  product 
standards.  A  total  of  48  assessments  were  performed  by  10  European  CRD  A  specialists  using  a 
variety  of  procedures  (e.g.  [4,5,10]),  thereby  enabling  the  extent  of  inter-analyst  variability  for  the 
same  and  different  assessment  methodologies  to  be  evaluated  [3e,6]. 

For  a  given  alloy,  the  variability  in  predicted  strength  values  achieved  without  invoking  the  PATs 
was  typically  >20%  at  the  edge  of  the  data  population  (i.e.  at  fr  =  rr, max)  increasing  to  >50%  at  three 
times  the  maximum  test  duration  (i.e.  tT  =  3.rr,max)  2.  Using  only  those  assessment  results  meeting 
the  requirements  of  the  PATs,  the  variability  in  predicted  strength  values  was  reduced  to  <10%  at 
the  limit  of  the  data  and  <20%  at  3 .tTjTnax  [3e,6], 

Implementation  of  the  PATs  requires  significant  additional  effort,  in  particular  for  graphical 
methods  of  creep  rupture  data  assessment.  The  justification  for  their  use  is  that  the  uncertainty 

2  A  list  of  Annotations  is  given  at  the  end  of  the  paper 
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associated  with  the  consequent  predicted  strength  values  is  significantly  reduced  [3e,6].  The  extra 
effort  is  more  than  justified  when  the  results  of  the  assessment  are  likely  to  be  used  for  critical 
components  and  in  national  and  international  design  and  product  standards. 
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Fig.  2  Examples  of  'physical  realism'  post  assessment  test  results  for  2l4CrMo  dataset 
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Fig.  3  Examples  of  'within-data-range  model-fitting’  PAT  results  for  21ACrMo  dataset 
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Fig.  4  Comparison  of  tfr/7>3rr,max  strength  values  before  and  after  culling  50%  of  the  data  between 
0. 1  Tr,max  and  ?r,max  in  the  ’extrapolation  repeatability’  post  assessment  test 
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New  Assessment  Procedure 

In  this  paper,  a  clear  distinction  is  drawn  between  the  arbitrary  application  of  a  single  ’model’,  e.g. 
Larson-Miller  [8],  and  a  formal  ’procedure’  involving  pre-assessment  and  selection  of  the  most 
appropriate  model  to  suit  the  characteristics  of  the  material  under  consideration  (e.g.  Fig.  5). 


Fig.  5  Flow  diagram  showing  steps  in  PD6605  assessment  procedure 


Table  1  Creep  rupture  model  equations 


MODEL 

TREND  EQUATION 

REF 

TIME-TEMPERATURE-PARAMETRIC  EQUATIONS 

MRMfl 

t<*  =  exp[{  XL  A  (log[or„])*}.(r-  T0y/a0-q  +  p5  ] 

[7] 

MRn* 

/r*  =  exP[{  XL  A  (log[°o])*}/cr-  r0>  +  p5  ] 

[7] 

LMn* 

t*  =  exp[{  XL  A  (l0g[CTo]/}/r+  p5  ] 

[8] 

MHn* 

u*  =  exp[{  XL  A  (logtCTo])*}  .(T~  T0)  +  ps  ] 

[9] 

MHOrc* 

tt*  =  exp[{  X"=0A  (log[CT0])‘}.r+  p5 ] 

[9] 

OSD  n 

t,*  =  exp[  XL  A  (logtOol)*  +  p s/T  ] 

[13] 

ALGEBRAIC  EQUATIONS 

SMI 

=  exp[  p0  +  pi-log[7]  +  p2.log[<Jo]  +  Pj/T  +  p4.Oo/r ] 

[14] 

SM2 

tr* = exP[  p0  +  p,.iog[7]  +  p2.iog[c„]/r+  p3/r+  p^o^r] 

[14] 

MC 

to*  =  exp[  Po  +  Pi.l0g[co]  +  p2.c0  +  p3.c02  +  p4.r  +  p5/r  ] 

[15] 

*  models  which  may  be  derived  from  the  MRM  equation  [  7] 


Until  recently,  the  two  most  widely  used  CRDA  procedures  in  Europe  were  the  ISO  procedure 
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[4]  and  the  graphical  averaging  and  cross-plotting  method  [5].  The  ISO  procedure  employs  the 
MRM  time-temperature-parameter  [7]  to  model  selected  (log[G0],log(/r])r  data  co-ordinates  from 
best  fit  isothermal  \og[c0](log[tT])  lines  derived  for  all-data  at  the  main  test  temperatures  of  the 
dataset.  The  MRM  model  equation  set  provides  a  degree  of  flexibility  in  its  ability  to  cover  a  range 
of  material  characteristics  through  adjustment  of  the  constants  r,  q,  and  T0  (see  Table  1).  Indeed,  a 
number  of  the  better-known  time-temperature-parameters  derive  from  the  MRM  expression  ( e.g . 
Larson-Miller  [8],  Manson-Haferd  [9],  Table  1).  The  so-called  German  graphical  method  [5] 
involves  a  number  of  averaging/smoothing  iterations  between  graphically  constructed  isothermal 
log[o0 ](log(tr)  plots  and  isochronous  log[a0]W  plots  [5]. 

There  have  been  actions  in  Germany,  and  most  recently  in  the  UK,  to  automate  and  advance  the 
CRDA  methodology,  in  particular  using  the  power  of  desk  top  computing.  These  have  resulted  in 
the  DESA  [10]  and  PD6605  [11,12]  procedures. 

The  basis  of  PD6605  is  a  set  of  creep  rupture  models  comprising  six  TTP  expressions  [7-9,13] 
and,  in  addition,  three  algebraic  equations  which  do  not  rely  on  high  order  polynomials  and  are 
thereby  potentially  more  stable  in  extrapolation  [14,15]  (Table  1).  Moreover,  the  user  may  define 
other  models  out  of  preference  or  when  none  of  the  selection  provided  adequately  represents  the 
MTg0J  data. 

During  the  development  of  PD6605,  a  number  of  two-parameter  probability  distributions  were 
investigated  for  their  ability  to  represent  the  random  component  of  creep  rupture  data  for  a  range  of 
ferritic  and  austenitic  high  temperature  steels.  The  software  accompanying  the  published  procedure 
employs  either  the  Weibull  or  log-logistic  distributions  which  consistently  provided  the  best 
representation  of  the  error  distribution  for  the  range  of  alloys  investigated. 

Maximum  likelihood  statistics  are  used  to  simultaneously  estimate  the  parameters  for  the 
systematic  and  random  components  of  the  model  using  all  the  \og[tr](T,log[<y0])  data.  The 
likelihood  function  for  the  model  has  the  important  characteristic  that  it  comprises  probability 
densities  covering  i)  the  rupture  times  for  failed  specimens  and  ii)  the  survival  times  for  unfailed 
specimens.  The  routine  consideration  of  unfailed  tests  is  a  main  feature  of  the  PD6605  analysis  [11] 
(e.g.  Fig.  6).  Confidence  intervals  for  the  estimated  time  to  rupture  are  obtained  directly  from  the 
survival  function. 


100  1,000  10,000  100,000  1,000,000 

TIME,  h 

Fig.  6  Model  fitting  to  12Cr  blading  steel  using  PD6605  assessment  procedure 


The  PD6605  analysis  also  accounts  for  the  variance  heterogeneity  inherent  in  many  creep  rupture 
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datasets  [11].  The  trend  is  apparent  in  Fig.  3b. 

Metallurgical  credibility  is  maintained  by  a  rigorous  formal  pre-assessment,  based  largely  on  the 
guidance  formulated  by  ECCC  [3e],  and  integration  of  the  post  assessment  tests  (Fig.  2  to  Fig.  4) 
into  the  model  selection  procedure  (Fig.  5).  PD6605  also  formally  introduces  pre-assessment. 

Pre-assessment  is  an  important  step  in  the  analysis  of  creep  rupture  data,  involving 
^characterisation  of  the  data  in  terms  of  its  pedigree,  distribution  and  scatter,  and  ii)  data 
reorganisation  (if  deemed  necessary  by  the  findings  of  if).  The  main  objective  is  to  provide  an  error 
free,  fully  characterised  dataset  for  evaluation  in  the  main  assessment.  Pre-assessment  is  not  a  new 
concept  [3e]  but  its  formal  inclusion  and  definition  in  a  standard  procedure  is  unique. 

A  significant  effort  has  been  directed  to  the  assessment  of  large  (full-size)  datasets,  and  major 
advances  have  been  made.  The  outstanding  challenge  is  the  prediction  of  design  life  strength  values 
from  sub-size  datasets,  in  particular  those  for  new  materials  required  for  market  exploitation. 

Assessment  of  Sub-Size  Datasets 

The  focus  of  this  paper  is  on  the  assessment  of  creep  rupture  data  to  provide  strength  values  for 
design  and  product  standards.  In  this  context,  use  of  the  term  ’sub-size’  refers  to  samples  typically 
of  -20-150  tfT,G0)  data. 

Uncertainties  in  strength  value  predictions  for  times  of  up  to  design  life  magnitude  arise  from 
several  sources,  and  the  ways  to  minimise  these  for  full-size  datasets  are  now  well  defined  (Table 
2).  The  situation  for  sub-size  datasets  is  not  so  clear,  and  significant  effort  is  currently  being 
directed  to  the  qualification  of  predicted  strength  values  resulting  from  such  sources.  In  particular, 
attention  is  being  focused  on  datasets  for  which  the  scope  of  data  is  limited,  in  terms  of  i)  the 
number  of  casts  needed  to  adequately  characterise  the  specified  material,  and  ii)  the  temperature/ 
stress  conditions  on  which  the  required  long  time  strength  predictions  have  to  be  based. 


Table  2  Sources  of  uncertainty  in  CRDA  predicted  strength  values 


UNCERTAINTY  SOURCE 

FULL-SIZE  DA  T ASETS 

SUB-SIZE  DATASETS 

Quality  of  data 

-  Material  pedigree 

-  Testing  practice 

Minimised  by  data  satisfying 
requirements  of  [3c]. 

As  for  full-size  datasets. 

Scope  of  data 
-  Material  characteristics 

Minimised  by  dataset 
satisfying  cast  number 
requirements  of  [3e,4]. 

Validated  qualification  factor 
needed  for  when  cast  number  is  less 
than  requirements  of  [3e,4]. 

Scope  of  data 
-  Temperature/stress 
conditions 

Minimised  when  dataset 
satisfies  extended  time/stress 
extrapolation  requirements 
defined  in  [l,3e,4,12]. 

Validated  qualification  factorf s ) 
needed  for  strengths  resulting  from 
extended  extrapolations  (statistical/ 
empirical ) 

Model  acceptability 

-  Physical  realism 

-  Within-data-range  fit 

-  Extrapolation  credibility 

Minimised  by  dataset 
satisfying  ECCC  PAT 
requirements  [3e]. 

As  for  full-size  datasets  for  physical 
realism  and  within-data-range  fit, 
when  sample  adequately  populated 
with  results  from  sufficient  number 
of  representative  casts.  Further 
development  required  for 
extrapolation  credibility 

Whether  determined  by  statistical  or  empirical  analysis,  small  cast  number  qualification  factors 
make  use  of  the  experience  that  the  scatter  about  the  mean  of  well  specified  materials  is  typically 
±20-25%  of  Rr/T/t- 

An  attractive  basis  for  the  qualification  of  mean  strength  predictions  arising  from  extended 
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extrapolation  is  an  appropriate  statistically  derived  lower  confidence  interval.  This  is  a  feasible 
solution  for  materials  whose  tr(T,G0)  data  is  distributed  normally  (or  log-normally)  about  the  mean 
U*(T,g0)  line.  However,  for  many  materials,  the  distribution  is  not  normal  (see  previous  section) 
and  the  derivation  of  confidence  on  mean  line  estimates  is  a  complex  analytical  task.  More 
importantly  for  such  materials,  lower  confidence  intervals  derived  assuming  a  normal  distribution 
can  become  increasingly  over-conservative  as  the  degree  of  extrapolation  is  increased  beyond 
3.rr,max-  The  factors  determined  by  such  analyses  can  penalise  the  potential  of  new  materials  and 
their  early  introduction  into  service. 

As  a  pragmatic  alternative  solution,  empirical  factors  are  being  established  on  the  basis  of 
assessments  of  sub-size  datasets  which  have  been  reduced  (by  random  culling)  from  existing  full- 
size  datasets  (e.g.  Fig.  7).  By  this  means,  it  is  possible  to  compare  extended-extrapolation  strength 
predictions,  assessed  from  sub-size  datasets,  with  ’actual’  strength  values  determined  from  long  term 
test  results.  The  main  difficulty  is  with  metallurgical^  active  steels,  for  which  extended- 
extrapolation  strength  predictions  may  be  significantly  over-estimated  [16]  or  under-estimated  (e.g. 
Fig.  7),  depending  on  sub-size  dataset  characteristics.  Both  of  these  sub-size  dataset  assessments 
passed  the  requirements  of  PATs-1,2  (e.g.  Fig.  2,  Fig.  3).  Even  for  relatively  stable  materials  (e.g. 
Fig.  1),  the  PATs  do  not  appear  to  provide  a  reliable  indication  of  mean  strength  when  the  sub-size 
fr(r,a0)  sample  is  not  adequately  populated  with  results  from  a  sufficient  number  of  representative 
casts  (e.g.  to  give  a  scatter  of  —±20-25%  of  Rrmt-  The  effort  to  overcome  these  difficulties,  and 
thereby  enable  the  earliest  exploitation  of  new  materials  at  minimum  risk,  is  continuing. 
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Fig.  7  Comparison  of  mean  line  fits  to  sub-size  datasets  reduced  from  full-size  dataset  for  12Cr 
blading  steel  (3 1 5  data,  6  temps,  45  casts,  1 29kh  fr,max)  -  (a)  83/6/9/49kh,  (b)  1 8/4/2/22kh 


Concluding  Remarks 

Recent  developments  in  the  assessment  of  creep  rupture  data  have  been  reviewed.  Perhaps  the  most 
influential  of  these  are  the  post  assessment  tests  conceived  by  the  European  Creep  Collaborative 
Committee  which  have  been  shown  to  be  responsible  for  a  significant  reduction  in  the  variability  in 
long  time  predicted  strength  values  determined  by  different  CRDA  specialists  using  the  same  and 
different  assessment  procedures. 

In  addition  to  being  influential  in  their  own  right,  the  ECCC  PATs  have  been  integrated  into  a 
newly  developed  state-of-the-art  creep  rupture  data  assessment  procedure.  In  this  role,  the  PATs 
provide  the  means  of  exerting  a  strong  metallurgical  influence  on  the  results  of  an  advanced 
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statistical  modelling  analysis  which  gives  the  opportunity  for  unfailed  test  data  to  be  included  in  the 

assessment  and  for  the  derivation  of  confidence  intervals. 

Despite  their  effectiveness  in  qualifying  the  acceptability  of  creep  rupture  strength  predictions 

determined  using  full-size  datasets,  further  development  is  required  for  sub-size  datasets. 
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Annotations 


n 

order  of  stress  polynomial  in  TTP  model  equations  (to  max  of  k ,  see  Table  1) 

n' 

reciprocal  slope  of  log[a0]  vs  log[tr*L  ie.  -9(log[rr*])/3(log[a0])  (see  Fig.  2b) 

q 

stress  exponent  in  MRM  model  equation  (see  Table  1) 

RrfT/t 

rupture  strength  for  a  given  temperature  and  time 

r 

temperature  exponent  in  MRMrc  model  equation  (see  Table  1) 

T 

temperature 

tf>  ^r,max 

observed  time  to  rupture,  maximum  observed  time  to  rupture 

predicted  time  to  rupture 

Po,  Pl>  P3>  P4,  P5 

parameters  in  model  equations  (see  Table  1) 

rt0 

initial  stress 

Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  9-16 
© 2000  Trans  Tech  Publications,  Switzerland 


Recent  Developments  in  Stress  Relaxation  Methodologies 

within  Europe 

P.R.  McCarthy1,  D.G.  Robertson1,  J.  Orr2  and  A.  Strang3 

1  ERA  Technology  Ltd,  Cleeve  Road,  Leatherhead,  Surrey,  KT22  7SA,  U.K. 

2  British  Steel  Swinden  Technology  Centre,  Moorgate,  Rotherham,  S60  3AR,  U.K. 
3  ALSTOM  Energy  pic,  Newbold  Road,  Rugby,  CV21  2NH,  U.K. 

Keywords:  Testing  Standards,  Extensometry,  Test  Data,  Modeling  of  Stress  Relaxation 


Abstract 

This  paper  sets  out  some  of  the  findings  arising  from  a  recent  programme  of  work  investigating 
stress  relaxation  testing.  It  reviews  current  standards  and  examines  the  equipment  capabilities 
necessary  for  successful  testing.  Inter  and  intra  laboratory  variability  of  data  is  examined,  as  is  the 
impact  of  influences  such  as  loading  methods.  A  means  of  re-starting  previously  tested  testpieces  is 
described  and  validated.  The  need  for  modulus  determinations  is  explored  and  a  model  is  used  to 
assess  extensometer  performance  requirements.  Recommendations  are  made  as  to  improvements  to 
the  stress  relaxation  test;  these  will  form  the  basis  of  a  new  Euronorm  to  address  stress  relaxation 
testing. 

1.  Introduction 

The  work  reported  in  this  paper  forms  part  of  a  large  European  programme  addressing  Stress 
Relaxation  Standards  and  Testing.  It  was  initiated  as  a  consequence  of  work  performed  by  the 
European  Creep  Collaborative  Committee  (ECCC)  which  highlighted  an  urgent  need  for  the 
preparation  of  a  new  European  standard  for  Stress  Relaxation  testing  [1].  Application  was  made  to 
the  European  Commission  for  support  and  work  was  initiated  in  1995  under  the  aegis  of  the 
Standards,  Measurements  and  Testing  programme  of  the  European  Commission.  The  participants 
comprised  companies  from  the  UK  (British  Steel,  ALSTOM  Energy,  ERA  Technology),  Germany 
(IfW,  Darmstadt,  MPA  Stuttgart,  ALSTOM  Energie),  Italy  (Insituto  Scientifico  Breda)  and  Portugal 
(ISQ). 

The  material  selected  for  this  work  was  steel  grade  XI 9  (ll%CrMoNbVN),  widely  used  in 
Europe  as  a  bolting  material  in  steam  turbines. 

The  programme  of  work  addressed  three  categories  of  stress  relaxation  testing,  namely  uniaxial 
tests  (either  sliding  weight  or  servo  type  machines)  and  model  bolt  tests.  This  paper  focuses  upon 
the  results  from  the  sliding  weight  machine  category. 
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2.  Purpose  of  the  work 

The  aims  of  this  programme  of  work  were  fivefold,  namely 

(i)  to  identify  weaknesses  within  existing  standards, 

(ii)  to  generate  a  code  of  practice  to  address  these  weaknesses, 

(iii) to  generate  test  data  for  validation  purposes, 

(iv) to  perform  tests  against  the  new  code  of  practice,  and 

(v)  to  make  recommendations  to  CEN  regarding  a  new  Euronorm  to  address  stress  relaxation. 

The  standards  reviewed  were  ASTM  E328-96  [2],  JIS  Z  2276  [3]  and  BS3500:  Part  6:  1969  [4]. 
In  addition  compatibility  with  Euronorms  in  the  associated  fields  of  creep  and  tensile  testing  were 
also  examined.  In  general  terms  the  existing  standards  were  found  to  have  performed  well. 
However,  inconsistencies  have  appeared  when,  for  example,  extensometer  performance  requirements 
have  moved  from  strain  based  requirement  to  a  direct  displacement  assessment.  [5,6] 

At  the  conception  of  the  programme  it  was  evident  that  the  testing  needed  to  be  performed  on  an 
industrially  relevant  material,  as  both  industrial  and  research  participants  were  investing  considerable 
resources  into  these  investigations.  It  was  also  important  that  sufficient  long  term  data  be  generated 
to  complement  existing  data  sources  and  allow  data  extrapolation  methods  to  be  validated  as  part  of 
the  programme. 

3.  Equipment  Considerations 

The  programme  of  work  was  designed  around  three  major  modules.  These  modules  were  related 
to  long  term  data  generation  using  sliding  weight  machines,  shorter  term  tests  using  servo-controlled 
machines,  and  model  bolt  testing.  This  paper  focuses  upon  the  work  of  the  sliding  weight  data 
generation  working  group. 

The  test  machines  used  by  the  participating  laboratories  were  of  the  double  lever  sliding  weight 
type,  designed  by  the  National  Physical  Laboratory  in  the  early  1950’s  and  manufactured  by  the 
Denison  company  up  to  the  early  1970’s.  The  applied  load  is  adjusted  by  moving  a  poise  weight 
along  a  calibrated  steelyard,  allowing  continuous  load  adjustment  from  0.7kN  to  50kN. 

Extensometry  was  of  the  double  sided  type,  with  transducers  measuring  displacement  on  either 
side  of  the  testpiece  and  subsequently  averaging  the  outputs.  Transducers  were  high  precision 
capacitance  or  LVDT  types.  The  extensometer  was  clamped  onto  ridges  machined  on  the  testpiece, 
thereby  providing  a  very  precise  and  consistent  gaugelength  for  subsequent  measurement.  Due  to 
the  exacting  performance  requirements  defined  in  BS3500:  Part  6  the  extensometry  needed  to  meet 
Class  B  performance  from  the  old  extensometer  standard  BS  3846.  This  document,  superseded  by 
BS  EN  10002:4  in  1995,  was  used  since  the  Euronorm  extensometry  grading  philosophy  is 
incompatible  with  BS3500  :  Part  6  -  a  matter  to  be  resolved  by  the  new  stress  relaxation  standard. 

Control  of  test  temperature,  and  minimisation  of  temperature  variations,  both  in  time  and  along 
the  testpiece  itself,  were  recognised  as  being  of  critical  importance.  All  laboratories  used  three 
thermocouples  along  the  testpiece  gaugelength  to  measure  both  test  temperature  and  thermal 
gradients.  Temperature  controllers  with  discriminations  of  at  least  1  °C  were  used,  with  supervisory 
laboratory  logging  systems  of  0.1  °C  discrimination.  Thermocouples  were  calibrated  in  accordance 
with  best  industry  practice  and  Type  R  (Pt  -  Pt  13%Rh)  were  used  for  greatest  stability  and  long 
term  performance. 


4.  Data  and  Analysis 


Key  Engineering  Materials  Vols.  171-174 


11 


4.1  Intra-laboratory  Variability 

In  order  to  assess  the  intra-laboratory  variability  of  results,  each  laboratory  performed  two  500h 
tests  at  550°C  for  two  different  loading  strains,  namely  0.15%  and  0.20%.  The  initial  and  final 
values  of  relaxed  stress  from  these  tests  are  presented  in  Table  1.  In  general,  the  repeatability  of 
results  was  good  within  each  laboratory,  although  the  0.15%  strain  tests  of  lab  1  exhibited  a 
difference  in  relaxed  stress  values  of  15  MPa.  The  latter  was  consistent  with  the  large  difference  in 
initial  stress  values  (~30  MPa),  which  was  attributed  to  a  significant  difference  in  loading  rate. 
There  were  only  small  differences  in  the  initial  stress  values  of  the  tests  performed  by  lab  2  and 
lab  3,  and  the  stresses  relaxed  during  the  tests  such  that  the  differences  were  not  significant  after 
500h. 

4.2  Inter-laboratory  Variability 

Table  1  shows  that,  in  general,  the  repeatability  of  results  between  laboratories  was  good  for  the 
0.15%  strain  tests,  while  there  appeared  to  be  more  scatter  in  the  data  from  the  0.20%  strain  tests. 
The  inter-laboratory  variability  was  further  examined  through  a  programme  of  tests  of  longer 
duration  (up  to  10,000  hours)  at  different  temperatures  (450,  500,  550,  600°C)  and  loading  strains 
(0.10,  0.15,  0.20%).  It  was  found  that,  in  general,  the  repeatability  of  results  between  laboratories 
was  good  across  the  whole  temperature  range.  Using  the  available  data  at  550°C,  mean  values  for 
the  relaxed  stress  at  times  of  500h,  lOOOh,  and  3000h  were  calculated  for  each  loading  strain,  and  the 
standard  deviation  was  estimated,  as  shown  in  Table  2.  There  was  no  consistent  variation  of  the 
standard  deviation  with  loading  strain  or  test  time,  but  the  overall  average  of  these  deviations  was 
~±7.2%. 

4.3  Extrapolation  Assessment 

Data  from  selected  tests  of  less  than  3000h  duration  were  used  to  predict  10,000  hour  relaxed 
stress  values  for  comparison  with  the  actual  data  from  long-term  550°C/0.15%  tests.  The  data  were 
culled  so  that  there  were  reasonably  similar  numbers  of  data  points  for  each  test,  in  order  to  control 
the  bias  to  any  particular  test(s).  Four  methods  were  used  for  extrapolation:  (i)  simple  polynomial 
curve-fitting  of  linear  stress  -  log  time  data;  (ii)  time-temperature  parametric  correlation;  (iii)  a 
simple  stress  relaxation  model;  and  (iv)  the  Feltham  equation.  In  the  case  of  (iii),  the  following 
relaxation  model  was  applied: 

al-«-o0l  =  -AE{n-\)t™  Eq.l 

where  a  =  stress,  aG  =  initial  stress,  E=  elastic  modulus,  f  =  time,  and  A ,  n  and  m  (<1)  are 
material  constants.  In  the  case  of  (iv),  the  following  approximation  was  used: 

(a0  -  a)  =  a  ln(l+f)  Eq.2 

where  a  is  a  constant.  This  equation  implies  that  a  plot  of  (a0  -  a)  versus  ln(l+f)  should  be  a 
straight  line.  However,  it  was  found  that  the  relationship  was  not  linear  at  short  times,  and  therefore 
the  short-time  data  were  disregarded. 

The  mean  of  the  actual  lOkh  relaxed  stress  measurements  from  the  long-term  550°C/0.15%  tests 
was  89.6  MPa,  with  a  standard  deviation  of  ~d=5.8%.  Table  3  shows  the  predicted  values  and  the 
deviation  of  the  prediction  from  the  mean  of  the  actual  measurements.  It  can  be  seen  that  all  four 
approaches  give  reasonable  predictions.  Although  some  methods  may  give  more  accurate 
predictions  than  others,  it  would  be  inappropriate  to  identify  one  particular  method  as  the  ’optimum’ 
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Laboratory 

Loading  Strain,  % 

Initial  Stress,  MPa 

Relaxed  Stress 
after  500  h 

1“  test 

2nu  test 

lsl  test 

2™  test 

1 

0.15 

214 

184 

125 

2 

0.15 

211 

117 

3 

0.15 

216 

207 

122 

1 

0.20 

286 

- 

154 

- 

2 

0.20 

267 

265 

138 

128 

3 

0.20 

297 

281 

148 

142 

Table  1.  500  hour  relaxed  stress  data  from  three  laboratories 


Strain,  % 

Time,  h 

Mean  Relaxed  Stress, 

MPa 

Estimated  Standard 
Deviation  (%) 

0.10 

500 

92 

9.1  . 

0.10 

1000 

86 

11.5 

0.10 

3000 

76 

5.2 

0.15 

500 

119 

5.8 

0.15 

1000 

110 

5.8 

0.15 

3000 

99 

8.5 

0.20 

500 

145 

9.3 

0.20 

1000 

141 

2.5 

0.20 

3000 

124 

8.3 

Table  2.  Inter  Laboratory  Variability  Data 

methodology  for  extrapolation  because  the  investigation  has  been  limited  to  selected  data  for  a  single 
cast  of  material  only. 

5.  Experimental  Observations 
5.1  Test  initiation 

Examination  of  the  data  generated  by  the  three  laboratories  revealed  consistent  behaviour,  the 
main  variable  being  the  stress  achieved  during  loading.  Thereafter  the  stress  relaxation  rate  data 
formed  a  coherent  data  set.  Variations  of  the  initial  stress  on  loading  were  found  to  be  dependent 
upon  the  rate  at  which  the  load  was  applied.  Due  to  the  nature  of  the  equipment  used,  i.e.  manual, 
step-wise  load  adjustments,  opportunities  can  arise  for  the  testpiece  to  shed  load  during  the  loading 
process  itself.  To  investigate  this  aspect  trials  were  undertaken  where  two  different  loading 
approaches  were  used.  The  first  involved  loading  to  the  required  strain  in  eight  approximately  equal 
increments  of  load,  the  second  by  applying  five  increments  to  approximately  half  load,  then  loading 
to  a  final  stress  derived  from  the  stress-strain  data  from  a  separate  tensile  test  at  test  temperature. 
This  experiment  revealed  an  initial  stress  for  the  second  approach  some  10%  higher  than  that 
obtained  from  the  equal  increments  method;  however  after  -10  hours  the  two  relaxation  curves  had 
converged  and  thereafter  showed  similar  relaxation  behaviour. 
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Curve  fit  method 

Predicted  Stress  (MPa) 

Deviation  from  mean,  (%) 

Stress-log  time,  2nd  order  polynomial 

82.2 

8.3 

Stress-log  time,  3rd  order  polynomial 

90.7 

1.2 

Stress-log  time,  4th  order  polynomial 

83.5 

6.8 

Parametric,  2nd  order 

81.2 

8.4 

Relaxation  model 

91.1 

1.7 

Feltham  Equation 

89.3 

0.3 

Table  3.  Comparison  of  the  extrapolation  methods 


5.3  Test  Re-loading 

One  of  the  aims  of  the  programme  was  to  establish  a  validated  method  for  the  re-loading  of  stress 
relaxation  tests.  Previous  work  by  the  authors  indicated  that  the  following  protocol  was  appropriate :- 

a)  Cool  the  relaxation  test  under  load  to  ambient  temperature,  recording  all  pertinent 
information  and  generating  an  unloading  modulus, 

b)  Dismantle  the  test  from  the  test  machine, 

c)  Re-assemble  and  perform  an  ambient  temperature  modulus  determination, 

d)  Check  the  moduli  data  and,  if  consistent,  proceed, 

e)  Apply  50%  of  the  test  load  from  a)  above, 

f)  Heat  to  the  test  temperature, 

g)  When  at  test  temperature  apply  the  remainder  of  the  load.  Wait  5  minutes  and  then  record 
the  extensometer  output.  Use  this  value  as  the  control  value  for  all  subsequent  testing. 

This  process  was  undertaken  on  tests  running  at  550  °C  and  0.10%,  0.15%  and  0.20%  strain.  In 
all  three  instances  the  post  re-loading  behaviour  matched  that  shown  by  uninterrupted  tests 
performed  under  identical  conditions. 

6.  Modeling 

6.1  Stress  Relaxation  test  control 

In  order  to  better  understand  the  impact  of  variations  in  operational  practice  upon  the  subsequent 
quality  of  data  a  model  describing  the  performance  of  stress  relaxation  testing  was  developed.  It 
used  a  representation  of  stress  relaxation  behaviour  based  upon  a  log  stress  relaxation  rate  vs.  log 
stress  relationship  of  the  following  form  : 

Log  relxn  rate  =  -24.7723  +  58.04913  log  a  -  45.0346(log  a)2  +  10.79471(log  a)3  Eq.3 

This  relationship  was  derived  using  test  data  generated  by  the  programme  of  testing  at  550  °C, 
0.15%  strain. 

The  model  was  based  upon  an  iterative  process  to  generate  a  stress  relaxation  curve,  using  a  pre¬ 
determined  strain  control  level  to  initiate  a  stress  change.  The  “virtual  test”  commenced  with  the 
input  of  an  initial  stress,  modulus  at  temperature,  the  required  strain  and  the  percentage  of  the 
required  strain  to  be  used  for  control  purposes.  Taking  the  initial  stress  and  the  material  relaxation 
rate  relationship  a  time  increment  was  derived,  over  which  the  virtual  testpiece  relaxed  and  the  total 
strain  increased  to  a  level  of  (initial  strain  plus  control  increment).  At  this  point  the  model  calculated 
the  stress  change  necessary  to  bring  the  testpiece  strain  back  to  the  required  strain,  decremented  the 
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test  stress  and  derived  a  new  relaxation  rate  for  that  stress.  The  model  then  looped  back  and 
calculated  the  next  time  increment. 

Using  this  model  the  effect  of  different  control  levels  upon  subsequent  stress  relaxation 
properties  was  examined  and  an  assessment  made  as  to  the  sensitivity  of  stress  relaxation  properties 
to  the  applied  control  level.  Three  control  levels  were  selected;  0.5%  of  the  applied  strain 
(representing  tight  test  control),  1%  of  the  applied  strain  (the  level  called  for  by  B S3  500  Pt  6)  and 
2%  of  the  applied  strain  (a  poorly  controlled  test).  The  corresponding  data  derived  from  the  model 
are  presented  in  Figure  1.  As  can  be  seen  the  predictions  reveal  differences  in  predicted  behaviour 
from  the  very  start  of  the  test.  The  wider  the  control  band  the  faster  the  stress  decreases;  this  is 
consistent  with  the  testpiece  experiencing  longer  durations  at  higher  stresses  and  hence  there  being  a 
greater  opportunity  for  the  material  to  relax.  The  separation  of  the  predictions  continues  throughout 
the  test.  By  the  time  the  “virtual  tests”  have  reached  10000  hours  duration  the  difference  between 
the  0.5%  control  level  and  the  2.0%  control  levels  equates  to  ~30MPa. 

An  understanding  of  the  consequences  of  the  behaviour  predicted  by  the  model  are  crucial.  It  is 
clear  that,  irrespective  of  open  or  closed  loop  control  methods,  the  level  at  which  load  adjustments 
are  made  has  a  direct  impact  upon  the  subsequently  generated  stress  relaxation  properties.  It  is 
therefore  vital  that  the  control  method,  and  the  control  tolerance  applied,  are  known  to  users  of  the 
data  and  hence  these  parameters  must  be  recorded  as  part  of  the  test  metadata. 

6.2  Extensometry  performance  and  selection 

The  impact  of  the  strain  control  band  width  upon  the  subsequent  data  generated  by  the  test 
highlights  the  crucial  nature  of  the  extensometry  used  to  control  the  applied  strain.  BS3500:  Part  6 
and  the  ASTM  E83-96  both  call  for  extensometry  performance  to  be  defined  in  terms  of  a  percentage 
of  the  applied  strain.  This  leads  directly  to  the  required  performance  of  the  extensometer  being 
defined  by  the  gauge  length  of  the  testpiece  used  (figure  2).  As  can  be  clearly  seen  the  required 
performance  characteristics  of  the  extensometry  are  very  exacting,  rising  as  the  gauge  length 
reduces.  The  laboratories  partaking  in  the  sliding  weight  part  of  this  project  used  an  100mm  gauge 
length  which,  in  order  to  comply  with  the  testing  standard,  required  extensometry  with  a  bias  of 
+2.5um  and  a  resolution  of  0.6um.  This  is  readily  achievable  using  high  quality  LVDT  and 
capacitive  transducers,  indeed  the  extensometry  used  by  the  three  laboratories  had  typical  bias  levels 

Figure  1.  Predicted  Stress  Relaxation  Behaviour 


a  0.5%of  the  strain 
+  1%  of  the  strain 
m  2%  of  the  strain 


Time,  h 
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of  +lum,  and  discriminations  of  better  than  O.lum.  However  should  the  gauge  length  be  reduced  to 
10mm  then  extensometry  performance  must  be  enhanced  to  compensate.  A  10mm  gauge  length, 
typical  for  side  contact  extensometry,  requires  performance  characteristics  compatible  with 
EN1 0002-4  Grade  0.2  or  ASTM  E83-96  Class  A.  Such  performance  is  extremely  difficult  to 
achieve,  typically  being  associated  with  reference  standards  and  laser  interferometer  systems.  Hence, 
short  gauge  lengths  and  high  precision  stress  relaxation  tests  are  mutually  incompatible. 

6.3  Temperature  Control 

A  concern  of  the  participating  laboratories  was  the  effect  of  temperature  variations  upon  the 
subsequent  data.  Fluctuations  can  arise  either  within  the  test  furnace,  or  in  the  surrounding 
laboratory.  These  thermal  changes  can  be  translated  into  variations  in  the  indicated  strain  from  the 
extensometer.  A  1  °C  temperature  fluctuation  can  equate  to  a  significant  proportion  of  the  strain 
control  band,  hence  action  is  needed  to  address  this  matter. 

Variations  of  temperature  along  the  gaugelength  need  to  be  minimised;  a  target  of  less  than  2  °C 
was  adopted  by  the  participating  laboratories. 

6.4  Extensometry  stability 

Extensometer  stability  is  crucial  to  the  success  of  stress  relaxation  testing,  with  tests  often  having 
durations  of  30000  hours  or  more.  Examination  of  archive  data  at  ERA  Technology  has 
demonstrated  that  the  necessary  level  of  stability  can  be  achieved,  with  drift  levels  of  less  than  0.7% 
over  a  seven  year  period  being  the  norm. 

7.  Recommendations 

The  recommendations  arising  from  this  work  were  as  follows 

a)  All  tests  should  include  both  an  ambient  and  elevated  temperature  determination  of  modulus 
in  order  to  check  for  the  correct  functioning  of  the  extensometry.  The  measured  value  should  be 
within  10%  of  the  expected  value. 

Figure  2.  A  comparison  of  extensometry  performance 
requirements 


0  1  2  3 
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b)  The  extensometry  bias  and  resolution  capabilities  to  be  defined  in  the  new  Euronorm 
standard  need  to  be  based  upon  strain,  not  displacement. 

c)  When  long  term  stress  relaxation  data  is  to  be  generated  the  preferred  route  would  be  via 
testpieces  with  gauge  lengths  of  at  least  100mm.  Use  of  shorter  gauge  lengths  may  be  allowed 
providing  compensating  increases  in  extensometer  performance  are  available. 

d)  The  loading  practice  should  be  based  around  the  application  of  between  eight  and  ten  roughly 
equal  increments  over  a  ten  minute  period. 

e)  Test  temperature  control  is  crucial  and  variations  should  be  minimised.  In  critical 
applications  consideration  should  be  given  to  limiting  stress  changes  to  times  when  the  testpiece 
experiences  the  same  temperature  as  that  at  the  start  of  the  test,  or  alternatively  a  correction  be  made 
for  temperature  fluctuations,  using  a  correlation  derived  from  the  testpiece  under  test. 

f)  All  reasonable  steps  should  be  taken  to  minimise  thermal  gradients  along  the  testpiece, 
variations  should  be  limited  to  less  than  2  °C. 

g)  An  operational  philosophy  based  around  stress  adjustments  using  decrements  only  should  be 
adopted. 

h)  When  tests  are  completed  the  determination  of  an  unloading  modulus  is  recommended. 

i)  Where  tests  need  to  be  re-loaded,  for  example  when  data  beyond  that  currently  available  is 
required,  the  re-loading  practice  presented  in  this  paper  should  be  adopted. 
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ABSTRACT 

National  Research  Institute  for  Metats(NTRIM)  has  been  promoting  Creep  Data  Sheet  Project 
since  1966,  conducting  long-term  creep,  creep  rupture  and  stress  relaxation  tests  for  various 
commercial  heat  resisting  steels  and  alloys  and  publishing  more  than  110  NRIM  creep  data 
sheets.  On  the  bases  of  those  accumulated  fact  data,  a  lot  of  fundamental  researches  on  long¬ 
term  creep  behaviors  such  as  creep  and  creep  rupture  properties,  creep  life  prediction,  analysis 
of  stress  relaxation,  creep  deformation  behavior  of  heat  resisting  steels  and  alloys  with  micro- 
structural  observations  have  been  actively  conducted. 

1.  INTRODUCTION 

As  high  temperature  plants  such  as  power  plant,  chemical  plant  and  so  far  are  usually  designed 
on  the  concept  of  long  life,  materials  to  be  used  should  have  excellent  long-term  mechanical 
properties.  Especially  for  heat  resisting  steels  and  alloys,  accumulated  of  reliable  data  and 
knowledge  of  long-term  creep  rupture  strength  and  properties  had  been  urgently  required 
because  of  shortage  of  long-term  creep  behavior.  From  this  social  and  academic  background, 
National  Research  Institute  for  Metals  started  NRIM  Creep  Data  Sheet  Project  in  1966,  in 
which  long-term  creep  data  production  and  publication  in  form  of  fact  data  base  have 
systematically  conducted  with  more  than  1000  creep  testing  facilities.  The  main  propose  of  this 
project  is  to  obtain  the  more  than  100,000  h  creep  properties  and  creep  rupture  strength  for 
commercial  heat  resisting  steels  and  alloys.  In  addition  to  data  production,  we  have  actively 
researched  on  long-term  creep  behavior  of  those  materials. 

2.  SYSTEM  OF  CREEP  TEST 
2.1  Sampling  of  test  specimen 

Creep  tests  are  carried  out  for  commercial  home  made  steels  and  alloys  which  are  discussed 
and  decided  in  a  committee,  member  of  which  consists  of  engineers  and  researchers  of  Japanese 
typical  steel  making  and  fabricating  companies  including  NRIM  staffs,  in  order  that  the  data 
produced  are  useful  for  practical  plants.  The  creep  test  specimen  is  sampled  horn  multi-heats 
commercial  materials  for  high  quality  and  reliable  data  sheet,  considering  scattering  of  creep 
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rupture  strength  properties  in  commercial  productions.  Although  the  creep  tests  are  conducted 
for  materials  made  by  Japanese  companies,  their  fundamental  properties  such  as  chemical 
compositions,  heat  treated  conditions,  short  time  mechanical  properties  at  the  creep  testing 
temperature  and  so  on  are  precisely  described  in  the  data  sheet  so  that  the  data  sheet  may  be 
useful  world-widely. 

2.2  Tbsting 

Creep  tests  are  carefully  and  systematically  carried  out  using  precisely  calibrated 
thermocouples  according  to  standards  [1,2]  and  the  testing  program  using  more  than  1000  creep 
testing  facilities.  Not  only  creep  rupture  data  but  also  creep  deformation  data  are  produced.  In 
addition  of  creep  and  creep  rupture  test,  stress  relaxation  tests  also  have  been  conducted  for 
some  steels. 

2.3  Production  of  data  sheets  and  publication 

Creep  data  are  published  in  form  of  NRIM  Creep  Data  Sheet,  in  which  fact  data  are  described 
in  tables  and  plotted  in  figures  with  short  time  tensile  strength  at  each  testing  temperature  and 
some  typical  microstructures.  The  creep  rupture  strength  data  are  also  statistically  treated, 
including  analyses  by  calculations  of  master  curve  of  a  regression  equation  and  of  some  typical 
time-temperature  parameters  such  as  Larson-Miller  and  Manson-Haferd.  By  these 
calculations,  the  estimation  of  creep  rupture  strength  properties  of  each  heat  can  be  obtained 
for  longer  time  with  standard  error. 

Creep  data  sheets  for  a  kind  of  steel  or  alloy  are  published  three  times.  The  first  edition  is 
published  when  the  data  of  more  than  10,000  h  creep  test  can  be  analyzed  statistically,  the 
second  edition  when  the  data  of  from  50,000  to  70,000  h,  the  final(third)  edition  when  the  data 
of  more  than  100,000  h. 

3.  RESULTS  OF  CREEP  TESTS 
3.1  Summary  of  data  sheets 

Until  now,  NRIM  Creep  Data  Sheet  Project  has  conducted  creep  rupture  test  and  stress 
relaxation  tests  for  a  lot  of  specimens  of  steels  and  alloys.  In  Table  1,  the  numbers  of  specimen 
are  summarized  according  to  testing  time. 

Table  1  Number  of  specimen  in  NRIM  Creep  Data  Sheets 


Ibsting  time/h 

>100,000 

>200,000 

Tbtal 

Number 

550 

20 

>10,000 

About  550  specimen  tested  for  more  than  100,000  h  and  some  of  them  were  interrupted  to  be 
tested,  while  about  20  specimen  continued  to  be  tested  for  more  than  200,000  h.  Tbtal 
specimen  of  creep  test  are  more  than  10,000  .  Until  now,  carbon  steels,  low  alloyed  steels  such 
as  lCr-0.5Mo  and  2.25Cr-lMo  ferritic  steels,  high  alloyed  steels  such  as  9Cr-lMo  ferritic  steel 
and  various  austenitic  stainless  steels,  super  alloys  of  Fe  base,  Ni  base  and  Co  base  have  been 
creep  rupture  tested  as  shown  in  Table  2.  At  the  same  time  stress  relaxation  tests  of  bolt  steels 
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Table  2  Materials  being  examined  in  NRIM  Creep  Data  Sheet  Project 


Materials 

Number  of 
Materials 

Chemical  Composition(mass  %) 

Carbon  steels 

3 

0.3C,  0.2C,  0.2C-1.3Mn 

Low  alloy  steels 

14 

0.5Mn,  0.5Cr-0.5Mo,  lCr-0.5Mo(tube),  lCr- 
0.5Mo(plate),  1.25Cr-0.5Mo-Si(tube),  1.25Cr- 
0.5Mo-Si(plate),  2.25Cr-lMo(tube),  2.25Cr-lMo 
(NT  plate),  2.25Cr-lMo(QT  plate),  1.3Mn-0.5Mo- 
0.5Ni,0.15C-0.5Si-1.3Mn,lCr-lMo-0.25V(cast), 
lCr-lMo-0.25V(forged),  5Cr-0.5Mo 

High  alloy  steels 

20 

9Cr-lMo,  9Cr-lMo-V-Nb,  9Cr-2Mo,  12Cr,  12Cr- 
lMo-lW-0.3y  18Cr-8Ni(tube),  18Cr-8Ni(plate, 
welded  joint),  18Cr-12Ni-Mo(tube),  18Cr-12Ni- 
Mo(plate),  18Cr-  12Ni-Mo(bar),  18Cr-12Ni-Mo- 

N,  18Cr-10Ni-Ti,  18Cr-12Ni-Nb,  21Cr-32Ni-Ti- 
Al(tube),  2  lCr-32Ni-Ti-Al(plate),  25Cr-12Ni- 

O.  4C,25Cr-20Ni-0.4C,  25Cr-35Ni-0.4C,  9Cr- 
0.5Mo-  1.8W-V-Nb,  llCr-0.4Mo-2W-lCu-V-Nb 

Super  alloys 

10 

Fe-15Cr-26Ni-Mo-Ti-VNi-15.5Cr-2.5Ti-0.7Al- 
Nb-7Fe,  Fe-20Cr-20Ni-20Co-W-Mo-Nb-Ta,  Fe- 
21Cr-  20Ni-20Co-3Mo-2.5W-Nb-Ta-N,  Ni-13Cr- 
4.5Mo-0.75Ti-6Al-Nb-Ta-Zr-B,  Ni-15Cr-28Co- 
MoTLAl,Ni-19Cr-18Co-4Mo-3Ti-3Al-B,Co-25Cr- 
10Ni-7.5W-  B,  Ni-15.5Cr-8Fe,  Ni-16Cr-8.5Co- 
Mo-W-Ti-  Al-Nb-Zr-B 

Table  3  Publications  of  NKIM  Creep  Data  Sheets 


Nos.of 

Nos.  of 

Publications 

Material 

Material 

Heat 

1st  edition 

2nd  edition 

3rd  edition 

Thtal 

Carbon 

Steel 

3 

19 

3 

2 

2 

7 

Low  alloyed 
Steel 

14 

141 

15 

14 

14 

40 

High  alloyed 
Steel 

20 

164 

18 

15 

10 

43 

Super  alloy 

10 

48 

9 

7 

7 

23 

1st  edition;  Creep  Data  Sheet  up  to  about  10,000  h 

2nd  edition;  Creep  Data  Sheet  up  to  about  30,000 ~50, 000  h  including  1st  edition 
3rd  edition;  Creep  Data  Sheet  up  to  more  than  100,000  h  including  2nd  edition 
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and  stainless  steels  have  been  carried  out. 

As  concerns  creep  rupture  strength  of  welded  joint,  only  welded  joints  of  SUS304  austenitic 
stainless  steel  plate  made  by  submerged  arc  welding  and  electron  beam  welding  methods.  In 
case  of  creep  properties  of  welded  joint,  all  of  chemical  compositions  of  weld  metal  and  welding 
variables  were  analyzed  and  described[3].  All  of  the  results  have  been  published  in  form  of 
NEIM  Creep  Data  Sheet  and  the  summary  of  publication  is  listed  in  Table  3. 

3.2  Recent  results  of  NRIM  Creep  Data  Sheet 

TVpical  creep  rupture  data  are  shown  in  Figs.  1  and  2,  for  2.25Cr-lMo  and  9Cr-lMo  steels 
respectively [4, 5].  Figure  1  shows  the  creep  rupture  data  of  2.25Cr-lMo  normalized  and 
tempered  steel  plates(JIS  SCMV  4  NT)  of  6  heats  tested  at  the  temperature  range  from  450  to 
650°C.  Figure  2  also  shows  the  creep  rupture  data  of  9Cr-lMo  steel  tubes(JIS  STBA  26)  of  6 
heats  tested  at  the  temperature  range  from  550  to  700°C. 

Figure  3  shows  the  typical  stress  relaxation  data  up  to  10,000  h  of  bolting  material  of  lCr- 
0.5Mo-0.25V  steel  at  500°C[6]. 

Recently  the  NRIM  Creep  Data  Sheet  Project  are  aiming  to  produce  new  data  in  addition  to 
creep  rupture  strength  one,  in  order  to  supply  strong  tools  for  diagnostics  and/or  life  prediction 
of  high  temperature  plant  under  operation.  One  of  them  is  the  production  of  micro-structural 
atlas  of  material  under  creep  stress.  The  1st  issue  was  completed  and  published  for  SUS304 
austenitic  stainless  steel  tube(JIS  SUS304H  TB).  Figure  4  shows  one  of  the  results  of  micro- 
structural  change  in  gauge(stressed)  portion[7].  In  this  data  sheet,  not  only  micro-structure  but 
also  precipitations  of  carbide  and  o  phase  and  other  micro-structural  information  were  analyzed 
quantitatively. 

4.  NEW  MATERIALS  FOR  CREEP  DATASHEET 

Recent  development  of  power  plant  and/or  high  temperature  plant  requires  that  it  will  be 
operated  at  higher  temperature  and  higher  pressure,  directly  for  higher  heat  efficiency,  in 
directly  for  ecology  such  as  saving  raw  materials  and  saving  fuel  in  Japan.  According  to  this 
drequirement,  the  materials  for  super-critical  and  ultra-super-critical  have  been  developed  and 
begun  to  be  used.  From  this  background,  creep  rupture  tests  have  also  done  for  commercial 
Cr-Mo-W  steels  and  Ni-based  alloys  in  NRIM  Creep  Data  Sheet  Project  as  shown  in  high  alloy 
steels  and  super  alloys  in  Table  2. 

5.  RESEARCH  ACTIVITIES  USING  NRIM  DATA  SHEET 

Since  the  main  objectives  of  Creep  Data  Sheet  Project  are  to  produce  and  supply  long-term 
creep  fact  data,  many  fundamental  researches  have  been  conducting  using  those  data.  It  is  very 
difficult  to  introduce  all  of  them,  some  example  of  researches  would  be  described. 

5. 1  Long-term  creep  and  creep  rupture  behavior  of  carbon  and  Cr-Mo  ferritic  steels 
When  the  long-term  creep  data  up  to  more  than  100,000hr  of  carbon  and  Cr-Mo  ferritic  steels 
as  shown  in  Table  2  was  summarized  by  Larson-Miller  Parameter  T(20+log  tp),  T  is  testing 
temperature  in  K  and  tR  is  rupture  time  in  h,  steels  of  higher  rupture  stress  in  small  parameter 
for  example  16000  to  20000,  do  not  necessarily  show  higher  one  at  large  parameter  such  as 
22000  or  more.  In  the  middle  range  of  the  parameter,  the  stress  remarkably  goes  down  due  to 


Stress  (MPa)  i-»  Stress  (MPa) 
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An  example  of  long-term  creep  rupture  data  sheet  of  normalized  and 
tempered  2.25Cr-lMo  steel  plates  tested  at  450,500, 550,  600  and  650*C. 


Fig.2  An  example  of  long-term  creep  data  rupture  sheet  of  9Cr-  IMo 
steel  plates  tested  at  550, 600, 650  and  700*0. 


5 50t:  I  600t:  j  650*0  I  700t;  I  7 50t:  I  I  Residual  stress  (MPa) 
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Fig- 3  An  example  of  long-term  stress  relaxation  data  sheet 
at  SOO'C  for  lCr-0.5Mo-0.25V  bolting  material 
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Fig.  4  An  example  of  mirographic  atlas  of  long-term  crept  SUS  304H 
stainless  steels  sampled  at  gauge  portion 
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micro-structure  evolution.  From  this  fact,  a  concept  of  Inherent  Creep  Strength’  was  proposed. 
Owing  to  this  concept,  the  gradients  of  stress  with  L-M  parameter  in  both  regions  of  small  and 
high  parameter  values  agree  with  each  other  and  creep  rupture  property  in  much  longer  time 
could  be  estimated[  8,9  ]. 

In  addition  to  the  creep  rupture  behavior,  long-term  deformation  phenomena  have  been  studied 
using  lCr-0.5Mo,  2.25Cr-lMo  and  other  ferritic  steels.  Tb  the  deformation  analyses,  the 
modified  6  method[10,ll]  and  the  Iso-stress  method[12]  are  applied  with  the  micro-structural 
observation  of  crept  materials.  Some  results  will  be  presented  in  this  conference. 

5.2  Stress  relaxation 

The  results  of  stress  relaxation  test  have  also  been  analyzed  in  addition  to  the  publication  of 
data  sheets.  In  the  stress  relaxation  behavior  with  Cr-Mo  ferritic  steels  and  austenitic  stainless 
steel  up  to  10,000  h,  in  general  the  residual  stress  monotonously  decreases  with  time  as 
shown  in  Fig.  3.  However,  in  some  steel,  for  instance  SUS316  stainless  steel,  the  residual  stress 
behavior  is  veiy  complicated,  especially  at  more  than  lOOOh.  If  the  total  strain  is  set  to  0.2%  in 
this  steel,  the  residual  stress  rapidly  decreased  at  longer  time  in  certain  conditions.  These 
phenomena  have  dose  relationships  with  evolution  in  mirco-structure[13]. 

5.3  Micro-structure  andfiacture  mode  observations. 

A  series  of  creep  testing  of  austenitic  stainless  steels,  SUS304H,  316H,  32 1H  and  347H  micro¬ 
structure  and  fracture  mode  have  been  observed  and  analyzed[14].  In  these  steels,  fracture 
mode  is  typically  dassified,  by  the  transgranular  fracture,  fracture  with  creep  cavity  at  grain 
boundaries,  fracture  from  surface  cracking,  fractures  with  predpitation  of  type  M23C6  carbide 
and  o  phase  at  grain  boundaries.  The  relationship  between  fracture  mode  and  micro- 
structural  evolution  under  creep  testing  has  been  systematically  studied  and  some  results  will 
be  also  presented  in  this  conference. 

5.4  Creep  phenomena  of  new  steels  for  USC 

Recent  development  of  new  steels  for  USC,  the  data  accumulation  of  creep  properties  of  these 
steels  are  urgently  required  to  apply  them  to  higher  temperature  power  plant  safely.  For  this 
purpose,  NRIM  Data  Sheet  Project  began  to  test  new  steels,  other  properties  of  which  are 
already  confirmed  induding  short-time  creep  properties  and  commercially  produced.  The 
typical  new  steels  under  testing  are  fisted  in  Table  2.  In  this  examination,  Mo-Cr  ferritic  and 
martensitic  steels  with  various  W  content  have  been  studied  from  the  point  of  fundamental 
creep  properties.  In  this  research,  the  relationship  between  creep  and  creep  rupture  behavior 
with  micro  structure  evolution  with  time  has  been  studied[15].  Some  results  will  be  also 
presented  in  this  conference. 

Since  1997,  NRIM  started  a  new  big  national  project  ‘Frontier  Research  Project  for  Structural 
Materials’,  joining  NRIM  sdentists  and  research  sdentists  of  Japanese  typical  steel  making 
and  fabricating  companies.  One  of  research  item  is  the  development  of  new  strong  steels  for 
USC.  The  fruits  of  NRIM  Creep  Data  Sheet  Project  induding  the  new  steels  above  mentioned 
will  be  also  effectively  used. 
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6.  FUTURE  PROSPECT  OF  NRIM  CREEP  DATASHEET  PROJECT 
In  the  present  plan  of  project,  we  have  many  materials  to  be  creep  rupture  tested,  at  least  for 
the  coming  10  years.  In  addition  to  the  publication  of  conventional  creep  rupture  data  sheet  for 
safe  and  rational  design  of  high  temperature  plant,  the  data  for  diagnostic  and  life  prediction  of 
plant  under  operation  such  as  the  micro  structural  atlas  under  creep  load  and  the  deformation 
date  will  be  produced  and  published. 
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Abstract 

New  approaches  for  life  time  assessment  of  high  temperature  components  are  based  on  the 
description  of  changes  in  the  microstructure  of  materials  e.g.  the  formation  and  growth  of  cavities. 
In  order  to  get  reliable  results  using  such  approaches  it  is  important  to  obtain  a  quantitative 
relationship  between  parameters  like  cavity  density  describing  damage  situation  and  stress  and 
deformation  state.  If  life  time  consumption  of  components  is  considered,  it  is  necessary  to  take 
into  account  the  actual  stress  state.  It  is  well  known  that  there  is  a  reduction  in  deformation 
capability  of  a  material,  but  there  is  little  knowledge  of  the  influence  of  the  stress  state  on  the  time 
dependent  evolution  of  creep  damage. 

For  MoV-steel,  2  1/4  Cr  -steel  and  9  Cr  steel  tests  under  uniaxial  and  multiaxial  stress  states  have 
been  carried  out.  Hollow  cylinders  were  subjected  to  combined  loading  of  internal  pressure  and 
axial  tensile  or  compressive  load.  From  microstructural  investigations  cavity  size  and  density  are 
determined.  By  means  of  finite  element  analyses  the  actual  stresses  and  deformations  are 
calculated  taking  into  account  time  dependent  behavior.  As  a  result  there  could  be  found  a 
relationship  describing  the  damage  evolution  in  dependence  of  inelastic  strain  and  multiaxiality. 

Introduction 

Over  the  last  60  years  a  variety  of  empirical  creep  laws  e.g.  Norton-Bailey,  Garofalo,  Graham  and 
Walles  etc.  have  been  developed  to  describe  the  relation  between  stress,  strain  and  time.  To 
describe  damage  phenomena,  which  are  known  to  occur  at  the  end  of  the  secondary  creep  range, 
material  models  and  constitutive  equations  have  been  developped.  Most  of  them  are  based  on 
descriptions  of  macroscopic  material  behavior  determined  by  uniaxial  tests.  Some  approaches  are 
based  on  microstructure.  In  the  case  of  uniaxial  creep  tests  effective  stress  is  equal  to  the  uniaxial 
stress.  In  loaded  components  however,  multiaxial  stress  states  occur.  In  this  case  ,  usually  the  von 
Mises  stress  or  a  combination  of  the  maximum  stress  and  the  von  Mises  stress  [1,  2,  3]  is  used  as 
an  equivalent  stress.  It  has  been  proposed  that  not  only  the  amount  of  stress  but  also  the 
multiaxiality  of  the  stress  state  has  a  large  influence  on  the  strain  and  as  a  consequence  also  on  the 
creep  damage  evolution  and  material  failure  [4,  5].  This  is  the  reason  why  damage  evolution  and 
hence  life  time  consumption  in  components  is  different  from  that  in  uniaxially  loaded  testpieces. 
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To  overcome  these  difficulties  in  transferring  uniaxial  data  to  components  the  quantification  of  this 
relationship  is  necessary.  This  is  getting  more  important  since  it  is  possible  to  determine  local 
stresses  and  strains  for  components  by  means  of  finite  element  techniques. 

This  work  is  focussed  on  the  characterisation  and  quantification  of  damage  evolution  as  a  function 
of  inelastic  strain  and  multiaxiality  of  stress  state.  To  this  aim  the  damage  evolution  on  the  surface 
and  along  the  wall  thickness  of  plane  and  notched  hollow  cylinders  is  investigated.  This  testpieces 
are  used  in  order  to  represent  stress  state  situation  in  power  plant  components.  Special  emphasis 
was  put  on  the  influence  of  multiaxiality  and  local  strain  on  the  cavity  density. 

The  multiaxiality  factor  h  used  in  this  work  is  defined  by  the  quotient  of  the  mean  stress 
(hydrostatic  pressure)  divided  by  the  von  Mises  stress: 

h  =  -IZjL-  <Eq.l) 

^eq, Mises 


Materials  under  investigation 

In  this  study  three  in  power  plant  technology  widely  used  steels  have  been  investigated.  Cavity 
formation  of  these  steels  is  quite  different.  With  regard  to  the  service  temperature  of  components 
the  MoV-steel  and  the  2%  Cr  steel  were  tested  at  550  °C,  and  9  Cr  steel  at  a  temperature  600  °C. 
Table  1  shows  the  chemical  composition  of  the  materials. 


German  Standard 

c 

p 

s 

N 

14MOV6-3 

- 

10CrMo9-10 

- 

pa 

m 

~ 

X10  CrNiMoNb  9  1 

8.66 

0.023 

0.049 

Table  1:  Chemical  composition  of  the  casts  investigated  (mass%) 

Experiments 

Basic  creep  tests  were  carried  out  to  determine  the  creep  behaviour  of  the  materials  under  uniaxial 
loading.  In  order  to  study  the  influence  of  multiaxial  stress  states  on  the  creep  behaviour  of  typical 
power  plant  components  notched  and  plane  hollow  cylinders  have  been  used.  The  testpieces  have 
been  subjected  to  combined  loading  of  internal  pressure  and  axial  tensile  or  compressive  load.  The 
specimen  used  is  shown  in  Fig,  1. 

Determination  of  materials  parameters 

For  each  steel,  uniaxial  creep  tests  were  carried  out  applying  different  stress  levels.  Based  on  these 
results,  the  parameters  of  the  creep  law  according  to  Graham  and  Walles  [4],  i.e. 

ec  =  A-t3  +B  t  +  C-tm  (Eq.  2) 

with  A  =  a0  ■  exp(a1cr  + ...  +  anan ),  B  =  b0  •  exp(^ or  + . ..  +  bna"),  C  =  c0  .  exp(C] a  + ...  +  cnan) 
were  determined  using  a  mathematical  optimisation  routine.  For  the  MoV  steel  m  =  3,75  was  used. 
For  214  Cr-steel  and  the  9  Cr-steel  the  tertiary  exponent  m  was  calculated  by  a  stress  dependent 
term  since  this  modification  allows  better  approximation  of  the  experimental  data: 

m-  exp  (0,018*  cr) 


(Eq.  3) 
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Multiaxial  creep  tests 

Hollow  cylinders  were  subjected  to  internal  pressure  and  axial  tensile  or  compressive  load. 
Different  combinations  of  external  loading  were  applied  in  order  to  vary  stress  state  and 
multiaxiality.  For  the  straight  cylinders  circumferential  strain  and  for  notched  cylinders  axial  strain 
were  recorded  using  capacitive  high  temperature  strain  gauges.  In  notched  testpieces  high  local 
gradients  of  multiaxiality  and  strain  occur  resulting  in  high  gradients  of  cavity  density  in  the  notch 
area. 

Microstructural  investigations 

Cavity  size  and  density  as  well  as  cavity  distribution  along  the  wall  thickness  of  the  straight  and 
notched  cylinders  were  determined  by  metallographic  methods  including  also  the  replica 
technique.  For  the  notched  hollow  cylinders  four  positions  were  examined  in  detail,  Fig.  2.  in 
order  to  study  the  influence  of  stress  concentrations  and  inhomogenity  of  stress  fields  in  this  area. 
The  state  of  damage  was  characterised  by  the  cavity  density  in  the  metallographic  plane  or  the 
cross-sections  examined. 


Fig.  2:  Examined  positions  in  the  notch  (all  dimensions  in  mm) 
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Numerical  Simulation  of  Experiments  with  Hollow  Cylinders 

The  Graham- Walles  creep  law  was  implemented  in  a  user  subroutine  CREEP.  The  Finite  Element 
package  ABAQUS  was  used  to  calculate  creep  strains,  stress  distributions  and  the  multiaxiality 
quotient  for  the  testpieces  under  different  loading  conditions. 

Straight  Hollow  Cylinders 

As  shown  in  Fig.  3  a  good  agreement  between  numerical  and  experimental  results  could  be 
achieved.  A  comparison  of  measured  and  calculated  deformation  is  shown  in  Fig.  4.  The 
agreement  is  obvious. 

According  to  the  identical  specimen  geometry,  the  numerical  results  for  all  materials  subjected  to 
internal  pressure  reveal  very  similar  stress  distributions  at  the  end  of  the  tests.  The  stress  level 
differs  according  to  variable  pressure  loads.  Fig.  5  shows  that  for  all  materials  the  multiaxiality 
along  the  wall  thickness  of  a  plane  hollow  cylinder  is  identical  for  long  creep  times. 

The  axial  stress  at  the  beginning  of  the  loading  is  constant  along  the  wall  thickness,  Fig.  6.  With 
increasing  creep  time  the  level  at  the  inner  surface  decreases  while  at  the  outer  surface  the  stress 
increases.  The  circumferential  stress  is  similar,  showing  an  increase  at  the  outer  surface  and  a 
decrease  at  the  inner  surface  with  increasing  time.  The  von-Mises  stress  has  a  steep  gradient  (a 
high  value  at  the  inner  and  a  low  value  at  the  outer  surface)  at  the  beginning.  It  changes  as 
expected  to  a  constant  value  along  the  wall  thickness  for  long  creep  times. 

Multiaxiality  h  shows  only  small  changes  with  creep  time.  Fig,  7.  The  value  at  the  inner  surface 
slightly  decreases  from  the  elastic  limit  at  short  times  (h=0.37)  to  the  plastic  limit  for  long  creep 
times  (h=0.33).  At  the  outer  surface  the  multiaxiality  is  constant  (h=0,57)  and  not  time  dependent. 


Time  (h) 

Fig.  3:  Experimentally  and  numerically  determined 
circumferential  strain,  straight  hollow  cylinder 
under  internal  pressure,  MoV  steel 


Fig.  4:  Specimen  after  4730  h  test 


duration  and  calculated  deformation, 
internal  pressure  and  compression 
force,  MoV-steel 
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Fig.  5:  Multiaxiality  h 
along  the  wall 
thickness  at  the  end  of 
the  tests,  straight 
hollow  cylinder  under 
internal  pressure 


distance  from  inner  surface  [mm] 


Fib.  6:  Axial  stress 
along  the  wall 
thickness, 

straight  hollow  ^ 

cylinder  under  ^ 

internal  pressure, 
MoV-steel 


Distance  from  inner  surface 


Fig.  7:  Multiaxiality  h 
along  the  wall  thick¬ 
ness,  straight  hollow 
cylinder  under  internal 
pressure,  MoV  steel 


distance  from  inner  surface  [mm] 
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Notched  hollow  cylinders 

The  stress  and  strain  field  in  notched  hollow  cylinders  prooved  to  be  rather  non  homogenious, 
gradients  in  multiaxiality  could  be  observed.  Due  to  the  identical  geometry  no  strong  differences 
between  the  various  materials  investigated  are  observed.  Comparing  the  change  of  stresses  with 
increasing  time  at  different  positions,  a  faster  redistribution  of  stresses  at  the  notch  root  could  be 
found.  The  multiaxiality  along  the  wall  thickness  at  the  smallest  diameter  changes  from  a  pure 
deviatoric  stress  state  in  the  specimen  center  to  a  maximum  of  h  =  0,67at  the  outer  surface,  Fig.  8. 


distance  from  inner  surface  (mm) 


Eigjk  Multiaxiality  quotient  h  along  the  wall  thickness,  notched  hollow  cylinder  under 
internal  pressure 


Comparison  of  metallographic  and  numerical  results 

Exemplarily  the  metallographic  results  (cavity  density)  and  the  numerical  results  (axial  strain  and 
multiaxiality  h)  for  a  notched  hollow  cylinder  of  MoV-steel  under  internal  pressure  and  axial 
tensile  load  are  compared. 

For  the  position  at  the  notch  root  (Pos.  0  in  Fig.2)  the  axial  strain  and,  consequently,  the  cavity 
density  are  close  to  zero  at  the  inner  surface  while  the  multiaxiality  is  0.4,  Fig.  9.  Thus,  for  small 
strains  the  multiaxiality  has  less  influence  on  cavity  formation  than  a  strain  increase.  At  a  position 
3  mm  from  the  notch  root  the  axial  strain  decreases  from  the  inner  to  the  outer  surface  while  the 
cavity  density  first  increases  like  the  course  of  multiaxiality,  Fig.  10.  For  larger  strains  a  small 
change  in  multiaxiality  has  more  influence  on  the  cavity  density  than  a  relatively  greater  change  in 
strain  level. 

All  available  data  were  used  for  evaluation,  and  an  analytical  expression  describing  the  cavity 
density  Na  as  a  function  of  local  maximum  strain  (p  and  multiaxiality  h 


Na  =  f(cp,  h,  material)  (Eq.  4) 

was  derived.  Fig.  11  shows  the  graphical  representation  of  this  function.  The  highest  values  of 
cavity  density  occur  for  high  strain  and  high  multiaxiality.  The  mutual  influence  of  strain  and 
multiaxiality  on  cavity  density  is  visible  more  clearly  in  Fig,  12.  The  3D  surface  in  Fig.  1 1  is 
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projected  on  the  h-(p  plane.  Lines  with  constant  cavity  density  are  included.  It  is  obvious  that  for 
small  strains  and  high  multiaxiality  the  cavity  density  is  more  influenced  by  strain  than  by  a 
change  in  the  multiaxiality  while  for  large  strains  and  low  multiaxiality  a  change  in  multiaxiality 
has  a  larger  effect  on  the  cavity  density. 

This  analytical  expression  was  implemented  in  the  user  defined  subroutine  of  the  Finite-Element 
program.  The  cavity  distribution  can  be  determined  dependent  on  calculated  stresses  and  strains. 
The  evolution  of  the  cavity  density  at  the  inner  and  outer  surface  of  a  straight  hollow  cylinder  of 
MoV-steel  is  represented  as  a  function  of  time  in  Fig.13. 


Fig.  9:  Multiaxiality  h, 
axial  strain  and  cavity 
density  along  the  wall 
thickness  at  the  notch 
root  of  a  notched  hollow 
cylinder  under  internal 
pressure  and  axial  tensile 
load  after  1600  h  test 
duration,  MoV-steel 


distance  from  inner  surface  [mm] 


Fig.  10:  Multiaxiality, 
axial  strain  and  cavity 
density  along  the  wall 
thickness  at  a  position 
3  mm  from  the  notch 
root  of  a  notched  hollow 
cylinder,  under  internal 
pressure  and  axial  tensile 
load  after  1600  h,  MoV- 
steel 


0  0.5  1  1.5  2  2.5  3 

distance  from  inner  surface  [mm] 


cavity  density,  [mm2]  cavity  density,  [mm2] 
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11: 


3D  surface  describing  the  relation  between  cavity  density  (Na),  multiaxiality  (h)  and 
strain  (9)  for  MoV-steel. 


phi 

0.01  0.02  0.03  0.04  0.05 


12:  Projection  of  the  surface  of  on  the  h-cp  plane  showing  lines  with  constant  cavity  density 
for  MoV-steel 
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time,  h 

Fig.  13:  Cavity  density  on  the  inner  and  outer  surface  of  of  a  straight  hollow  cylinder  under 
internal  pressure,  MoV-steel 


Conclusions 

Creep  Tests  with  10  000  h  to  15  000  h  duration,  microstructural  investigations  to  determine  cavity 
density  and  numerical  simulations  to  calculate  stresses,  strains  and  multiaxiality  of  stress  state 
have  been  carried  out  for  hollow  cylinder  specimens  made  of  MoV-,  1  Cr  and  9  Cr  steel  in  order 
to  determine  the  relationship  between  creep  damage  evolution,  strain  and  multiaxiality. 

For  MoV  steel  an  analytical  formulation  relating  cavity  density,  multiaxiality  and  local  strain  has 
been  derived.  This  relation  allows  the  numerical  calculation  and  the  graphical  representation  of  the 
cavity  density  for  any  geometry.  An  increasing  cavity  density  for  increasing  strain  and 
multiaxiality  and  a  nearly  time  independent  multiaxiality  distribution  could  be  stated.  In  general 
maximum  strain  influences  the  absolute  value  of  cavity  density,  multiaxiality  influences  the 
gradient  of  cavity  density.  Maximum  cavity  density  was  found  at  the  outer  surface. 

For  214  Cr-steel  less  cavities  formed  during  the  tests.  Therefore  the  experimental  information 
especially  on  cavity  density  was  to  small  to  derive  an  analytical  expression  like  for  MoV  steel . 

For  9  Cr-steel  no  cavities  were  found  in  the  testpieces.  Investigations  of  different  casts  indicate  an 
influence  of  the  copper  content  on  the  rupture  properties  and  on  the  cavity  formation.  For  high  Cu 
concentrations  (~  0,1  %)  a  strong  decrease  of  the  rupture  time  and  an  increased  tendency  of  cavity 
formation  has  been  observed  while  casts  with  low  copper  contents  (  ~  0,01  -  0,03  %)  showed  a 
more  ductile  behaviour  and  no  cavity  formation.  Nevertheless  the  relationship  between 
microstructure  and  strain  resp.  multiaxiality  demands  for  experiments  with  longer  test  duration 
which  are  still  going  on. 

These  investigations  have  been  aimed  in  developing  an  evaluation  method  for  creep  damage  in 
components  based  on  micrographical  investigation  on  the  surface  of  components.  It  could  be 
shown  that  for  known  stress  situations  an  evaluation  of  creep  damage  is  possible.  For  materials 
with  a  tendency  to  form  cavities  like  MoV  steel  cavity  density  as  a  function  of  material, 
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multiaxiality,  maximum  strain,  temperature  and  loading  duration  may  be  used  as  a  parameter  to 
describe  damage  and  calculate  life  time  consumption.  For  materials  with  low  tendency  to  form 
cavities  e.g.  new  9-12  Cr  steels  to  this  aim  another  microstructural  parameter  as  a  function  of 
material,  multiaxiality,  maximum  strain,  temperature  and  loading  duration  may  be  used. 

A  solid  data  base  for  the  relationship  between  cavity  density  resp.  microstructural  parameter  and 
multiaxiality  and  strain  allows  for  including  the  calculation  of  a  damage  parameter  based  on  cavity 
formation,  size  and  density  into  finite  element  calculations.  To  this  aim  new  approaches  to 
describe  the  interaction  or  creep  and  cavitation  have  already  been  put  forward  [7].  This  approach  is 
a  combination  of  Robinsons  model  of  inelastic  deformation  [8]  and  the  formulation  of  the  cavity 
damage  by  Rodin  and  Parks  [9]. 
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Abstract 

The  creep  life  of  components  is  frequently  dominated  by  the  behaviour  of  the  welds.  The  association  of 
microstructural  complexity  with  the  interaction  between  local  and  global  stresses  makes  life  prediction  more 
difficult  than  for  regions  of  the  component  where  the  material  is  homogeneous  and  the  geometry  simpler. 
Preliminary  calculation  based  on  inverse  use  of  design  codes  normally  allows  for  welds  by  use  of  a 
straightforward  efficiency  factor.  Inspection  based  methods  rely  on  evaluation  of  damage  accumulation  and 
microstructural  degradation.  Both  these  approaches  have  their  weaknesses,  safety  factors  assume  trends  in 
long  term  rupture  behaviour  which  may  not  hold  beyond  design  life  and  condition  based  methods  require 
knowledge  of  the  controlling  parameters  and  accessibility  to  the  most  critical  areas  for  inspection. 

This  paper  reviews  and  consolidates  experience  gained  through  a  number  of  research  projects  and  practical 
plant  assessments  in  predicting  the  life,  the  likely  failure  mode  and  the  failure  location  in  alloy  steel  weldments. 
The  approach  adopted  begins  with  the  recognition  that  the  relative  strength  differences  between  the 
microstructural  regions  is  a  key  factor  controlling  both  life  and  failure  location.  Practical  methods  based  on 
hardness  measurements  and  adaptable  to  differing  weld  geometries  are  presented  and  evidence  for  correlations 
between  hardness  ratio,  damage  accumulation  and  strain  development  is  discussed.  Data  on  ViCrVzMo'AV, 
ICrMo,  2V4CrMo  and  Grade  91  steels  are  presented. 

Predictor  diagrams  relating  weld  life  and  failure  location  to  the  service  conditions  and  the  hardness  of  the 
individual  microstructural  constituents  are  suggested  and  comments  are  given  on  the  implications  for 
identifying  the  circumstances  in  which  Type  IV  cracking  is  to  be  expected. 

1  Introduction 

In  previous  work  [1]  a  mechanistic  model  for  predicting  creep  life  was  presented  which  took  account  of  both 
microstructural  coarsening  and  creep  cavitation.  The  cavitation  was  incorporated  using  a  Continuum  Damage 
Mechanics  approach  whilst  microstructural  degradation  was  modelled  in  terms  of  interparticle  spacing.  As 
this  combined  model  is  quite  complex,  subsequent  developments  have  tended  to  treat  damage  and  degradation 
individually.  This  present  paper  majors  on  the  effects  of  precipitate  strengthening  effects,  quantified  indirectly 
through  hardness  measurements. 

A  second  line  of  work  [2]  specifically  addressed  Type  IV  failures  in  double-V  preparation  seam  welded 
pipework.  Here,  a  clear  relationship  was  observed  between  the  hardness  difference  between  weld  and  parent 
metals  and  the  susceptibility  to  creep  cavity  nucleation  in  the  cusp  region  at  the  centre  of  the  pipe  section. 
Reasonable  success  was  obtained  in  using  surface  hardness  measurements  to  predict  relative  sub-surface 
damage  levels  and  thus  prioritise  pipe  spools  for  further  inspection.  Core  samples  could  then  be  taken  from 
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critical  positions  to  allow  small  specimen  cross-weld  tests  to  predict  life.  However,  when  attempts  were  made 
to  extend  this  approach  to  other  weld  geometries  -  single- V,  U  and  parallel  sided  -  it  was  found  to  be 
unsuccessful.  In  these  situations,  the  cavity  nucleation  rate  was  not  dominated  by  local  strength  mismatch, 
but  by  larger  scale  stress  controlling  factors  such  as  pipe  ovality  and  system  loads.  For  practical  assessment 
purposes,  full  section  cross-weld  tests  at  mildly  accelerated  temperatures  are  used,  with  local  strain  gauges 
fitted  and  periodic,  automated  cavity  density  measurements. 

Further  work  attempted  to  reconcile  these  approaches  and  to  develop  an  integrated  methodology  for  weld  life 
prediction.  The  original  creep  model  approach  [1]  was  extended  to  treat  welds  [3,4,7],  and  this  yielded  some 
success  at  predicting  weld  life  and  failure  location,  including  the  onset  of  Type  IV  cracking,  in  21/iCrMo  steels. 
The  present  paper  extends  this  line  of  research  to  a  wider  range  of  alloys. 

2  Modelling 

2.1  Development  of  the  model 

The  model  is  based  on  a  Norton  creep  law,  with  a  threshold  stress  term,  a  ,  which  has  its  physical  origin  in 
the  interaction  between  moving  dislocations  and  precipitate  particles: 

e  =  A.  exp(- Q  /  RT).  (a  -  a0)n  Eq.l 

where  a  is  the  applied  stress,  e  the  creep  rate  and  A,  Q  and  n  are  constants  [1,5].  The  threshold  stress  is 
inversely  proportional  to  the  interparticle  spacing,  but  since  this  is  problematic  to  measure  directly,  a 
relationship  between  threshold  stress  and  hardness,  H,  is  commonly  accepted: 

a0=a'pb/  A  =  Ka\H  -  Hss)  Eq.2 

where  a'  is  a  geometric  term,  \x  the  shear  modulus  and  b  the  Burgers  vector. 

Hss  is  the  contribution  to  the  hardness  due  to  solid  solution  strengthening  and  K  defines  the  (well-established) 
relationship  between  hardness  and  tensile  strength.  As  the  precipitates  coarsen  with  time,  t ,  at  temperature, 
the  hardness  and  threshold  stress  decrease  in  a  manner  which  may  be  approximated,  in  the  continuum  limit,  by 
the  Lifschitz-Slyozov- Wagner-Greenwood  kinetic  [1,3]: 

°o  ~  (H -Hss)~ll A  ~  T1/3  Eq.3 

Subsequently  the  model  was  extended,  for  parent  material,  to  yield  an  expression  for  the  creep  rate  that 
included  the  effects  of  primary  hardening  -  both  kinematic  and  isotropic  -  and  tertiary  softening  through  both 
thermal  and  strain  based  mechanisms.  If  the  applied  stress,  ct,  is  taken  as  the  stress  acting  on  a  grain,  instead 
of  that  on  the  specimen  or  component,  then  the  normal  Kachanov-Rabotnov  type  relationships  for  creep 
cavitation  can  be  included  [6],  as  can  increases  in  stress  due  to  overall  changes  in  geometry  consequent  on 
deformation.  Good  agreement  between  the  model  predictions  and  experimental  data  has  been  demonstrated 
[3,4]. 

It  would  be  possible,  and  informative,  to  calibrate  the  model  separately  for  weld  metal,  the  various  regions  of 
the  heat  affected  zone  and  the  parent  material  and  use  it  within  a  finite  element  program  to  model  weld 
behaviour  in  detail.  This  would,  however,  be  prohibitively  expensive  as  a  routine  assessment  method  and 
some  practical  simplification  is  required.  The  following  approach  has  been  adopted  [3,4]. 
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Assuming  a  Monkman-Grant  relationship: 

K'h  -  Eq.4 

and  making  some  bold  but  realistic  assumptions  as  to  the  minimum  value,  em ,  of  the  creep  rate,  the  rupture 
life  can  be  approximated  by: 

tr~(e,/i0).(a/KHT  Eq.5 

where  H  is  the  initial  hardness.  This  simplified  treatment  thus  generates  a  relationship  between  rupture  life 
(which  may  be  temperature  compensated)  and  the  ratio  of  stress  to  strength.  It  is,  in  effect,  a  modification  of 
the  conventional  stress  rupture  plot  with  the  data  points  normalised  according  to  the  hardness  of  the  individual 
heats  of  material. 

2.2  Experimental  validation 

Various  heats  of  virgin,  laboratory  aged  and  ex-service  material  were  procured  for  this  work  so  as  to  allow 
testing  of  welds  in  the  virgin  condition,  ex-service  welds  and  'repair*  welds  in  ex-service  material.  Some  of  the 
virgin  welds  were  laboratory  aged  to  simulate  service.  In  all  cases  current  welding  practices  were  used.  The 
majority  of  welds  studied  had  been  sub-critically  stress  relieved.  A  few  renormalised  welds  were  included 
among  the  ex-service  samples. 

All  materials  were  fully  characterised  metallographically.  Tensile  and  creep  testing  of  parent  and  weld  metals 
was  performed  and  cross-weld  creep  tests  were  carried  out  on  both  small  (10-15  mm  diameter)  and  large  (30- 
60  mm  square)  specimens,  the  latter  being  equipped  with  local  strain  gauges.  Small  specimens  were  tested 
under  vacuum  and  the  large  cross-weld  tests  were  interrupted  periodically  to  allow  replication.  All  hardness 
measurements  reported  were  obtained  using  a  conventional  Vickers  indenter,  on  surfaces  prepared  to 
replication  standard  finish. 

3  Results  and  Discussion 

3.1  Rupture  life  and  creep  rate  -  2V4CrMo  steel 

Figure  1  shows  data  from  a  variety  of  parent,  intercritical  and  coarse-grained  heat  affected  zone  and  weld 
metal  specimens  of  21/4CrMo  steel,  over  the  ranges  20-125  MPa,  575-720°C  and  50-27000  hours,  plotted 
according  to  equation  5  (with  temperature  compensation  of  the  rupture  lives).  A  two-slope  Kachanov- 
Rabotnov  model  fit  to  the  parent  material  data  is  shown;  the  different  slopes  correspond  to  the  flow  controlled 
and  damage  controlled  regimes.  Stress  sensitivities  of  7  and  4  respectively  and  a  common  apparent  activation 
energy  of  440900  J/K/mol  are  in  accordance  with  previous  work.  They  imply  a  true  creep  rate  stress 
dependence  of  4,  a  true  activation  energy  of  25200  J/K/mol  and  a  primary  hardening  coefficient  of  1.75  [6]. 

The  rupture  data  for  the  constituent  microstructures  of  weldments  were  obtained  from  simple  tests  on  weld 
metal,  coarse  grained  or  intercritical  heat  affected  zone  material  and  from  small  cross-weld  specimens 
showing  weld  metal  failure.  They  thus  represent  the  behaviour  of  the  individual  microstructures,  uninfluenced 
by  interactions  or  constraint  effects.  The  results  fall  into  two  groups.  For  sub-critically  heat  treated  welds, 
there  is  no  discernible  difference  between  weld  metal  and  coarse  grained  heat  affected  zone  material;  the  data 
from  these  seem  adequately  represented  by  a  simple  transposition  of  the  parent  material  lines.  Rupture  lives 
of  intercritical  heat  affected  zone  material  lie  on  the  parent  material  line.  Examination  of  the  data  reveals  that, 
throughout  the  range  of  available  information,  equal  rupture  strengths  for  weld  and  parent  metals  are  achieved 
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at  a  hardness  ratio  of  weld  to  parent  equal  to  1.423.  By  contrast,  data  for  renormalised  weld  metal  and 
renormalised  coarse-grained  heat  affected  zone  material  fall  on  the  parent  material  line,  implying  equal 
strengths  at  equal  hardnesses. 


Stress/Hardness  [MPa/HV] 

Fig.  1  Hardness  compensated  creep  rupture  data  for  2V4CrMo  steels  tested  in  vacuum. 

Having  demonstrated  the  difference  in  hardness  ratio  for  equal  creep  strength  between  the  two  post  weld  heat 
treatment  conditions,  the  remainder  of  this  paper  addresses  sub-critically  heat-treated  welds  only. 

3.2  Failure  location  -  2!4CrMo  steel 

From  the  separation  between  the  parent  and  weld  metal  rupture  lines  in  Fig.  1,  it  is  possible  to  construct  a 
weld  predictor  diagram,  Fig.  2,  showing  the  equal  strength  condition  as  a  diagonal  line  on  a  weld  versus 
parent  hardness  plot.  On  either  side  of  this  line,  the  relatively  weaker  component  is  predicted  to  fail  first. 
Points  defining  an  individual  weldment  may  be  plotted  on  this  graph  and  from  their  position  the  failure 
location  may  be  predicted.  A  weldment  is  shown  as  a  vertical  line,  representing  the  weld  metal  and  coarse¬ 
grained  heat  affected  zone  hardnesses  (vertical  axis)  plotted  against  the  parent  material  hardness  (horizontal 
axis).  Points  above  the  line  indicate  that  the  weld  metal  is  stronger  than  the  parent  metal  and  therefore  failure 
in  the  parent  material  is  to  be  expected.  The  converse  applies  below  the  line.  Where  the  weld  metal  and 
coarse  grained  heat  affected  zone  differ  significantly  in  hardness,  or  show  marked  internal  variation,  it  is  the 
relatively  weakest  region  that  dominates. 

All  the  cross-weld  data  from  specimens  that  show  clear  parent,  coarse  grained  heat  affected  zone  or  weld 
metal  failure  have  been  plotted  on  this  diagram  and  it  is  seen  that  (with  one  borderline  exception)  all  failures 
have  occurred  in  the  region  predicted.  The  graph  as  shown  is  stress  and  temperature  independent.  At  a 
specific  pair  of  conditions,  rupture  life  contours  can  be  added  to  enable  both  life  and  failure  location 
prediction  for  a  given  weldment. 
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a  Hardness  of  unfailed  CG  HAZ 
o  Hardness  of  unfailed  weld  metal 

- Equal  rupture  lives 

x  Failure  in  parent  metal 
■  Failure  in  CG  HAZ 
*  Failure  in  weld  metal 


Fig.  2  Weld  failure  location  predictor  diagram ,  for  tests  that  fail  before  the  onset  of  Type  IV  cracking,  for 
2V4CrMo  steel. 

At  longer  times,  the  situation  is  complicated  by  the  occurrence  of  Type  IV  cracking  (in  the  intercritical  region 
of  the  heat  affected  zone).  By  its  long-term  nature,  this  failure  mode  is  difficult  to  achieve  in  laboratory 
testing;  however  a  mix  of  research  and  plant  assessment  work  has  generated  some  results  at  600  and  620°C. 
Even  in  programmes  where  this  failure  mode  has  not  been  directly  observed,  the  tests  performed  have, 
nevertheless,  enabled  some  progress  to  be  made  in  estimating  the  temperature  dependence  of  its  onset.  It  is 
interesting  that  the  implied  value  of  the  activation  energy  for  the  onset  of  Type  IV  failures  is  almost  exactly 
Q/4,  where  Q  is  the  same  as  that  required  for  rupture  in  equation  5  and  Fig.  1.  The  significance  of  this  factor 
of  4  in  the  temperature  dependence  of  Type  IV  failures  is  not  understood. 
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Fig.  3  Weld  failure  location  predictor  diagram ,  including  the  Type  TV  cracking  regime,  for  2V4CrMo  steel. 
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A  second  type  of  weld  failure  predictor  diagram  can  now  be  constructed;  it  is  shown  in  Fig.  3.  Here,  the 
vertical  axis  represents  the  weld  to  parent  metal  hardness  ratio.  Thus  the  diagonal  equal  strength  line  of  Fig.  2 
becomes  a  horizontal  line.  The  abscissa  is  the  time-temperature  parameter  derived  for  the  onset  of  Type  IV 
failures.  Three  regions  are  generated.  At  shorter  times,  the  failure  location  varies  from  parent  to  weld  metal 
(or  coarse  grained  heat  affected  zone),  dependent  solely  on  the  relative  hardnesses.  At  longer  times  Type  IV 
failures  occur,  independent  of  hardness  ratio.  In  all  three  regions,  stress  (at  least  in  the  range  studied)  controls 
life,  but  not  failure  location.  There  are  insufficient  results  at  present  to  construct  a  rupture  life  plot  for  the 
Type  IV  failures. 

3,3  Other  steels 

Given  the  reasonable  success  obtained  with  2l/4CrMo  steel  welds,  work  has  commenced  on  other  materials  - 
lCrMo,  Grade  91(9CrMoVNb)  and  ViOxViMoVAf.  Similar  patterns  emerge,  though  as  yet  the  full  picture  has 
yet  to  be  obtained. 

For  lCrMo,  short-term  tests  indicate  similar  behaviour  to  21/4CrMo,  with  a  weld  to  parent  metal  hardness 
ratio  of  1.2.  There  is  not  yet  sufficient  long-term  laboratory  data  to  establish  the  criteria  for  the  onset  of  Type 
IV  failures  in  this  material. 


The  behaviour  of  Grade  91  welds  is  interesting,  in  that  Type  IV  failures  occur  relatively  early.  It  appears  that 
the  increase  in  parent  material  strength  over  that  of  conventional  9CrMo  steels  is  not  maintained  by  the 
intercritical  region  of  the  heat  affected  zone  -  to  the  extent  that  normal  design-code  weld  factors  may  not  be 
conservative.  Work  to  date  indicates  that,  as  with  21/4CrMo,  a  time-temperature  parameter  is  sufficient  to 
define  the  boundary  of  the  Type  IV  failure  regime.  This  is  shown  in  Fig.  4.  In  this  case,  the  activation  energy 
is  approximately  one  fifth  of  that  for  rupture.  The  high  hardness  of  the  weld  metal  and  coarse  grained  heat 
affected  zone,  compared  to  the  parent,  seems  to  preclude  failures  in  these  regions  within  the  timescales  studied. 
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In  British  practice,  it  is  usual  to  weld  V4CrV£MoWV  steel  with  IVaCxMo  weld  metal.  This  makes  the  situation 
more  complicated  than  that  observed  on  the  other  three  steels  referred  to  here,  where  matching  electrodes  are 
used.  The  ViDMMqVM  parent  material  is  much  stronger  than  the  21/4CrMo  weld  metal,  precluding  parent 
material  failures  in  both  laboratory  tests  and  service  weldments.  However,  Type  IV  failures  occur,  as  does 
another  type,  peculiar  to  welds  of  this  nature.  Type  Ilia  cracking  occurs  in  the  fully  refined  regions  of  the 
heat  affected  zone,  close  to  the  fusion  boundary,  and  results  from  strength  loss  due  to  carbon  depletion,  driven 
by  the  difference  in  carbon  potential  between  the  weld  and  parent  materials  [8].  Data  available  at  present 
indicate  that,  in  the  short-term,  Type  IV  failures  occur  when  the  coarse-grained  heat  affected  zone  and  weld 
metal  are  above  a  critical  hardness.  Below  this  hardness  limit,  weld  metal  failures  are  seen.  At  longer  times. 
Type  Ilia  failures  occur;  this  is  consistent  with  the  diffusion  process  that  underlies  the  Type  Ilia  mechanism. 
There  is  some  evidence  that  the  critical  time  for  Type  Ilia  failure  onset  is  influenced  by  the  hardness  of  the 
weld  metal.  This  is  reasonable  since,  as  with  Type  IV,  the  failure  mode  involves  the  presence  of  a  narrow, 
soft  zone  adjacent  to  a  wider,  hard  region.  In  practice,  geometric  factors  often  lead  to  mixed  mode  failures, 
involving  both  Type  Ilia  and  Type  IV  regions  of  the  weldment.  Accordingly,  no  attempt  has  been  made  to 
draw  a  boundary  between  these  regimes  in  the  failure  location  diagram,  presented  in  Fig.  5.  At  this  stage,  the 
exact  boundary  between  weld  metal  and  Type  Illa/IV  failures  is  also  not  fully  defined,  but  estimated  on 
available  evidence.  Service  experience  of  Type  Ilia  failure  is  consistent  with  the  laboratory  work,  as  shown  in 
Fig.  5. 
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Fig.  5  Weld  failure  location  predictor  diagram ,  for  ViCrViMoVA?  steel  welded  with  2V4CrMo. 

4  Conclusions 

The  findings  of  the  present  work  confirm  the  validity  of  the  hardness  based  creep  model  and  the  application  of 
a  simplified  version  to  weldments.  The  role  of  relative  strength  difference  in  controlling  short-term  failure 
location  can  now  be  considered  well  established  and  appropriate  use  can  safely  be  made  of  the  predictor 
diagram. 
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So  far  as  Type  IV  failures  are  concerned,  the  strong  time-temperature  dependence  and  lack  of  hardness  ratio 
effects  for  most  weld  geometries  seem  clear,  but  require  further  validation  and  a  fuller  understanding  of  the 
details  needs  to  be  developed.  It  is  also  necessary  to  explore  the  boundary  between  the  behaviour  observed  in 
the  present  work  and  the  role  of  hardness  previously  reported  in  the  more  highly  constrained  double-V  welds. 

On  current  evidence,  the  general  behaviour  of  lCrMo,  2l4CrMo  and  Grade  91  steels  is  similar,  differing  only 
in  detail.  That  of  ViCrViMoViV  steel  welded  with  21/4CrMo  is  somewhat  different,  as  the  mismatch  of  material 
generates  a  wider  strength  difference  and  also  gives  rise  to  an  additional  failure  mechanism.  Further  work  on 
mismatched  and  transition  welds  is  clearly  required. 
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Abstract  :  Long-term  service  cracking  problems  of  the  most  high  temperature  components  occur 
mainly  at  welded  locations.  These  cracks  are  formed  due  to  accumulated  creep  damage  near  fusion 
lines  or  at  heat  affected  zones(HAZ)  of  the  weld.  In  this  study,  creep  crack  growth  test  conditions  with 
a  crack  along  the  weld  fusion  line  are  simulated  by  the  finite  element  method.  Since  a  new 
G-estimation  scheme  for  a  weld  fusion  line  crack  is  required  for  characterizing  the  experimental  creep 
crack  growth  data,  computational  studies  on  the  Ct  parameter  for  the  fusion  line  crack  are  carried  out. 

In  performing  the  finite  element  analysis,  crack  tip  plasticity  as  well  as  secondaiy  creep  behavior  of 
the  materials  are  considered.  The  obtained  Ct  versus  elapsed  time  curves  for  various  material  property 
combinations  are  normalized  by  a  steady  state  Ct  value,  (C  for  homogeneous  specimen)  and  a 
transition  time  tT,  respectively.  After  normalization  a  unique  Ct  versus  time  curve  was  obtained.  Using 
this  curve,  a  new  Crestimation  scheme  for  the  weld  fusion  line  crack  is  proposed. 

1.  Introduction 

When  cracks  are  found  at  high  temperature  components  such  as  boiler  headers,  steam  pipes,  chemical 
reactors  and  turbine  casings,  it  has  been  usual  practice  to  remove  the  cracks  immediately  by  weld  repair. 
However,  sometimes  such  weld  repair  does  not  seem  to  be  practical.  Limited  accessibility  to  internal 
ligament  cracks  around  the  header  bore  holes  or  frequent  recurrence  of  cracking  in  turbine  casings  after  weld 
repair  are  well-known  such  reasons  that  make  the  weld  repair  difficult.  In  these  cases,  it  may  be  inevitable  to 
use  the  components  without  removing  the  cracks  until  the  next  overhaul  or  until  replacement.  Hence, 
accurate  residual  crack  growth  life  assessment  is  necessary  to  ensure  the  safety  of  the  components.  Very 
often  these  cracks  (Type  IV  crack)  are  usually  generated  and  grow  along  the  narrow  band  of  heat  affected 
zones  or  along  the  weld  fusion  lines  formed  between  base  metal  and  weld  metal  [1].  For  this  type  of  weld 
interface  cracks,  proper  fracture  parameters  for  characterizing  the  creep  crack  growth  behavior  should  be 
studied  for  accurate  residual  life  assessment.  For  elastic-secondary  creeping  material,  a  proper  fiacture 
parameter  under  extensive  creep  condition  is  C  -integral  [2].  And,  under  transient  creep,  Crparameter  has 
been  used  as  a  proper  fracture  parameter  for  characterizing  creep  crack  growth  rate  [3].  Applicability  of  Ct  to 
various  conditions  also  has  been  studied  extensively  [4-6].  However,  applicability  of  Ct  needs  further  study 
for  a  crack  located  between  two  materials  such  as  a  weld  interface  crack  between  weld  metal  and  base  metal 
or  other  types  of  interface  cracks.  Previous  estimation  equations  for  C/have  been  derived  for  a  crack  in 
homogeneous  body.  Therefore,  they  cannot  be  used  for  weld  fusion  line  crack  problems. 

In  this  study,  finite  element  analyses  were  performed  for  a  compact  tension  specimen  model  with  an 
interface  crack  along  the  crack  plane.  It  was  assumed  that  the  C(T)  was  under  constant  loading  condition  of 
Mode  I  for  elastic-secondary  creeping  materials  and  elastic-plastic-secondaiy  creeping  materials.  For  various 
creep  and  plastic  constant  combinations  for  weld  and  base  metals,  Ct  variation  trends  with  elapsed  time  were 
obtained.  From  the  results,  effects  of  creep  and  plastic  constants  on  Ct  variations  were  studied. 
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2.  Background 

If  a  material  shows  elastic-plastic-secondaiy  creeping  behavior,  the  constitutive  law  is  expressed  as  shown 
inEq.  1. 
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Where,  A  is  creep  coefficient,  n  is  creep  exponent,  E  is  elastic  modulus  and  dotted  symbols  are  time 
derivatives  of  strain,  stress  and  plastic  strain,  respectively.  Ct  under  small  scale  creep  condition  [7]  is 
expressed  as  shown  in  Eq.  2  in  terms  of  measurable  load  line  deflection  rate,  V . 
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Under  the  steady  state  creep  condition,  Ct  becomes  equivalent  to  C  of  Eq.  3. 

_  PV 
C  =77— - 
BW 

Where,  ii  (a/W)  of  Eq.  3  is  defined  in  reference  [2,7].  During  the  transition  creep  condition,  Ct  is  expressed 
as  shown  in  Eq.  4  by  combining  Eqs.  2  and  Eq.  3. 
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For  elastic-secondary  creeping  materials,  C,  can  also  be  calculated  from  material  creep  constants,  crack  size 
and  loading  conditions  using  Eq.  5  without  measuring  the  load  line  deflection  rate  [3]. 
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Symbols  for  Eq.  5  are  same  as  defined  in  ref  [3].  If  crack  tip  plasticity  is  considered,  Eq.  5  should  be 
modified.  When  the  load  is  applied,  crack  tip  stress  field  is  relaxed  due  to  instantaneous  plastic  deformation 
at  the  crack  tip  from  the  beginning  of  load  hold  period.  Hence,  the  initial  crack  tip  stress  singularity  is  much 
weaker  than  that  of  elastic-creeping  material  and  Ct  value  is  also  decreased.  tpi  was  defined  to  consider  this 
effect  [8].  tpi  was  defined  as  shown  in  Eq.  6. 
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In  Eq.  6,  m  is  plastic  exponent,  <%s  is  yield  strength  and  J  is  material  property  depending  on  m  and  n  values. 
Equation  of  Ct  for  elastic-plastic-secondary  creeping  materials  was  derived  from  Eq.  5  by  substituting  t  with 
t+tpi  [8]  as  shown  in  Eq.  7. 

C  =  toff  (.&>») Q  _  + 1  ,P  +  C  (7) 

E(n  + 1)  WF  " 

Eq.  4  and  Eq.  7  are  used  under  overall  creep  conditions  from  the  small  scale  creep  condition  to  the 
extensive  creep  condition  for  a  cracked  homogeneous  body.  Hence,  these  equations  cannot  be  used  for  weld 
fusion  line  cracks.  These  expressions  of  C,  such  as  Eqs.  4  and  7  derived  under  the  assumption  of 
homogeneous  material  should  be  modified  for  weld  fusion  line  cracks  [9]. 


3.  Finite  Element  Analysis 

A  compact  tension,  C(T),  specimen  geometry  under  plane  strain  condition  was  analyzed  for  constant 
loading  conditions.  Dimension  of  the  C(T)  specimen  previously  employed  for  experimental[l]  and 
computational  10]  study  was  used  for  modeling.  Width  of  the  C(T)  was  30  mm,  thickness  was  13  mm,  and 
crack  ratio  was  0.5.  Static  load  of  3920  N  was  applied  at  the  nodes  of  upper  half  of  the  pin  hole  as  shown  in 
Fig.  1.  The  node  at  the  end  of  extension  of  the  crack  plane  is  fixed  as  a  boundary  condition.  Figure  1  shows 
modeling  of  the  crack  along  weld  fusion  line  in  the  C(T)  specimen.  Ct  values  were  determined  from  the  load 
line  deflection  rate  data,  Vc ,  obtained  from  a  nodal  point  at  the  load  line.  This  is  similar  to  the  case  when  Ct 
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values  were  determined  by  experimentally  measure  load  line  deflection  rate  data.  Material  properties  used  in 
the  analysis  were  the  experimentally  measured  lCr-0.5Mo  steel  data[l]  for  the  base  metal  and  the  reported 
1.25Cr-0.5Mo  steel  weld  data  [1 1]  for  the  weld  metal.  Variations  of  the  material  property  data  were  made  in 
the  scope  of  real  property  range.  In  order  to  compare  C,  variations  of  the  welded  C(T)  specimen  with  those  of 
the  homogeneous  C(T)  specimen,  both  of  the  welded  specimen  and  the  homogeneous  specimen  were 
modeled  and  analyzed.  For  the  homogeneous  specimens,  analysis  with  the  weld  metal  properties  as  well  as 
one  with  the  base  metal  properties  were  performed.  Material  properties  such  as  tensile  and  creep  properties 
used  in  these  analyses  are  summarized  in  Table  1 . 

Six  ditferent  cases  with  various  creep  and  plasticity  properties  were  analyzed  for  welded  specimen  and 
accompanying  twelve  homogeneous  specimen  analyses  were  performed.  Material  property  combinations 
used  for  the  analyses  are  summarized  in  Table  2.  In  order  to  avoid  problems  caused  by  material 
incompressibility,  8-node  reduced  integration  elements  (ABAQUS  Library(3)  Element  Type  CPE8R)  were 
used  [12].  Number  of  elements  was  918  and  number  of  nodes  was  2941  in  the  model. 


Table  1  Tensile  and  creep  properties  of  base  and  weld  metals. 


Material 

Temp. 

CC) 

E 

(GPa) 

V 

Yield 

Strength 

(MPa) 

Tensile 

Strength 

(MPa) 

D 

(MPa‘m) 

m 

A 

(MPa-hr1) 

n 

Base 

25 

205 

0.3 

282.0 

494.5 

2.54E-13 

4.68 

- 

Weld 

198 

382 

2.65E-10 

3.24 

- 

- 

Base 

538 

175 

0.3 

258.8 

308 

4.95E-34 

12.75 

1.83E-24 

9.03 

Weld 

136 

235 

4.03E-17 

6.11 

6.36E-23 

9.36 

Fig.  1  Finite  element  mesh  for  welded  specimen  analysis.(white:  base  metal,  gray:  weld  metal) 

4.  Results  and  Discussion 

4.1  Plastic  zone  and  creep  zone  evolution  of  the  welded  specimen 
In  Fig.2(a),  results  of  elastic-secondary  creep  analyses  (EL-SC)  are  compared  with  those  of 
elastic-plastic-secondary  creep  analyses  (EL-PL-SC).  In  the  analyses,  creep  constants  used  for  base  metal 
were  A=1  .27E-23  MPa *  hr1,  n=936,  those  for  weld  metal  were  A=1 .27E-23  MPa'" ■  hr1,  n=936  and 
plasticity  constants  for  both  of  the  base  and  weld  metals  were  TM.95E-34  MPa'm,  w=12.75.  This  figure 
shows  that  the  trend  of  Ct  variation  of  elastic-plastic-creep  analysis  approaches  to  and  becomes  identical  to 
that  of  elastic-creep  analysis  after  a  certain  period  of  elapsed  time.  In  Fig.2(b)-(e)  evolution  of  creep  zone 
near  the  crack  tip  is  illustrated  in  case  of  elastioplastic-secondary  creep  analysis  at  the  time  marked  in 
Fig.2(a).  Black  region  in  the  figure  indicates  the  creep  zone  where  accumulated  creep  strain  becomes  larger 
than  elastic  strain.  In  the  white  region,  the  creep  strain  is  less  than  the  half  of  the  elastic  strain.  When  the 
elapsed  time  is  relatively  short,  creep  zone  evolution  is  negligible  as  shown  in  Fig.2(b).  As  the  elapsed  time  is 
increasing,  the  specimen  is  under  the  small  scale  creep  condition  as  shown  in  Fig.2(c).  Fig.  2(d)  shows  the 
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creep  zone  in  the  vicinity  of  the  transition  time  from  the  small  scale  creep  condition  to  the  extensive  creep 
condition.  As  shown  in  these  figures  creep  zone  size  in  the  weld  metal  becomes  much  larger  than  that  in  the 
base  metal  because  the  base  metal  is  more  creep  resistant  than  the  weld  metal.  Under  the  extensive  creep 
condition,  the  creep  zones  of  the  both  metals  extend  to  the  whole  uncracked  ligament  as  shown  in  Fig.2(e). 
In  Fig.  3  sum  of  creep  strain  and  plastic  strain(^+^/)  is  considered  as  accumulated  creep  strain  and 
illustrated  at  the  same  elapsed  time  scale  as  shown  in  Fig.2.  Again,  black  region  in  the  figure  indicates  the 
region  where  sum  of  creep  strain  and  plastic  strain  becomes  larger  than  elastic  strain.  Compared  Fig.3(a) 
with  Fig.2(b),  plastic  zone  grew  at  the  crack  tip  from  the  beginning  of  load  application.  Hence,  initial  load 
line  displacement  rate  was  retarded  than  that  of  elastic-creeping  materials.  As  time  elapsed,  creep  strain 
become  dominant  and  initial  plastic  strain  can  be  neglected.  Consequently,  shape  of  Fig.3(c),(d)  are  almost 
equivalent  with  Fig.2(d),(e). 


(a) 


ill  '  i  ■  i  t 

(d)  elpased  time=l .  1 EO  hrs  (e)  elapsed  time=l  .2E2  hrs 

Fig.2  Contour  plots  of  creep  zone  evolution,  (black  resion :  ejse>  1,  white  region :  ejee  <  0.5) 


4.2  Dependence  of  Ct  variations  of  welded  specimen  on  creep  and  plastic  constants 
In  order  to  investigate  dependence  of  Ct  variations  on  the  material  creep  constants  and  plastic  constants  for 
the  welded  specimen,  analyses  were  performed  for  various  combinations  of  creep  and  plastic  constants  for 
each  of  the  base  and  weld  metal. 
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Table  2.  Material  properties  for  welded  specimen  analyses 


Analysis 

D  (MPa"m) 

m 

A  (MPa'"'  hr'1) 

N 

EL-SC 

Weld 

- 

- 

6.36E-23 

9.36 

Base 

- 

- 

1.27E-23 

9.36 

- 

- 

6.36E-23 

9.03 

EL-PL-SC 

Weld 

4.95E-34 

6.36E-23 

9.36 

Base 

4.95E-34 

12.75 

1.27E-23 

9.36 

4.95E-34 

12.75 

6.36E-23 

9.03 

mum 

12.75 

6.36E-24 

9.36 

12.75 

6.36E-24 

9.36 

4.95E-34 

12.00 

6.36E-24 

9.36 

(a)  elapsed  time=2.1E-6  hrs 


(c)  elpased  time^l  .1E0  hrs  (d)  elapsed  time=1.2E2  hrs 

Fig.3  Contour  plots  of  plastic-creep  zone  evolution,  (black :  (sc+£ p)/ze>  l,  white:  (£c+£p)/Ee  <  0.5) 


As  shown  in  Table  2,  three  sets  of  analysis  were  performed.  In  the  first  set,  effect  of  creep  constants^,  n)  on 
Ct  was  investigated  for  elastic-  creeping  material.  Creep  coefficient^)  and  creep  exponent(w)  of  the  weld 
metal  were  fixed  as  6.36E-23  MPanhf  and  9.36  and  those  of  the  base  metal  were  varied.  For  one  analysis, 
creep  coefficient  of  the  base  metal  was  changed  to  1 .27E-23  MPa  "hr1  and  for  the  other  analysis  creep 
exponent  was  changed  to  9.03.  In  the  second  set,  the  similar  analysis  with  the  first  set  was  performed  for 
elastic-plastic-creeping  materials.  In  this  case  the  plastic  coefficient/))  and  plastic  exponent(w)  of  weld  and 
base  metal  were  fixed  as  4.95E-34  MPa'm  and  12.75,  respectively  and  creep  constants  were  changed.  In  the 
third  set,  for  investigating  the  effect  of  plastic  constants(Z),  m)  on  Ct  behavior,  plastic  coefficient  of  the  base 
metal  was  changed  to  4.95E-32  MPa~m  and  plastic  exponent  was  changed  to  12.  Creep  properties  of  base 
metal  and  weld  metal  were  fixed  as  A=6.36E-24  MPan-  hr1  and  n=9.36  and  plastic  properties  of  weld  metal 
were  fixed  as  ZM.95E-34  MPdm  and  m=12.75. 

In  Figures  4—6,  the  Ct  variation  of  the  welded  specimen  of  these  analyses  are  shown  together  with  the  Ct 
variations  obtained  for  homogeneous  specimens.  For  Covariation  of  the  homogeneous  specimen  with  the 
base  metal,  a  dashed  line(— )  is  used  and  for  that  of  the  homogeneous  specimen  with  the  weld  metal,  a  solid 
line( - )  is  used.  A  dash-dotted  line( - )  is  used  for  the  welded  specimen  in  the  same  figure. 

In  evaluating  the  Co  values,  load  line  deflection  rate  data  were  inserted  into  Eq.  2.  In  reducing  the  data  of 
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EL-SC  for  different  A 


EL-SC  for  different  n 


Fig.4  Variations  of  Ct  for  EL-SC  analyses  with  different  creep  properties. 

EL-PL-SC  for  different  A  EL-PL-SC  for  different  n 


Fig.5  Variations  of  Ct  for  EL-PL-SC  analyses  with  different  creep  properties. 


EL-PL-SC  for  different  D 


EL-PL-SC  for  different  m 


Fig.6  Variations  of  Ct  for  EL-PL-SC  analyses  with  different  plastic  properties. 


the  welded  specimen  analysis,  load  line  deflection  rate  obtained  from  the  base  metal 'part  (upper  half  of  the 
model  shown  in  Fig.  1)  and  that  of  the  weld  metal  part  (lower  half  of  the  model)  were  not  separately 
determined.  This  is  because  the  quantity  that  we  can  measure  experimentally  is  not  the  load  line  deflection 
rate  of  each  part  but  the  total  load  line  deflection  rate  which  is  addition  of  both  rates.  Therefore,  in  this  paper 
the  total  load  line  deflection  rate  values  obtained  by  the  analysis  were  used  in  determining  the  Ct  values. 
Even  though  Eq.  4  is  known  to  be  more  accurate  than  Eq.  2  for  evaluating  Ct  i n  the  whole  ranges  of  creep 
conditions  including  conditions  from  the  small  scale  creep  condition  to  extensive  creep  condition,  Eq.  4 
could  not  be  used  since  C*  values  of  the  welded  specimen  is  not  defined  analytically.  Hence,  by  using  Eq.  2 
approximate  values  of  C,  were  estimated. 

For  the  case  of  elastic-creeping  material  shown  in  Fig.  4,  initially  high  Ct  values  under  small  scale  creep 
condition  decrease  with  the  elapsed  time  and  reach  to  the  steady  state  value  under  the  extensive  creep 
condition.  The  steady  state  value  is  equivalent  to  the  C*  value  for  the  homogeneous  specimens.  Magnitude  of 
the  steady  state  Ct  value  for  the  welded  specimen  is  smaller  than  that  of  the  homogeneous  specimen  with 
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weld  metal  properties  and  larger  than  that  of  the  homogeneous  specimen  with  base  metal  properties.  For  the 
case  of  elastic-plastic-creeping  materials,  retardation  of  Ct  at  the  beginning  of  the  load  hold  period  is 
observed,  which  disappears  after  a  certain  period  of  elapsed  time.  From  Fig.  4  and  Fig.  5,  we  can  see  that  the 
homogeneous  specimen  of  the  weld  metal  reaches  the  steady  state  condition  earlier  than  the  base  metal  and 
that  the  steady  state  Ct  value  is  higher.  This  is  because  the  values  of  A  and  n  of  the  weld  metal  is  higher  than 
those  of  the  base  metal. 

For  the  welded  specimen,  it  was  shown  from  the  figure  of  creep  zone  evolution(Fig.  2)  that  the  weld  metal 
half  reaches  extensive  creep  much  faster  than  the  base  metal  half.  Accordingly,  apparent  Ct  variation  of  the 
welded  specimen  which  is  composed  of  the  weld  metal  half  and  the  base  metal  half  is  much  affected  by  the 
creep  properties  of  the  weld  metal  rather  than  that  of  the  base  metal.  This  explains  why  the  dash-dotted  line 
representing  the  Ct  variation  of  the  welded  specimen  is  closer  to  the  dashed  line  than  to  the  solid  line  as 
shown  in  Fig.  4.  For  the  same  reason,  transition  time  of  the  welded  specimen  is  closer  to  that  of  the 
homogeneous  weld  metal  specimen  than  to  the  homogeneous  base  metal  specimen.  Same  trends  were  also 
observed  in  Fig.5.  Figure  6  shows  Ct  variation  when  plasticity  constants  were  varied.  Generally  same  trends 
explained  for  Fig.  4  and  Fig.  5  were  observed. 


Fig.7  Normalized  Ct  curve  for  all  of  the  welded  specimen  and  homogeneous  specimen 
analyses  with  various  creep  and  plastic  properties. 

4.3  Normalization  of  Ct  variations 

As  discussed  previously,  values  of  Ct  for  the  welded  specimen  vary  between  those  for  the  homogeneous 
specimen  of  the  base  metal  and  the  weld  metal.  For  comparing  the  trend  of  Ct  variations  with  each  other,  the 
elapsed  time  t  was  normalized  by  the  transition  time,  tT,  and  the  Ct  values  at  time  t  was  normalized  by  the 
steady  state  value  of  Ch  (Q of  each  case.  For  the  homogeneous  specimens,  (C,)^  is  equivalent  to  C .  For 
the  welded  specimens,  the  (Qss  values  obtained  by  the  analysis  of  this  study  is  used.  The  transition  time  was 
determined  by  Eq.  8. 

t=  K,\ \-v>)  (8) 

'  (»  +  l  )E(CX 

Also,  in  normalizing  the  elastic-plastic-secondary  creep  analysis,  retardation  of  Ct  is  recovered  using  the 
concept  of  tpi  whose  magnitude  is  determined  by  Eq.  6.  Since  tpi  was  originally  defined[8]  to  consider 
retardation  of  C,  due  to  instantaneous  crack  tip  plasticity,  if  we  add  the  retardation  level  of  Ct  estimated  using 
the  Eq.  6  to  the  Ct  values  obtained  by  elastic-plastic-secondary  creep  analyses  as  shown  in  Figs.  5  and  6,  C( 
trends  of  elastic-secondary  creeping  materials  can  be  predicted.  At  this  time,  tpi  of  the  welded  specimen  was 
determined  as  a  mean  value  of  the  weld  and  base  metals.  All  of  the  normalized  plots  are  depicted  in  Fig.  7. 
As  shown  in  this  figure,  the  normalized  C,  curves  of  all  the  homogeneous  specimens  of  the  weld  metal  are 
coincide  with  those  of  the  base  metal.  And  these  curves  are  also  in  good  agreement  with  the  normalized  Ct 
curve  of  the  welded  specimen.  Hence,  a  unique  normalized  C,  curve  was  obtained  regardless  of  the  material 
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properties  such  as  creep  properties  and  plasticity  properties. 

Indebted  to  this  unique  normalized  curve,  we  can  easily  obtain  Ct  values  of  the  welded  components  from 
Eqs  5-7.  Procedures  are  as  follows:  For  homogeneous  materials,  Ct  vs.  time  curves  can  be  estimated  from  Eq. 
5  for  elastic-creeping  material  and  from  Eq.  7  for  elastic-plastic-creeping  materials.  Also,  tpi  can  be  estimated 
from  Eq.  6.  If  these  Ct  vs.  time  curves  are  normalized  using  C*  and  tT,  which  are  also  able  to  be  estimated 
from  known  equations,  we  become  to  have  a  normalized  unique  Ct  vs.  time  curve.  Hence,  what  we  need  to 
predict  the  Ct  vs.  time  curves  of  the  crack  in  welded  structures  are  only  material  properties  of  the  base  and 
weld  metals  of  the  welded  parts. 

5.  Conclusions 

In  order  to  study  applicability  of  the  Crparameter  to  a  weld  fusion  line  crack  problem  under  high 
temperature  creep  conditions,  finite  element  analyses  were  performed  with  a  compact  tension  specimen 
model  under  various  material  property  conditions.  Plasticity  constants  and  creep  constants  were  varied  in  the 
analyses. 

Apparent  Ct  variation  of  the  welded  specimen  which  is  composed  of  the  weld  metal  half  and  the  base 
metal  half  is  much  affected  by  the  creep  properties  of  the  weld  metal  rather  than  the  base  metal  because 
values  of  the  creep  coefficient  and  the  creep  exponent  of  the  weld  metal  is  larger  than  those  of  the  base  metal. 
For  comparing  the  trend  of  C,  variations  of  the  welded  specimen  with  the  homogeneous  specimen,  the 
elapsed  time,  t,  is  normalized  by  the  transition  time,  tT,  considering  tpi  for  retardation  due  to  instantaneous 
crack  tip  plasticity  and  the  Ct  value  is  normalized  by  the  steady  state  C(  value,  (Qss.  A  unique  normalized  Ct 
versus  normalized  time  curve  is  obtained  not  only  when  creep  coefficient  and  creep  exponent  are  varied  but 
also  when  plasticity  coefficient  and  plasticity  exponent  are  varied  for  the  weld  metal  and/or  the  base  metal. 
Discussion  is  made  for  application  of  this  result  to  crack  growth  life  prediction. 
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Abstract  The  influence  of  material  mismatch  on  the  stress  field  of  uniaxial  specimens  and  the 
time-dependent  fracture  mechanics  parameters  is  studied  in  the  present  work.  It  is  found  that  under 
the  extensive  creep  condition  C*  value  of  hard  weld  /soft  parent  metal  specimen  can  be 
significantly  higher  than  that  of  single  weld  metal  specimen,  and  the  material  mismatch  has  little 
influence  on  C(t)  in  small  scale  creep  in  the  studied  cases.  It  is  proposed  that  the  C*  formula  based 
on  the  load-line  displacement  recommended  by  ASTM  El 457  needs  to  be  modified  to  interpret  the 
CCG  behavior  of  welded  specimens.  Candidate  modification  factors  have  been  proposed.  A  creep 
crack  growth  rate  test  on  SENT  specimens  has  been  carried  out.  The  CCG  data  interpretation  in 
terms  of  the  modified  formula  illustrates  the  errors  by  use  of  the  conventional  method. 

1  Introduction 

In  engineering  practice,  premature  failures  of  weldments  due  to  creep  crack  growth  are  a  common 
occurrence.  This  indicates  the  detrimental  effect  of  welding  on  structural  integrity  and  has  thus 
been  a  problem  entangling  engineers  and  researchers  since  it  was  introduced  into  industry.  Many 
fatigue  strength  data  of  weldments  have  been  well  documented  for  normal  temperatures  since  the 
1950s[l].  In  contrast,  at  elevated  temperatures  there  are  only  limited  studies,  that  can  aid  in  design 
and  life  assessment  of  the  weldments.  Over  the  past  30  years,  considerable  progress  has  been  made 
on  the  creep  tests  [2~  4]  and  theoretical  calibration  of  damage  development  in  the  weldments[5  -  7]. 
However,  creep  crack  growth  (CCG)  studies  seemingly  have  mostly  concentrated  on  homogeneous 
materials  where  the  crack  growth  rate  is  correlated  with  C*(t)  in  the  extensive  creep  regimes 
according  to  ASTM  E1457[8],  and  with  Ct  in  the  transition  regime  from  small  scale  creep  to 
extensive  creep[9].  Many  available  creep  crack  growth  tests  on  weldments  were  correlated  with 
C*(t)  or  Ct  which  is  generally  suitable  for  homogeneous  materials[10,ll].  Some  recent  studies  have 
found  that  the  time-dependent  fracture  parameters  can  be  significantly  influenced  by  material 
mismatch  indicating  that  the  direct  use  of  the  parameters  may  not  be  possible[12,  13].  Hence  a 
rigorous  mechanics  examination  of  the  parameters  is  needed  for  predictions  of  CCG  behavior  in 
weldments  where  the  base  metal  and  weld  metal  have  dissimilar  creep  deformation  rates. 

In  order  to  provide  some  mechanics  basis  for  the  interpretation  of  creep  crack  growth  rates, 
finite  element  method  is  used  to  study  the  influence  of  material  mismatch  on  the  stress  field  of  a 
uniaxial  specimen  and  thus  on  the  time-dependent  fracture  mechanics  in  the  present  work.  The 
applicability  of  conventional  C*  equation  based  on  the  load  line  displacement  is  examined. 


52 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


2  The  Influence  of  Material  Mismatch  on  the  Stress  Distribution  in  Uniaxial  Specimen 

There  have  been  many  examples  showing  the  stress  redistributions  of  a  welded  pipe  subjected  to 
internal  pressure[2,  14].  In  fact,  as  long  as  there  is  a  material  mismatch,  the  stress  redistribution  is 
inevitable  as  creep  and  damage  develop  in  the  materials.  Even  in  a  uniaxial  cross-weld  specimen  of 
a  uniform  loading  section  area,  the  stress  redistribution  can  be  significant.  In  order  to  have  a  basic 
idea  of  creep  stress  distribution  in  the  specimens,  computations  by  using  finite  element  method[15] 
are  performed  on  two  types  of  uniaxial  cross-weld  specimen.  In  all  the  computations  the  materials 
are  assumed  to  follow  the  following  constitutive  equation: 

*=!+»*"  (i) 

where  c  and  8  are  the  stress  and  strain  respectively,  and  the  dots  designate  their  respective 
derivatives  with  time;  E  is  the  elastic  modulus  and  B  and  n  are  regression  constants.  The  first  term 
on  the  right-hand  side  of  eqn  (1)  represents  the  elastic  strain  rate  that  is  only  pertinent  when  stress 
redistribution  is  occurring.  The  second  term  represents  the  secondary  creep  portions  of  the  creep 
deformation  behaviour. 

A  corresponding  material  mismatch  factor  is  defined  as: 

M=Bp/Bw 

where  Bp  and  Bw  are  material  constants  in  eqn  (1)  with  subscripts  p  and  w  denote  parent  metal 
and  weld  metal  respectively.  If  M  <  1,  the  weld  is  referred  to  as  creep-soft  weld  while  if  M>  1, 
creep-hard  weld. 

The  studied  case  is  a  plate  specimen  of  a  complete  weld  profile.  The  specimen  has  a  width  of 
12  mm  and  a  length  of  40  mm  and  is  loaded  in  tension  at  a  stress  of  100  MPa.  Two-material  model 
is  used,  with  B  =  1.772  x  10'14 ,  n  =  3.87  for  weld  and  B  =1.772  xl0‘13,  n  =3.87  for  parent  metal. 
The  weld  metal  has  a  creep  strain  rate  10  times  lower  than  the  parent  metal  and  is  a  creep-hard 
weld.  Plane  strain  condition  is  assumed.  Half  of  the  specimen  is  modelled  with  8-node  bi-quadratic 
elements  (CPE8R).  Computation  is  carried  out  until  a  stationary  stress  state  is  reached.  In  the  case 
of  normal  temperature,  no  creep  occurs.  It  is  expected  that  the  stress  must  remain  uniform  and 
constant  with  time.  In  the  high  temperature  creep  case,  however,  stress  redistribution  is  inevitable. 
Fig.  1  illustrates  the  von  Mises  stress  contours  in  the  specimen.  Fig.  2  shows  the  stress  along  the 
specimen. 


mr*Mct  ft***  mvwutcixroi,  mm 


Fig.  1  Von  Mises  stress  contours  Fig.  2  Mises  stress  variation  along  plate  specimen 
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It  is  seen  that  the  stress  distribution  is  not  uniform  in  the  welded  specimen.  The  stress  in  weld 
metal  is  increased  while  the  stress  in  parent  metal  is  decreased.  At  the  weld  root  the  stress  increases 
to  about  1.7  times  the  applied  stress.  This  is  due  to  deformation  compatibility  that  requires  higher 
stress  for  the  material  of  smaller  creep  rate.  It  can  thus  be  understood  that  the  creep-hard  material 
will  generally  experience  an  on-loaded  process  while  the  creep-soft  material  of  high  creep  strain 
rate  an  off-loaded  process. 

The  stress  redistribution  feature  due  to  the  mismatch  of  the  material  properties  suggests  that 
the  time  dependent  fracture  parameters  in  a  solid  of  material  mismatch  can  be  very  much  different 
from  those  in  a  homogenous  solid  depending  on  the  location  of  the  crack  tip. 

3  The  Influence  of  Material  Mismatch  on  Time-Dependent  Fracture  Parameters 


It  has  been  shown  that  the  elastic  strain  rates  become  negligible  compared  with  creep  rates  as  the 
crack  tip  is  approached  and  the  near  tip  stress  and  strain  rate  fields  are  thus  of  HRR  type[16,  17]. 
The  near  tip  stress  and  strain  fields  are  expressed  as: 

(c(t)  Y/(”+l) 

s^n)  (2) 


sJO^n) 


where  In  is  a  factor  accounting  for  stress  state  and  ef  .  (#,/?),  w)  are  non-dimensional 

functions[18].  C(t)  represents  the  intensity  of  the  stress  singularity  and  is  defined  as  a  contour  integral. 
Analogue  to  the  plastic  analysis,  a  creep  zone  can  also  be  defined  by  assuming  the  stress  field  outside 
the  zone  is  essentially  the  same  as  elastic  stress  field  and  its  size  can  be  estimated  as: 

n+ 1  2 

( jr2V-if  I  l""1 

r.W)  (4> 

where  rc  is  the  creep  zone  size,  K  is  the  elastic  stress  intensity  factor  and  pc(n,  6)  a  non-dimensional 
angular  function.  In  the  long  term,  as  the  creep  zone  grows  and  extensive  creep  condition  is 
achieved,  the  C(t)  approaches  a  constant  value  C*  It  had  been  shown  that  over  the  entire  transition 
regime  C(t)  can  be  represented  as  follows  within  an  error  of  5%. 

c(o=fi+^y  (5) 


with 


K\  \-v2) 
(n  +  \)EC* 


(6) 


As  it  is  demonstrated  in  the  previous  section,  the  creep  stress  field  in  a  uniaxial  cross  weld 
specimen  can  be  quite  non-uniform.  It  is  easy  to  understand  that  the  change  in  the  primary  stress 
field  due  to  material  mismatch  will  certainly  influence  the  evaluation  of  fracture  mechanics 
parameters.  The  local  crack  tip  HRR  stress  field  and  the  primary  stress  field  may  also  have 
interacting  effect.  In  order  to  evaluate  the  effect  of  material  mismatch,  a  number  of  finite  element 
computations  are  carried  out  for  compact  tension  (CT)  and  single  edge  notched  tension  (SENT) 
specimens  with  and  without  material  mismatch.  The  finite  element  models  are  shown  in  Fig.  3.  The 
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Fig.  3  Finite  element  model  (a)  CT  specimen,  a/w=0.5,  h=l  .5  mm:  918  elements,  2941  nodes; 

(b)  SENT  specimen,  a/w=0.5:  704  elements,  2233  nodes 

CT  specimen  has  been  widely  used  and  recommended  in  ASTM  E1457.  The  SENT  specimen  is 
generally  used  for  life  assessment  of  welded  pipes  in-service  since  it  simulates  better  the  constraint 
and  prior  damage  ahead  of  a  circumferential  crack  in  the  weld.  8-node  bi-quadratic  reduced 
integration  elements  (CPE8R)  are  used  in  the  modelling.  The  meshes  are  refined  until  a  converged 
C*  solution  is  obtained. 

Let  us  first  look  into  the  CT  specimen.  The  specimen  has  a  width  of  30  mm  and  a  thickness  of 
13  mm  The  material  constants  are  B  =  1.772  x  10'14,  n  =  3.87  for  weld  metal.  The  B  value  is 
assigned  to  parent  metal  according  to  material  mismatch  factor  while  n  is  kept  unchanged.  The 
crack  in  the  model  is  located  at  h  =  1.5mm  (the  distance  between  the  crack  line  and  the  interface). 
The  applied  load  is  3920  N.  For  comparison  purpose,  single  weld  metal  specimens  are  firstly 
calculated  According  to  eqn  (6),  the  transition  time  is  219.6  hours. 

Fig.  4  shows  the  development  of  creep  zone  in  the  case  A/=10.  As  compared  to  the  single  weld 
material  case,  in  the  first  12  hours  the  shape  of  the  creep  zone  is  almost  symmetrical  and  no  evident 
influence  of  material  mismatch  is  observed.  After  12  hours,  however,  part  of  the  parent  metal  also 
enters  the  creep  region  as  the  result  of  higher  creep  strain  rate.  Two  separated  creep  zones  are  thus 
formed.  An  unbalance  development  of  the  creep  zone  in  the  crack  tip  is  found.  The  zone  close  to 
the  interface  is  slightly  larger  than  the  other  due  to  higher  creep  stress  level  created  by  on-load 
effect  of  weld  metal.  The  zones  are  then  connected  to  each  other.  Fig.  5  shows  the  evolution  of  C(t) 


(a)  t  =  12  hours  (b)  t  =  41 .9  hours 

Fig.  4  Development  of  creep  zone  in  specimen  M=\0 
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Fig.  5  Evolution  of  C(t)  values  with  time  in  CT  specimen 


values  with  time.  Values  from  different  contour  integrals  are  illustrated  in  the  figure  at  the  same 
time.  Both  creep-soft  and  creep  hard  welds  are  calculated.  It  is  obvious  that  in  the  small  scale  creep 
region  the  C(t)  is  a  path-dependent  variable  and  curves  for  specimens  of  different  properties 
overlap  each  other  indicating  that  the  material  mismatch  has  little  influence  on  C(t)  in  the  small 
scale  creep.  After  the  transition  time  is  finished,  all  path  integrals  fall  in  a  same  curve  showing  the 
path  independent  feature  of  C*(t).  When  the  material  mismatch  takes  effect,  i.e.  the  stress 
redistribution  due  to  material  mismatch  plays  its  role,  the  C(t)  curves  deviates  from  those  of  the 
single  material  specimen.  It  is  seen  the  transition  completes  earlier  for  creep  hard  weld  and  later  for 
creep  soft  weld.  Under  the  extensive  creep  condition,  C*  value  of  hard  weld  /soft  parent  metal 
specimen  is  3.24  times  the  value  of  single  weld  metal  specimen,  while  the  value  of  soft  weld J  hard 
parent  metal  specimen  is  about  2/3  of  the  value  of  single  weld  metal  specimen. 

For  the  SENT  specimen,  similar  computations  are  carried  out.  The  specimen  has  a  width  of  12 
mm,  a  thickness  of  5  mm  and  a  half-length  of  20  mm.  The  same  material  properties  as  CT 
specimen  are  used.  The  applied  load  is  a  tension  stress  of  60  MPa  on  the  top  of  the  specimen.  For 
the  single  weld  metal  specimen,  the  transition  time  given  by  eqn  (6)  is  52.87  hours. 

Fig.  6  gives  a  comparison  of  creep  zones  between  the  weld/parent  metal  specimen  and  the 
single  weld  metal  specimen  at  the  same  time.  No  obvious  difference  is  found  when  the  creep  is  in  a 
small  scale.  It  is  seen,  however,  that  in  the  longer  time  the  creep  zone  in  the  weld/parent  metal 
specimen  is  enlarged  due  to  stress  enhancement  in  the  weld.  Creep  zones  are  developed  both  in  the 
weld  and  parent  metals  and  are  connected  in  the  later  time. 

Figure  7  shows  the  evolution  of  C(t)  values  with  time  in  the  SENT  specimen.  The  same  trend 
as  the  CT  specimen  is  observed.  However,  the  influence  of  material  mismatch  is  not  as  significant 
as  that  in  the  CT  specimen.  This  is  mainly  due  to  the  specimen  geometry  and  the  distance  between 
the  crack  tip  and  the  interface  of  the  two  materials.  When  a  welded  specimen  of  a  very  soft  parent 
metal  is  encountered  (A4=100),  the  C*  is  about  3  times  that  of  the  single  weld  metal  specimen. 
However,  for  a  welded  specimen  of  a  very  hard  parent  metal  (M=  0.01),  the  decrease  of  the  C*  is 
not  dramatic  which  is  not  more  than  20%. 
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(a)  t  =  20.6  hours  (b)  t  =  77  hours 

Fig.  6  Comparison  of  creep  zones  between  the  weld/parent  metal  specimen 
and  the  single  weld  metal  specimen 


IE-3  IE-2  IE-1  1E+0  1E+1  1E+2  1E+3  1E+4 

Time,  h 


Fig.  7  Evolution  of  C(t)  values  with  time  in  SENT  specimen 

Tentative  conclusions  can  therefore  be  drawn  from  the  computations:  the  material  mismatch 
can  significantly  influence  the  time-dependent  fracture  parameters  in  the  extensive  creep  condition; 
a  higher  parent  metal  creep  strain  rate  will  increase  the  C*  value  while  a  lower  parent  metal  creep 
strain  rate  decrease  the  C*  value. 


4  The  Applicability  of  Measured  C*(t)  for  Two-material  Specimen 


In  the  CCG  experiments,  C*  or  Ct  are  generally  calculated  in  terms  of  measured  load  line 
displacement  rather  than  time-consuming  finite  element  computations.  Under  steady  state  creep 
condition,  C*  can  be  expressed  as: 


C 


T]{a!  w,ri) 


PV^ 

BW 


(7) 


where  q  is  a  function  of  a/w  and  n,  Vc  the  load  line  displacement,  P  the  applied  load,  B  the 
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thickness  and  W  the  width  of  the  specimen.  It  is  apparent  that  this  formula  is  established  without 
considering  the  material  mismatch.  As  Vc  is  also  directly  measured  from  the  welded  specimen,  it 
may  reflect  partially  the  influence  of  material  mismatch.  But  the  problem  is  to  what  extent  that  the 
formula  can  describe  the  influence  of  the  material  mismatch  and  how  to  modify  it  for  welded 
specimens.  A  material  mismatch  coefficient  can  thus  be  introduced  to  modify  eqn  (7): 

PV 

Cw  =  g(M,alw,h)r}(a/w,n)-j^  (8) 

where  g(M,  a/W,  h)  describes  the  material  mismatch  effect  which  can  be  the  function  of  M,  a/w , 
and  h.  Cw*  is  C*-integral  for  welded  specimen,  Vwc  is  the  load  line  displacement. 

A  division  of  eqn  (8)  by  eqn  (7)  results  in: 

C* 

g(M,a/w,h)  =  f(n>a/w,P/BW (9) 

where  f(n,a/w,P/  BM)  =  Vc  / C* ,  is  determined  from  a  single  material  specimen. 

To  quantify  the  g  value,  a  number  of  finite  element  computations  are  carried  out  for  different  n 
values  and  also  a/w  values.  The  previous  CT  and  SENT  finite  element  models  are  used. 

In  order  to  obtain  the  /value,  the  finite  element  computation  is  first  carried  out  for  a  single 
weld  specimen.  Based  upon  the  calculated  C*  and  Vc  value,  the  f  value  is  determined.  Then 
computations  are  carried  out  for  a  number  of  welded  specimens  of  the  same  geometry  with  material 
mismatches. 

Fig.  8  is  the  variation  of  g  versus  material  mismatch  factor,  M  for  CT  specimen.  It  is  seen  that 
0  <  g  <  1  for  M>  1  and  g  >  1  for  U  <  1  which  implies  that  the  eqn  (7)  may  overestimate  C*  for 
creep-hard  weld  but  slightly  underestimate  it  for  creep-soft  weld.  The  n  value  has  a  significant 
influence  on  the  g  value.  For  a  same  M  value,  the  smaller  the  n  value,  the  larger  of  the  deviation  of 
g.  The  distance  between  the  crack  tip  and  the  interface  line  is  also  a  major  factor.  It  seems  that 
reducing  the  distance  may  reduce  the  deviation. 

Fig.  9  is  the  variation  of  g  for  SENT  specimen  when  n  =3.87.  More  significant  deviation  of  g  is 
found  as  compared  with  CT  specimen.  For  M— 10  and  a/w  =  0.42,  the  value  of  g  is  0.48  which 
implies  that  eqn  (7)  may  overestimate  the  C*  value  of  the  welded  specimen  by  one  time.  Eqn  (7) 
may  underestimate  the  C*  value  for  M<  1.  A  factor  of  1.58  is  required  to  modify  the  eqn  (7)  in 
case  that  A^O .  1  and  a/w=0 . 42 . 

Fig.  10  is  the  variation  of  g  for  SENT  specimen  when  n  =11.475.  It  is  obvious  that  longer 
crack  require  less  modification  due  to  less  interaction  between  the  crack  tip  and  the  material 
interface.  As  compared  with  lower  n  value  case  in  Fig.  9,  the  deviation  ofg  is  less  significant. 

In  order  to  quantify  the  possible  errors  in  interpretation  of  CCGR  by  use  of  conventional  C*, 
creep  crack  growth  tests  were  carried  out  on  SENT  specimens  machined  from  a  retired  HK40 
furnace  tube.  The  test  temperature  was  850  °C.  Two  load  levels,  20MPa  and  21.8MPa  were  applied. 
Under  the  test  stresses,  the  mismatch  factor,  M  equals  to  15.13  (21.8MPa)  and  19.87  (20MPa) 
respectively.  The  modification  factor,  g  can  accordingly  be  found  in  Fig.  10.  Fig.  11  illustrates  the 
correlation  between  C*  and  C*w.  It  is  seen  a  higher  CCGR  is  obtained  by  use  of  modified  g  factor. 
This  implies  that  the  conventional  C*  that  ignores  the  material  mismatch  effect  leads  to  a  reduced 
CCGR,  which  may  result  in  a  non-conservative  estimation  of  creep  crack  growth  life. 
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Fig.  8  g  value  vs.  mismatch  factor,  M  Fig.  9  g  value  vs.  mismatch  factor,  M 

for  CT  specimen  for  SENT  specimen,  n  =  3.87 


Fig.  10  g  value  vs.  mismatch  factor,  M  Fig.  1 1  Creep  crack  growth  rates 

for  SENT  soecimem  n=  11 .475  in  relation  with  C* 


5  Conclusions 

In  order  to  provide  some  mechanics  basis  for  the  interpretation  of  creep  crack  growth  rates  in  the 
weld,  finite  element  method  is  used  to  study  the  influence  of  material  mismatch  on  the  stress  field 
of  uniaxial  specimens  and  the  time-dependent  fracture  mechanics  parameters  in  the  present  work. 
The  applicability  of  conventional  C*  equation  based  on  the  load  line  displacement  is  re-examined. 
Some  conclusions  have  been  drawn  from  the  study: 

(1)  Even  in  a  uniaxial  tension  specimen,  the  stress  redistribution  can  be  very  significant  as  long 
as  material  mismatch  exists  in  the  high  temperature  components. 

(2)  Under  the  extensive  creep  condition,  C*  value  of  hard  weld  /soft  parent  metal  specimen  can 
be  more  than  3  times  the  value  of  single  weld  metal  specimen,  while  the  value  of  soft  weld/ 
hard  parent  metal  specimen  can  be  less  than  15%  of  the  value  of  single  weld  metal  specimen. 
The  material  mismatch  has  little  influence  on  C(t)  in  small  scale  creep  in  the  cases  studied. 

(3)  The  C*  formula  based  on  the  load  line  displacement  recommended  by  ASTM  El 457  need 
to  be  modified  to  interpret  the  CCG  behavior  of  welded  specimens.  A  modification  factor,  g 
is  introduced.  It  is  found  that  0  <g  <  1  for  M>  1  and  g  >  1  for  M  <  1,  which  implies  that  the 
recommended  formula  may  overestimate  C*  for  creep-hard  weld  but  underestimate  it  for 
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creep-soft  weld. 

(4)  Creep  crack  growth  tests  conducted  with  SENT  specimens  from  a  retired  HK40  furnace 
tube  reveals  that  the  conventional  C *  that  ignores  the  material  mismatch  effect  leads  to  a 
reduced  CCGR,  which  may  result  in  a  non-conservative  life  assessment. 
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ABSTRACT 

High  temperature  industrial  components  invariably  experience  complex  thermal  and  mechanical  loading 
histories.  With  regard  to  degradation  and  failure  as  a  result  of  creep  deformation  and  rupture 
mechanisms,  design  and  remaining  life  procedures  rely  extensively  on  conventional  uniaxial  creep  tests 
as  a  source  of  material  and  temperature  specific  property  data.  Plant  assessment  often  proceeds  based 
upon  relatively  simple  calculations  that  invariably  incorporate  distinct  levels  of  conservatism  to 
compensate  for  inherent  uncertainties  within  the  design  route.  An  improved  understanding  of  the 
influences  of  component  geometry  and  stress-state  upon  component  creep  rupture  behaviour  will  reduce 
unnecessary  conservatisms  and  potentially  extend  service  lifetime. 

In  the  present  paper  these  concepts  are  developed  to  reconcile  observed  multiaxial  stress  rupture  criteria 
inferred  from  tests  utilising  a  range  of  testpiece  geometries.  Component  rupture  under  complex  loading 
conditions  is  seen  to  depend  upon  both  the  materials  response  and  the  mechanical  interaction  between 
the  structure  and  the  loading.  These  mechanical  factors  include  the  component  geometry  and  the 
evolution  of  stress  during  creep  life,  in  addition  to  the  more  commonly  preferred  descriptors  of  applied 
stress  and  stress  state.  Consideration  of  these  additional  elements  during  the  presentation  of  material 
stress  rupture  response  enables  the  true  position  of  component  creep  rupture  results  to  be  determined  in 
relation  to  uniaxial  baseline  data. 

1.  Theoretical  Background  to  Multiaxial  Rupture  Behaviour 
1 .1  Historical  Approaches  to  Modelling  Rupture  Life 

The  earliest  approaches  to  modelling  creep  rupture  considered  the  failure  of  a  rod  in  uniaxial  tension. 
Under  constant  load  conditions,  the  stress  increases  with  strain,  leading  to  an  accelerating  creep  rate 
and  failure  in  finite  time,  with  theoretically  infinite  extension  [1].  Though  this  theoretical  ideal  cannot 
be  achieved  in  practice,  the  rapid  evolution  of  stress  in  the  final  stages  makes  it  a  reasonably  good 
approximation  for  a  ductile  material.  It  was  later  realised  that  neither  brittleness  nor  failure  under 
constant  stress  conditions  could  be  described  in  this  way.  The  solution  put  forward  was  the  concept  of 
damage  evolution  [2].  In  this  model,  damage  evolves  as  a  materials  state  variable,  from  zero  for  virgin 
material  towards  unity  at  failure.  This  may  happen  in  isolation,  or  in  synergy  with  strain  evolution. 
This  approach,  designated  Continuum  Damage  Mechanics ,  continues  to  be  a  key  element  of  creep 
modelling. 
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Creep  life  thus  depends  upon  both  deformation  and  fracture  mechanisms,  and  each  of  these  is 
influenced  by  both  materials  and  structural  factors.  Under  multiaxial  stress  conditions,  both  materials 
and  structural  response  must  be  expected  to  change.  The  multiaxial  stress  rupture  criterion  (MSRC)  is 
intended  to  accommodate  the  stress  dependencies  of  the  various  failure  mechanisms  and  to  provide  a 
unifying  parameter  between  uniaxial  and  multiaxial  creep  rupture  data.  In  the  absence  of  damage, 
rupture  is  controlled  by  flow  processes  which,  it  is  generally  accepted,  are  governed  by  the  effective 
(shear)  stress  (ae).  For  damage  controlled  rupture,  there  is  basic  justification  for  the  traditional 
approach  of  considering  rupture  as  being  governed  by  both  effective  stress  and  normal  (principal) 
tensile  stress  (c^).  For  example,  McLean  [3]  suggests  that  grain  boundary  sliding,  governed  by  shear, 
is  the  important  action  in  nucleating  grain  boundary  vacancies  of  a  critical  size,  after  which  growth  is 
encouraged  by  diffusion,  governed  by  maximum  tensile  stress. 

Thus  the  fracture  mechanism  can  be  either  maximum  principal  or  equivalent  stress  controlled,  or 
described  by  a  mixed  criterion  incorporating  contributions  from  both  component  stresses.  A  number  of 
workers  have  described  the  multiaxial  creep  rupture  behaviour  of  a  range  of  materials  using  empirically 
determined  relationships  for  the  MSRC.  A  review  of  these  criteria  is  outside  the  scope  of  the  current 
work;  however,  the  range  is  exemplified  by  the  following  selection: 


o  MSRC  -  A.0J+(1  -  k)(7e 

Sdobyrev 

[4] 

o  msrc  =  a<Ji  +  fih  +  Y  /2/2 

Hayhurst 

[5] 

_  _  vim  (m-v)/m 

OMSRC-Ol  -Oe  ' 

Cane 

[6] 

°msrc  =2.2402  -  0- 62( o2  +  cr?) 

Nix  et  al 

m 

exp  ; 

Ss  =  {°1  +  ^2  +  °l  Y  Huddleston 

[8] 

(Ii  and  I2  being  the  first  and  second  stress  invariants) 

1.2  Structural  Factors 

Industrial  components  rarely  experience  constant  stressing  conditions.  More  typically,  the  applied  load 
is  maintained  constant,  such  that  stress  increases  monotonically  with  strain.  For  the  relatively  common, 
and  simple,  case  of  tubular  components  subjected  to  pressure-tension  loading,  Taira  et  al  [9]  have 
described  the  changing  stress  and  strain  evolution  as  deformation  proceeds,  which  in  the  case  of  thin 
wall  assumptions  requires  descriptors  for  the  diametral  and  axial  stresses  as, 

°o exp(s8  -  O  o  z  =  ozo  exp(0+y- 

where  e  ,  ez  and  er  denote  true  strains  in  the  hoop,  axial  and  radial  directions  respectively,  a  0  is  the 
initial  diametral  stress  and  azo  is  the  initial  axial  stress  generated  by  the  imposition  of  a  tensile  load.  It 
is  interesting  to  note  that  solution  of  the  above  for  the  general  pressure-tension  loading  case  predicts 
both  evolving  stress  levels  and  evolving  stress  state. 

This  evolution  of  stress  state  comes  about  through  the  non-proportionate  interaction  between  the 
stresses  and  strains.  That  this  occurs  in  such  a  simple  mechanical  system  immediately  implies  that  it 
must  be  taken  into  consideration  in  developing  any  universally  accurate  MSRC.  Just  as  the  evolution 
of  stress  with  strain  can  control  rupture  in  a  uniaxial  bar,  so  the  evolution  of  stress  state  with  strain  can 
control  rupture  under  multiaxial  loading. 

It  must  further  be  recognized  that  in  many  situations,  the  stress  level  or  stress  state  are  not  uniform 
through  the  component  or  test-piece.  Stress  redistribution  in  such  cases  will  also  contribute  to  stress 
state  evolution. 
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1 .3  Materials  Factors 

Figure  1  shows  a  typical  deformation  mechanism  map  for  a  high  temperature  engineering  steel.  In  the 
high  stress  limit,  materials  response  is  governed  by  instantaneous  elastic  collapse.  However,  for 
practical  purposes,  instability  will  be  limited  by  the  glide  stress,  at  which  time-independent  plasticity 
occurs.  Below  this  limit,  regimes  of  time  dependent  (creep)  flow  and  brittle  intergranular  cavitation 
response  will  occur  -  the  relative  contributions  of  each,  and  their  interactions,  being  dependent  upon 
material  composition,  microstructure  and  temperature.  Material  (creep)  response  below  the  glide  limit 
has  been  reconciled  through  the  application  of  continuum  damage  mechanics,  which  allows  for  the 
interactive  effects  of  creep  strain  and  damage  accumulation  [10,  11].  It  is  unreasonable  to  expect  the 
MSRC  for  a  given  material  to  remain  constant  over  a  change  in  deformation  or  fracture  mechanism. 


0  200  400  600  800  1000  1200  1400  1600 

Temperature,  'C 

Figure  1:  Typical  deformation  mechanism  map  in  stress-temperature  co-ordinates 

1.4  Simplifying  Assumptions 

The  above  discussion,  and  indeed  the  whole  of  the  present  paper,  considers  a  very  simple  situation. 
The  material  is  assumed  to  be  homogeneous,  isotropic  and  stable  -  no  thermal  degradation  or 
embrittlement  is  allowed.  Similarly,  all  deformation  is  assumed  uniform,  the  effects  of  necking  or 
similar  instability  are  neglected.  Also,  only  forward  creep  is  considered;  behaviour  under  displacement 
control  and  cyclic  effects  are  not  addressed.  Each  of  these  factors  must  be  expected  to  complicate  the 
MSRC  further. 

2.  Multiaxial  Mechanical  Testing 

For  a  given  material,  practical  determination  of  the  MSRC  (which  may  be  temperature  dependent) 
requires  testing  under  multiaxial  stressing  conditions  in  addition  to  baseline  uniaxial  creep  rupture  data. 
Given  the  influence  of  both  materials  and  structural  factors,  it  is  necessary  to  classify  the  different 
types  of  test  in  order  to  determine  what  information  each  can  and  cannot  generate,  and  how  they  may  be 
combined. 

Table  1  provides  a  mechanical  classification  of  test  type  according  to  the  nature  of  the  applied  stress, 
the  applied  stress-state  and  the  homogeneity  of  the  imposed  stress  distribution.  Under  simple  uniaxial 
loading,  constant  stress  and  constant  load  tests  provide  an  illustration  of  the  combined  effects  of 
materials  and  structural  factors  on  rupture  behaviour.  Figure  2  shows  a  typical  stress  rupture  curve  for 
conditions  that  span  the  glide,  flow  and  damage  regimes  of  Fig.  1.  For  both  test  types,  the  high  stress 
limit  is  controlled  by  glide  and  the  low  stress  behaviour  by  damage  accumulation.  In  the  intermediate 
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range,  under  constant  load  conditions,  strain  development  increases  the  stress,  leading  to  a  flow 
controlled  rupture  regime.  Under  constant  stress  conditions,  this  cannot  happen  and  damage  controlled 
rupture  persists  up  to  the  glide  limit.  Clearly,  a  reliable  MSRC  cannot  be  obtained  from  a  set  of  tests 
that  spans  such  a  change  in  behaviour,  without  careful  analysis. 


Figure  2:  Schematic  uniaxial  stress  rupture  response  at  constant  temperature ,  identifying 
mechanistic  regimes  and  showing  behaviour  under  constant  stress  and  constant  load 
conditions . 

For  pure  shear,  torsion  tests  on  thin-walled  tubes  and  double-shear  tests  form  a  similar  pair.  More 
general  biaxiality  can  be  generated  using  tubes  with  internal  or  external  pressure  plus  an  axial  end  load 
(though  buckling  problems  limit  the  practical  possibilities  in  compression).  In  this  case,  it  must  be 
realised  that  the  stress  state  evolves,  as  well  as  the  stress,  with  strain.  This  further  complicates 
interpretation.  Theoretically,  cruciform  specimens  can  also  be  used  to  explore  biaxial  and  even  triaxial 
behaviour,  though  the  practical  difficulties  are  immense.  It  must  be  realised  that  the  stress  state 
evolution  in  a  cruciform  biaxial  specimen  is  different  from  that  in  a  tube  under  pressure  and  end  load, 
for  the  same  starting  condition. 

The  most  commonly  used  triaxial  laboratory  test  is  that  on  a  notched  bar.  Here  a  further  level  of 
difficulty  is  introduced,  since  not  only  do  the  stress  and  stress  state  evolve  with  strain,  but  both  vary 
through  the  cross-section  of  the  specimen.  Similar  considerations  apply  to  thick-walled  tubes  and  to 
biaxial  disc  and  bend  tests. 

This  classification  is  extended  in  Table  2  to  a  consideration  of  the  rupture  life  and  ductility  to  be 
expected  in  each  test  type  for  different  deformation  mechanisms.  (Clearly,  combinations  of  stress 
evolution  and  zero  ductility  mechanisms  are  not  possible.) 

3.  Practical  Development  and  Use  of  a  Multiaxial  Stress  Rupture  Criterion 

It  is  clear  from  the  above  that  a  MSRC  cannot  be  generated  from  a  random  selection  of  tests, 
considering  only  the  initial  stress  and  stress  state.  However  a  judicious  selection,  of  developing 
complexity,  can  be  designed  to  establish  the  basic  materials  behaviour,  the  response  under  evolving 
uniaxial  stress  and  then  the  effects  of  stress  state  and  its  evolution.  For  practical  purposes,  uniaxial 
tension  and  tube  tests  under  pressure  and  end  load  provide  the  most  flexible  and  achievable  mix.  Once 
a  model  has  been  developed  which  accounts  for  all  structural  and  materials  factors,  it  can  be  validated 
on  the  more  complex  bend  and  notched  bar  specimens.  Usually  numerical  methods,  such  as  finite 
element  analysis,  will  be  required  to  achieve  this.  The  validated  model  can  then  be  applied  to  real 
components  with  confidence.  In  developing  the  model,  care  must  be  taken  to  identify  and  quantify 
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individual  effects  within  a  homogeneous  range  of  materials  and  structural  behaviour,  as  summarised  in 
these  tables. 

For  simplicity  of  routine  application,  it  is  now  common  and  accepted  practice  to  develop  local, 
approximate  solutions  to  the  model  for  particular,  common  geometries  -  such  as  notched  bars  and  T- 
piece  intersections.  These  generally  take  the  form  of  'reference  stress'  solutions,  where  the  geometric 
and  loading  characteristics  are  reduced,  by  an  empirical  fit  to  the  local  solution  of  the  full  model,  to  a 
single  stress  that  may  be  directly  referred  to  the  uniaxial  database. 


For  the  purposes  of  practical  plant  life  assessment  it  is  often  argued  that  operating  stresses  are  low  such 
that  failure  will  occur  at  low  ductility,  which  enables  constant  stress  and  stress  state  conditions  to  be 
assumed.  By  contrast,  Figure  3  illustrates  experimental  and  predicted  creep  rupture  response  of  thin 
walled  pressure-tension  tubes,  of  2l/4Cr-lMo,  material  under  a  range  of  applied  stressing  ratios 
(hoop/axial)  which  range  from  tensile  only  loading  to  pressure  only  loading  [12].  The  test  series 
reflects  response  under  identical  conditions  of  initial  equivalent  stress.  The  predictions,  made  using  a 
primary  modified  continuum  model  of  the  Rabotnov-Kachanov  type,  take  account  of  monotonic  stress 
increase  and  stress  state  evolution  and  reflect  the  limiting  cases  of  the  MSRC.  The  tests  are  of  short 
duration  and  reflect  creep  under  conditions  of  ductile  flow.  However,  in  this  particular  case  the  onset 
of  failure  was  strongly  influenced  by  the  high  inclusion  content  in  the  material  -  hence  the  maximum 
principal  stress  rupture  response.  If,  for  the  purposes  of  the  example,  the  MSRC  is  considered  constant 
over  the  range  of  lifetimes  considered,  then  the  observed  changes  in  lifetime  directly  reflect  the  roles  of 
monotonic  stress  increase  and  evolving  stress-state. 


700 

600 

^  500 

«T 

I  400 
& 

□ 

|  300 
“  200 
100 

0 

0  0.25  0.5  0.75  1  1.25  1.5  1.75  2 

Stress  Ratio  (hoop/axial) 

Figure  3:  Rupture  lifetime  as  a  function  of  stress  ratio  ( hoop/axial )  for  tubular  22/4Cr-lMo 
components  at  550° C  [12] 

High  temperature  design  codes  are  necessarily  conservative.  For  pressurised  vessels,  a  basic  starting 
point  for  calculation  is  often  the  mean  diameter  hoop  stress.  In  the  context  of  Figure  3  this  approach  is 
analogous  to  the  more  conservative  prediction  based  upon  a  maximum  principal  stress  rupture  criterion. 
For  materials  where  the  equivalent  stress  contributes  significantly  to  the  MSRC,  significant  additional 
service  life  may  be  available  having  reached  the  nominal  design  life. 
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4.  Concluding  Remarks 

□  Rupture  life  and  ductility  are  governed  by  materials  and  structural  factors. 

□  In  developing  a  model  of  multiaxial  behaviour,  stress  and  stress  state  evolution  must  be 
correctly  considered. 

□  Correct  application  of  such  a  model  to  components  may  also  need  to  take  stress 
distribution  into  account. 

□  Multiaxial  tests  should  be  performed  using  testpieces  for  which  the  changes  in  stress  and 
stress  state  are  fully  understood.  In  practice,  a  combination  of  uniaxial  tests  and  tubes 
under  pressure  and  end  load  has  many  advantages. 

□  Practical  application  of  a  mutiaxial  model  may  be  simplified  by  the  use  of  a  validated 
reference  stress  approach. 

□  Full  characterisation  of  the  MSRC  and  the  role  of  component  geometry  may  facilitate  plant 
life  extension. 
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Abstract 

This  paper  presents  the  preliminary  results  of  a  recent  study  of  secondary  creep  in  a 
damage  tolerant  orthorhombic  +  B2  niobium  aluminide  alloy  (Nb-1  lAl-41Ti-1.5Mo- 
1.5Cr).  Tensile  creep  data  are  presented  for  the  longitudinal  and  transverse  orientations 
in  the  intermediate-temperature  regime  between  650  and  760°C.  The  alloy  is  shown  to 
exhibit  creep  resistance  than  orthorhombic  titanium  aluminide  intermetallics.  The 
micromechanisms  of  creep  deformation  are  also  elucidated  within  the  context  of 
measured  activation  energies  and  creep  exponents. 

Introduction 

In  recent  years,  a  new  class  of  damage  tolerant  niobium  aluminide  (Nb3Al-xTi-base) 
intermetallics  has  emerged  for  potential  structural  applications  in  the  intermediate- 
temperature  regime  (650-750  Nb3Al-xTi-base  intermetallics)  [1-8].  The  damage 
tolerance  in  these  alloys  was  promoted  largely  by  alloying  of  the  Nb3Al-xTi-base,  which 
has  an  A 15  crystal  structure,  with  Ti  to  form  a  partially  ordered  B2  structure  [1].  The 
early  work  by  Fraser  et  al.  [1]  on  cast  alloys  showed  that  alloying  with  40  atomic%  Ti 
resulted  in  predominantly  B2  structures  with  room- temperature  ductilities  of  30  %. 

Subsequent  work  by  Soboyejo  and  co-workers  [  3,4,8]  later  showed  that  the 
microstructures  of  forged  Nb3Al-xTi-base  alloys  consist  of  both  orthorhombic  and  B2 
phases  when  the  titanium  alloying  levels  are  close  to  40  atomic  %.  The  forged 
orthorhombic  +  B2  alloys  were  also  shown  to  have  attractive  combinations  of  room- 
temperature  tensile  ductility  (approx.  5-30%),  fracture  toughness  (approx.  40-1 10 
MPaVm)  and  comparable  fatigue  crack  growth  resistance  to  IN  718  and  Ti-6A1-4V  [3-8]. 

There  have  also  been  significant  efforts  to  improve  the  isothermal  and  cyclic  oxidation 
resistance  of  Nb3  Al-xTi-base  intermetallics  via  alloying  with  Cr,  or  by  the  use  of 
protective  coatings  [9,10].  The  initial  studies  showed  that  the  potential  service- 
temperature  limit  for  Nb3Al-xTi-base  intermetallics  may  be  increased  from  approx.  750 
to  800°C  by  alloying  with  approx.  5  atomic%  Cr  [10].  However,  the  improvements  in 
oxidation  resistance  were  achieved  at  the  expense  of  room-temperature  ductility. 

Subsequent  work  by  Soboyejo  et  al.  [4,9]  later  showed  that  a  good  balance  of  room- 
temperature  ductility  (approx.  5%  plastic  elongation)  and  oxidation  resistance  can  be 
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achieved  in  alloys  containing  approx.  1.5  atomic  %  Cr.  Preliminary  studies  of  creep 
rupture  lives  of  Nb3Al-xTi-base  alloys  [5]  have  also  showed  that  their  creep  resistance 
can  be  improved  significantly  by  alloying  with  approx.  1 .5  atomic%  Mo.  However, 
there  have  been  no  published  reports  of  the  secondary  creep  behavior  of  Nb3Al-xTi-base 
alloys  containing  both  Mo  and  Cr,  although  the  fatigue  and  fracture  behavior  of  such 
alloys  has  received  some  attention  in  a  recent  paper  [6]. 

The  current  paper  presents  the  results  of  a  study  of  the  secondary  creep  behavior  of  a 
forged  Nb3Al-xTi-base  alloy  containing  Mo  and  Cr.  The  orthorhombic  +  B2  alloy,  Nb- 
llAl-41Ti-l.5Cr-l.5Mo  (compositions  quoted  in  atomic  %  unless  stated  otherwise),  was 
engineered  to  have  good  combinations  of  creep  and  fracture  resistance.  Following  a  brief 
description  of  the  microstructure  and  basic  mechanical  properties,  secondary  creep  data 
are  presented  for  the  direct  aged  alloy  in  the  longitudinal  and  transverse  orientations.  The 
secondary  creep  rates  and  creep  exponents  are  compared  with  those  of  titanium 
orthorhombic  titanium  aluminide  intermetallics  in  the  temperature  regime  between  650 
and  760°C.  The  micromechanisms  of  creep  deformation  are  then  inferred  from  measured 
activation  energies  and  creep  exponents. 


Material 

The  Nb-llAl-41Ti-l.5Cr-l.5Mo  alloy  that  was  examined  in  this  study  was  produced  by 
triple  vacuum-arc-remelting  at  Pittsburgh  Specialty  Materials,  Pittsburgh,  PA.  The  ingot 
material  was  upset  forged  into  a  billet  at  the  U.S.  Bureau  of  Mines  in  Albany,  OR.  After 
forging,  electro-discharge  machined  specimens  were  heat  treated  in  evacuated  (10-4  Pa) 
quartz  capsules  at  750°C  for  25  hours  (direct  aged).  The  direct  aging  heat  treatment  (DA) 
was  used  to  stabilize  the  microstructure  in  the  potential  service  temperature  regime. 

The  direct  aged  alloy  was  etched  in  a  solution  of  25%  lactic  acid,  25%  concentrated 
(30%)  hydrogen  peroxide,  25%  hydrofluoric  acid  and  25%  nitric  acid  was  used  to  etch 
the  specimens.  The  etch  attacked  the  direct  aged  specimens  much  more  aggressively, 
etching  the  specimens  in  l/20th  the  time  required  for  the  as-forged  condition. 

The  etched  specimens  had  similar  average  grains  sizes  (-55  microns  for  the  direct  aged, 
and  -52  microns  the  for  the  as-forged  condition).  Figures  la  -  lc  show  the 
microstructures  of  both  specimens.  The  stabilized  microstructure  of  the  direct  aged 
specimens  clearly  shows  a  second  phase  precipitating  out  near  the  grain  boundaries 
(Figure  lc).  The  matrix  material  in  both  the  as-forged  and  directed-aged  specimens  has  a 
semi-ordered  body  centered  cubic  crystal  structure.  The  second  phase  platelets  in  the 
direct-aged  matrix  have  an  orthorhombic  crystal  structure  [6]. 

The  Nb-llAl-41Ti-l.5Mo-l.5Cr  alloy  has  an  average  modulus  of  -  810  GPa  and  a  0.2% 
offset  yield  strength  -788  MPa  in  the  as-forged  condition.  The  equivalent  properties  for 
the  direct-aged  alloy  (750/25hrs)  were  -974  GPa  and  -995  MPa,  respectively.  Stress- 
strain  curves  obtained  from  as-forged  and  direct-aged  (750°C/25hrs)  Nb-1  lAl-41Ti- 
1.5Mo-1.5Cr  are  presented  in  Figure  2.  This  alloy  exhibits  strain  softening  in  the  as- 
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(a)  (b) 


Figure  1:  (a)  Microstructual  profile  of  the  as-forged  sample  (b)  Mircostructual  profile  of  the 
sample  in  the  direct-aged  condition;  and  (c)  Needle-like  Orthorhombic  Platelets  in  a  Matrix  of 
B2  in  the  microstructure  of  the  Direct  Aged  Material.  Note  the  precipitate  free  zone  in  the 
vicinity  of  the  B2  grain  boundary. 
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Figure  2:  Stress-Strain  Behavior  of  Nb-llAl-41Ti-1.5Mo-L5Cr  Alloy 


Time  (hrs) 


Figure  3:  Typical  Plots  of  Stress  Versus  Time  Obtained  For  The  Longitudinal  and 
Transverse  Orientations  at  650°C 
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forged  condition.  The  as-forged  alloy  also  has  a  flow  strength  of  -788  MPa  (Figure  2). 
However,  it  exhibits  a  significant  increase  in  strength  and  strain  hardening  after  direct 
aging  at  750°C  which  tends  to  increase  the  volume  fraction  of  orthorhombic  phase. 
Furthermore,  the  ductility  is  degraded  from  -11%  to  2.5%  after  direct  aging  at  750°C. 
Also,  the  as-forged  alloy  has  a  fracture  toughness  of  -83  MPaVm  in  the  L-S  orientation. 
This  decreased  to  -  46  MPaVrn  after  direct  aging.  The  fracture  toughness  level  in  the  L- 
T  orientation  also  decreased  to  -32  MPaVm  after  direct  aging. 

Creep  Deformation 

The  creep  deformation  mechanisms  were  studied  using  specimens  with  similar 
dimensions  and  geometries  to  those  that  were  used  in  the  tensile  tests.  The  specimens 
were  subjected  to  direct  aging  at  750°C  for  25  hours  to  stabilize  the  microstructures  prior 
to  creep  testing.  The  creep  tests  were  performed  in  lab  air  using  a  dead  load  creep 
machine  that  was  operated  under  computer  control.  The  tests  were  conducted  at  650, 704 
and  760°C  in  an  effort  to  develop  a  fundamental  understanding  of  creep  deformation 
behavior  in  the  potential  service  temperature  regime. 

Since  the  forging  microstructure  was  anisotropic  (Figures  la  -  lc),  the  creep  behavior 
was  studied  in  the  longitudinal  and  transverse  orientations.  At  each  temperature,  multiple 
creep  data  were  obtained  from  single  specimens  that  were  tested  under  constant  mean 
stresses  until  steady-state  conditions  were  reached.  The  stresses  were  then  increased  in 
incremental  stages  until  subsequent  steady  state  conditions  were  reached.  In  this  way, 
multiple  steady-state  creep  rate  data  were  obtained  from  a  limited  number  of  specimens. 

Plots  of  strain  versus  time  obtained  from  the  creep  tests  at  650°C  are  presented  in  Figure 
3  for  materials  that  were  tested  in  the  longitudinal  and  transverse  orientations  at  mean 
stress  levels  of  172,  206,  241  and  276  MPa.  In  all  cases,  the  creep  strain  rates  were 
slower  in  the  longitudinal  orientation  (elongated  grains)  than  in  the  transverse  (more 
equiaxed)  orientation.  The  measured  creep  exponents  where  also  lower  in  the 
longitudinal  orientation  compared  to  those  in  the  transverse  orientation. 

The  measured  secondary  creep  rates  are  presented  in  Figures  4a  and  4b  for  the 
longitudinal  and  transverse  orientations,  respectively.  The  plots  of  log  of  strain  rate  versus 
log  of  stress  show  that  exhibit  the  usual  linear  dependence  that  is  expected  in  the 
secondary  creep  regime.  The  slopes,  n,  of  the  plots  are  approx.  2.2-2. 3  for  the  longitudinal 
orientation  versus  3. 1-3.3  for  the  transverse  orientation.  The  slopes  are  in  the  range 
expected  for  dislocation  glide-controlled  creep  [11].  However,  the  slopes  of  2. 2-2. 3 
obtained  in  the  longitudinal  orientation  are  also  in  Harper-Dorn  creep  regime  [11]. 

Arrhenius  plots  of  the  log  of  strain  rate  versus  the  inverse  of  the  absolute  temperature  are 
presented  in  Figure  5  for  both  the  longitudinal  and  transverse  orientations.  These  were 
obtained  for  a  common  mean  stress  level  of  172  MPa.  An  activation  energy  of  322.6 
kJ/mole  was  obtained  in  the  transverse  orientation  compared  with  a  value  of  285.3 
kJ/mole  in  longitudinal  orientation.  However,  it  is  not  yet  clear  what  is  responsible  for 
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(a)  (b) 


Figure  4:  Secondary  Creep  Data  Obtained  For  (a)  Longitudinal  and  (b)  Transverse 
Orientations 


Figure  5:  Arrhenius  Plot  Obtained  For  The  Longitudinal  and  Transverse  Orientations  at  a 
Constant  Mean  Stress  of  172.35  MPa 
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the  differences  between  the  activation  energies  in  the  different  orientations. 

Nevertheless,  it  is  of  interest  to  compare  the  activation  energies  with  activation  energies 
in  titanium  orthorhombic  alloys  [12],  Ti-15A1  [13]  and  Nb-Al-Ti  alloys  [14]  . 

The  activation  energies  obtained  in  the  current  study  are  close  reported  values  of  approx. 
260-270  kJ/mole  for  the  diffusion  of  A1  in  Ti-15A1  [13].  They  are  also  close  to  the 
activation  energy  of  approx.  300  kJ/mole  reported  for  inter-diffusion  in  Nb-Al-Ti  alloys 
by  Ruiz-Aparico  and  Ebrahimi  [14].  The  activation  energies  are  also  close  to  creep 
activation  energies  of  approx.  256  kJ/mole  reported  for  the  titanium  orthorhombic 
intermetallic  alloy  (Ti-22Al-26Nb)  by  Boehlert  at  a  mean  stress  of  123  MPa  [12]. 

Finally  it  is  important  to  note  that  the  orthorhombic  +  B2  Nb-Al-Ti-base  intermetallic 
(Nb-llAl-41Ti-l.5Mo-l.5Cr)  that  was  examined  in  this  study  exhibits  somewhat 
different  creep  exponents  and  steady  state  creep  rates  from  the  orthorhombic  titanium 
intermetallic  alloy  (Ti-22Al-26Nb)  that  was  studied  by  Boehlert  [12].  This  is  shown  in 
Table  1  in  which  the  steady  state  creep  rate  data  and  creep  exponents  are  summarized  for 
the  three  test  temperatures  (650, 704  and  760°C)  and  a  mean  stress  level  of  172.4  MPa 
(25  ksi).  In  all  cases,  the  creep  exponents  are  lower,  and  the  steady  state  creep  rates  are 
slower  in  the  case  of  the  orthorhombic  +  B2  Nb-Al-Ti-base  intermetallic  alloy. 


Nb-llAl-41Ti-l.5Mo-l.5Cr  Ti-22Al-26Nb  (Ref.  12) 


Temperature 

(°C) 

Creep 

Exponent 

Steady  State 
Creep  Rate 
(hr1) 

Creep 

Exponent 

Steady  State 
Creep  Rate 
(hr1) 

650 

2.2 

4.2 

9.76X10'6 

704 

2.3 

3. 0X1  O'5 

4.2 

5.3X10'5 

760 

2.2 

3.2 

4.4X1 0‘4 

Table  1  -  Comparison  of  Steady  State  Creep  Data  For  Nb-llAl-41Ti-l.5Mo-l.5Cr  and 
Ti-22Al-26Nb  (Ref.  12) 


Summary  and  Concluding  Remarks 

The  secondary  creep  behavior  of  the  forged  and  direct  aged  Nb-llAl-41Ti-l.5Mo-l.5Cr 
alloy  is  greater  in  the  longitudinal  orientation  than  in  the  transverse  orientation.  The 
secondary  creep  exponents  are  approx.  2.2-2.3  in  the  potential  service  temperature  regime 
between  650  and  760°C,  and  the  respective  activation  energies  are  approx.  285.3  and 
322.6  kJ/mole  in  the  longitudinal  and  transverse  orientations.  The  forged  and  direct  aged 
Nb-llAl~41Ti-l.5Mo-l.5Cr  alloy  exhibits  superior  creep  resistance  to  the  titanium 
orthorhombic  alloy  (Ti-22Al-26Nb)  over  the  range  of  temperatures  that  was  examined. 
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Abstract 

The  paper  reports  from  an  ongoing  project  which  is  intended  to  help  the  design  engineers  at 
SCHOTT  GLAS  to  choose  the  right  platinum  base  alloy  for  any  particular  application  in  the  pro¬ 
duction  of  special  glasses  and  high-quality  glass  fibers.  In  order  to  investigate  the  creep  and  frac¬ 
ture  properties  at  very  high  temperatures  special  test  facilities  were  designed  and  built.  The  speci¬ 
mens  are  heated  directly  by  alternating  current.  The  temperature  is  measured  by  an  infrared 
thermometer.  Strain  is  measured  with  the  aid  of  a  high  resolution  camera  and  the  image  processing 
system  SuperCreep.  Creep  tests  have  been  carried  out  on  the  solid  solution  alloys  Pt  10  wt.%  Rh 
and  Pt  20  wt.%  Rh  and  four  oxide  dispersion  hardened  alloys  (ODS  alloys)  with  nominal  compo¬ 
sitions  of  90  wt.%  Pt  and  10  wt.%  Rh.  The  hardening  effect  in  Pt-10  wt.%  Rh  ODS  alloys  is  due  to 
finely  dispersed  zirconium  and  yttrium  oxides.  The  measurements  confirm  much  better  creep 
rupture  strength  and  lower  stationary  creep  rates  at  high  temperatures  for  oxide  dispersion  hard¬ 
ened  Pt-10  wt.%  Rh  alloys  compared  to  the  conventional  alloys  Pt-10  wt.%  Rh  and  Pt-20  wt.%  Rh. 

Introduction 

The  requirements  on  structural  materials  in  glass  melting  technology  and  for  hot  parts  of  the  pro¬ 
pulsion  of  aircraft  and  spacecraft  are  extremely  demanding.  High  temperatures,  high  mechanical 
stresses,  an  oxidizing  and  corrosive  environment  often  act  together  in  a  complex  way.  Well  known 
materials  for  high  temperature  applications  are  nickel  base  superalloys  and  refractory  metals.  Con¬ 
siderable  efforts  were  made  in  the  last  two  decades  to  develop  ceramics  and  intermetallics  for  use 
at  very  high  temperatures.  Materials  often  forgotten  in  the  discussion  of  materials  for  high  tem¬ 
perature  applications  are  platinum  and  platinum  base  alloys. 

Platinum  base  alloys  can  be  used  at  temperatures  up  to  2000  K.  Despite  their  high  prices,  their 
exceptional  chemical  stability,  resistance  to  oxidation,  high  melting  points,  ductility,  thermal  shock 
resistance  and  electrical  and  thermal  conductivity  make  them  interesting  for  structural  applications 
in  the  glass  industry  and  for  some  aerospace  applications  [1-4].  High  high-quality  optical  glasses 
and  high-quality  glass  fibers  require  the  use  of  platinum-tank  furnaces,  stirrers  and  feeders. 

Pure  platinum  has  only  low  mechanical  strength  at  high  temperatures.  Therefore  platinum  is 
usually  alloyed  with  iridium  or  rhodium  [1,  5,  6].  Alloying  platinum  with  up  to  20  wt.  %  rhodium 
or  up  to  30  wt.  %  iridium  increases  the  stress  rupture  strength  considerably.  These  solid  solution 
alloys  have  good  ductility  at  high  temperatures  and  can  be  welded  to  themselves  or  similar  alloys. 
The  common  Pt-10  wt.%  Rh  and  Pt-20  wt.%  Rh  alloys  are  oxidation  resistant  even  at  temperature 
above  1300  K.  Platinum-iridium  alloys  show  small  weight  losses  at  long  exposure  to  high  tem¬ 
peratures  due  to  evaporation  of  the  alloying  element  iridium  in  the  form  of  volatile  oxide. 
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Several  manufacturers  have  developed  platinum  base  alloys  with  improved  high  temperature  prop¬ 
erties.  ODS  platinum  base  alloys  [1-4,  15-21]  were  developed  for  the  most  demanding  applica¬ 
tions.  In  these  alloys  small  amounts  of  stable  zirconium  oxide  or  yttrium  oxide  are  finely  distrib¬ 
uted  throughout  the  alloy  matrix.  The  creep  and  stress-rupture  strength  at  temperatures  of 
0.8-0.9  Tm  are  strongly  increased  due  to  reduced  dislocation  mobility  and  stabilization  of  the  grain 
boundary  structure  even  for  long  exposure  times.  Most  ODS  platinum  base  alloys  are  produced  by 
complicated  and  expensive  powder  metallurgical  processes  (PM)  [15-19].  The  oxidation  and  cor¬ 
rosion  resistance  of  the  ODS  materials  is  as  good  as  that  of  the  equivalent  conventional  solid  solu¬ 
tion  alloys. 

Experimental 

The  high  prices  of  precious  metals  and  extremely  high  test  temperatures  prevent  the  use  of  ordi¬ 
nary  creep  test  facilities.  In  a  suitable  creep  test  machine  several  problems  have  to  be  solved: 

•  Size  and  geometry  of  the  specimens 

•  Application  of  the  load 

•  Heating  of  the  specimens 

•  Strain  measurement  at  extremely  high  temperatures 

For  investigations  on  high  purity  platinum  Hamada  et  al  [7]  used  a  tension  geometry  with  gauge 
dimensions  of  38  mm  x  6.3  mm  x  1  mm.  The  specimen  together  with  the  clamps  are  introduced 
into  a  high  temperature  furnace  which  is  heated  up  to  1773  K.  The  clamps  suffer  the  same  high 
temperatures  as  the  specimen  so  that  they  also  have  to  be  made  of  an  ODS  platinum  alloy.  The 
load  is  applied  outside  the  furnace  via  a  bar  linkage.  The  elongation  of  the  specimen  is  measured  at 
the  bar  linkage  with  the  aid  of  a  laser  extensometer. 

B.  Reppich  et  al  [8]  and  H.  Schmidt  [9]  used  AI2O3  clamps  and  a  AI2O3  bar  linkage  for  creep  tests 
on  platinum  base  alloys.  In  view  of  high  material  costs  a  small  tension  geometry  of 
75  mm  x  13  mm  x  1  mm  was  chosen.  Strain  was  measured  directly  on  the  specimens  with  thin 
AI2O3  bars  and  an  inductive  linear  position  transducer.  Like  Hamada  et  al  they  heated  the  specimen 
together  with  the  clamps  and  the  alumina  bar  linkage  in  a  high  temperature  furnace. 

At  the  University  of  Applied  Science  Jena  specially  designed  equipment  [10-12]  is  used  for  me¬ 
chanical  testing  of  platinum  base  alloys  and  refractory  metal  alloys  at  very  high  temperatures.  The 
equipment  permits  tests  at  constant  load  either  in  air  or  under  protective  gas  atmosphere.  Creep  test 
on  pure  rhenium  were  successfully  performed  at  temperatures  up  to  3300  K  [13].  A  schematic  dia¬ 
gram  of  the  equipment  is  given  in  Fig.  1.  The  specimen  is  gripped  in  clamps  and  heated  directly  by 
an  electric  current.  Lower  temperatures  at  the  clamps  than  in  the  center  of  the  specimen  allow  the 
use  of  cheap  copper  clamps.  The  temperature  is  monitored  by  an  infrared  thermometer  focussed  on 
the  center  of  the  sample.  The  thermometer  adjusts  the  heating  current  to  maintain  a  constant  tem¬ 
perature  via  the  controller  software  LabView  and  a  thyristor  regulator.  The  load  is  applied  to  the 
sample  by  means  of  calibrated  weights.  The  specimens  have  the  form  of  strips  with  dimensions  of 
120  mm  x  4  mm  x  1  mm. 

It  is  important  to  bear  in  mind  that  the  deformation  is  limited  to  the  hottest  part  of  the  specimen, 
i.e.  the  central  zone.  The  temperature  in  a  zone  30  mm  around  the  specimen  center  is  nearly  con¬ 
stant  (Fig.  1).  In  order  to  measure  strain  the  specimens  have  four  small  shoulders  in  this  zone 
(Fig.  2  and  7).  The  heated  specimens  are  observed  by  a  high  resolution  camera  which  is  itself  con¬ 
trolled  by  the  program  SuperCreep  developed  at  the  University  of  Applied  Science  for  strain  meas¬ 
urements  by  means  of  digital  image  analysis.  SuperCreep  continuously  determines  the  distance 
between  the  shoulders  with  an  accuracy  better  than  0.1  %  (Fig.  2).  Notched  tension  specimens  are 
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used  in  order  to  investigate  the  effect  of  three  dimensional  stress  states  and  stress  concentrations. 


Fig.  1 :  Schematic  diagram  of  the  equipment  used  Fig.  2:  Image  of  a  tension  specimen  with 
to  measure  stress  rupture  strength  and  creep  shoulders  recorded  by  SuperCreep. 
parameters  of  metals  at  temperatures  up  to  3300  K. 


Overall  the  test  equipment  described  has  proven  good  reliability.  The  simplicity  of  the  equipment 
offers  the  advantages  of  low  costs  and  easily  attainable  high  temperatures  of  up  to  3300  K.  There  is 
no  need  to  use  special  materials  for  parts  exposed  to  high  temperatures.  The  free  sight  to  the 
specimen  makes  it  possible  to  measure  the  deformation  by  means  of  digital  image  processing,  which 
also  allows  not  only  longitudinal  strain  but  also  transverse  strain  and  crack  propagation  to  be 
measured. 

Six  different  platinum  base  alloys  were  investigated.  The  solid  solution  alloys  Pt-IOwt.%  Rh  and 
Pt-20  wt.%  Rh  are  produced  by  SCHOTT  GLAS,  these  alloys  will  be  named  Pt-1()%  Rh 
respectively  Pt-20 %  Rh.  The  other  four  ODS  alloys,  named  ODS1,  ODS2,  ODS3  and  ODS4 
throughout  the  paper,  had  have  the  nominal  composition  of  90  wt .%  Pt  and  10  wt S/c  Rh.  The  ODS 
alloys  are  commercially  available  from  four  international  platinum  producers.  Unfortunately  we  are 
not  allowed  to  reveal  the  names  of  the  producers  because  of  contractual  agreements.  The  alloys 
Pt- 10%  Rh  and  Pt-20%  Rh  were  annealed  in  air  at  1273  K  for  100  h  in  order  to  get  a  stable  grain 
structure.  The  ODS  alloys  were  tested  without  an  additional  anneal  because  the  oxide  particles 
stabilize  the  grain  structure. 

Creep  properties 

Fig.  3  shows  creep  curves  of  the  six  alloys  at  1723  K  and  a  nominal  stress  of  10  MPa.  The  creep 
curves  are  typical  of  all  alloys  in  the  chosen  temperature  range  and  stress  range.  No  incubation 
period  like  that  found  by  Hamada  et  al  |7|  was  observed  for  pure  platinum.  In  the  creep  curves  of 
the  alloys  ODS1,  ODS2  and  ODS4  the  primary  creep  stage  is  missing.  After  a  long  secondary  creep 
stage  with  a  constant  creep  rate  a  very  short  tertiary  creep  stage  follows.  The  alloys  Pt-10%  Rh, 
Pt-20%  Rh  and  ODS3  have  creep  curves  with  a  short  primary  creep,  a  long  secondary  creep  and  a 
well  pronounced  tertiary  creep  stage.  Most  interesting  is  the  different  behavior  of  the  alloy  ODS3 
compared  to  the  other  ODS  alloys.  The  difference  can  also  be  seen  in  much  higher  fracture  strains 
of  alloy  ODS3  compared  to  the  other  ODS  alloys  (Fig.  4).  Although  the  solid  solution  alloys  have 
even  higher  fracture  strains,  the  alloy  ODS3  shows  high  fracture  strains  in  the  temperature  range 
from  1473  K  up  to  1973  K.  The  fracture  strains  of  the  alloys  Pt-1()%  Rh,  Pt-2()%  Rh  and  ODS3 
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increase  with  increasing  temperature.  The  alloy  ODS3  reaches  a  maximum  fracture  stain  of  50  %  at 


Fig.  3:  Creep  curves  of  six  platinum  base  alloys  Fig.  4:  Mean  fracture  strain  of  six  platinum  base 
at  1723  K  and  10  MPa.  alloys  at  temperatures  between  1473  K  and 


1973  K. 


Fig.  5:  Stress  rupture  strength  of  six  platinum  Fig.  6:  1000  h  stress  rupture  strength  of  six 

base  alloys  at  1723  K.  platinum  base  alloys  at  1723  K. 


The  rupture  times  of  all  alloys  lay  well  on  straight  lines  in  the  double  logarithmic  plot  of  the  stress 
rupture  diagram  shown  in  Fig.  5,  and  therefore  extrapolation  to  low  stresses  and  long  lifetimes 
respectively  can  be  made.  In  contrast  to  it’s  fracture  strain  behavior,  the  alloy  ODS1  has  by  far  the 
highest  stress  rupture  strength  of  all  alloys  at  1723  K.  The  1000  h  stress  rupture  strength  is  7  MPa 
compared  to  about  4  MPa  for  the  other  three  ODS  alloys  and  2.3  MPa  and  1.4  MPa  respectively 
for  Pt-20%  Rh  and  Pt-10%  Rh  (Fig.  6).  The  stress  rupture  strengths  of  all  four  ODS  alloys  are 
higher  than  for  the  solid  solution  alloys.  The  advantage  becomes  still  larger  at  low  stresses  and 
long  lifetimes  (Fig.  5). 

Figure  8  shows  a  double  logarithmic  Norton  plot  for  the  stationary  creep  rates  of  all  investigated 
alloys  at  1723  K.  ODS1  has  the  lowest  creep  rates  followed  by  ODS2,  ODS4,  ODS3,  Pt-20%  Rh 
and  Pt-10%  Rh.  The  Norton  exponents  are  5.2  for  ODS1,  4.3  for  ODS2,  4.8  for  ODS3,  5.1  for 
ODS4,  3.6  for  Pt-20%  Rh  and  2.2  for  Pt-10%  Rh. 
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Pt-20%  Rh,  t  =  0.00  h  ODS3,  t  =  0.00  h  ODS1,  t  =  0.00  h 


Pt-20%  Rh,  t  =  0.14  h  ODS5,  t  =  1.76  h  ODS1,  t  =  7.45  h 


Pt-20%  Rh,  t  =  4.33  h  ODS5,  t  =  2.10  h  ODS1,  t  =  12.61  h 


Pt-20%  Rh  just  before  rupture,  ODS5  just  before  rupture,  ODS1  just  before  rupture, 

t  =  4.52  h  t  =  2.80  h  t  =  14.50  h 


Image  series  a)  Image  series  b)  Image  series  c) 

Figure  7:  Three  image  series  of  creep  tests  on  notched  specimens  at  1723  K  and  10  MPa  showing 
different  fracture  behavior. 
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base  alloys  at  1723  K.  compared  to  unnotched  specimens  of  the  same 

alloy  at  1723  K  and  10  MPa  stress. 

Notch  sensitivity  -  Fracture  behavior 

Three  series  of  images  taken  during  creep  tests  on  notched  specimens  from  alloys  Pt-20%  Rh, 
ODS3  and  ODS1  are  shown  in  Fig.  7.  The  creep  tests  were  performed  at  1723  K  and  a  tension 
stress  of  10  MPa. 

Image  series  a)  in  Fig.  7  is  typical  for  the  creep  tests  on  the  solid  solution  alloys  Pt-10%  Rh  and 
Pt-20%  Rh.  Good  ductility  of  these  alloys  leads  to  a  large  widening  of  the  notch  and  pronounced 
necking.  Damage  at  grain  boundaries  can  be  observed  after  a  small  fraction  of  the  overall  lifetime, 
but  only  at  the  very  end  of  the  creep  test  does  a  macroscopic  crack  become  visible  on  the  video 
screen.  The  notch  has  only  a  weak  effect  on  the  creep  lifetime  of  the  alloys  Pt-10%  Rh  and 
Pt-20%  Rh,  whereas  all  ODS  alloys  undergo  a  sharp  decline  in  lifetime  (Fig.  9). 

The  alloy  ODS3  shows  a  somewhat  different  behavior  compared  to  all  other  alloys.  The  widening 
of  the  notch  is  smaller  than  for  the  solid  solution  alloys  but  larger  than  for  the  other  ODS  alloys.  A 
macroscopic  crack  can  be  observed  after  about  75  %  of  the  overall  lifetime.  Crack  propagation 
take  place  in  the  way  that,  in  a  first  step,  voids  are  formed  ahead  of  the  main  crack  tip.  In  a  second 
step  the  crack  propagates  rapidly  until  crack  tip  blunting  occurs  and  the  formation  of  voids  starts 
again  (Fig.  7  image  series  b)).  Due  to  the  notch  the  lifetime  drops  down  to  35  %  compared  to  the 
unnotched  case  (Fig.  9). 

The  ODS  alloys  ODS1,  ODS2  and  ODS4  undergo  very  little  creep  deformation  and  therefore  nearly 
no  widening  of  the  notch  can  be  observed  (Fig.  7  image  series  c)).  After  a  small  fraction  of  the 
overall  lifetime  oriented  cavities  and  microcracks  are  observed  in  the  damage  zone  ahead  of  the 
notch  tip.  When  the  damage  zone  stretches  over  the  whole  cross  section  area  rupture  takes  place 
immediately.  Due  to  the  notches  the  lifetimes  drop  down  to  10  %  for  alloy  ODS1,  to  25  %  for  alloy 
ODS2  and  to  25  %  for  alloy  ODS4  compared  to  the  unnotched  alloys  (Fig.  9) 

Discussion  -  Conclusion 

The  introduction  of  oxide  dispersion  strengthened  platinum  base  alloys  in  the  late  1970s  was 
received  very  enthusiastically  in  the  glass  industry.  It  was  considered  that  much  higher  creep  rup- 
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ture  strengths  compared  to  conventional  alloys  would  lead  to  longer  component  lifetimes  and  /  or 
savings  in  expensive  precious  metals.  Nevertheless  ODS  platinum  base  alloys  are  nowadays 
limited  to  few  application  in  the  glass  industry.  Brittleness  and  difficulties  in  welding  ODS  plati¬ 
num  base  alloys  have  been  shown  to  be  the  most  important  points  dictating  against  their  practical 
use. 

Our  investigations  have  shown  that  ODS  platinum  base  alloys  with  similar  chemical  compositions 
can  have  very  different  creep  and  fracture  behavior.  The  alloy  ODS3  has  good  ductility  at  high 
temperatures  comparable  to  conventional  solid  solution  alloys  and  a  creep  rupture  strength  similar 
to  the  alloys  ODS2  and  ODS4.  The  highest  strength  shown  by  the  alloy  ODS1  is  achieved  at  the 
price  of  low  fracture  strain,  i.e.  low  ductility  at  high  temperatures. 

For  most  applications  in  the  glass  industry  the  platinum  base  alloy  has  to  be  able  to  undergo  a  cer¬ 
tain  amount  of  creep  deformation.  In  practice  the  platinum  base  alloys  are  used  in  combination 
with  ceramic  components.  Different  thermal  expansion  coefficients  together  with  unavoidable 
manufacturing  tolerances  can  lead  to  very  high  thermal  stresses  which  only  a  ductile  metal  can 
release  by  creep  deformation.  From  this  point  of  view  the  progress  towards  maximum  strength  in 
ODS  platinum  base  alloys  has  lead  up  to  a  dead  end. 

In  this  paper  we  could  only  give  a  phenomenological  description  of  the  creep  and  fracture  behavior 
of  several  platinum  base  alloys.  Detailed  investigation  of  the  microstructures  are  in  progress.  We 
hope  to  present  microstructural  explanations  for  the  creep  and  fracture  behavior  of  ODS  platinum 
base  alloys  at  the  9th  International  Conference  on  Creep  and  Fracture  of  Engineering  Materials  and 
Structures. 
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ABSTRACT 

A  large  database  for  creep  crack  initiation  and  propagation  under  constant  load  conditions  is 
available  on  conventional  power  plant  steels  of  types  l%Cr  and  12%Cr.  Modem  plants  are  often 
used  in  the  medium  and  peak  load  regime,  thus  the  dominant  loading  situation  in  high  temperature 
components  is  creep  fatigue.  For  life  assessment  data  about  crack  initiation  and  growth  under  creep 
fatigue  loading  are  required.  These  characteristics  can  not  be  substituted  by  pure  fatigue  or  creep 
crack  data.  Therefore,  a  comprehensive  test  programme  was  started  to  investigate  the  creep  fatigue 
crack  behaviour  of  a  l%CrMoNiV  turbine  rotor  steel  (30CrMoNiV  411)  at  550  °C  and  a  new 
9%CrMoVNb  pipe  steel  (type  P  9  1)  at  600  °C.  DENT-specimen  with  15  and  60  mm  thickness  as 
well  as  side  grooved  CT-specimen  with  25  and  50  mm  thickness  have  been  tested  to  determine 
possible  influences  of  geometry  and  thus  to  check  the  transferability  of  the  data  to  components. 

The  creep  fatigue  crack  growth  results  of  tests  with  dwell  times  between  tH  =  0,32h  and  10  h  lie 
in  the  scatterbands  given  by  creep  crack  growth  results.  Nevertheless  a  higher  crack  growth  rate 
under  creep  fatigue  conditions  can  be  stated.  An  increase  in  crack  growth  rate  due  to  creep 
fatigue  is  clearly  visible.  Loading  situations  with  frequencies  higher  than  1-10'4  Hz  should  be  not 
assessed  with  pure  creep  crack  results  or  sufficient  safety  margins  have  to  be  applied. 

TEST  MATERIALS 

As  test  materials  the  bainitic  l%Cr  turbine  rotor  steel  30  CrMoNiV  4  11  which  is  mainly  used 
for  heavy  forgings  like  rotors  and  discs  for  temperatures  up  to  540  °C  and  the  martensitic  9%Cr 
pipe  steel  X  10  CrMoVNb  9  1  (P91)  for  pipework  with  steam  temperatures  up  to  600  °C  have 
been  used.  The  chemical  composition  of  both  steels  are  given  in  Tab.  I.  The  product  forms  and 
heat  treatments  are  given  in  Tab.  II 
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c 

Si  Mn  P  S  A1  Cr 

Ni 

Mo 

V  Nb 

N 

Weigl 

tit  % 

mmm 

0.3 

0.24 

0.73 

0.009 

0.018 

1.04 

0.58 

1.05 

0.30 

■ 

■ 

9%Cr 

(X  1 0  CrMo VNb  9  1) 

0.1 

0.30 

0.46 

0.015 

0.003 

0.019 

8.30 

0.17 

0.94 

0.21 

0.066 

0.049 

Table  I.  Chemical  composition  of  the  test  materials 


Product,  dimension 

Heat  treatment 

1%  Cr 

(30  CrMoNiV  4  11) 

Turbine  0max  =  790  mm 

shaft  Length  1  =  5800  mm 

950  °C  /  7  hf  Air 

700  °C  /1 5  h/Furnace 

9%Cr 

(X  10  CrMo  VNb  9  1) 

Pipe  0a  =  492  mm 

0i  =  332  mm 

1050  °C/  10  min/ Air 

750  °C  /  70  min  Air 

Table  II.  Product  forms  and  heat  treatments 


EXPERIMENTAL  PROCEDURE 


In  this  study  Compact  Tension  (CT)  specimens  with  side  grooves  (25  and  50  mm  thickness)  as 
well  as  Double  Edge  Notch  Tension-specimen  (DENT,  15  and  60  mm  thickness)  were  used, 
Fig.  1.  Most  specimens  were  spark  eroded  with  a  notch  tip  radius  of  0.1  mm  as  initial  crack.  A 
few  Cs25  specimens  have  been  fatigue  cracked  to  study  the  influence  of  crack  starter  notch. 
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0.2 

0.2 

Fig.  1  Specimen  geometry 


Different  specimen  sizes  with  a  variety  of  cross  sections  from  nearly  240  mm2  up  to  4  800  mm2 
allow  the  determination  of  size  and  geometry  effects  on  crack  initiation  and  growth  behavior. 
Thus,  the  applicability  of  test  data  on  components  can  be  studied. 

Most  of  the  small  scale  specimens  were  tested  at  IfW  Darmstadt  using  the  interrupted  test 
technique.  For  each  stress  level,  a  series  of  up  to  15  specimens  were  tested  under  the  same 
loading  conditions  in  a  multiple  creep  test  machine.  After  reaching  a  predetermined  proportion 
between  10  %  and  80  %  of  the  expected  "rupture  time"  tr  the  specimens  were  unloaded.  During 
this  interruption  the  load  line  displacement  of  all  specimens  was  measured  and  some  specimens 
of  the  series  were  fractured  at  low  temperature.  The  crack  length  of  these  specimens  were 
fractographically  determined.  A  high  accuracy  of  data  is  guaranteed,  since  scattering  of  the 
material  characteristics  and  inhomogenity  has  been  taken  into  account. 


Key  Engineering  Materials  Vols.  171-174 


87 


The  large  scale  specimens  and  some  single  tests  on  small  specimens  were  tested  at  MPA 
Stuttgart  in  servo  hydraulic  test  machines.  During  this  tests,  an  online  measurement  of  the  load 
line  displacement  was  performed  by  means  of  capacitive  high  temperature  strain  gauge.  The 
crack  propagation  was  measured  online  by  means  of  electric  potential  drop  (AC)  technique.  At 
the  end  of  each  test  the  potential  drop  signal  was  calibrated  with  the  final  crack  length  observed 
in  the  fractured  specimen. 


Fig.  2. 

Scheme  of  the  applied  load  cycle 


Long  term  tests  up  to  8  000  h  under  cyclic  tension  load  (R  =  am}„/omax  =  0.1)  conditions  were 
performed  in  the  load  controlled  mode  with  dwell  times  at  maximum  load  from  0.1  up  to  10  h. 
With  these  test  durations  it  is  possible  to  come  near  to  real  service  conditions  of  components.  In 
Fig,  2  a  scheme  of  the  load  cycle  is  depicted.  The  low  alloyed  l%Cr  steel  was  tested  at  550  °C, 
the  martensitic  9%Cr  steel  at  600  °C. 


RESULTS  AND  DISCUSSION 
Creep  fatigue  crack  initiation  behavior 

Crack  initiation  is  strongly  influenced  by  the  interaction  between  creep  and  fatigue  damage 
processes.  The  crack  initiation  time  tA  was  defined  by  a  given  crack  length  aRA.  This  crack 
length  is  detectable  by  electrical  potential  drop  crack  length  recordings  in  experiment  as  well  as 
in  large  component  by  non-destructive  measurements.  To  consider  different  constraints  of  small 
and  large  specimens  and  differences  in  stress  state  along  the  crack  front,  the  above  mentioned 
initiation  crack  length  is  size  depending:  aRA  =  0.004-W  for  CT  specimens  and  aRA  =  0.01  W  for 
DENT  specimen  (W  ..  specimen  width).  Results  of  small  and  large  specimens  are  depicted  in 
Fig.  3  for  l%CrMoV-  and  in  Fig.  4  for  9%CrMoNbV  steel  as  function  of  Ki.  Ki  is  in  accordance 
to  ASTM  E  399-83  for  CT-specimen  given  by 

K,=— L=-f(a/W)  .  (1) 

B-VW 

The  use  of  fictitious  stress  intensity  factor  Ki  in  creep  range  to  describe  the  conditions  at  the 
crack  tip  is  incorrect  in  physical  terms,  nevertheless  Ki  serves  as  a  vehicle  to  describe  the  crack 
tip  behavior  of  a  specimen/component  [1]. 
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Fig.  3  Stress  intensity  factor  Ki  at  crack  tip  vs.  creep  fatigue  crack  initiation  time  tA,  l%Cr  steel 

There  is  a  clear  relationship  between  frequency  and  crack  initiation  time,  regarding  only  one 
specimen  type,  e  g.  Cs25  specimen.  Even  for  low  frequencies  corresponding  to  tension  hold  times  tH 
of  3.2  or  10  h,  a  decrease  of  creep  fatigue  crack  initiation  time  compared  with  creep  crack  initiation 
of  the  same  specimen  type  (broken  line  in  Fig.  3)  has  to  pointed  out.  For  higher  frequencies,  the 
relation  between  creep  fatigue  crack  initiation  and  creep  crack  initiation  decreased  up  to  tAc-f/tA  =  0.1 
for  f  «  M0‘3  Hz.  Random  based  investigations  on  l%Cr  steel  showed  no  systematic  influence  of 
crack  starter  (fatigue  crack  at  ambient  temperature  or  spark  eroded  notch). 

For  large  specimen  of  CT-  and  DENT-type  the  same  tendency  of  initiation-  and  liftetime  reduction 
corresponding  to  higher  cyclic  damage  at  shorter  tension  loading  periods  could  be  observed.  Crack 
initiation  occurs  in  large  specimens  approx.  10  times  later  than  in  small  specimens.  This  behavior 
under  creep  fatigue  loading  conditions  corresponds  to  static  creep  crack  behavior,  see  dashed  line  of 
creep  crack  initiation  results  of  Cs25-  and  the  dotted  line  of  DENT60-specimen.  These  differences 
are  not  only  caused  by  different  initiation  crack  lengths  (aRA  =  0,2  mm  for  Cs25-  and  aRA  =  0,5  mm 
for  DENT60-specimens)  but  also  in  differences  in  constraint  and  crack-tip/farfield  loading  situation 
[1].  In  the  creep  range  time  dependent  changes  in  stress  distribution  occur  both  at  the  crack  tip  and 
in  the  farfield.  This  cannot  be  described  by  the  Ki-parameter.  Consequently  different  farfield  loading 
for  differences  in  failure/specimen  geometrie  have  to  be  considered. 

The  fact  that  this  influence  is  so  clearly  visible  in  creep-fatigue  behavior  indicates  a  relatively  high 
amount  of  creep  damage  for  low  and  higher  frequencies,  because  for  pure  cyclic  loading,  no  size 
dependency  of  crack  initiation  was  observed.  Metallographic  and  ffactographic  investigations  are  in 
coincidence  with  this,  the  change  from  transgranular  to  intergranular  crack  growth  starts  at  about 
M0'3  Hz  for  l%Cr  steel. 
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Fig.  4  Creep  fatigue  crack  initiation  and  comparison  with  creep  crack  initiation  function, 
9%Cr  steel 

For  the  creation  of  a  frequency  independent  failure  assessment  procedure,  a  linear  life  fraction  rule 
was  used.  For  the  determination  of  cyclic  life  fraction,  the  number  of  cycles  at  creep  fatigue  crack 
initiation  NA  was  related  to  a  cyclic  crack  initiation  mastercurve  Nam  at  the  same  stress  intensity  AIQ: 


N, 


'ERA 


N 


AM 


(2) 


The  Na  mastercurve  can  be  set  up  by  small  specimen  experiments  at  higher  frequencies.  The  static 
life  fraction  is  calculated  using  the  above  described  creep  fatigue  initiation  times  tA.  For  a  more 
engineering  description  it  is  meaningful  to  correlate  these  results  with  creep  crack  initiation  results  of 
Cs25-specimens  tA-KR,  because  this  specimen  type  shows  a  relatively  strong  crack  tip  damage  mode, 
such  experiments  are  easy  to  perform  and  results  are  wide  spread  for  different  types  of  heat  resistant 
steels.  Following  this,  the  static  life  fraction  is  given  by: 


L  = 

^KRA 

^A-ICR 


(3) 


tA  is  time  till  crack  initiation  under  creep  fatigue  loading  ,  tA-KR  is  the  time  under  creep  load  at  the 
same  stress  intensity.  This  procedure  delivers  a  strong  underestimation  of  large  scale  specimen 
results,  Fig.  5,  both  steels.  For  small  specimens  the  cumulative  life  fractions  are  lower  than  L  =  1, 
esp.  for  frequencies  in  trans-/intergranular  transition  fracture  mode. 
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l-KRA  ”  tfi,  /  U-KR 


30  CrMoNiV  411,  S=550°C 
X10  CrMoVNb  9  1,  9  =  600  °C 
R  =  0,1 


Spec,  type  /  Tension  load  time  [h] 

□  Cs25/0,1 

□  Cs25/0,32 
Q  Cs25/1 

S3  Cs25/3,2 
B  Cs25/10 

*  D60/0.32 

*  D60/1 
V  D60/3,2 

*  D60/10 

w  Cs50/0,32 
H  Cs50/3,2 


Fig.  5  Results  of  creep  fatigue  crack  tests  and  assessment  by  linear  life  fraction  rule,  l%Cr  and 
9%Cr  steel 


Creep  crack  growth  rate 

The  results  of  long  term  creep  crack  growth  (CCG)  tests  presented  in  this  paper  have  been 
partly  published  [2-5].  These  results  containing  a  database  of  various  specimen  types,  each 
tested  at  different  sizes  up  to  durations  of  30  000  h  for  some  single  tests  with  crack  growth 
rates  down  to  2  ■  10"5  mm/h.  For  the  evaluation  of  the  test  results  the  linear  elastic  stress 
intensity  factor  Kr,  as  well  as  the  parameter  C*  was  used.  If  Kj  is  used  a  relatively  large 
scatterband  (factor  22)  could  be  seen  in  Fig.  6. 

Within  this  scatterband  the  larger  specimens  show  the  lower  CCG  rates  but  at  smaller  initial 
nominal  stress  values  higher  CCG  rates.  The  slope  of  single  CCG  curves  for  individual 
specimens  is  not  parallel  to  the  slope  of  the  overall  scatterband.  A  reduction  of  the  scatterbands 
could  be  achived,  if  the  tails  of  non  stationary  CCG  were  neglected. 

By  using  the  parameter  C*  the  scatterband  for  the  description  of  the  crack  growth  rate  can  be 
markedly  reduced  as  shown  in  Fig.  7.  For  the  calculation  of  the  C*-parameter  on  CT-specimens 
the  following  equation  in  accordance  with  ASTM  E  1457-92  was  used: 

C*=v-er,et-g2(a/w.n.^).  (4) 

For  plane  stress  condition  C*  is  approximately 


C*«2- 


n  +  1 


•v-er 


(5) 


The  slope  of  the  overall  scatterband  («  0.9)  which  is  similar  to  a  theoretical  slope  of  n/(n+l)  is 
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Fig.  6.  Creep  crack  growth  rate  da/dt  versus  stress  intensity  factor  Ki,  l%Cr  steel,  &  —  550  °C, 
[6] 


Fig.  7.  Creep  crack  growth  rate  da/dt  versus  parameter  C*,  l%Cr  steel,  &  =  550  °C,  [6] 

parallel  to  the  slopes  of  individual  test  results.  Nearly  all  curves  of  the  single  specimens  are 
parallel  to  each  other.  The  CCG  rate  for  CT-specimens  are  within  the  upper  range  of  the  overall 
scatterband  and  in  the  middle  and  lower  region  for  the  DENT-specimen.  No  significant 
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influence  of  the  specimen  size  on  the  crack  propagation  behaviour  described  by  C*  could  be 
observed. 

The  CCG  scatterbands  for  the  9%  Cr  steel  are  draw  from  open  literature.  These  results  for  Ki 
[7]  are  valid  for  specimen  of  the  type  Cs25  and  Cs50,  the  C*  band  includes  only  results  from 
Cs25  specimen  [8]. 


Creep  fatigue  crack  growth 

In  Fig.  8  creep  fatigue  crack  growth  (CFCG)  rates  of  all  tested  specimens  are  depicted  for  the 
low  alloyed  Cr  steel  as  a  function  of  Ki  and  in  Fig.  9  as  a  function  of  C*  for  plain  stress 
conditions.  C*  and  Kr  are  calculated  with  applied  load  Fmax  during  dwell  times.  Additionally,  in 
the  figures  the  scatterbands  for  CCG  rates  from  Fig.  6  and  Fig.  7  have  been  implemented.  The 
evaluation  of  all  data  takes  into  account  data  from  crack  initiation,  according  to  the  initiation 
criteria  mentioned  above,  up  to  a  crack  length  of  Aa  =  2  mm. 

With  regard  to  the  parameter  Ki,  all  creep  fatigue  crack  results  lie  inside  the  scatterband  of  CCG 
rates.  Small  scale  specimens  tested  at  higher  frequencies  show  higher  crack  growth  rates  than 
large  scale  specimens. 


Fig.  8.  Comparison  of  CFCG  and  CCG  data  on  basis  of  the  stress  intensity  factor  Ki  l%Cr 
steel,  &  =  550  °C 

For  calculating  the  C*  parameter,  plain  stress  conditions  were  assumed  in  accordance  to  2-  and 
3  dimensional  FE  calculations  on  CT  specimens  [9],  For  these  calculations  Norton's  parameter 
for  the  initial  stress  in  every  test  was  used,  since  investigations  [4]  showed  a  stress  dependence 
of  n.  Also  if  CFCG  rate  is  described  by  C*  an  influence  of  dwell  time  and  frequency  respectively 
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is  visible.  Test  with  dwell  times  tH  >  0. 1  h  lie  in  the  upper  part  of  the  scatterband,  test  with  tH  = 
0,1  h  do  not  fit  the  scatterband  of  pure  creep  crack  results.  The  slope  of  single  specimens  are 
approximately  parallel  to  each  other  and  to  the  borderlines  of  the  overall  scatterbands.  No  size 
dependency  between  small  specimens  (Cs25,  D15)  and  large  ones  (Cs50,  D60)  could  be  seen. 
The  use  of  C*  as  characterizing  fracture  mechanic  parameter  is  meaningful,  like  determined  by 
transition  time  ti 


K,‘ 


E'-C  *-(n  + 1) 


(6) 


with  n  ...  Norton  Prameter,  E’  ...  modulus  of  elasticity  with  E’=E  for  plain  stress  and  E’=  E/(l- 
v2)  for  plain  strain  conditions.  For  tests  with  t  «  ti,  the  short  time  or  elastic  solution  by  Kr  is 
valid,  for  tests  with  t  »  ti  C*  respectively.  For  the  given  creep  fatigue  results  the  ratio  t/ti  is 
between  2  and  »  100,  therefor  C*  seems  to  be  better  qualified  to  describe  the  crack  growth  in 
tests  with  dwell  times  larger  than  0. 1  h. 


Fig.  9.  Comparison  of  CFCG  and  CCG  data  on  basis  of  the  parameter  C*,  l%Cr  steel, 
£  =  550  °C 

For  the  martensitic  9%Cr  steel  the  creep  fatigue  crack  results  are  depicted  in  Fig.  10  as  a 
function  of  Ki  and  in  Fig.  11  as  function  of  C*.  The  additionally  marked  scatterbands  of  CCG 
results  are  valid  only  for  a  part  of  the  included  results,  see  mentioned  above.  The  frequency 
dependent  increase  in  crack  growth  rate  is  more  pronounced  for  the  9%Cr  steel.  The  validity  of 
the  existing  C*  -  CCG  scatterband  is  limited  to  small  scale  specimen,  that  is  why  the  creep 
fatigue  loaded  large  scale  specimens  lie  on  or  below  the  lower  borderline  respectively. 
Differences  in  crack  growth  rate  also  appears  for  the  dependence  of  Ki.  This  effect  illustrates 
that  fracture  parameter  Ki  in  creep  range  is  not  able  to  describe  crack  growth  size-  and 
geometry  independent.  Only  if  the  stress  state  in  the  farfield  region  behind  the  crack  tip  is 
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considered  additionally,  such  a  general  description  of  crack  growth  rates  taking  into  account 
both  size  as  well  as  geometry  is  possible.  This  is  in  correspondence  to  the  crack  tip/farfild  model 
and  the  2  criteria  approach  for  crack  initiation  [1,11-13]. 


500 


1000 
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K,  (N/mm3'2) 


3000 


Fig.  10.  Comparison  of  CCG  and  CFCG  data  on  basis  of  the  stress  intensity  factor  Ki,  9%Cr 
steel,  0  =  600  °C 
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Fig.  11.  Comparison  of  CCG  and  CFCG  data  on  basis  of  the  parameter  C*, 
9%Cr  steel,  $  =  600  °C 
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Damage  accumulation 

Fatigue  processes  will  dominate  the  crack  growth  at  high  frequencies  and  creep  processes  at 
low  frequencies.  For  intermediate  loading  conditions  a  mixture  of  both  processes  will  occur.  For 
the  description  of  the  CFCG  it  will  be  helpful  to  use  the  widely  available  data  of  common  CCG 
and  FCG  tests  on  the  basis  of  an  accumulation  rule.  The  cyclic  crack  growth  behavior  is 
characterized  by  the  Paris  law 

—  =  A(AK,)m  (8) 

dN 

and  the  CCG  behavior  by  the  equation 

—  =  D-'(C*)^  (9) 

dt 

The  CFCG  per  cycle  is  then  given  by  combining  both  equations  to  an  cumulative  damage 
equation 

£  +  do) 

dN  cfcg  f 

For  the  l%Cr  steel  the  FCG  was  described  with  the  Paris  law  coefficients  A=  1.12*  10"6  and 
m  =  1.96.  For  the  description  of  the  CCG  an  a  -C*-relation  was  used,  where  C*  was  calculated 
in  [9]  by  FE-analysis  on  basis  of  an  modified  Garofalo  equation. 


aR  (mm) 

Fig.  12.  Comparison  between  the  predicted  and  experimental  CFC  length,  l%Cr  steel, 
S  =  550  °C 
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In  the  specific  case  of  the  l%Cr  steel  it  was  also  taken  into  account  the  incubation  period  t;  to 
achieve  an  creep  crack  length  of  0.004-W  in  CT  specimen  and  0.01 -W  in  DENT  specimen.  This 
incubation  period  was  calculated  in  [9]  as  function  of  CFE*.  The  CCG  part  was  then  only 
allowed  to  cumulate  with  the  FCG  part,  when  the  time  exceed  the  creep  crack  incubation  time. 
For  the  calculation  of  the  CFCG  the  mean  values  of  the  scatterbands  in  the  a-CFE*-  and  t -Cor¬ 
relations  were  used 

Comparison  between  the  predicted  and  experimental  CFC  length  is  shown  in  Fig,  12.  It  can  be 
seen,  that  the  results  are  in  good  accordance.  A  dependence  of  the  hold  time  could  be  seen. 
Tests  with  short  hold  times  (0.1  and  0.32  h)  lie  mostly  above  the  45°  line,  tests  with  1  h  hold 
time  show  scattering  in  the  area  of  the  theoretical  line  and  tests  with  longer  hold  times  are 
below  the  line.  In  most  cases  the  slope  of  the  curves  is  less  than  45°  which  means,  that  the 
calculated  CFCG  rate  is  underestimated.  These  behavior  could  be  explained  by  following 
factors.  The  Paris  law  doesn't  take  into  account,  that  there  is  no  fatigue  crack  growth  under  an 
threshold  value  AKIth .  This  causes  an  overestimation  of  the  fatigue  crack  growth  rate  at  the 
beginning.  In  addition  Paris  law  doesn't  consider  the  accelerated  fatigue  crack  growth  rate  just 
before  failure.  The  equation  used  to  predict  the  CCG  rate  is  also  attributed  with  an  uncertainty, 
because  the  slope  of  the  individual  curves  of  single  tests  are  different  from  the  used  mean  curve. 
Mostly  the  individual  one  have  an  markedly  higher  slope.  This  leads  to  an  underestimation  of 
the  CCG,  even  for  long  periods. 


CONCLUSION 

For  the  l%Cr  turbine  rotor  steel  and  the  martensitic  9%Cr  steel  for  steam  pipes  a  large  CCG 
database  have  been  created  covering  the  influence  of  size  and  geometry.  In  addition, 
investigations  to  the  influence  of  creep  fatigue  loading  situations,  to  determine  the  start  up,  shut 
down  and  other  variable  loading  conditions  in  power  plant  components,  have  been  performed 
with  test  durations  of  8  000  h  up  to  now. 

The  existing  results  of  tests  with  low  frequencies,  according  to  dwell  times  up  to  10  h  and  high 
frequencies  (dwell  times  tH  =  0,32h  )  lie  in  the  scatterbands  given  by  CCG  results.  Nevertheless 
by  comparison  with  the  midline  of  creep  crack  growth  scatterbands,  a  higher  crack  growth  rate 
under  creep  fatigue  conditions  can  be  stated.  This  applies  esp.  for  the  well  investigated  l%Cr 
steel  and  C*  as  correlating  parameter.  An  increase  in  crack  growth  rate  due  to  creep  fatigue  is 
clearly  visible.  Concerning  additionally  microstructural  and  fractographic  investigations,  a 
change  in  fracture  mode  from  trans-  to  intercristalline  crack  growth  occurs  for  frequencies  of 
about  T10  Hz  for  l%Cr  steel  and  5-10  3  Hz  for  the  9%Cr  steel.  Loading  situations  with 
frequencies  higher  than  L10  4  Hz  should  be  not  assessed  with  pure  creep  crack  results. 

The  determination  of  the  transition  time  demonstrates,  that  the  use  of  the  parameter  C*  is 
critical  for  the  short  term  tests  with  a  short  dwell  times  of  0.1  h.  This  is  presumably  a  reason  of 
a  damage  mechanism  which  is  dominated  by  plastic  stress  distribution  and  therefore  the 
description  of  the  creep  propagation  rate  by  means  of  C*  or  Ki  creates  problems. 

It  can  be  concluded  from  the  above  results,  that  an  cumulative  damage  equation  an  basis  of  pure 
fatigue  and  CCG  allows  a  satisfactory  prediction  of  CFCG. 
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Abstract 

In  order  to  apply  advanced  9-12%Cr  steel  such  as  Mod.9Cr-lMo  (P91),  9Cr-0.5Mo-1.8W 
(P92),  and  12Cr-0.4Mo-2W  (PI 22)  for  use  in  high  temperature  and  high  pressure  components,  creep 
rupture  strength  of  weldments  and  failure  behavior  are  very  important.  The  work  reported  here 
employed  P92  steel  and  PI 22  steel  to  carry  out  uniaxial  creep  rupture  tests  on  cross  weld  samples 
from  SMAW  and  SAW  welded  joints  of  plate  and  pipe.  The  creep  rupture  strength  of  the  weldments 
of  these  advanced  steels  was  accordingly  determined,  with  the  respective  results  compared  to  each 
other  and  to  base  metal  strength.  The  failure  mode  of  the  weldment  in  terms  of  stress  and  temperature 
was  also  clarified  on  the  basis  of  the  long-term  creep  rupture  data.  Furthermore,  it  is  suggested  that 
creep  strain  measurement  for  weldments  is  useful  in  predicting  long-term  creep  rupture  life. 

Introduction 

The  steam  conditions  of  power  plants  recently  constructed  have  successfully  been  elevated  in 
consideration  of  environmental  protection  and  energy  savings.  The  design  of  header  and  steam 
pipings  using  conventional  steel  including  P91  (Mod.9Cr-lMo)  require  the  wall  thickness  to  be 
excessively  large  for  temperatures  of  600°C  and  above.  Thus,  stronger  materials  have  been  needed  in 
order  to  achieve  reduced  wall  thickness  and  diameter.  To  meet  this  demand,  NF616  (designated  as 
T92/P92,  9Cr-0.5Mo-1.8W-V-Nb)  steel  and  HCM12A  (TI22/P122,  12Cr-0.4Mo-2W-lCu-V-Nb) 
steel,  both  of  which  have  been  recently  developed,  are  the  best  candidates,  as  they  exhibit  superior 
creep  rupture  strength  of  about  130MPaat  600 °C  and  100,000  hours.  Their  weldability,  fabricability 
and  material  properties  have  already  been  found  satisfactory  for  practical  use[l].  However,  as  is  well 
known,  high  strength  steels  with  tempered  martensitic  structure  are  unfortunately  characterized  by  a 
soft  area  or  Type  IV  region  in  the  heat  affected  zone  of  weldments,  and  tend  to  rupture  at  this  portion 
due  to  weaker  strength  in  terms  of  creep  than  the  base  metal.  High  temperature  and  high  pressure 
components  must  therefore  take  into  account  the  creep  strength  reduction  of  weldments.  In  work 
reported  here  uniaxial  creep  rupture  tests  were  carried  out  on  cross  weld  samples  to  determine  the 
rupture  strength  and  creep  strain  as  well  as  weldment  failure  mode  of  P92  and  PI 22  steels,  although 
only  rupture  strength  was  demonstrated  for  the  PI 22  steel  weldment  portion  in  order  to  compare  its 
strength  with  that  of  P92  steel  weldments. 

Weld  Fabrication  and  Creep  Rupture  Test 

Table  1  shows  the  chemical  compositions  of  the  materials  tested  and  the  Gr.92  weld  metals.  The 
dimensions  of  the  tested  P92  and  P122  pipes  were  ^350mm  in  outside  diameter  and  l50mm  in  wall 
thickness.  The  details  of  the  manufacturing  processes  have  been  previously  reported[2]. 

In  addition  to  these  pipes,  a  rolled  plate  of  P92  with  ^Omm  thickness  was  used  to  fabricate  the 
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Table  1  Chemical  compositions  of  test  materials  and  weld  metals  (mass%) 


Steel 

Materials 

C 

Si 

Mn 

P  S 

Ni 

Cu 

Cr 

Mo 

W 

V 

Nb  B  N 

P92 

Plate 

0.09 

0.06 

0.45 

0.005  0.002 

- 

- 

9.01 

0.50 

1.77 

0.20 

0.050  0.004  0.048 

Pipe 

0.11 

0.04 

0.46 

0.008  0.001 

- 

- 

8.96 

0.47 

1.84 

0.20 

0.069  0.001  0.051 

P122 

Pipe 

0.12 

0.05 

0.64 

0.016  0.001 

0.32 

0.86  10.61 

0.44 

1.87 

0.21 

0.050  0.002  0.064 

Gr.92 

Weld 

Metal 

SMAW 

0.08 

0.49 

1.46 

0.002  0.001 

0.56 

- 

8.88 

0.52 

1.68 

0.24 

0.080  _  0.040 

SAW 

0.08 

0.32 

1.49 

0.008  0.001 

0.58 

- 

8.91 

0.49 

1.60 

0.29 

0.047  0.003  0.042 

weldment.  The  weldments  were  fabricated  by  means  of  a  Shielded  Metal  Arc  Welding  (SMAW) 
process  and  a  Submerged  Arc  Welding  (SAW)  process,  using  Gr.92  filler  metal  with  matching 
composition  of  P92  for  both  grades  of  steels.  A  Gas  Tungsten  Arc  (GTA)  process  was  also  employed 
for  the  root  pass  welding.  The  welding  conditions  have  been  reported  as  preheat  temperature  of  200 
°C  and  interpass  temperature  of  150°C  to  300 °C,  with  7  passes  and  10  layers  for  SMAW  and  22 
passes  and  14  layers  for  SAW[2].  The  weldments  were  subjected  to  post  weld  heat  treatment 
(PWHT)  under  the  condition  of  740 °C  X4hFC.  Part  of  plate  weldment  was  then  over-aged  at  720°C 
for  200h,  which  is  parametrically  equivalent  to  heating  at  600 °C  for  230,000  hours  of  service 
exposure. 

The  cross  weld  samples  were  machined  to  standard  creep  rupture  specimens  in  which  the  fusion 
line  must  be  placed  at  the  longitudinal  center  of  the  specimen  in  order  to  include  weld  metal  (WM), 
heat  affected  zone  (HAZ),  and  base  metal  (BM),  while  the  weld  metal  creep  rupture  specimens  were 
machined  from  the  center  of  the  weld  deposit  along  the  direction  of  welding.  The  creep  rupture  tests 
were  conducted  at  temperatures  of  550°C,  600°C  and  650°C  and  at  stress  ranging  from  95  to 
255MPa,  reaching  a  maximum  of  20,000  hours  rupture  time. 

Weld  Metal  Strength  and  Hardness  Profile  in  Weldments 

The  iso-stress  creep  rupture  tests  were  carried  out  on  the  SMAW  and  SAW  weld  metal  of  the 
weldment  made  of  Gr.92  filler  metal  after  PWHT  at  125MPa  and  at  temperatures  ranging  from  600 °C 
to  660°C.  Fig.  1  demonstrates  the  temperature-time  to  rupture  plot  for  the  weld  metals  in  comparison 
with  the  P92  pipe  base  metal.  The  extrapolated  temperatures  at  a  rupture  time  of  100,000  hours  were 
583°C  for  the  SMAW  weld  metal,  545°C  for  the  SAW  weld  metal,  603 °C  for  the  base  metal,  although 
the  weld  metals  exhibited  similar  or  greater  strength  compared  with  the  base  metal  in  the  short-term 
region  as  shown  in  the  figure.  This  indicates  that  SMAW  weld  metal  and  SAW  weld  metal  are 
respectively  3%  and  15%  weaker  than  base  metal  on  the  basis  of  105  temperature. 

Fig.  2  shows  hardness  profiles  in  the  P92  weldments  of  plate  by  SMAW  and  pipe  by  SAW. 
Hardness  was  measured  at  the  inside  and  outside  of  the  wall,  as  well  as  at  midwall.  The  over-aged 
weldment  of  plate  by  SMAW  was  subjected  to  hardness  measurement  at  the  outside  and  mid  wall.  In 
both  weldments,  a  softened  region  was  seen  in  the  heat  affected  zones,  while  the  hardness  in  the  base 
metal  was  measured  as  being  Hv  210  for  pipe  and  Hv  215  for  plate.  The  maximum  reduction  of 
hardness  in  the  softened  zone  was  determined  to  be  Hv  30  for  pipe  and  Hv  15  for  plate,  although  the 
softened  region  of  both  weldments  had  almost  the  same  width  at  any  portion  along  the  wall.  Over- 
aging  produced  a  major  reduction  of  hardness  on  the  entire  surface  of  the  weldment  section.  No 
difference  in  the  hardness  of  weld  metal  was  seen  between  the  weldments  by  SMAW  or  SAW. 
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with  pipe  base  metal 

Creep  Rupture  Properties  of  Weldments 

The  cross-weld  creep  rupture  tests  revealed  the  rupture  stress,  ductility  represented  by  rupture 
strain  or  elongation,  and  failure  mode.  The  location  of  failure  was  also  determined  by  the  visual 
examination  of  ruptured  specimens  and  by  the  cross-sectional  observation  of  macrostructure. 
However,  it  is  often  difficult  to  distinguish  the  failure  location,  particularly  in  the  heat  affected  zone 
and  base  metal,  and  criteria  were  developed  as  shown  in  Fig.  3.  Figs.  4  and  5  show  the  stress-time  to 
rupture  diagram  and  Larson-Miller  plot  of  rupture  data,  which  indicate  the  creep  rupture  strength  of 
SMAW  weldments.  In  these  figures  solid  lines  (P92)  and  dotted  line  (P122)  show  the  average 
strength  of  the  base  metal  as-manufactured [3]  [4].  Fig.  4  also  illustrates  the  location  of  failure  using 
the  symbols  H  (HAZ  failure),  W  (weld  metal  failure),  and  no  sign  (base  metal  failure)  on  the  data 
plots.  Fig.  5  also  includes  the  data  points  of  PI 22  for  comparison.  There  is  little  difference  in  the 
creep  rupture  strengths  of  the  weldments  with  the  exception  of  the  over-aged  one,  meaning  that  the 
differences  between  plate  and  pipe,  and  between  P92  and  P122,  are  small.  The  over-aged  weldment 
has  remarkably  lower  strength  due  to  weld  metal  failure,  that  is,  the  measured  strength  indicates  the 
properties  of  the  weld  metal.  The  105h  creep  rupture  strengths  at  600°C  of  SMAW  weldments 
(excepting  the  over-aged  one)  were  extrapolated  from  Fig.  5  to  be  approximately  15%  weaker  than  the 
base  metal.  The  over-aged  one  was  25%  weaker  than  the  base  metal.  Fig.  6  shows  rupture 


Fig.  3  Failure  location  criteria  for  cross  weld  creep  rupture  specimens 
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Fig.  4  Isothermal  time  to  rupture  diagram  for 
P92  SMAW  weldment 
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Fig.  6  Creep  rupture  elongation  against  time  to  rupture  for  P92  SMAW  weldment 


elongation  against  time  to  rupture  for  the  SMAW  weldments.  The  rupture  elongation  tends  to  decline 
with  the  time  to  rupture,  and  the  HAZ  failure  in  particular  shows  lack  of  ductility. 

Figs.  7  and  8  show  the  stress-time  to  rupture  diagram  and  Larson-Miller  plot  for  SAW 
weldments  of  P92  and  PI 22  pipes  The  average  strength  of  the  base  metal  are  also  demonstrated  in  the 
figures.  Here,  in  the  short-term  region,  the  rupture  strengths  of  the  SAW  weldments  are  almost  at  the 
same  level  as  the  minimum  strength  of  the  base  metal;  in  the  long-term  region,  strength  declined 
substantially  due  to  HAZ  failure  in  the  pipe  weldment  and  WM  failure  in  the  plate  weldment.  Fig.  8 
clearly  shows  that  the  difference  in  rupture  strength  between  plate  and  pipe  and  between  P92  and 
PI 22  is  small.  The  extrapolated  105h  creep  rupture  strength  at  600°C  for  the  SAW  weldment  was 
approximately  15%  lower  than  the  base  metal  strength.  Fig.  9  shows  rupture  elongation  against  time 
to  rupture  for  the  the  SAW  weldment.  The  tendency  toward  reduced  rupture  elongation  with  the  time 
to  rupture  of  SAW  weldment  is  similar  to  that  of  the  SMAW  weldment. 
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Fig.  7  Isothermal  time  to  rupture  diagram  for  Fig.  8  Larson-Miller  plot  of  creep  rupture  data 
P92  SAW  weldment  for  P92  and  PI 22  SAW  weldment 
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Fig.  9  Creep  rupture  elongation  against  time  to  rupture  for  P92  SAW  weldment 


Rupture  Strain  Behavior  and  Failure  Mode 

Cross-weld  creep  rupture  specimens  consist  of  the  weld  metal,  the  heat  affected  zone,  and  the 
base  metal  itself.  The  heat  affected  zone  is  composed  of  a  Fine  grain  region,  a  coarse  grain  region,  the 
transitional  region,  and  the  intercritical  HAZ  and  tempered  region  heated  at  a  temperature  just  under 
Act .  The  creep  strain  behavior  of  the  weldment  is  therefore  easily  recognized  to  be  more  complicated 
than  in  monostructured  material. 

Fig.  10  gives  the  relationship  between  average  creep  rate  and  time  to  rupture  which  can  be 
expressed  by  the  Monkman-Grant  equation[5] 

^ave  —  ^MG  tr  (1) 

where  KMG  and  m  are  constants.  In  this  figure  the  solid  line  is  expressed  by  use  of  7.0  for  KMG  and 
1.3  for  m,  which  is  regarded  as  the  average  line  for  all  the  data.  The  dotted  lines  are  paralleled  to  the 
average  line  as  the  maximum  and  minimum  lines  for  the  data  band.  The  Monkman-Grant  equation  for 
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the  P92  weldment  can  be  approximately  expressed  as  follows, 

6  -7  0+21.2  f  -1.3 

fcave  “  '*u-4.8  lr  ^2) 

Fig.  1 1  gives  the  relationship  between  average  creep  rate  and  applied  stress,  which  is  expressed  by  the 
Norton  equation  [6] 


^ave  “  Act 


(3) 


Time  to  Rupture  (X3.6ks) 


Fig.  10  Monkman-Grant  plot  of  average  creep  rate  against  time 
to  rupture  for  P92  weldment 


Stress  (MPa)  Rupture  strain 


Fig.  1 1  Stress  dependence  of  average  Fig.  12  Relationship  between  average  creep  rate 
creep  rate  for  P92  weldment  and  rupture  strain  for  P92  weldment 
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where  A  and  n  are  respectively  the  constant  and  the  Norton  stress  exponent.  The  Norton  stress 
exponent  is  assumed  to  be  as  large  as  approximately  19  in  the  high  stress  region  and  to  be  reduced  to 
about  7  to  9  in  the  low  stress  region.  From  those  findings  it  can  be  said  that  creep  strain  measurement 
is  useful  in  predicting  long-term  creep  rupture  life.  That  is,  the  creep  life  at  a  given  stress  is 
extrapolated  by  use  of  the  Monkman-Grant  equation  as  shown  in  Fig.  10,  together  with  the  Norton 
equation  shown  in  Fig.  1 1 . 

Fig.  12  shows  the  relationship  between  the  average  creep  rate  and  rupture  strain.  The  rupture 
strain  appears  to  be  constant  with  an  average  value  of  approximately  20%  at  the  average  creep  rate 
above  1  X  10'V1,  and  shifting  to  decline  with  a  decrease  of  the  average  creep  rate.  Since  the  average 
creep  rate  is  taken  to  be  proportional  to  the  minimum  creep  rate,  the  minimum  creep  rate  affects 
rupture  elongation. 

Figs.  13  and  14  demonstrate  the  failure  mode  of  the  P92  weldments  in  terms  of  the  stress  and 
temperature  of  creep  rupture  tests  for  the  plate  weldment  and  the  pipe  weldment  respectively.  In  the 
case  of  the  plate  weldment,  the  failure  map  is  not  clear  due  to  weld  metal  failure  at  a  higher 
temperature,  considered  to  be  caused  by  the  small  difference  of  the  hardness  between  the  softened 
region  of  the  heat  affected  zone  and  the  base  metal.  However,  the  location  of  failure  shifted  from 
weld  metal  at  temperatures  below  650°C  to  HAZ  at  660 °C  under  stress  of  125MPa.  This  suggests 
that  HAZ  failure  occurs  more  easily  at  higher  temperatures.  On  the  other  hand,  the  pipe  weldment 
clearly  showed  a  failure  map  with  two  regions,  divided  into  base  metal  failure  and  HAZ  failure  as 
shown  in  Fig.  14.  From  the  figure,  the  HAZ  failure  took  place  at  higher  temperature  and  lower 
stress.  The  present  results  with  respect  to  P92  pipe  weldment  indicate  that  SAW  allows  base  metal 
failure  at  a  lower  stress  region  than  SMAW. 

Figs.  15  and  16  show  sectional  macrostructures  of  creep  rupture  specimens  from  P92  pipe 
SMAW  weldments.  The  HAZ  failure  is  observed  at  160MPa  and  at  600°C,  and  at  temperatures  of 
600°C  and  above  under  stress  of  125MPa.  Figs.  17  and  18  show  rupture  specimens  from  P92  pipe 
SAW  weldments.  Here,  under  stress  of  125  MPa  HAZ  failure  is  demonstrated  at  temperatures  of  600 
°C  to  650°C,  and  base  metal  failure  takes  place  at  660°C.  This  suggests  that  the  stress  level  of 
125MPa  is  still  too  high  at  660 °C  to  cause  HAZ  failure  in  SAW  weldments. 
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Fig.  14  Creep  rupture  failure  map 
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Fig.  15  Sectional  macrostructures  of  cross- weld 
creep  rupture  specimens  for  P92  pipe 
SMAW  weldment  in  terms  of  stress 
dependence  at  550°C  and  600 °C 
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Fig.  16  Sectional  macrostructures  of  cross-weld 
creep  rupture  specimens  for  P92  pipe 
SMAW  weldment  in  terms  of  temperature 
dependence  at  125MPa 
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Conclusions 

Uniaxial  creep  rupture  tests  were  carried  out  on  cross  weld  samples  from  P92  steel  weldments 
made  with  SMAW  and  SAW  processes  on  plate  and  pipe  in  order  to  determine  the  rupture  strength  and 
rupture  strain,  as  well  as  failure  mode  in  terms  of  stress  and  temperature.  P122  steel  pipe  weldments 
were  also  subjected  to  cross  weld  creep  rupture  tests  in  order  to  compare  the  strength  with  that  of  P92 
in  a  Larson-Miller  parametric  diagram.  The  results  obtained  are  as  follows, 

(1)  The  creep  rupture  strength  of  the  weldments  was  found  to  be  at  almost  the  same  level  as  the 
minimum  strength  of  the  base  metal  in  the  short-term  region,  while  the  weldments  were  found  to 
exhibit  reduced  strength  of  up  to  approximately  15%  from  the  base  metal  average.  However,  a 
large  reduction  in  rupture  strength  was  seen  in  the  P92  plate  SMAW  weldment  due  to  weld  metal 
failure. 

(2)  Little  difference  was  observed  in  the  creep  rupture  strength  of  weldments  among  the  plate  and 
pipe  product  forms,  SMAW  and  SAW  welding  processes,  or  P92  and  PI 22  materials. 

(3)  Rupture  strain  tended  to  decline  with  the  time  to  rupture.  The  HAZ  failure  in  particular  showed  a 
lack  of  ductility.  The  pipe  weldment  exhibited  a  failure  map  with  two  regions  divided  into  base 
metal  failure  and  HAZ  failure,  as  the  HAZ  failure  took  place  at  higher  temperature  and  lower 
stress. 

(4)  The  average  creep  rate  of  the  weldment  was  well  correlated  to  the  time  to  rupture  as  expressed  by 
the  Monkman-Grant  equation,  albeit  with  some  deviation.  The  relationship  between  average 
creep  rate  and  applied  stress  was  also  expressed  by  the  Norton  equation,  which  resulted  in  the 
success  of  the  prediction  of  the  long-term  creep  rupture  life  by  measuring  the  creep  strain  in  the 
weldment. 
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Abstract 

High  chromium  ferritic  steels  have  a  tempered  martensitic  lath  structure.  Increase  of  lath 
width  during  creep  results  in  the  acceleration  of  creep  rate  and  eventual  failure  of  the  steels.  Lath 
width  d  increases  during  creep,  and  reaches  a  stationary  value  ds  determined  by  creep  stress.  The 
growth  rate  of  lath  width  is  faster  at  a  higher  stress  and  temperature.  A  normalized  change  in  lath 
width,  Ad/AdSi  was  introduced  as  a  measure  of  the  recovery  process  of  martensitic  lath  structure. 
Adi Ads  is  uniquely  related  to  creep  strain  e  and  the  relation  is  independent  of  creep  stress  and 
temperature.  This  Ad/Ads  -  s  relation  obtained  by  an  accelerated  creep  test  at  a  higher  temperature 
or  stress  is  applicable  to  any  creep  condition  including  service  conditions  of  engineering  plants. 
Creep  strain  can  be  estimated  from  the  measurement  of  Ad/Ads  based  on  the  Ad/Ads  -  e  relation. 


Introduction 

Many  of  power  generating  plants  in  Japan  have  been  operating  for  more  than  100000  hours. 
When  components  in  the  plants  have  been  used  at  elevated  temperatures  for  longer-term  than 
design  life,  it  is  necessary  to  assess  residual  life  of  the  components.  In  order  to  assess  the  residual 
life,  creep  damage  of  materials  composing  the  components  has  to  be  measured.  Plants  operating 
under  USC  steam  conditions  of  an  increased  pressure  at  a  higher  temperature  require  boiler  and 
steam  turbine  components  with  higher  creep  rupture  strength  than  those  of  conventional  low  Cr 
ferritic  steels.  High  Cr  ferritic  steels  are  used  for  the  components  in  USC  plants.  The  methods  of 
residual  life  assessment  of  low  Cr  ferritic  steels  have  been  proposed,  [1,2]  however,  there  is  a 
few  study  about  measuring  creep  damage  of  high  Cr  ferritic  steels. [3-5]  For  example, 
measurement  of  hardness  is  tried  to  estimate  the  creep  damage  of  high  Cr  ferritic  steels.  [4,5]  The 
hardness  of  high  Cr  ferritic  steels  decreases  during  long-term  annealing  and  creep 
deformation.  [4,5]  The  steels  have  a  tempered  martensitic  lath  structure  and  are  strengthened  by 
precipitates.  The  decrease  of  hardness  is  caused  by  recovery  of  the  lath  structure  and  coarsening 
of  the  precipitates  during  creep.  [5 ,6]  The  recovery  of  the  lath  structure  can  be  strongly  related 
to  creep  strain  because  the  recovery  takes  place  during  creep  even  if  the  creep  condition  is  higher 
stress  and  short-term.  [7]  Relationship  between  hardness  and  creep  time  has  to  be  clear  under 
*Present  address  :  Strength  and  Life  Evaluation  Research  Station,  Frontier  Research  Center  for 
Structural  Materials,  National  Research  Institute  for  Metals,  Sengen,  Tsukuba,  305-0047,  Japan 
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various  creep  conditions  in  order  to  assess  residual  creep  life  by  measuring  hardness.  It  is 
important  to  investigate  the  recovery  process  of  the  lath  structure  during  creep  since  the  recovery 
results  in  the  decrease  of  the  hardness. 

The  objective  of  this  study  is  to  investigate  quantitatively  relationship  between  the  recovery 
of  lath  structure  and  creep  deformation  in  high  Cr  ferritic  steels. 

Experimental  procedure 

Chemical  compositions  of  the  steels  studied  are  given  in  Table  1.  The  materials  were 
normalized  and  then  tempered  under  the  conditions  listed  in  the  table.  The  gauge  length  and 
diameter  of  creep  specimens  were  50mm  and  10mm  on  ASME-T91  steel,  and  30mm  and  6mm 
on  ASME-P92  steel  respectively.  Creep  tests  were  carried  out  under  constant  loads  in  air,  and 
some  tests  were  interrupted  to  study  recovery  of  lath  structure  during  creep.  Several  test 
conditions  were  selected  to  investigate  effects  of  stress  and  temperature  on  the  recovery  process 
of  the  lath  structure. 

Lath  width  and  dislocation  density  in  lath  interior  were  measured  by  TEM  observations.  The 
short  distance  between  a  pair  of  lath  boundaries  was  taken  as  the  lath  width,  and  its  mean  value 
was  evaluated  by  taking  an  average  of  150—200  lath  width.  Vickers  hardness  was  measured  in 
crept  specimens. 


Table  1 .  Chemical  compositions  (mass%)  and  heat  treatment  procedures  of  the  steels  studied. 


C 

P 

S 

Ni 

Cr 

Mo 

W 

V 

ASME-T91 

0.10 

0.40 

0.43 

0.014 

0.001 

0.07 

8.73 

0.96 

— 

ASME-P92 

0.114 

0.30 

0.33 

0.011 

0.001 

0.13 

9.10 

0.36 

1.75 

Nb 

A1 

N 

B 

Normalizing 

Tempering 

0.09 

0.013 

0.051 

- 

1323K  3.0ks  A.C. 

1053K  3.6ks  A.C. 

0.059 

<0.002 

0.036 

0.0012 

1343K  14.4ks  O.Q. 

1033K  16.2ks  A.C. 

Results  and  Discussion 


Dislocation  substructure  of  ruptured  specimens 

Figure  1  (a)  shows  dislocation  substructure  of  T91  steel  before  creep.  The  steel  has  tempered 
martensitic  lath  structure  without  8  -ferrite.  The  mean  lath  width  is  0.53pm. 


Fig.l.  Changes  of  lath  structure  in  T91  steel,  (a)  Before  creep,  (b)  873K  137MPa 
tT=  12.2Ms(3397.5h),  (c)  923K  1 18MPa  tr  =  0.54Ms(149.3h),  (d)  923K  73.5MPa  tr=  27.4Ms(7614h). 
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Screw  portion  of  ruptured  specimens  was  observed  by  TEM  to  make  clear  the  change  of  lath 
structure  during  aging  without  deformation.  The  lath  width  was  0.55fim  in  the  specimen  ruptured 
at  923K  after  27.4Ms(7614.2h).  This  value  indicates  that  lath  boundary  is  thermally  stable  and 
the  lath  width  does  not  change  without  deformation. 

Figure  1  (b)^(d)  show  the  lath  structure  observed  in  gauge  sections  of  ruptured  specimens. 
The  widths  obviously  increase  after  creep  deformation.  The  relationship  between  lath  width  and 
creep  stress  normalized  by  the  shear  modulus  measured  in  ruptured  specimens  is  shown  in  Fig.2. 
The  creep  stress  is  the  true  stress  in  the  portion  of  each  specimen  at  which  the  lath  width  was 
measured.  The  lath  width  d  is  represented  by  the  following  equation  : 


where  b  is  the  length  of  Burgers  vector,  A  is  a  coefficient,  o  is  creep  stress,  and  G  is  the  shear 
modulus.(G(MPa)  =  -43J(K)  + 103572,  823K  <  T  <  923K)  In  Fig.2,  A  is  11.  The  relation 
defined  by  eq.  (1)  has  been  established  between  subgrain  size  and  creep  stress  in  single  phase 
materials.[8]  The  same  relation  has  been  reported  also  on  12Cr  steel.[9,10]  As  seen  in  Fig.2,  this 
relation  is  not  affected  by  testing  temperature. 


Fig.2.  Relationship  between  lath  width  and 
true  stress  normalized  by  the  shear  modulus 
in  T9 1  steel. 


Fig.3.  Relationship  between  dislocation  density 
in  lath  interior  and  true  stress  normalized  by  the 
shear  modulus  in  T91  steel. 


Dislocation  density  in  lath  interior  decreases  with  the  progress  of  creep  deformation.  Figure  3 
shows  the  relation  between  the  dislocation  density  p  in  lath  interior  measured  after  rupture  and 
creep  stress.  The  results  are  described  by  the  following  well  known  equation  [11]: 

*-<§)  (2) 

where  C  is  a  coefficient.  This  relation  also  does  not  change  with  testing  temperature. 

Consequently,  the  lath  width  and  dislocation  density  in  lath  interior  increases  and  decreases 
respectively  during  creep,  and  finally  reach  the  stationary  values  given  by  eqs.  (1)  and  (2).  The 
stationary  values  depend  only  on  creep  stresses.  The  decreasing  process  of  the  dislocation  density 
during  creep  is  not  appropriate  measure  of  the  recovery  process  because  the  dislocation  density 
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Figure  4  demonstrates  effects  of  stress  and  temperature  on  the  recovery  process  of  the  lath 
structure.  Microstructural  change  of  the  lath  structure  during  creep  under  873K,137MPa  is  shown 
in  Fig.5.  The  lath  width  gradually  increases  with  increasing  creep  time.  In  Fig.4,  the  data  points 
at  the  longest  creep  time  in  each  creep  condition  were  observed  in  ruptured  specimens.  These 
data  are  the  stationary  values  determined  by  creep  stress  shown  in  Fig.2.  The  lath  width  increases 
rapidly  at  a  higher  temperature  and  stress.  It  is  necessary  to  express  the  recovery  process  of  the 
lath  structure  independent  of  stress  and  temperature  in  order  to  assess  creep  life  by  measuring  the 
lath  width. 

The  increase  of  the  lath  width  is  caused  by  the  migration  and  unknitting  of  dislocations 
forming  lath  boundaries.  These  processes  suggest  that  creep  strain  affects  the  recovery  of  lath 
structure. 


Time  /  h  Fig.5.  Change  of  lath  structure  as  a  function  of  time. 

(a)  Before  creep,  (b)  4.0Ms(l  lOOh)  and  (c)  9.0Ms 
Fig.4.  Effects  of  temperature  and  stress  (2500h)  at  873K  137MPa.  (T91) 


on  recovery  process  of  lath  structure  in 
T91  steel. 

Creep  strain  is  accumulated  more  rapidly  at  a 
higher  temperature  and  stress.  This  fact  can 
explain  the  quick  recovery  process  of  lath 
structure  at  the  higher  temperature  and  stress 
shown  in  Fig.4.  Figure  6  shows  effects  of 
temperature  and  stress  on  relationship  between  the 
lath  width  and  creep  strain.  The  lath  width 
increases  with  increasing  strain  and  reaches  the 
stationary  value  after  rupture.  The  relationship 
between  the  lath  width  and  strain  does  not  depend 
on  testing  temperature.  This  fact  indicates  that 
creep  strain  plays  an  important  role  in  the  recovery 
of  lath  structure.  [12]  On  the  other  hand,  the 
increase  of  lath  width  per  a  strain  is  larger  at  the 


Strain 

Fig.6.  Effects  of  temperature  and  stress  on 
relationship  between  lath  width  and  creep 
strain  in  T91  steel. 
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lower  stress. 


The  relation  between  lath  width  and  strain  changes  with  stress  as  shown  in  Fig.6.  The 
different  values  of  the  stationary  lath  width  at  each  creep  stress  can  affect  the  recovery  process  of 
the  lath  structure.  The  difference  between  the  initial  lath  width  and  stationary  value  is  larger  at  a 
lower  stress.  When  the  difference  is  larger,  the  lath  width  increases  more  quickly  with  strain.  To 
cancel  this  effect,  a  normalized  change  in  the  lath  width,  Ad/ Ads  ,  was  introduced  as  the 
measure  to  explain  the  effect  of  stress  on  the  relation  between  the  lath  width  and  strain. 

Ad  is  the  change  in  lath  width  from  initial  value  do.  A ds  is  defined  by  the  following 
equation : 

Ad's "  ds—do  (3) 

where  ds  is  the  stationary  value  given  by  eq.  (1).  Relationship  between  Ad/ A ds  and  creep  strain 
under  various  creep  conditions  is  shown  in  Fig.7.  This  figure  contains  data  observed  in  T91  and 
P92.  There  is  a  almost  linear  relation  between  the  Ad/ A ds  and  creep  strain.  The  relation  does 
not  depend  on  temperature  and  stress,  and  can  be  obtained  by  an  accelerated  creep  test  at  a  higher 
temperature  and  stress.  From  this  relation  one  can  estimate  creep  strain  by  measuring  lath  width. 
Creep  damage  of  materials  with  high  ductility  is  assessed  by  measuring  creep  strain  because 
creep  strain  is  closely  related  to  creep  life.  [12]  Thus,  combining  creep  data  and  the  creep  strain 
calculated  from  the  relation  in  Fig.7,  one  can  assess  creep  life  of  the  high  Cr  ferritic  steels  with 
martensitic  lath  structure. 


T91 

•  :  848K  177MPa 
■  :  873K  137MPa 
◄  :  873K  177MPa 

♦  :  898K  1 1 8MPa 
a  :  923K  98.1  MPa 
m  :  923K 1 1 8MPa 
▼ :  973K  73.5MPa 

P92 

0  :  923K  lOOMPa 
o :  923K  120MPa 
0 : 973K  80MPa 
a  :  973K  lOOMPa 


•  o  :  823K 
■  □  : 848K 

♦  O  :873K(177MPa) 
a  A  :  898K 

t  v :  923K 
◄  <  :873K(137MPa) 


s 

solid :  rupture  tests 
open :  interrupted  tests 


Fig.7.  Relation  between  normalized  lath 
width  and  creep  strain  under  various 
creep  conditions  in  the  two  steels. 


Vickers  hardness 

Fig.8.  Relationship  between  lath  width  and 
hardness  in  T91  steel. 


Figure  8  shows  relationship  between  the  lath  width  and  hardness  of  ruptured  and  interrupted 
specimens.  The  lath  width  of  ruptured  specimens  has  a  linear  relation  to  hardness  independent  of 
creep  conditions.  On  the  other  hand,  the  hardness  of  interrupted  specimens  deviates  from  the 
linear  relation,  and  the  relation  depends  on  creep  conditions.  However,  the  hardness  can  have  a 
relation  to  creep  strain  since  there  is  the  close  relation  between  A  d!  A  ds  and  creep  strain  as 
shown  in  Fig.7.  In  order  to  assess  creep  life  by  measuring  hardness,  it  is  necessary  to  make  clear 
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the  effects  of  temperature  and  stress  on  the  relation  between  the  lath  width  and  hardness  of 
interrupted  specimens. 

Conclusions 

(1)  Lath  structure  in  high  Cr  ferritic  steel  recovers  during  creep  deformation.  Lath  width 
increases  and  dislocation  density  in  lath  interior  decreases  to  the  stationary  values  determined  by 
creep  stress. 

(2)  Growth  rate  of  the  lath  width  is  faster  at  a  higher  temperature  and  stress.  The  lath  width  has  a 
linear  relation  to  creep  strain  independent  of  testing  temperature.  A  relation  between  a 
normalized  change  in  lath  width,  Adi  A  ds,  and  creep  strain  does  not  depend  not  only  on 
temperature  and  stress  but  also  the  materials. 

(3)  There  is  a  relation  between  hardness  and  lath  width  in  crept  specimens.  The  hardness  can 
have  a  relation  to  creep  strain  because  the  Ad/  Ads  -strain  relation  is  uniquely  related  to  creep 
strain. 

References 

[1]  F.Masuyama,  Materia  Jpn.,  35  (1996),  p.753. 

[2]  H.Yoshizawa,  M.Nakashiro,  S.Kihara  and  H.Umaki,  Tetsu-to-Hagane,  82  (1996),  p.101 1. 

[3]  Correlation  between  microstructure  and  strength  of  high  Temperature  Materials,  The  society 
of  Materials  Science  Japan,  (1997). 

[4]  F.Masuyama,  N.Nishimura  and  A.Sasada,  CAMP-ISIJ,  1 1  (1998),  p.614. 

[5]  A.Tohyama,  Y.Minamai  and  Y.Masuyama,  CAMP-ISIJ,  11  (1998),  p.615. 

[6]  K.Sawada,  K.Maruyama,  R.Komine  and  Y.Nagae,  Tetsu-to-Hagane,  83  (1997),  p.466. 

[7]  K.Sawada,  M.Takeda,  K.Maruyama,  R.Ishii  and  M.Yamada,  The  6th  Liege  Conference  on 
Materials  for  Advanced  Power  Engineering,  5-7  October,  I  (1998),  p.577. 

[8]  S.Takeuchi  and  A.S.Argon,  J.  Mater.  Sci.,  11  (1976),  p.1542. 

[9]  W.Blum  and  S.Straub,  Steel  Res.,  62  (1991),  p.72. 

[10]  Y.Kadoya,  B.F.Dyson  and  M.McLean,  The  6th  Liege  Conference  on  Materials  for 
Advanced  Power  Engineering,  5-7  October,  I  (1998),  p.595. 

[1 1]  J.Cadek,  Creep  in  Metallic  Materials,  Elsevier,  Amsterdam,  (1988). 

[12]  K.Asakawa,  A.Ohtomo  and  Y.Saiga,  Tetsu-to-Hagnae,  65  (1979),  p.869. 


Corresponding  author 
K.Sawada 

e-mail  :  sawada@nrim.go.jp 
Fax  :  +81-298-59-2201 


Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  115-120 
©  2000  Trans  Tech  Publications,  Switzerland 


Creep  Rupture  Properties  of  Helium  Implanted  Low  Activation 
Martensitic  Steel  for  Nuclear  Fusion  Application 

N.  Yamamoto1,  J.  Nagakawa1  and  K.  Shiba2 

1  National  Research  Institute  for  Metals,  1-2-1 ,  Sengen,  Tsukuba,  Ibaraki  305-0047,  Japan 
2Tokai  Establishment,  Japan  Atomic  Energy  Research  Institute,  Tokai,  Ibaraki  319-1106,  Japan 

Keywords:  Nuclear  Fusion  Reactor,  Radiation  Effect,  Nuclear  Transmutation,  Helium 
Embrittlement,  GB  Embrittlement,  Mechanical  Properties,  Ion  Irradiation,  Helium  Implantation 


Abstract 

We  have  examined  the  effect  of  nuclear-transmutational  helium,  which  is  known  to  often  induce 
grain  boundary  embrittlement  at  high  temperatures,  on  creep  rupture  properties  of  a  candidate  low 
activation  martensitic  steel,  F82H  (Fe-8%Cr-2%W-0.2%V-0.04%Ta),  for  first  wall/blanket  structural 
applications  in  advanced  nuclear  fusion  reactors.  Utilizing  a -particle  irradiation  at  an  accelerator, 
helium  was  introduced  into  creep  specimens  at  823  K  with  concentrations  up  to  about  300  appmHe. 
It  has  been  demonstrated  through  subsequent  creep  tests  at  the  same  temperature  that  both  creep 
rupture  time  and  elongation  were  not  degraded  by  helium.  The  fracture  appearance  of  ruptured  faces 
remained  perfectly  transgranular  after  helium  implantation  and  no  indication  of  grain  boundary 
fracture  was  detected.  These  results  prove  superior  helium-embrittlement-resistance  of  this  steel  and 
raise  its  potential  for  future  fusion  use. 


Introduction 

Neutronic  production  of  radio-active  nuclides  has  been  recognized  as  a  main  material  problem 
in  the  field  of  nuclear  fusion  technology  from  the  viewpoint  of  waste  management,  environmental 
safety  and  public  acceptance.  It  is  particularly  important  in  case  of  advanced  systems,  that  is,  a 
prototype  reactor  and  the  beyond,  because  much  larger  neutron  doses  should  be  exerted  in  these 
reactors  in  comparison  with  an  experimental  one  like  ITER  (International  Thermonuclear 
Experimental  Reactor)  of  which  construction  is  now  under  consideration.  The  activation  occurs  most 
extensively  in  structural  materials  employed  for  first  wall/blanket  structures.  Accordingly,  a  great 
concern  has  been  paid  to  reducing  the  amount  of  activation  in  those  materials.  At  the  same  time  they 
must  withstand  severe  fusion  environments,  such  as  heavy  irradiation  of  energetic  neutrons,  and  keep 
material  integrity. 

In  order  to  develop  the  materials  which  meet  the  demands  stated  above,  many  investigations  have 
been  conducted  and  some  candidates  were  proposed.  Amongst  them,  the  family  of  low  activation 
martensitic  steels  (Fe-Cr-W-V-Ta)  is  now  evaluated  as  a  most  promising  one,  mainly  due  to  its 
maturity  in  industrial  standpoints  [1]. 

The  propose  of  this  work  is  to  clarify  the  influence  of  helium  which  is  generated  in  materials  as 
a  result  of  (n,  a)  reactions  and  often  deteriorates  high  temperature  mechanical  properties  by  inducing 
intercrystalline  separation,  on  creep  rupture  properties  of  a  representative  low  activation  martensitic 
steel  and,  more  ultimately,  to  obtain  information  useful  for  feasibility  inspection  of  this  kind  of  steels 
for  advanced  fusion  applications.  Long  term  tests  are  especially  crucial  since  detrimental  helium 
effects  are  more  liable  to  arise  in  these  tests  relative  to  short  time  examinations  like  tensile  ones,  as 
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formerly  established  [2-4]. 


Experimental 


The  material  studied  here  is  the  IEA  (International 
Energy  Agency)  version  of  F82H  (Fe-0.09%C-7.82%Cr- 
1 .98%W-0. 1 9%V-0.04%Ta-0.07%Si-0. 1  %Mn-0.003%P 
-0.00 1%S)  [5]  which  was  prepared  for  an  international 
round-robin  test  [6]  organized  by  the  agency.  The  25  mm 
thick  plate  stocks  of  this  steel  were  supplied  by  NKK 
Corporation  after  normalizing  (1313  K,  2.4  ks)  and 
tempering  (1023  K,  3.6  ks).  Creep  test  samples  with 
dimensions  shown  in  Fig.  1  were  fabricate  from  those  plates 
through  spark  cutting  and  mechanical  grinding.  The 
unusual  small  thickness  of  the  samples  is  due  to  the 
projective  range  of  a-particles  mentioned  below. 


Thickness :  70  pm 


Fig.  1.  Dimensions  of  creep  specimen 
(in  mm). 


Helium  implantation  which  aims  to  simulate  its  transmutational  production  in  the  reactor  was 
carried  out  using  a  20  MeV  oc-beam  from  the  NRIM  compact  cyclotron.  Fig.  2  gives  a  schematic 
illustration  of  the  irradiation  arrangement  of  the  target  chamber  utilized  in  this  work.  The  energy  of 
incident  ions  was  moderated  with  an  energy  degrader  comprising  32  Al-foils  with  different  thicknesses 
so  as  to  achieve  homogeneous  helium  deposition  all  through  the  specimen  depth.  In  addition,  the 
beam  was  scanned  over  irradiation  area  with  two  directions.  The  temperature  of  specimens  during 
irradiation  was  measured  with  two  chromel-alumel  thermocouples  spot-welded  on  a  dummy  plate 
situated  in  the  middle  of  the  irradiated  area.  To  compensate  the  temperature  change  due  to  fluctuation 
of  the  beam,  a  infra-red  lamp  heater  with  rapid  response  was  applied  for  temperature  control.  The 
amount  of  implanted  helium  was  estimated  on  the  basis  of  measured  target  current. 

Helium  was  injected  to  specimens  at  823  K,  a  desired  upper  temperature  limit  of  this  steel  for 


Infra-red 

Heater 


Energy  Degrader 


Fig.  2.  Schematic  illustration  of  irradiation  setup  for  helium  implantation. 
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fusion  use,  to  contents  of  about  1 00 
and  300  appm  with  an  implantation 
rate  of  around  1x10"  appm/s  in  a 
vacuum.  Throughout  the  implan¬ 
tation,  temperature  change  was 
suppressed  within  4  K  and  the 
difference  of  readings  between  left 
and  right  thermocouples  (see, 

Fig.  2)  was  less  than  20  K  even  in 
the  worst  instance. 

Creep  rupture  tests  after  im¬ 
plantation  were  performed  also  at 
823  K  in  a  vacuum  on  electronically 
controlled  rigs  illustrated  in  Fig.  3. 

In  this  machine  the  applied  load  is 
always  observed  with  a  load  cell 
and  a  load  deviation  from  the  stated 
value  is  canceled  by  cross  head 
motion  based  on  feedback  signals. 

The  shifts  of  load  and  temperature 
from  nominal  values  during  creep 
tests  were  maintained  less  than 
±1  MPa  and  ±1  K,  respectively. 

The  creep  strain  was  monitored  in  a  4  . 

r  Fig.  3.  Creep  testing  machine, 

high  accuracy  of  several  pm  with 

two  linear  variable  differential 

transformers  each  connected  to  a  rotary  encoder.  Such  creep  rupture  tests  have  similarly  been  done 
for  reference  control  specimens  which  were  not  irradiated  but  underwent  an  annealing  to  neutralize 
thermal  exposure  during  the  implantation.  The  creep  ruptured  surface  was  fractographically  examined 
under  SEM  (Scanning  Electron  Microscope)  chiefly  to  determine  the  type  of  failure. 

Results  and  Discussion 

Fig.  4  presents  ordinary  creep  stress  versus  time  to  rupture  relation  on  helium  implanted  and 
reference  specimens  for  both  helium  concentrations.  As  seen  in  the  figure,  every  set  of  data  revealed 
very  strong  stress  dependence  and  data  points  were  thereby  somewhat  scattered  in  some  cases. 
Concerning  helium  effects,  there  was  noticed  no  meaningful  disagreement  between  rupture  strength 
of  irradiated  samples  and  that  of  corresponding  references  when  helium  was  introduced  at  100  appm. 
In  the  meanwhile,  samples  bearing  300  appmHe  exhibited  mostly  five  times  longer  rupture  time 
compared  to  that  of  helium  free  controls.  Though  microstructures  of  ruptured  samples  have  not  been 
observed  yet,  this  extension  in  the  creep  life  is  most  probably  due  to  precipitation  of  small  helium 
bubbles  and/or  clusters  within  grains  which  prevent  dislocation  motions  by  pinning. 

The  rupture  elongation  is  given  in  Fig.  5,  also  as  a  function  of  creep  rupture  time.  It  seems  to 
have  lain  within  the  variation  of  normal  experimental  errors,  regardless  of  whether  helium  was  present 
or  not.  No  significant  helium  effect  was  hence  perceived  in  respect  to  creep  rupture  strain  with 
concentrations  up  to  300  appmHe.  The  values  of  rupture  elongation  observed  in  this  experiment 
ranged  roughly  from  3  to  6  %  and  these  values  were  much  smaller  than  those  of  ordinary  bulk  round- 
bar  samples  previously  tested  [5].  This  difference  can  be  attributed  to  specimen  size  effects  [7],  at 
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Fig.  4.  Creep  rupture  strength  as  a  function  of  creep  life 
at  823  K  for  helium  implanted  specimens  and 
unimplanted  controls  of  F82H IEA  heat  material. 


Fig.  5.  Creep  rupture  elongation  as  a  function  of  creep 
life  at  823  K  for  helium  implanted  specimens  and 
unimplanted  controls  of  F82H  IEA  heat  material. 


least,  to  some  extent. 

Fig.  6  compares  representative  creep  curves  of  helium  implanted  and  unimplanted  specimens 
which  crept  at  nearly  the  same  stress  for  both  helium  contents.  The  foregoing  features  of  creep 
behavior  are  clearly  reflected  in  the  figure.  The  short  tertiary  creep  strain  would  be  responsible  for 
the  smaller  rupture  elongation  relative  to  the  bulk  material. 

The  general  appearances  of  rupture 

surfaces  for  implanted  and  unimplanted 

conditions  are  exemplified  in  Fig.  7.  All  the 

specimens  both  with  and  without  helium  failed 

in  a  perfectly  intragranular  ductile  manner  and, 

alternatively,  helium  brought  about  no 

implication  of  intergranular  decohesion.  It  has 

been  pointed  out  in  previous  literature  [8-10] 

that  helium  reduces  a  tendency  of  necking  in 

ductile  fracture  faces  besides  promoting 

intercrystalline  separation.  In  order  to  check 

whether  the  same  is  held  in  this  experiment  or 

not,  ruptured  surfaces  were  classified  to  two 

portions,  namely  knife-edge  fracture  regions 

(far  necked  parts:  Figs.  7a  and  7c)  and  dimple 

fracture  regions  (less  necked  parts:  Figs.  7b  and 

7d),  and  fractions  of  each  were  evaluated  on  the 

basis  of  line  analysis.  Obtained  results  are 

summarized  in  Fig.  8,  as  a  plot  of  percentage  of 

dimple  fracture  versus  rupture  time.  As  shown 

in  the  figure,  there  observed  no  substantial 

effect  of  helium  on  the  fraction  of  dimple 

fracture.  Therefore,  the  above  mentioned 

helium  effect  of  suppressing  necking  pro- 

j.j  ,  •  Fig.  6.  Comparison  of  creep  curves  of  F82H  IEA  heat 

pensities  did  not  appear  m  our  case.  ,  ®  .  t  ■  \  ,•  *  ,  .  ,  *  . 

r  matenal  m  helium  free  and  implanted  (CHe=100, 

300  appm)  conditions  tested  at  823  K,  232  MPa. 


Key  Engineering  Materials  Vofs.  171-174 


119 


Fig.  7.  SEM  fractographs  showing  typical  creep-ruptured  surfaces  of  F82H  IEA  heat  material  tested  at  823  K, 
214  MPa;  a),  b):  unimplanted  control  (tr=770  ks);  c),  d):  helium  implanted  sample  (CHe=300  appm,  tr=4.02  Ms). 


O  □  :  Control 
•  :  100  appmHe  -j 
■  :  300  appmHe  I 


Conclusions 

Creep  rupture  tests  at  823  K  were  run  on  the 
IEA-heat  of  low  activation  martensitic  steel,  F82H, 
after  hot  helium  implantation  (Timpl=823  K,  g 
CHe-100,  300  appm).  The  principal  conclusions 
obtained  are  as  follows: 

(1)  Helium  introduction  caused  no  effectual 
deterioration  in  terms  of  both  creep  rupture 
strength  and  elongation.  In  addition,  the 
increase  of  the  creep  life  by  helium  was 
even  discerned  in  case  of  300  appmHe 
implantation. 

(2)  SEM  ffactography  showed  that  all  the 
samples  including  helium  implanted  ones 
fractured  in  a  fully  transcrystalline  and 
ductile  fashion,  and  grain  boundary 
separation  induced  by  helium  was  not 
appreciated  at  all. 

Thus,  F82H  demonstrated  its  fairly  good  resistance  toward  helium  embrittlement  through  present 
creep  experiments. 
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Fig.  8.  Percentage  of  regions  decorated  with  dimples 
on  creep  rupture  surface  as  a  function  of  creep  life  at 
823  K  for  helium  implanted  specimens  and  un¬ 
implanted  controls  of  F82H  IEA  heat  material. 
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Abstract 

Dissimilar  metal  welds  between  ferritic  and  austenitic  steels  are  widely  used  in  power  plants, 
mostly  in  the  creep  regime  at  and  above  540°C.  Except  for  some  early  failures  in  flash-biitt- 
welds  due  to  poor  adhesion,  the  experience  has  been  satisfactory.  An  international  consensus  has 
emerged  that  such  joints  should  be  welded  using  nickel-based  filler  metals. 

However,  in  1986  a  21ACrlMo\Inco  182/Type  316  weld  failed  in  one  of  CEGB  power  plants  after 
only  ~8,000  hours  operation  and  numerous  other  similar  joints  cracked.  The  welds  were  located 
in  the  steam  line  close  to  the  Type  316  secondary  superheater  outlet  header  and  had  operated  at 
probably  480-490°C  but  certainly  below  500°C.  The  fracture  revealed  some  very  unusual 
microstructural  characteristics. 

Investigations  showed  that  time-dependent  creep  crack  growth  occurs  at  these  temperatures, 
reproducing  the  microstructure  of  in-service  cracking.  Crack  growth  rates  were  fastest  at  480- 
490°C,  which  coincided  with  the  probable  temperature  of  the  failure. 

This  paper  highlights  the  microstructural  differences  in  cracking  above  and  below  540°C  and 
describes  the  results  of  creep  crack  growth  tests.  It  argues  that  creep  embrittlement  due  to 
residuals  lead  to  a  change  in  the  mechanism  of  cracking  below  540°C. 

Abbreviation 

DMW  (Dissimilar  metal  weld) 

PAGB  (Prior  austenite  grain  boundary) 

S-type  (DMWs  made  with  Type-300  stainless  steel  filler) 

N-type  (DMW  fabricated  with  Ni-based  weld  metal) 

AES  (Auger  Electron  Spectrometer) 

CCG  (Creep  crack  growth) 

Introduction 

Power  plant  boiler  construction  utilises  ferritic  steels  because  of  their  low  cost,  adequate  strength 
and  good  resistance  to  stress  corrosion  cracking.  However,  at  high  temperatures  austenitic  steels 
are  chosen  because  they  possess  higher  creep  strength  and  oxidation  resistance.  Therefore,  the 
two  grades  of  steels  have  to  be  welded  together.  In  general,  the  service  experience  with  such 
DMWs  is  acceptable,  although  they  fail  more  frequently  than  the  similar  metal  welds  [1].  This 
can  be  attributed  to  marked  changes  in  the  chemical,  physical,  and  mechanical  properties  at  the 
junction  between  the  two  different  materials. 
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Early  joints  were  made  using  Type-300  austenitic  filler  metals.  However,  there  is  an  international 
consensus  now  that  such  welds  should  be  made  with  Ni-based  fillers  e.g.  Inconel  182  or 
equivalent. 

A  very  large  number  of  transition  joints  are  in  service  worldwide.  In  The  Central  Electricity 
Generating  Board  alone  there  were  more  than  one  quarter  of  a  million  welds  between  2%CrlMo 
and  austenitic  stainless  steels.  Most  of  these  operated  at  temperatures  of  540°C  or  above. 
Consequently,  published  literature  on  the  service  experience  and  on  laboratory  tests  generally 
refers  to  540°C  or  above.  First  failures  of  21/4CrlMo\Ni-filler/austenitic-steel  joints  occur  after 
40,000  hours  service  at  540°C  and  above. 

However  in  1986,  steam  leaked  from  a  weld  between  214CrlMo  and  the  Type-316  secondary 
superheater  outlet  header  of  a  CEGB  power  plant,  after  less  than  8,000  hours  service  at  a 
probable  temperature  of  480-490°C,  certainly  below  500°C.  The  weld  had  been  fabricated  with 
the  Ni-filler,  Inco-182.  Subsequent  investigations  revealed  that  many  more  joints  had  cracked. 
This  led  to  the  wholesale  replacement  of  all  128  welds  in  two  affected  plants. 

A  creep  crack  growth  study  was  initiated  to  understand  the  mechanisms  of  failures  and  the  results 
revealed  different  mechanisms  of  cracking  in  the  low  temperature  regime  (i.e.  below  540°C) 
from  those  at  higher  temperatures.  The  results  are  presented  in  this  report. 

Cracking  at  540°C  and  Above 

Cracks  in  medium  to  long  term  laboratory  tests  [2]  or  in  service  exhibit  similar  characteristics, 
which  are  summarised  below. 

•  Short-term  creep  failures  of  both  types  of  welds  occur  in  the  parent  low  alloy  steel,  away  from 
the  weldment.  In  medium  to  long  term  the  joints  fail  in  the  ferritic  HAZ,  near  the  fusion 
boundary. 

•  In  S-type  joints,  PAGB  cavities  form  in  21ACt\Mo  HAZ,  at  1-2  grains  from  the  fusion 
boundary.  They  coalesce  to  develop  cracks. 

•  Medium  term  failures  of  the  N-type  joints  also  occur  by  PAGB  cavitation,  at  1-2  grains  from 
the  fusion  line.  However,  after  long-term  exposures  a  string  of  carbides  develops  in 
21/4CrlMo,  at  1-2  pm  from  the  fusion  line  [3].  These  act  as  preferential  sites  for  the  nucleation 
of  cavities  and  cracks  [4]. 

•  The  fusion  boundary  or  the  weld  metals  do  not  generally  crack  in  either  joint. 

•  In  laboratory  tests  and  in  service,  the  N-type  joints  exhibit  significantly  longer  lives  than  those 
of  the  S-type  welds. 

Service  Damage  at  480-490°C 

Sections  of  the  failed  weld  showed  it  to  be  free  of  defects  and  with  a  microstructure  typical  of 
such  joints.  The  microstructural  nature  of  the  cracks  was  different  from  those  which  form  at 
540°C  and  above  in  the  following  respects. 

•  The  crack  path  was  predominantly  along  the  21/4CrlMo  fusion  boundary.  The  fracture  surface 
was  remarkably  smooth,  as  though  little  mixing  or  interdiffusion  had  occurred  during  welding 
and  subsequent  heat  treatment. 

•  In  many  cases,  the  crack  path  deviated  into  the  weld  metal,  before  returning  back  to  the  fusion 
boundary. 

A  simplified  weld  fabrication  sequence  was  as  follows:  2V4CrlMo  was  buttered  with  Inco-182, 
stress  relieved  and  then  welded  on  site,  using  the  same  filler  but  without  any  further  stress-relief. 
This  resulted  in  residual  stresses  of  around  400  MPa  in  the  ferritic  HAZ,  comparable  with  the  as- 
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welded  condition,  and  twice  the  200  MPa  measured  in  a  stress-relieved  joint.  This  suggested  that 
the  high  residual  stresses  might  have  led  to  early  failures.  However,  the  following  result  from  a 
pressure  vessel  test  at  the  Marchwood  Engineering  Laboratories  shows  that  other  factors  may  also 
be  important. 

The  pressure  vessel  contained  four  2!4Cr  1  MoVInco- 1 82/Type-3 1 6  welds  all  subjected  to  the  same 
pressure  and  end-loads. 

1 .  The  original  weld  procedure  resulting  in  a  residual  stress  of  around  400  MPa.  The  test 
temperature  was  500°C. 

2.  Fully  stress-relieved  joint  also  tested  at  500°C,  with  200  MPa  residual  stresses. 

3 .  An  end-cap  joint  in  the  as  welded  condition  and  at  the  test  temperature  of  500°C. 

4.  The  second  end-cap  weld  in  the  as-welded  state  at  480-490°C.  (It  lay  outside  the  uniform 
hot  zone  of  the  furnace.) 

The  two  test  welds,  1  and  2  were  from  one  cast  of  21/4CrlMo  and  the  two  end-cap  joints  from  a 
second  cast.  Weld  4,  which  is  expected  to  have  the  same  residual  stresses  as  Welds  1  and  3, 
failed  after  7828  hours,  although  it  was  at  a  lower  temperature  [5]. 

Experimental 

The  following  weld  pads  were  made  by  depositing  26-3 2mm  thick  weld  metal  on  2V4CrlMo 
plate  of  similar  thickness. 

1 .  SR-series  (Type-3 1 6  weld  deposit  on  a  commercial  purity  2!4CrlMo) 

2.  SHC-series  (Type-3 1 6  weld  deposit  on  a  high  purity  2V^Crl Mo) 

3.  NR-series  (Inco-182  weld  deposit  on  a  commercial  purity  214CrlMo) 

4.  NHC-series  (Inco- 1 82  weld  deposit  on  a  high  purity  2!4Crl Mo) 


Table  1:  Chemical  composition  of  the  two  2%CrlMo  steels 


C 

Cr 

Mo 

Bn 

Si 

P 

S 

As 

Sb 

Sn 

Commercial 

0.11 

2.06 

1.08 

0.62 

0.23 

0.032 

0.025 

0.037 

0.016 

High  purity 

0.12 

2.03 

0.96 

0.55 

0.017 

0.004 

0.004 

0.003 

<0.005 

<0.005 

Figure  1  Schematic  weld  pad  and  25mm  CT 
sample  location 


Figure  2  Decreasing  life  with  increasing 
temperature 
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The  rolling  direction  of  the  plate  was  such  any  slag  inclusions  lay  parallel  to  the  loading 
direction.  25mm  compact  tension  samples  were  extracted  from  these  weld  pads  so  that  the  fusion 
surface  lay  at  the  centre  of  the  sample,  normal  to  the  direction  of  loading  (Fig.  1).  Some  samples 
were  tested  in  the  ‘as-welded’  condition  while  others  were  stress-relieved  at  700°C  for  3h  prior 
to  testing.  This  heat  treatment  can  generate  a  thin,  approx.  120  pm  wide,  C-depleted  zone  in  the 
2!4CrlMo  HAZ  in  S-type  welds  but  not  in  the  N-type  joints  [6]. 

A  spark-eroded  notch  was  placed  at  or  very  close  to  the  fusion  line,  with  a  root  radius  of  0.2mm. 
Creep  crack  growth  tests  were  conducted  at  different  temperatures  in  the  range  450-600°C.  Crack 
growth  was  monitored  by  DC  potential  drop  across  the  crack  and  the  load-line  displacement  was 
measured  via  a  pair  of  extensometers.  The  SR-  and  NR-welds  were  tested  at  identical  test 
parameters  (viz.  initial  a/W,  load  and  temperature)  to  ensure  that  the  data  could  be  compared 
directly. 

Experience  showed  that  side  grooving  was  not  necessary  because  the  strength  mismatch  across 
the  fusion  line  was  sufficient  to  constrain  crack  growth  along  the  fusion  boundary,  nominally 
normal  to  the  load. 

Results 

High  Temperature  (540°C  and  above) 


Time,  hours 


Figure  3  At  540°C  and  above  N-type  welds  exhibit  longer  lives  than  the  S-type  joints.  These 
samples  were  tested  after  700°C  3h  stress  relief 


The  results  can  be  summarised  as  follows. 


•  Increasing  temperature  reduced  failure  times,  as  expected  in  thermally  activated  damage 
mechanisms  like  creep  (Fig.  2). 

•  Under  identical  test  conditions,  the  lives  of  NR-samples  were  significantly  longer  than  those 
of  the  SR-specimens  (Figs.  3a-3b).  Similar  relative  performance  is  observed  in  service  at  these 
temperatures. 

•  Crack  growth  occurred  by  cavitation  at  PAGB  ahead  of  the  crack  tip  and  its  coalescence. 

•  Cavitated  grain  boundaries  exposed  by  low  temperature  fracture  in  AES  revealed  MnS 
precipitates  in  cavities  of  the  S-type  welds  (Figs.  4).  Most  particles  in  N-joints  were  not 
sulphides  (Fig.  5). 
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Figure  5  NR-Welds  at  580°C:  Most  precipitates  in  cavities  are  not  MnS 


Table  2:  Time  for  0.2mm  crack  extension  in  commercial  grade  and  the  high  purity 
2%CrlMo  steel.  Both  types  of  welds  were  tested  in  the  as-welded  condition. 


Weld  Test  a/W  Ki,  Initiation  time,  Initiation  time,  in 

Metal  Temperature,  °C  MPaVm  in  commercial  high  purity 

21>4CrlMo,  hr  21/4CrlMo,  hr 

Inco-182  580  051  12  371  >11414 

580  0434  12  1384  >14234 

500  0434  20  154  933 

Type-316  580  0.434  12  31  >14246 

500  0434  20  354 
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•  Crack  initiation  did  not  occur  in  identical  tests  on  SHC-  and  NHC-samples,  made  with  the 
high  purity  2!4CrlMo  (Table  2).  At  significantly  higher  loads  blunt  cracks  propagated  in  the 
2!4CrlMo  HAZ  (See  for  example,  Fig.  10) 

These  results  are  consistent  with  other  laboratory  tests  (e.g.  creep-rupture  under  uniaxial  or 
multiaxial  stresses)  and  the  service  experience,  which  are  well  documented  in  the  literature 


Low  Temperature  (Below  540°C) 


Figure  6  Below  540°C,  SR-welds  exhibit  longer  lives  than  those  of  the  NR-joints.  Time  for 
0.2  to  7mm  crack  growth  show  C-curve  kinetics.  These  tests  were  conducted  on  stress- 
relieved  joints 

The  results  revealed  many  differences  from  the  high  temperature  behaviour. 

•  The  lives  of  the  NR-series  of  samples  were  shorter  than  those  of  the  SR-series  under  identical 
loads  and  temperatures  (Fig.  6).  This  is  a  highly  unusual  result  because  almost  all  tests  and 
service  experience  above  540°C  show  that  welds  fabricated  with  Ni-based  fillers  are  superior 
to  those  made  with  austenitic  weld  metals.  It  is  even  more  note  worthy  because  of  the  C- 
depletion  in  SR-samples,  which  is  generally  perceived  to  be  a  weak  zone. 

•  The  shortest  lives  were  obtained  in  NR-samples  at  480-490°C  (Fig.  6).  It  should  be 
emphasised  that  the  failure  times  increased  on  increasing  the  temperature  to  up  to  520°C. 
This  is  a  remarkable  result  for  a  thermally  activated  damage  mechanism. 
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•  The  temperature  of  shortest  life  coincided  very  well  with  the  estimated  temperature  of  the 
welds,  which  failed  in  service  and  in  the  pressure  vessel  test. 

•  The  crack  in  NR-specimens  propagated  along  the  fusion  boundary,  occasionally  deviating 
into  the  weld  metal  and  returning  to  the  fusion  line  (Fig.  7).  The  fracture  surface  was 
remarkably  smooth  (Fig.  8)  and  the  energy  dispersive  analysis  revealed  that  very  little  mixing 
or  inter-diffusion  had  occurred.  Thus,  all  microstructural  features  of  the  service  failure  were 
reproduced  in  these  tests. 

•  Tramp  elements  e.g.  P,  Sn,  Sb  and  As  were  found  on  fracture  surfaces  on  N-welds,  exposed 
by  low  temperature  fracture  in  AES  (Fig.  8). 

•  Crack  growth  in  S-type  joints  occurred  along  the  2!4CrlMo  HAZ  (Fig.  9). 

•  NHC-series  joints  were  significantly  more  resistant  to  cracking  than  the  NR-series  (Table  2). 
In  fact  the  ferritic  HAZ  and  the  fusion  boundary  proved  so  resistant  that  the  crack  path  lay 
almost  exclusively  in  the  Inconel- 182  weld  metal  (Fig.  10). 


Figure  7  NR-Welds:  Cracks  at  540°C  and  above  grow  in  the  2%CrlMo  HAZ  but  at  lower 
temperatures  follow  the  fusion  line  and  deviate  into  the  weld  metal 

Discussion 

Creep  crack  growth  results  show  two  distinct  behaviours,  not  only  in  terms  of  the  relative 
performances  of  the  SR-  and  the  NR-welds  but  also  in  the  microstructural  modes  of  cracking.  In 
both  these  respects  the  laboratory  tests  reflect  the  service  experience  in  CEGB  plants.  The 
observed  results  can  be  rationalised  on  the  basis  of  local  ductility  in  the  vicinity  of  the  crack  tip. 

High  Temperature  (540°C  and  above) 

During  welding,  MnS  slag  stringers  dissolve  and  reprecipitate  as  small  particles  at  PAGBs  in  the 
HAZ  of  low  alloy  ferritic  steels.  Creep  cavities  nucleate  on  these  particles  and  grow  to  form 
cracks.  This  happens  in  S-type  welds  in  the  high  temperature  regime.  However,  MnS  precipitates 
are  not  so  abundant  at  PAGBs  in  N-type  joints  probably  because  the  heat  input  used  for  this  filler 
is  not  high  enough  to  dissolve  many  MnS  stringers.  Consequently,  the  HAZ  is  more  resistant  to 
cavitation.  The  difference  in  the  CCG  behaviours  is  attributed  to  different  susceptibilities  to 
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creep  cavitation  of  the  two  joints.  Markedly  high  resistance  of  the  high  purity  samples,  NHC-  and 
SHC-series,  is  consistent  with  this. 

Other  factors  e.g.  a-mismatch  play  a  secondary  role,  if  any,  in  isothermal  test  described  in  this 
paper. 


Figure  8  The  weld  metal  half  of  the  fractured  joint  exhibits  smooth  nature  of  the  interface 
crack,  typical  of  service  damage  with  P-segregation 


Figure  9  SR-Welds:  Cracks  in  both  temperature  regimes  propagate  in  the  21/4CrlMo  HAZ 
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Low  Temperature  (Below  540°C) 

A  different  mechanism,  akin  to  temper  embrittlement,  dominates  at  these  low  temperatures.  The 
weld  interface  in  N-joints  behaves  like  a  grain  boundary.  This  is  believed  to  be  another 
consequence  of  the  low  heat  input  welding,  which  does  not  allow  significant,  co-melting  and 
inter-diffusion.  The  smooth  nature  of  the  fracture  surface  and  its  composition  demonstrate  lack  of 
inter-diffusion.  Consequently,  tramp  elements  segregate  to  the  fusion  boundary,  in  a  manner 
analogous  to  grain  boundaries,  and  reduce  the  creep  ductility  of  the  interface.  It  is  probable  that 
the  impurities  in  both  the  21/4CrlMo  and  the  Inconel- 182  segregate  to  the  fusion  boundary. 
Whether  the  fusion  boundary  behaves  like  a  grain  boundary  in  2!/4CrlMo  or  one  in  Inconel- 1 82, 
is  not  clear.  Segregation  of  Sn,  and  Sb  is  known  to  cause  creep  embrittlement  of  2V4CrlMo  at 
480°C  [7].  Similarly,  P-segregation  leads  to  embrittlement  of  the  Ni-based  Alloy  80A  [8]. 

The  S-weld,  which  forms  a  thin  band  of  martensite  on  welding,  does  not  present  a  similar 
micro  structural  feature  for  segregation.  Furthermore,  carbon  migrates  from  the  ferritic  HA Z  to 
the  austenitic  weld  metal  during  the  stress  relieving  treatment,  creating  a  C-depleted  zone,  which 
is  expected  to  be  more  ductile.  Therefore,  in  comparison  with  the  N-type  welds,  the  creep 
ductility  of  the  joint  is  relatively  high  in  the  vicinity  of  the  fusion  boundary.  Consequently,  the 
welds  are  more  resistant  to  CCG  below  540°C. 

Welds  made  with  the  high  purity  2!4CrlMo  are  markedly  more  resistant  to  CCG,  as  expected 
from  the  discussions  presented  above. 


w m 


Figure  10  High  purity  2%CrlMo:  Cracks  in  N-type  welds  at  500°C  are  largely  in 
the  weld  metal.  At  580°C,  extensive  damage  accompanied  growth  of  blunt  cracks 
in  the  ferritic  HAZ 


Conclusions 

1 .  There  are  two  different  temperature  regimes  for  creep  cracking  in  transition  joints,  one  at 
540°C  and  above  and  the  other  at  lower  temperatures. 

2.  The  differences  are  attributed  to  different  mechanisms  of  creep  embrittlement.  At  high 
temperatures,  the  N-type  joints  are  more  resistant  to  creep  crack  growth  than  the  S-type  joints 
because  of  the  abundance  of  MnS  precipitates  at  PAGBs,  which  facilitate  cavitation  in  the 
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latter.  In  the  low  temperature  regime,  the  N-joints  become  less  resistant  because  of  the 
embrittlement  of  the  fusion  boundary  due  to  the  segregation  of  the  residuals. 

3.  Creep  crack  growth  tests  in  both  these  temperature  regimes  have  been  found  to  be  good 
indicators  of  the  relative  service  performances  of  DMWs  made  with  either  the  austenitic  or 
the  Ni-based  fillers.  They  also  reproduce  all  essential  microstructural  features  of  cracks  in 
service. 

Acknowledgement 

This  paper  is  published  with  the  permission  of  National  Power  Pic. 


References 

[1]  B.  Nath,  J.  Phillips  and  J.A.  Williams,  1990,  Seminar  on  Life  of  welds  at  High  Temperature, 
June  1990,  London,  IMechE  (London) 

[2]  B.  Nath,  1982,  Proc  Int  Conf  on  Welding  Technology  for  Energy  Applications,  Gatlinburg, 
May 

[3]  D.I.  Roberts,  C.C.  Li  and  R.D.  Nicholson,  1985,  EPRI  Report  CS-4252,  Vol.2 

[4]  R.J.  Gray,  J.F.  King,  J.M.  Leitnaker  and  G.M.  Slaughter,  1977,  “Microstructural  Science”, 
Vol.  5,  ed.  L.D.  Brown,  Elsevier  North,  Holland 

[5]  M.C.  Coleman  and  P.C.  Rowlands,  1 989,  PowerGen  Report  RD/M/1 878/RR89 

[6]  B.  Nath,  1982,  4th  Int  Conf  Welding  in  Nuclear  Engineering,  November,  Achen,  DVS 
(Diisseldorf) 

[7]  R.  Pilkington,  R.  Dicken,  P.  Peura,  G.W.  Lorimer,  G.C.  Allen,  M.  Holt  and  C.M.  Younes, 
1995,  Trace  Element  Embrittlement  in  a  2.25%Cr  IMo  Steel,  University  of  Manchester 
Report 

[8]  B.  Nath,  1991,  “An  Assessment  of  Nickel-based  Alloys  for  High-Temperature  Bolting 
Applications”,  ed:  J.B.  Marriott,  Publ:  CEC  (Brussels),  ISBN  92-826-3235-0 


Fax:  +44-1793-89-6391 

e-mail:  birendra.nath@natpower.com 


Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  131-138 
©  2000  Trans  Tech  Publications,  Switzerland 


Mechanical  Behavior  and  Strengthening  Mechanism  of  W  containing 
9-12%  Cr  Steels  under  Creep  Condition  for  a  Cracked  Specimen 

A.T.  Yokobori  Jr.1,  S.  Takmori1,  T.  Yokobori2,  Y.  Hasegawa3,  K.  Kubota4 

and  K.  Hidaka5 

1  Fracture  Research  Institute,  Tohoku  University,  Aoba  Aramaki, 

Aobaku  01  Sendai-shi,  #980-8579,  Japan 

2  Faculty  of  Science  and  Engineering,  Teikyo  University, 

1-1,  Toyosatodai  Utsunomiya-shi,  #320-0003,  Japan 

3  Nippon  Steel  Corporation,  Steel  Research  Laboratories, 

20-1 ,  Shintomi,  Futtsu-shi,  #293-8551 ,  Japan 

4  Hitachi  Metals  Ltd.,  Metallurgical  Research  Laboratories, 

Yasugi-cho,  Yasugi-shi,  #692-001 ,  Japan 

5  Hitachi  Ltd.,  Hitachi  Research  Laboratories, 

1-1,  Saiwai-cho  3  chome,  Hitachi-shi,  #317-0073,  Japan 

Keywords:  9-12%  Cr  Steels,  Tungsten,  Creep  Crack,  NF616,  TAF650,  Creep  Deformation  Curve 

Abstract 

Tungsten  strengthening  9-12%  heat  resistant  steels  have  been  developed  for  the  application  of 
the  highly  efficient  ultra  supercritical  steam  power  plant  because  of  the  protection  of  natural 
environment  and  the  preservation  of  fossil  fuel.  For  these  materials,  creep  test  for  a  smooth 
specimen  and  charpy  impact  test  have  been  performed  to  investigate  basic  mechanical  properties. 
However,  mechanical  behaviors  of  creep  crack  growth  and  fracture  have  not  yet  been  clarified. 
In  this  paper,  using  NF616  and  TAF650,  creep  crack  growth  tests  were  performed  and  load  line 
displacement  laws  under  creep  condition  were  derived  and  compared  with  those  for  creep  ductile 
and  brittle  materials  such  as  Cr-Mo-V  steel  and  IN  100  alloy.  Furthermore,  creep  crack  growth 
behavior  was  investigated  and  related  to  the  metallurgical  structure.  From  these  studies,  however, 
both  of  NF616  and  TAF650  have  initial  ductility,  load  line  displacement  under  creep  condition 
was  found  to  be  restrained  owing  to  the  increase  in  the  resistance  to  the  creep  deformation  and 
crack  growth  due  to  structural  strengthening  mechanism.  This  characteristic  is  qualitatively 
similar  as  that  for  nickel  based  /  precipitated  superalloy  (IN100). 


1.  Introduction 

Tungsten  strengthening  9-12%  heat  resistant  steels  (NF616,  HR1200  and  TAF650)  have  been 
developed  for  the  application  of  the  highly  efficient  ultra  supercritical  pressure  steam  (USC) 
power  plant  because  of  the  protection  of  natural  environment  and  preservation  of  fossil  fuel  [1-4]. 

In  12%  CrWCoB  steels  (HR1200  and  TAF650),  Co  is  added  to  suppress  the  delta  ferrite 
formation  which  causes  brittle  fracture  [1].  This  is  aimed  the  application  of  650°C  class  USC 
power  plant. 

For  practical  use  of  these  materials  as  a  power  plant,  it  is  necessary  to  determine  the  period  of 
regular  inspection  to  insure  the  structural  safety  on  the  creep  fracture  induced  by  creep  crack 
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Fig.  1  Geometry  and  size  of  the  CT  specimen. 
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Table2.  Mechanical  properties  of  the  materials 
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Tab  1 e 3.  The  test  conditions  and  symbols. 


The  characteristics  of  LLD  for  NF616  plotted 
against  t/tf.  (t : s t ress  applied  t  ime,  t  f  :creep 
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growth.  To  predict  this  period,  it  is  necessary  to  construct  the  laws  of  creep  fracture  and  remnant 
lives  by  clarifying  the  characteristics  of  creep  crack  growth,  damage  accumulation  and 
deformation. 

Parts  of  authors  derived  the  load  line  displacement  law  of  a  cracked  specimen  under  creep 
condition,  which  is  concerned  with  creep  crack  growth  behavior  and  related  it  to  the 
characteristics  of  creep  deformation  of  smooth  specimen  [5].  On  the  basis  of  these  results,  a 
prediction  method  of  creep  fracture  and  remnant  lives  for  creep  ductile  materials  such  as  Cr-Mo- 
V  steel  was  proposed  [5]. 

In  this  study,  using  a  precracked  CT  specimens,  the  law  of  load  line  creep  displacement  for 
9%  CrW  (NF616)  and  12%  CrWCoB  steel  (TAF650)  were  investigated  and  compared  with  those 
ofCr-Mo-V  steel  and  /  precipitated  Ni-based  superalloy  (INI  00).  Furthermore,  the  strengthening 
mechanism  of  these  tungsten  strengthening  9-12%  heat  resistant  steels  were  related  to  the  law  of 
load  line  creep  displacement. 

2,  Materials,  specimens  and  experimental  procedure 

Materials  used  are  9%  CrW  (NF616)  and  12%  CrWCoB  (TAF650)  steels  [1-4].  NF616  was 
normalized  at  1070°C  for  1  hr  and  then  tempered  at  780°C  for  1  hr,  whereas,  TAF650  was 
normalized  at  1100°C  for  1  hr  and  then  tempered  750°C  for  2  hr.  Typical  martensitic  lath 
structures  are  observed  in  both  NF616  and  TAF650.  The  martensitic  lath  structures,  which  have 
the  same  crystallographical  direction,  gather  and  form  a  block  and  these  blocks  form  a  packet. 

The  chemical  composition  and  mechanical  properties  of  these  materials  are  shown  in  Tables  1 
and  2.  Specimen  used  is  a  standardized  CT  precracked  specimen  for  creep  crack  growth  test  [6] 
as  shown  in  Fig.l.  A  fatigue  precrack  was  about  3  mm,  which  was  introduced  by  step  decreasing 
loading  condition.  Final  load  level  is  lower  than  that  of  initial  stress  intensity  factor  of  creep 
crack  growth  test. 

To  perform  creep  crack  growth  test,  a  lever-type  creep  testing  machine  was  used.  The 
experimental  conditions  are  shown  in  Table  3.  The  load  line  displacement  was  measured  to  a 
precision  of  below  1  \xm  [7],  Details  of  the  experimental  method  were  given  in  our  previous 
paper  [7], 

Another  experiment  was  carried  out  to  clarify  the  high  temperature  creep  damage  and  fracture 
mechanism.  The  specimens  were  cut  from  the  material  and  machined  into  the  double  edge 
notched  specimens.  High  temperature  creep  tests  have  been  carried  out  on  these  specimens  using 
in  situ  observation  technique  under  10'5  torr  vacuum  condition  [8,9], 

3.  Experimental  results  and  analyses 

3.1  The  characteristics  of  load  line  displacement  (LLD) 

Values  of  load  line  displacement  (LLD)  of  NF616  and  TAF650,  AS/S0  (<50  =  6mm)  are 
plotted  by  the  non-dimensional  time  of  stress  application,  t/tf ,  as  shown  in  Figs.  2  and  3,  where 
t  is  the  time  of  stress  application  and  tf  is  the  creep  fracture  (life)  for  each  specimen.  (t/tf  is  a 
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value  which  is  controlled  by  applied  stress  and  temperature.)  In  NF616,  values  of  A S/S0 
increase  regularly  with  increase  in  temperature  in  spite  of  these  data  being  represented  by  t/tf  . 
On  the  other  hand,  in  TAF650,  the  LLD  curves  are  independent  of  temperature  and  they  are 
represented  by  a  unique  master  curve.  This  curve  takes  lower  values  of  LLD  than  the  minimum 
value  of  the  characteristics  of  LLD  for  NF616. 

The  characteristics  of  LLD  for  NF616  and  TAF650  were  compared  with  those  for  Cr-Mo-V 
steel  and  IN  100  alloy  as  shown  in  Fig.  4.  These  results  show,  however,  in  the  region  of  t/tf  <  0. 1 , 
both  NF616  and  TAF650  have  same  values  of  A S/S0  as  that  of  Cr-Mo-V  steel  which  is  creep 

d  f 

ductile  material,  in  the  region  of  t/tf  >0.1,  the  time  derivative  of  LLD,  —  —  has  a  constant 

dt\oQ  ) 

value  and  the  LLD  has  similar  qualitative  characteristics  as  that  of  Ni-based  superalloy,  INI 00. 
The  absolute  values  of  LLD  for  NF616  in  the  region  for  T<600°C  and  TAF650  are  lower  than 
those  for  Cr-Mo-V  steel.  Furthermore,  values  of  LLD  for  NF616  under  T<600°C  and  TAF650 
at  t/tf  =  0.8  are  limited  to  a  factor  of  2  of  those  at  t/tf  =0.1 . 

3.2  The  law  of  load  line  displacement  (LLD) 

For  smooth  specimen,  0  projection  method  was  proposed  to  describe  a  creep  deformation  law 
as  a  function  of  t  [10,1 1].  We  adopted  a  little  different  treatment  to  characterize  the  LLD  law [5]. 
Using  the  non-linear  least  square  method,  the  experimental  characteristics  of  LLD  represented  by 
t/tf  were  approximated  by  Eq.  (1)  and  each  value  of  ai  (i =1  ~  4)  were  determined,  where  tf  is  a 
creep  fracture  life  for  each  specimen. 

=  ax  +a2  (l  -  +  a4  -  1 )  (l) 

The  relationship  between  the  value  of  af  (z= 1  ~  4)  and  temperature  for  NF616  are  shown  in  Figs. 
5  (a),  (b)  and  (c).  Equation  (1)  for  TAF650  is  given  by  Eq.  (2). 

— =5.04x10"’  +  8. 94x1  O'2  1.59xl0‘4  (e7  85('/'/,-l )  (2) 

So 

These  results  show  each  value  of  for  NF616  has  a  linear  relationship  with  (1/RT)  and  the 
value  of  a3  equals  to  5.1  and  7.5  respectively  for  650°C  and  580°C.  The  value  of  a3  for  TAF650 
equals  to  7.85.  In  Cr-Mo-V  steel,  which  is  a  creep  ductile  material,  a3  has  a  value  of  4.9.  On  the 
other  hand,  in  /precipitated  Ni  based  superalloy,  cast  INI 00,  a3  has  a  value  of  7.51. 

These  results  show  that  with  decrease  in  temperature,  the  LLD  law  of  NF616  changes  from 
that  of  Cr-Mo-V  steel  which  is  a  creep  ductile  material,  to  that  of  /  precipitated  Ni  based 
superalloy,  INI 00  and  the  LLD  law  of  TAF650  has  the  similar  qualitative  characteristics  of 
IN100.  Because  values  of  a3  equal  to  each  value  of  a3for  Cr-Mo-Vsteel  and  IN100. 

From  these  results  mentioned  above,  however,  both  NF616  and  TAF650  have  creep  ductility 
in  initial  LLD  law,  the  structural  strengthening  mechanism  increase  the  resistance  to  creep  crack 
growth  and  deformation  and  it  controls  the  followed  LLD. 
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3.3  Creep  crack  growth  path  and  observation  on  fracture  surface 

Creep  crack  growth  paths  of  NF616  and  TAF650  are  shown  in  Figs.  6  (a)  and  (b).  Both  creep 
crack  growth  paths  show  convex  and  concave  shapes  dominated  by  material  structure.  Especially, 
in  TAF650,  many  creep  cracks  grow  along  lath  boundaries  in  martensitic  structures. 

Fracture  surfaces  of  NF6 16  and  TAF650  observed  by  SEM  (HITACHI  Ltd.  S415)  are  shown 
in  Figs.  7  (a)  and  (b).  In  NF616,  colony  like  micro  fracture  units  which  are  considered  to  be 
induced  by  subcritical  creep  crack  growth  are  observed.  The  average  length  is  about  500  pm.  On 
the  other  hand,  in  TAF650,  lamellar  type  long  fracture  units  perpendicular  to  the  creep  crack 
growth  direction  are  observed  and  the  length  is  about  1500  pm.  These  results  are  in  good 
agreement  with  those  in  Figs.  6  (a)  and  (b). 

3.4  The  effect  of  material  strengthening  mechanism  on  the  creep  crack 
growth 

Using  a  double  edge  specimen,  the  in  situ  observational  result  of  creep  crack  growth  behavior 
for  NF616  is  shown  in  Figs.  8  and  9  (T=630°C,  o=375.4  MPa,  tf  is  creep  fracture  life).  This 
result  shows  void  formation  proceedingly  occurs  (Fig.  8)  and  two  branched  creep  cracks  initiate 
from  a  notch  tip  (Fig.  9).  These  branched  cracks  are  composed  of  micro-branched  cracks  induced 
by  void  formation.  On  the  other  hand,  in  TAF650,  void  formation  can  not  be  clearly  observed 
and  convex  and  concave  large  creep  cracks  are  observed  along  martensitic  lath  boundaries  (Fig. 
6  (b)).  This  is  considered  to  be  induced  by  the  following  mechanism.  The  martensitic  lath 
structures  in  TAF650  are  much  more  developed  as  compared  with  that  in  NF616.  It  constrains 
dislocation  glide  and  void  formation  [12],  which  protects  the  occurrence  of  grain  boundary 
cracking  and  causes  branch  cracks  along  martensitic  lath  boundaries.  However  martensitic  lath 
structures  are  a  little  different  between  NF616  and  TAF650,  they  constrain  LLD.  Due  to  this 
strengthening  mechanism,  LLD  laws  in  NF616  and  TAF650  become  similar  as  those  in  INI  00 
and  TiAl  intermetallic  compound  with  full  lamellar  microstructure,  which  are  also  structural 
strengthening  materials. 

4  Conclusion 

Tungsten  strengthening  9-12%  heat  resistant  steels  (NF616  and  TAF650)  have  creep  ductility 
in  initial  load  line  displacement  (LLD)  law.  However,  the  structural  strengthening  mechanisms 
increase  the  resistance  to  creep  crack  growth  and  deformation,  and  it  controls  the  followed  LLD. 
This  characteristic  is  similar  as  that  of  INI  00. 
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Fig.  9  The  result  of  in  situ  observation  on 
branched  crack  growth  from  a  notch  tip. 
(T=630  C,  a  =375.  4MPa) 


Fig.  8  The  result  of  in  situ  observation  on 
void  formation  for  NF616  under  creep 
condition.  (T=630  C,  a  =375.  4MPa, 
t/tf=0.  34.  t  f  =  290.  8h) 
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Abstract:  Uniaxial  creep,  round  notched  and  creep  crack  growth  (CCG)  tests  at  360°C  as  well  as 

post  test  metallography  were  carried  out  on  a  high  strength  low  alloy  steel  (BS  1501-271).  As- 
received  material  and  simulated  coarse  grained  heat  affected  zone  microstructure  across  a  weldment 
(simulated  HAZ)  were  tested.  It  was  found  that  creep  crack  growth  did  occur  below  the  limit 
temperature.  The  shortest  life  was  seen  in  the  CCG  tests  with  the  simulated  HAZ.  The  crack  growth 
rate  can  be  described  by  creep  parameter  C*.  Some  relations  between  failure  time,  reference  stress 
and  steady  crack  growth  rate  were  found  for  the  CCG  tests.  Intergranular  crack  initiation,  growth 
and  fracture  were  observed  in  the  CCG  tests  with  the  simulated  HAZ,  in  particular  at  longer  lives. 

1.  INTRODUCTION 

Over  the  last  two  decades,  about  125  failures  due  to  creep  crack  growth  (CCG)  in  high  strength  low 
alloy  steels  are  known  worldwide.  Failures,  initially  in  cold  bent  feed  pipes  and  more  recently  in 
boiler  tubing,  were  found  in  power  generation  equipment  under  steam  conditions  of  360°C  and  168 
bar.  The  failures  usually  occurred  after  service  lives  from  8,000  to  100,000  hours.  Examples  of 
investigations  into  the  CCG  behaviour  are  given  in  [1-3]. 

Early  analyses  of  the  failures  showed  that  laps  on  the  surfaces  of  the  bends  [2],  or  a  hammer  blow 
mark  or  a  shallow  notch  which  resulted  in  stress  concentration  [4]  acted  as  a  crack  starter. 
Subsequent  crack  growth  led  to  final  failure.  Two  types  of  brittle  failures  were  reported  [4]:  leakage 
before  failure  and  violent  failure  causing  damage  to  the  surrounding  structure.  Evidence  revealed 
that  bends  with  high  hardness  and  low  ductility  were  more  susceptible  to  violent  failure  than  softer 
ones  [2].  Recent  studies  [5]  revealed  that  plant  failures  have  also  been  associated  with  areas  of  high 
residual  stress  in  the  cold  bent  pipes,  welds  on  tubes,  etc. 

At  such  low  temperature  as  360°C,  which  is  below  the  limit  temperature  of  about  430°C  for  these 
steels,  design  stresses  in  power  generating  applications  are  actually  based  on  tensile  properties,  and 
creep  is  generally  considered  to  be  of  little  importance  [6].  Somewhat  surprisingly,  the  mechanism 
of  cracking  was  eventually  identified  as  being  creep  [2]. 

Under  steady-state  conditions,  creep  crack  growth  rates  can  be  correlated  to  the  parameter  C*,  an 
energy  rate  line  integral  which  uniquely  characterises  the  crack  tip  stress  and  strain  rate  field  for 
cracked  bodies  [7-9].  Recently,  C*  has  been  applied  to  correlate  the  creep  crack  growth  rates  in  a 
low  alloy  nuclear  reactor  pressure  vessel  steel  at  360°C  -  420°C  [10]. 

The  purposes  of  this  paper  are  to  study  the  creep  and  CCG  behaviour  in  a  high  strength  low  alloy 
steel  at  360°C  and  to  examine  the  effects  of  microstructure  on  the  CCG  and  failure. 
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2.  EXPERIMENTAL 

2. 1  Material  and  Heat  Treatment  Simulation 

A  52  mm  thick  high  strength  low  alloy  plate  steel  (BS  1501-271)  was  used  in  the  study.  The  as- 
received  steel  was  normalised  at  880°C/15  minutes,  air  cooled,  tempered  at  670°C/one  hour,  air 
cooled.  The  chemical  composition  is  shown  in  Table  1.  The  steel  consists  of  a  mixture  of  bainite 
and  ferrite  with  a  grain  size  of  approximately  7  pm,  see  Fig.  1(a).  Pre-test  metallography  results 
including  mechanical  properties  are  given  in  Table  2. 

To  simulate  microstructure  in  the  coarse  grained  heat  affected  zone  (HAZ)  across  a  weldment,  the 
as  received  steel  was  furnace  heat  treated  at  1150°C/30  minutes,  boiling  water  quenched.  The  steel 
was  then  tempered  at  630°C/two  hours,  air  cooled,  resulting  in  a  mixed  tempered  bainite  and 
martensite  with  a  grain  size  of  approximately  100  pm,  see  Table  2  and  Fig.  1(b). 


Table  1  Chemical  compositions  (wt%) 


c 

Si 

Mn 

S 

P 

Cr 

Mo 

Ni 

V 

N 

Nb 

Ti 

Cu 

A1 

0.14 

0.29 

1.36 

0.003 

0.008 

0.53 

0.17 

0.62 

<0.07 

0.005 

<0.005 

0.001 

0.14 

0.029 

Table  2 


Grain  size ,  microstructure,  hardness  and  mechanical  properties  at  22° C  and  at  360°C. 


Microstructure 

Grain 
size,  pm 

Hardness, 

HV10 

ff0.2> 

MPa 

MPa 

A5 

(%) 

Transit.  Temp. 
(27  J) 

As-received 

Ferrite  + 

7 

187 

464 

612 

27 

-80°C 

parent  material 

bainite 

(389) 

(555) 

(23) 

Simulated  HAZ 

Bainite  + 

100 

292 

microstructure 

martensite 

a0.2  is  the  yMd  strength,  oB  the  tensile  strength,  A5  the  elongation  at  failure.  The  values  in  brackets  were  obtained  at  360°C. 
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rig.  1  LOM  micrograph  showing  (a)  as-received  material  with  mixed  bainite  and  ferrite,  400X, 

and  (b)  furnace  simulated  coarse  grained  HAZ  microstructure  with  mixed  bainite  and 
martensite,  400X. 

2.2  Uniaxial  Creep,  Double  Round  Notched  and  Compact  Tension  Specimens 

In  total,  six  series  were  tested  at  360°C  in  air  and  intended  to  progress  to  rupture.  They  are  two 
uniaxial  creep  series  (uniaxial),  two  double  round  notched  series  (notched)  and  two  compact  tension 
series  for  creep  crack  growth  (CCG)  tests.  For  the  same  type  of  the  series,  one  was  taken  from  the  as 
received  parent  material  (PM),  designated  PM-uniaxial,  PM-notched  and  PM-CCG,  respectively, 
and  one  was  taken  from  the  simulated  HAZ  microstructure,  designated  SHAZ-uniaxial,  SHAZ- 
notched  and  SHAZ-CCG,  respectively. 
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The  uniaxial  specimens  were  cylindrical  with  threaded  ends  with  5  mm  diameter  and  55.5  mm 
gauge  length.  All  notched  specimens  had  a  gauge  length  of  51  mm  with  two  equally  spaced  notches 
in  each  specimen  with  a  notch  acuity,  a/R,  of  15.  The  parameter  ‘a’  is  the  radius  of  the  specimen  at 
the  base  of  the  notch  position  (2.82  mm  in  all  cases),  and  R  is  the  notch  root  radius.  The  compact 
tension  specimens  were  manufactured  in  accordance  with  ASTM  E  1457  [12]  for  the  CCG  tests. 
The  spark  machined  notch  had  a  root  radius  of  0.15  mm. 


2.3  Testing 

The  uniaxial  and  notched  specimens  were  tested  by  using  single  specimen,  uniaxial  constant  load 
creep  testing  machines.  For  the  notched  specimens,  the  net  section  stress,  Gnet,  was  used  where  Gnet 
is  the  load  divided  by  initial  cross-sectional  minimum  area  at  the  notch  root.  For  the  CT  specimens, 
the  reference  stress,  <7ref  in  MPa,  was  calculated  according  to 


aref  = 


m  -Beq  •  W 


W 


a  \2 


where  m  =  -(l  +  Y(— - ))  +  ,  (!  + Y)(Y(—)  +  1),  Beq  “B" 


(B-B,,)2 


w 


B 


P  is  the  load  in  N,  W  the  width  of  the  CT  specimen  in  mm,  B  the  CT  specimen  thickness  in  mm,  a 
the  crack  length  in  mm  and  Bn  the  net  thickness  between  the  side  grooves  in  mm.  For  the  estimation 

of  C*,  the  following  expression  is  now  well  accepted  [11] 

P'A, 


C*  = 


B(W-a) 


n  +  1 


W  — a. 

(2+0.522 - ) 

W 


where  C*  is  in  MPa  m/h,  Ac  is  the  load  line  displacement  rate  due  to  creep  in  mm/h,  n  the  stress 
index  in  Norton’s  law.  The  CCG  tests  followed  the  instructions  described  by  [12].  The  potential 
drop  output  and  the  load  line  displacement  for  the  CCG  tests,  the  creep  strain  for  the  creep  and 
notched  specimens  as  well  as  temperatures  were  recorded  periodically. 

2.4  Post  Test  Metallography 

Some  failed  uniaxial,  notched  and  CT  specimens  were  metallographically  examined  using  light 
optical  microscope  (LOM).  In  this  case,  the  mid-thickness  of  the  specimens  which  was 
perpendicular  to  the  fracture  was  sectioned,  ground  and  polished  to  1  pm  before  etched  in  4%  nital. 
Fractography  was  performed  on  some  failed  notched  and  CT  specimens  using  scanning  electron 
microscopy  (SEM).  Prior  to  examination,  the  fracture  was  ultrasonically  cleaned. 

3.  RESULTS  AND  DISCUSSIONS 
3.1  Uniaxial,  Notched  and  CCG  Tests 

Time  to  rupture  tR  versus  applied  stress  a  for  uniaxial  tests,  versus  net  stress  anet  for  notched  tests, 
and  versus  reference  stress  aref  for  CCG  tests  are  given  in  Fig.  2.  It  can  be  seen  that 

i)  the  tR-G,  tR-anet  and  tR-aref  relations  are  fairly  linear  in  the  double  logarithmic  scales.  tR 
increases  with  decreasing  a,  anet  or  aref. 

ii)  for  the  uniaxial  tests,  the  simulated  HAZ  shows  longer  lives  than  those  of  the  PM.  This  is 
independent  of  the  stresses. 

iii)  independent  of  microstructure,  notch  strengthening  is  observed,  in  comparison  to  the  uniaxial 
tests.  The  simulated  HAZ  gives  much  longer  lives  than  those  of  the  PM  at  the  same  Gnet. 

iv)  for  the  CCG  tests,  the  PM  shows  longer  lives  than  those  of  the  simulated  HAZ. 
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v)  for  the  PM,  tR  for  the  CCG  test  is  longer  than  that  for  the  uniaxial  test.  This  case  is  reversed 

for  the  simulated  HAZ.  For  the  simulated  HAZ,  the  failures  for  the  CCG  tests  occur  at  much 
short  times  than  those  for  the  uniaxial  tests. 


Fig.  2  Stress  G,  net  stress  Gnet  and  reference  stress  Gref  versus  time  to  rupture  tR.  s  means  the 
stopped  tests . 

tR  versus  elongation  at  rupture,  eR,  and  reduction  of  area  at  rupture,  AR,  are  given  in  Fig.  3  for  the 
uniaxial  tests.  Independent  of  microstructures,  eR  is  insensitive  to  the  variation  of  tR,  whereas  AR 
decreases  slightly  with  increasing  tR.  Comparing  to  the  simulated  HAZ,  the  PM  has  a  better 
ductility.  Minimum  creep  rate  de/dtmin  versus  a  for  the  uniaxial  tests  follows  Norton's  law,  see  Fig. 
4.  At  the  same  a,  de/dtmin  is  found  to  be  much  larger  in  the  PM  in  comparison  with  the  simulated 
HAZ.  The  stress  index  n  is  38.5  for  the  PM  and  42.5  for  the  simulated  HAZ. 


1E+1  1E  +  2  1 E  +  3  •  1E  +  4  1E  +  5 


TIME  TO  RUPTURE,  tR,  (h) 

Fig.  3  Elongation  at  rupture,  eR,  and  reduction  of  area  at  rupture,  AR,  versus  time  to  rupture  tR 
for  uniaxial  tests. 

Crack  growth  rate,  da/dt,  versus  creep  parameter  C*  is  shown  in  Fig.  5(a)  for  the  PM  and  in  Fig. 
5(b)  for  the  simulated  HAZ.  C*  is  calculated  according  to  Eq.  2.  The  load  line  displacement  rate, 
Ac  >  is  determined  from  two  adjacent  data  points  on  the  load  line  displacement  recordings. 
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STRESS,  <*,  or  REFERENCE  STRESS,  ore f ,  (MPa) 

Fig.  4  Minimum  creep  rate,  de/dtmin,  versus  stress  a  for  uniaxial  tests  and  steady  state  crack 
growth  rate,  da/dts,  versus  reference  stress  <*reff°r  CCG  tests' 
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Fig.  5  Crack  growth  rate,  da/dt,  versus  C*  at  given  reference  stresses  for  (a)  the  PM,  and  (b)  the 
simulated  HAZ. 

Independent  of  reference  stress  and  microstructure,  da/dt  falls  in  a  narrow  band  for  all  the  CCG 
tests.  In  the  double  logarithmic  scales  da/dt  increases  linearly  with  increasing  C*  and  this  relation 
can  be  expressed  as 

^  =  Do(C*)4>  3 

where  D0  and  <j>  are  constants.  The  values  of  <[)  are  between  1  to  1.5. 

Steady  state  crack  growth  rate,  da/dts,  as  a  function  of  reference  stress,  Gref,  is  also  given  in  Fig.  4 

for  the  CCG  tests,  c.f.  series  PM-CCG  and  SHAZ-CCG.  da/dts  is  actually  the  growth  rate  which  is 

constant  within  a  period.  It  can  be  seen  that  at  the  same  aref,  da/dts  in  the  PM  is  much  lower  than 

that  in  the  simulated  HAZ.  The  steady  state  crack  growth  rate  follows  the  power-law  relation,  which 

is  in  the  same  form  as  the  Norton’s  law,  and  can  be  written  as 

da  v  v 

—  =  v  (aref ) 


4 
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where  v'and  v  are  coefficient  and  stress  index,  respectively,  v  is  82  and  49  for  the  PM  and  the 
simulated  HAZ,  respectively. 


da/dts  is  plotted  against  tR  in  Fig.  6  for  the  CCG  tests,  c.f.  series  PM-CCG  and  SHAZ-CCG.  Fig.  6 
also  includes  uniaxial  creep  tests  where  tR  is  plotted  against  de/dtmin,  c.f.  series  PM-uniaxial  and 
SHAZ-uniaxial.  It  should  be  mentioned  that  da/dts  and  de/dtmin  have  different  units.  In  the  double 
logarithmic  scales,  the  da/dts-tR  and  de/dtmin-tR  relations  are  reasonably  linear.  For  the  CCG  tests, 
da/dts-tR  relation  seems  to  be  independent  of  the  microstructure.  For  the  uniaxial  tests,  de/dtrain-tR 
relation  depends  somewhat  on  the  microstructure.  The  power-law  da/dts-tR  relation  for  the  CCG 


tests  and  the  power-law  de/dtmjn-tR  (Monkman-Grant)  relations  for  the  uniaxial  tests  propose 
da  r 

_  .  P(XG  — 


dt  s 

de 

dt 


tR' 


=  C 


CCG 


•‘rPpm  =CPM 


5a 


5b 


mm 


where  Cccg,  CPM,  PcCG  and  Ppm  are  constants.  Pccg  and  Ppm  take  t^e  values  of  1.09  and  0.93, 
respectively,  which  are  very  close  to  unity. 


Fig.  6  Steady  state  crack  growth  rate,  da/dts,  for  CCG  tests  and  minimum  creep  rate,  de/dtmin,  for 
uniaxial  tests  versus  time  to  rupture  tR. 

3.2  Post  Test  Metallography 

For  the  uniaxial  tests,  necking  appeared  prior  to  rupture.  Grains  adjacent  to  the  fracture  were 
elongated  along  the  stress  direction  and  the  rupture  mode  was  transgranular.  No  creep  cavitation 
was  observed.  These  observations  were  independent  of  stresses  and  microstructure. 

For  the  notched  tests,  transgranular  crack  initiation  and  growth  were  dominant  in  the  PM.  Deformed 
grains  and  micro-cracks  at  about  45°  to  the  stress  direction  were  observed  at  the  unfailed  notch,  see 
Fig.  7a.  For  the  simulated  HAZ,  neither  cracking,  cavity  nor  deformed  grains  were  observed  at  the 
unfailed  notch.  Transgranular  and  intergranular  crack  initiation  and  growth  were  dominant  at  shorter 
and  longer  failure  times,  respectively.  The  intergranular  initiation  and  growth  is  shown  in  Fig.  7b. 

For  the  CCG  tests,  deformed  grains  close  to  the  crack  and  transgranular  crack  initiation,  propagation 
and  final  fracture  were  observed  in  the  PM,  being  independent  of  time  to  failure,  see  Fig.  7c.  For  the 
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Fig.  7  LOM  (a)  and  SEM  (b-d)  micrographs :  (a)  PM-notched,  cross  section  of  the  unbroken 
notch  on  the  failed  specimen  after  2074  hours  at  780  MPa,  200X.  (b)  SHAZ-notched, 
fracture  surface  of  the  failed  specimen  after  2172  hours  at  1050  MPa,  150X.  (c)  PM-CCG, 
fracture  surface  near  the  notch  of  the  failed  specimen  after  12457  hours  at  574  MPa. 
Arrow  indicates  the  crack  growth  direction.  100X .  (d)  Same  as  (c),  but  for  the  failed 
specimen  from  SHAZ-CCG  after  3237  hours  at  507.4  MPa,  100  X 

4  CONCLUSIONS 

This  study  has  addressed  creep  crack  growth  in  the  high  strength  low  alloy  steel  used  in  the  power 

generating  industry  below  the  limited  temperature.  The  following  conclusions  can  be  drawn. 

1)  Creep  crack  growth  (CCG)  did  occur  below  the  limit  temperature  where  creep  is  not  usually 
anticipated.  CCG  can  be  a  main  factor  restricting  the  performance  of  the  material. 

2)  The  shortest  failure  time  was  found  in  the  CCG  tests  with  the  simulated  HAZ,  especially  at 
lower  reference  stresses.  This  shows  that  the  simulated  HAZ  is  quite  sensitive  to  creep  crack 
growth. 

3)  For  the  parent  metal,  the  shortest  failure  time  was  found  in  the  uniaxial  tests,  indicating  that 
the  parent  metal  is  insensitive  to  creep  crack  growth. 

4)  The  CCG  behaviour  was  analysed  by  means  of  the  creep  parameter  C*.  The  crack  growth  rate 
correlated  well  with  C*  and  it  fell  in  a  narrow  band  when  plotted  against  C*. 
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5)  The  power-law  relations  between  the  failure  time  and  reference  stress,  between  the  steady 
state  crack  growth  rate  and  reference  stress  (Norton's  law  for  the  uniaxial  tests),  between  the 
steady  state  crack  growth  rate  and  failure  time  (Monkman-Grant  correlation  for  the  uniaxial 
tests)  were  found  in  the  CCG  tests.  These  findings  may  have  a  potential  application  in  the 
estimation  of  lifetimes  where  the  CCG  dominates. 

6)  For  the  parent  metal,  failure  was  transgranular  for  the  uniaxial  tests  and  crack  initiation  and 
growth  were  transgranular  for  the  notched  and  CCG  tests.  These  were  independent  of  failure 
time. 

7)  For  the  simulated  HAZ,  failure  was  transgranular  for  the  uniaxial  tests.  For  the  notched  tests, 
transgranular  and  intergranular  crack  initiation  and  growth  dominated  at  shorter  and  longer 
failure  time,  respectively.  For  the  CCG  tests,  intergranular  crack  initiation,  growth  and  final 
fracture  were  observed,  independent  of  failure  time. 
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Abstract  Creep  crack  growth  behavior  of 
gamma  titanium  aluminide  alloys  was 
investigated  over  650  to  800°C  temperature 
range  under  constant  load  conditions.  Alloys 
were  chosen  in  a  nearly  fully  lamellar 
microstructural  form.  Analysis  of  creep  crack 
growth  data  obtained  from  CT  specimens 
suggests  that  elastic  stress  intensity  factor  K 
best  describes  the  crack  growth  rate  data  at  the 
lower  test  temperatures.  At  800°C  tests  had  to 
be  discontinued  because  of  creep  blunting.  At 
650°C  and  720°C  creep  crack  extension 
occurred  through  formation  of  microcracks 
along  interlamellar  interfaces  and  their  joining 
to  the  main  crack-tip  through  translamellar 
fracture.  At  800°C,  extensive  high  temperature 
deformation  and  creep  accompanied  crack 
extension.  Fracture  at  800°C  is  predominantly 
grain  boundary  fracture  consisting  of  grain 
boundary  voiding  and  interlamellar  separation. 
For  similar  K’s,  crack  extension  and  growth- 
rate  were  greater  at  800°C  than  at  650°C. 

Introduction  Creep  crack  growth  of  flaws  is 
an  important  phenomenon  to  understand  and 
arises  in  situations  where  structural  parts 
operate  at  high  temperatures  under  constant 
load  or  cyclic  load  with  hold  periods.  A  number 
of  publications  in  the  literature  have  addressed 
the  fracture  mechanics  framework  and 
understanding  of  creep  crack  growth 
mechanisms  to  describe  sustained  load  crack 
growth  rates  at  high  temperatures  as  a  function 
of  crack-tip  driving  force  [1-9].  Although 
numerous  investigations  have  been  done  on 
materials  that  exhibit  considerable  creep  [1-5], 


recent  emphasis  has  been  on  the 
understanding  of  creep  crack  growth  in 
creep-brittle  materials  [6-9].  For  example, 
the  ASTM  standard  [10]  that  addresses 
testing  of  creep-ductile  materials  is  currently 
being  modified  to  accommodate  test 
requirements  and  method  for  creep-brittle 
materials.  Furthermore,  the  VAMAS  group 
in  collaboration  with  ASTM  has  published  a 
special  volume  on  the  creep  crack  growth 
behavior  to  include  creep-brittle  materials 

in 

Gamma  titanium  aluminide  alloys  based  on 
y-TiAl  phase  are  emerging  as  engineering 
materials  especially  for  high  temperature 
structural  applications  particularly  due  to 
their  low  density,  high-temperature  strength 
and  modulus  retention.  For  the  last  ten  years, 
low-temperature  property  evaluations  have 
been  extensive;  however,  the  increasing  need 
for  understanding  the  high-temperature 
performance  of  these  alloys  has  only  recently 
led  to  a  greater  attention  to  investigate  high 
temperature  mechanical  behavior  including 
creep,  high-temperature  fatigue  and  fracture 
resistance.  The  objective  of  this  work  was  to 
understand  the  creep  crack  growth  behavior 
of  gamma  titanium  aluminide  alloys  with 
nearly  fully  lamellar  microstructure  under 
sustained  loading.  Role  of  microstructure 
and  creep  deformation  on  crack  growth  is 
also  emphasized. 

Experimental  Procedures  Two  gamma 
TiAl  alloys  were  chosen  for  this  study. 
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Composition  of  Alloy  A  is  Ti-46.5Al-2Cr-3Nb- 
0.2W-0.2Si-0.150  and  composition  of  Alloy  B 
is  Ti-47Al-2Cr-2.5Nb-0.2W-0. 1 2B-0.03C  (in 
at  %).  Both  were  obtained  as  forgings  and  were 
given  the  following  heat  treatment.  Alloy  A 
was  annealed  at  1340°C  for  30  min  in  an  air 
furnace  followed  by  furnace  cooling  at  a  rate  of 
100°C/min  to  1200°C  and  then  cooled  to  RT  in 
air.  Material  was  aged  at  900°C  for  8  hours  to 
stabilize  the  microstructure.  Alloy  B  was 
annealed  at  1350°C  for  1  hour,  furnace  cooled 
to  1250°C  and  then  air-cooled.  A  6-hour  heat 
treatment  was  used  to  stabilize  the 
microstructure  prior  to  testing. 

Creep  crack  growth  testing  was  performed  on 
compact  tension  specimens  with  dimensions  of 
W  =  41  mm  and  Be  (effective  thickness)  of  5 
mm.  Specimen  surfaces  were  mechanically 
polished  to  a  lpm  finish.  Specimens  were 
either  tested  after  precracking  at  RT  at  a  K 
value  between  8-9  Mpam1/2  or  with  only  an 
EDM  notch.  Data  shown  in  this  paper  are  for 
specimens  that  were  tested  only  with  an  EDM 
notch  (radius  equal  to  0.05  mm)  and  without  a 
precrack.  Test  procedures  used  were  in 
accordance  with  the  ASTM  test  standard 
El 457-92  [10].  Crack  length  was  measured 
using  DCEPD  and  crack  opening  displacement 
was  measured  at  the  load-line  by  a  clip  gage 
with  extended  ceramic  arms.  Creep  crack 
growth  test  data  shown  in  this  paper  is  for 
720° C  tests.  Specimen  temperature  was 
maintained  within  1 . 1°C.  A  load  equal  to  0.225 
kN  was  applied  on  the  specimen  during 
heating. 

Some  tests  were  interrupted  and  stopped  to 
record  crack  profiles  to  understand  creep  crack 
growth  mechanism.  Profiles  on  the  surface  and 
interior  of  the  specimen  were  recorded.  In  this 
paper  microcracks  and  unfractured  ligament 
distribution  of  a  specimen  tested  at  650°C  are 
shown. 

Results  and  Discussion  The  heat  treatment 
employed  for  alloys  A  and  B  resulted  in  a 
nearly  fully-lamellar  (NFL)  microstructure. 
Microstructure  of  Alloy  A,  Figure  1,  consists  of 


lamellae  with  an  average  grain  size  (GS)  of 
500  pm  and  a  minor  fraction  (<5%)  of  small 
(10-30  pm)  gamma  grains.  These  gamma 
grains  are  distributed  in  stringer  forms 
throughout  the  matrix;  however,  many  of 
them  are  present  along  the  grain  boundaries. 
The  lamellar  spacing  varied  between  0.2  and 
0.7  pm  with  the  mean  value  of  0.3  pm. 
Alloy  B  has  a  finer  grain  size  than  alloy  A 
and  is  fully  lamellar  and  the  equiaxed  gamma 
grains  have  been  eliminated.  The  yield 
strength  and  Youngs  Modulus  of  Alloy  B  at 
720°C  are  420  MPa  and  150  GPa, 
respectively.  The  creep  stress  exponents  is  a 
function  of  stress  ranging  from  3  for  150 
MPa  to  8  for  higher  stresses. 


Figure  1.  Optical  and  back  scattered 
electron  micrograph  showing  nearly  fully 
lamellar  microstructure  and  the  fine  equiaxed 
gamma  grains  for  the  gamma  titanium 
aluminide  alloy. 
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Creep  crack  growth  tests  were  performed  at 
650,  720  and  800°C.  Figure  2  shows  crack 
extension  in  alloy  B,  as  a  function  of  time.  Data 
are  for  a  test  temperature  of  720°C  and  for  two 
load  levels.  For  the  sample  loaded  at  5.4  kN 
approximately  (2/10)th  of  the  life  time  is  spent 
in  initiation  time  whereas  the  specimen  loaded 
to  4.1  kN  crack  growth  appears  to  be 
instantaneous.  The  scatter  observed  in  the  data 
is  believed  to  be  due  to  the  deformation 
anisotropy  of  the  lamellar  microstructure  of  the 
gamma  alloys. 


crack  through  translamellar  fracture  of  the 
connecting  ligaments.  Even  in  the  case  of 
the  800°C  test  microcracks  developed  by 
interlamellar  splitting  and  at  this  temperature 
microcracks  formed  as  far  as  3.5  mm  ahead 
of  the  crack  tip.  At  this  temperature, 
however,  the  ligaments  joining  the 
microcracks  fractured  by  “intergranular  and 
interlamellar  fracture”  (termed  as  boundary 
fracture).  These  features  are  shown  (in  the 
next  page)  in  Figure  3  (a)  to  (c)  for  the  case 
of  650°C  test. 
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Transition  time  t?  was  then  calculated  using 

tT=(K2)/((n+l)EC*)  (1) 

and  the  maximum  value  was  chosen.  E1457 
recommends  data  prior  to  this  transition  time  be 
discarded  because  creep  stress  distribution  is 
considered  non-steady  state  prior  to  this 
transition  time.  Not  only  data  prior  to  this 
transition  time  should  be  discarded  but  also  the 
data  prior  to  a  crack  extension  of  0.5  mm  have 
to  satisfy  the  criterion  of  Vc/Vtotal t0  be  greater 
than  0.8,  otherwise  they  too  have  to  be 
discarded.  These  criteria  are  only  applicable  if 
the  crack  tip  driving  force  parameter  is  C*. 

In  the  case  of  creep-  brittle  materials,  such  as 
A1  2519  and  Ti  6242  [9]  it  was  observed  that 
the  above  criteria  are  rather  stringent.  In  fact, 
not  many  of  the  creep  crack  growth  data  points 
were  left  out  for  analysis  when  the  condition  of 
crack  extension  of  0.5  mm  and  Vc/V total  to  be 
greater  than  0.8  had  to  be  satisfied.  Therefore,  it 
was  recommended  that  these  conditions  be 
relaxed  to  include  data  after  a  crack  extension 
of  0.2  mm  that  satisfy  Vc/Vtotal  greater  than 
0.5.  These  conditions  then  are  found  to  allow 
creep  crack  growth  data  of  creep  brittle 
materials  to  be  represented  by  C*  as  well. 

For  alloy  Bthis  does  not  seem  to  be  an  issue. 
Most  of  the  data  points  show  Vc/Vtotal  greater 
than  0.8.  These  data  show  that  a  steady  state 
creep  stress  distribution  has  been  produced 
early  in  the  test  and  remains  such  for  most  of 
the  specimen  lifetime.  Also  shown  in  this 
Figure  4  are  the  transition  times  required  for  0.2 
mm  and  0.5  mm  crack  extensions.  The  analysis 
of  the  data  up  to  this  point  suggests  that  the 
behavior  of  the  gamma  titanium  aluminide 
alloy  B  at  720°C  can  be  considered  as  creep- 
ductile  according  to  the  ASTM  standard 
E1457-92.  Surprisingly,  however,  creep  crack 
growth  rate  data  for  alloy  B  did  not  show  a 
good  correlation  to  the  crack  tip  driving  force 
parameter,  C*  (da/dt  =  Constant  C*^  where  <|)  is 
approximately  equal  to  1).  Instead,  Figure  5 
shows  creep  crack  growth  rates  plotted  as  a 
function  of  elastic  stress  intensity  factor  K. 


Except  for  the  initial  transient  data,  the  rest 
of  the  data  show  a  fairly  good  correlation  to 
the  elastic  stress  intensity  factor  K. 
However,  it  is  recognized  that  the  validity  of 
K  has  to  be  proven  for  different  specimen 
geometries. 


Figure  5.  Creep  crack  growth  rates  shown 
as  a  function  of  elastic  stress 
intensity  factor,  K,  for  Alloy  B 
(Ti-47Al-2Cr-2.5Nb-0.2W-0. 1 2B- 
0.03C)  at  720°C. 


It  should  be  pointed  out  to  the  reader, 
however,  that  gamma  titanium  aluminide 
behaves  differently  at  650,  720  and  800°C. 
As  will  be  discussed  in  a  different 
publication,  creep  crack  growth  behavior  of 
these  alloys  is  creep-brittle  at  650°C  and 
creep-ductile  above  this  temperature. 

Conclusion  Creep  crack  growth  behavior  of 
gamma  TiAl  alloys  with  lamellar 
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microstructure  was  investigated  at  650,  720  and 
800°C  under  constant  load  conditions.  Analysis 
of  the  data  at  720°C  shows  that  a  steady  state 
creep  stress  distribution  is  attained  early  in  the 
test  and  remains  through  the  majority  of  the 
lifetime.  At  720°C  all  the  criteria  for  a  C* 
crack  tip  driving  force  parameter  are  met,  but  a 
good  correlation  of  crack  growth  rates  to  the 
elastic  stress  intensity  factor  crack  K  is  also 
observed.  At  all  test  temperatures,  microcrack 
formation  is  observed  to  occur  at  the 
interlamellar  interfaces.  At  650°  the  ligaments 
between  the  microcracks  fracture  in  a 
translamellar  fracture  mode.  At  800°C  the 
ligaments  between  the  interlamellar 
microcracks  fracture  by  interlamellar  cracking 
and  intergranular  separation. 
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Abstract  The  creep  behaviour  of  the 
intermetallic  y-TiAl  under  conditions  of 
multi-axial  stress  is  considered.  The  particular 
alloy  tested  is  known  as  4722XD  (Ti-47A1- 
2Mn-2Nb+0.8%vol.TiB2)  alloy  as  produced 
by  the  Howmet  Corporation.  Tests  on  plain 
and  round  bar  double  notched  tensile  test 
pieces  with  different  notch  sharpness  were 
carried  out  on  this  alloy  at  750  °C.  The  creep 
stress  distributions  generated  across  the  notch 
throats  were  calculated  by  finite  element 
analysis.  For  each  notch  geometry  a  skeletal 
point  has  been  identified  where  the  stress 
state  is  insensitive  to  the  creep  law  assumed. 
Metallographic  observations  have  been  made 
of  the  creep  damage  developed  in  the  notch 
throats.  It  has  been  found  that  the  location  of 
this  damage  can  be  correlated  with  the  finite 
element  results  using  models  for  the  influence 
of  state  of  stress  on  the  creep  ductility  of 
materials. 

Introduction  The  evolution  of  the  gas  turbine 
has  to  a  large  extent  been  dependent  on  the 
development  of  new  advanced  materials 
capable  of  withstanding  higher  temperatures 
and  thus  allowing  more  efficient  operation. 
An  entire  family  of  alloys,  the  so-called 
superalloys,  based  primarily  on  nickel  and 
cobalt  has  been  produced  for  components 
such  as  turbine  blades,  vanes,  discs  and 
combustion  cans. 

For  intermediate  temperature  applications, 
considerable  research  has  and  indeed  is 
continuing  to  be  performed  on  intermetallic 
materials  such  as  y-TiAl.  The  low-pressure 
turbine  section,  where  blade  temperatures  up 


to  750°C  and  blade  root  temperatures  of 
500°C  are  commonplace,  is  seen  as  a  typical 
environment  for  this  material.  y-TiAl  is 
particularly  attractive  because  of  its  low 
density  (approximately  half  that  of  nickel- 
based  superalloys),  and  good  creep  resistance. 
However  it  exhibits  only  low  fracture 
toughness  and  limited  ductility. 

Typical  gas  turbine  components  at  elevated 
temperature  experience  multi-axial  stress 
states  and  therefore  it  is  important  to  examine 
creep  failure  under  these  conditions.  The  aim 
of  this  paper  is  to  develop  a  multi-axial  stress 
rupture  criterion  for  the  intermetallic  y-TiAl. 
The  particular  alloy  that  has  been  investigated 
is  known  as  4722XD  (Ti-47Al-2Mn- 

2Nb+0.8%vol.TiB2)  alloy  as  produced  by  the 
Howmet  Corporation.  This  alloy  has  a  fine 
equiaxed  grain  structure  offering  a  balance 
between  fatigue  and  creep  properties  and 
more  repeated  behaviour  than  earlier  alloys 
which  suffered  from  significant  material 
variability  [1,2]. 

Experiments  A  tri-axial  state  of  tension  is  the 
most  damaging  for  creep  failure  [3-6].  This 
state  of  stress  can  most  conveniently  be 
generated  in  the  throat  of  axi-symmetrically 
notched  bars  [3],  Notched  and  un-notched 
bars  were  machined  from  y-TiAl  cast  rods. 
Fig.  1  shows  the  dimensions  of  the 
circumferential  notches  used.  Three  notch 
geometries  were  tested;  blunt  (B),  medium 
(M)  and  sharp  (S)  with  notch  throat  to  root 
radius  a/R  ratios  of  1.5,  5  and  15  respectively. 
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a/R=15  a/R-5  a/R=1.5 


SHARP  NOTCH  MEDIUM  NOTCH  BLUNT  NOTCH 


Figure  1:  Notched  Bar  Specimen  Dimensions 

Double  notches  were  employed  so  that  both 
failed  and  unbroken  notches  from  the 
specimens  could  be  examined.  In  some  cases 
diametral  measurements  of  strain  were  made 
as  well  as  the  axial  elongations.  The 
specimens  were  tested  in  dead  weight  lever 
arm  machines  with  a  lever  arm  ratio  of  10:1. 
Three-zone  electrical  resistance  furnaces  were 
used  to  heat  the  specimens  to  within  ±1°C  of 
the  desired  temperature  of  750°C.  The 
temperature  was  monitored  with  two  chrome- 
alumel  thermocouples  tied  to  the  specimen 
with  heat  resistant  string.  Fig.  2  which  shows 
the  normalised  creep  curves  obtained  from 
both  plain  and  medium  notched  bar  tests 
provides  an  example  of  the  creep  behaviour 
of  this  material  under  both  uni-axial  and 
multiaxial  stress  states.  Typical  primary, 
secondary  and  tertiary  regimes  are  observed 
for  both  although  it  is  clear  that  the  secondary 
region  dominates.  It  has  been  found  that  the 
stress  dependence  of  the  secondary  regime 
can  be  described  satisfactorily  either  by  a 
power  law  or  a  hyperbolic  sinh  law  in  the 
form 


£  min  —  A  O 

(1) 

£  min  =  A  sinh  I 

(2) 

<T0  1 

V  0  ) 

where  fmin  is  the  minimum  creep  rate  and  A, 
A\  n  and  <j0  are  material  constants.  Models 


are  available  due  to  Rice  and  Tracey  [4], 
Cocks  and  Ashby  [5]  and  Spindler  [6]  for 
predicting  the  effects  of  multi-axial  stress  on 
the  creep  ductility  of  materials.  With  these 
models  the  multi-axial  failure  strain  e*f  is 
given  in  terms  of  the  uniaxial  creep  ductility 
by  Rice  and  Tracey  as 


where  <7i  is  the  principal  stress,  Ge  is  the 
equivalent  stress,  Gm  is  the  mean  stress  and  p 
and  q  are  constants,  with  values  of  0.15  and 
1.25  for  stainless  steel  [6].  These  equations 
will  be  used  to  interpret  the  notched  bar  data. 


Results  In  Fig  3  the  notched  bar  failure  lives 
are  compared  with  the  uni-axial  failure  lives 
on  a  net  section  stress  basis.  There  is  no 
significant  trend  with  notch  geometry.  The 
stress  dependence  of  rupture  of  the  notched 
bars  is  similar  to  that  of  the  plain  bars  but 
with  a  notch  strengthening  factor  of  1 .2. 

Metallurgical  inspection  All  specimens  have 
been  sectioned  and  subjected  to  mechanical, 
polishing  and  etching  with  Kroll’s  reagent. 
Figs.  4-6  illustrate  the  typical  creep  damage 
found  in  the  unbroken  notch  of  the  blunt, 
medium  and  sharp  notched  specimens 
respectively.  It  is  evident  from  these  figures 
that  cavitation  becomes  increasingly 
concentrated  towards  the  notch  root  with 
increase  in  notch  sharpness. 
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Figure  5:  Optical  micrograph  of  the 
unbroken  notch  of  a/R=5  in  the  unetched 
condition. 
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Figure  2:  Comparison  of  Normalised  uniaxial 
and  notched  bar  average  strain  (measured 
between  A  and  B  as  shown  in  Fig  1)  for  the 
y-Ti  ally  tested  at  750  °C 
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Figure  6:  Optical  photograph  of  the 
unbroken  notch  of  a/R=15  in  the  unetched 
condition  illustrating  the  comparative  lack 
of  cavitation. 
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Figure  3:  Comparison  of  net-section  stress 
versus  time  to  rupture  for  uniaxial  and 
notched  bar  specimens  of  different  a/R  ratios 
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Figure  4:  Optical  micrograph  of  the 
unbroken  notch  of  a/R=1.5  showing  large- 
scale  cavitation  below  the  surface  of  the 
notch  root. 


Finite  element  analysis  Numerical  analysis 
was  carried  out  using  the  ABAQUS  finite 
element  package  to  explain  the  results. 
Suitable  meshes  were  produced  to  represent 
the  notched  bar  specimens  [7-8].  For  the 
creep  calculations  it  has  been  assumed  that 
creep  strain  rate  can  be  represented  by  the 
Norton  creep  law  or  the  hyperbolic  sinh  law 
(Eq.  1,2).  Initially  calculations  were  made  for 
the  power  law  with  n=3,  6  and  9  to 
demonstrate  the  existence  of  a  skeletal  point 
[7,8]  where  the  stress  state  is  insensitive  to 
the  value  of  n.  This  is  illustrated  in  Fig  7  for 
a  medium  notch  where  a  skeletal  point  is 
observed  at  a  normalized  radial  distance  r/a  of 
rVa  =  0.825.  This  distance  is  approximately 
the  same  for  all  the  normalized  stresses 
(Te/Oi net,  c^/0] net  and  <xm/<7„£,  for  this 
geometry.  A  complete  list  of  the  skeletal 
points  for  each  notch  shape  is  given  in  Table 
1.  It  is  evident  that  this  point  moves  closer  to 
the  notch  root  with  increase  in  notch 
sharpness. 


IS  1  I  0.90  I  0.66  |  0.895  I  1.3 


Table  1:  Stress  ratios  predicted  at  the 
skeletal  point. 
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Additional  FE  calculations  have  also  been 
made  with  eqs  (1)  and  (2)  for  properties 
specific  to  y-TiAI .  Comparisons  of  the  stress 
distributions  obtained  for  a  medium  notch  are 
shown  in  Fig  8.  It  is  apparent  that  a  skeletal 
point  is  still  obtained  which  corresponds  to 
the  same  location  as  determined  in  Fig  7 
although  the  stress  distributions  are  quite 
different.  A  greater  range  of  stress  is 
predicted  with  the  hyperbolic  sinh  law  than 
when  a  power  law  is  used. 

To  predict  failure  strain  across  the  notch  bars 
calculations  were  performed  using  the 
relevant  models  given  by  Eqns  (3-5)  to 
produce  plots  of  £f/ef  (multiaxial  ductility 

versus  uni-axial  ductility  ratio)  versus 
normalised  radial  distance.  These  are  shown 
in  Figs  9-1 1  for  the  blunt,  medium  and  sharp 
notches.  Examination  of  Fig.  9-1 1  reveals  that 
the  Rice  and  Tracey  model  always  predicts 
the  highest  ductility  ratio  at  all  locations,  with 
the  Spindler  model  predicting  an  intermediate 
value  and  the  Cocks  and  Ashby  model  giving 
the  lowest  ratio.  The  location  of  the  minima 
in  the  ductility  ratio  curves  moves 
progressively  towards  the  root  of  the  notch  in 
a  similar  manner  to  the  skeletal  point  as  the 
notch  acuity  is  increased. 

Discussion  Although  the  Norton  and 
hyperbolic  sinh  relationships  are  both 
satisfactory  for  describing  the  secondary 
creep  properties  of  y-TiAl,  it  has  been  found 
from  further  calculations  that  significantly 
different  stress  distributions  can  be  obtained 
across  the  notch  throat.  The  effect  is  most 
marked  for  the  blunt  notch  and  least  for  the 
sharp  notch.  The  hyperbolic  law  predicts 
higher  stresses  at  the  notch  root  than  the 
power  law  an  lower  at  the  centreline  for  each 
of  the  geometries.  The  predicted  stress 
distributions  cross  over  at  the  approximate 
location  of  the  respective  skeletal  point  for 
each  notch  providing  further  proof  that  the 
existence  of  a  skeletal  point  is  independent  of 
the  form  of  the  creep  law  assumed. 

The  trends  identified  in  the  stress  distributions 
calculated  can  be  used  to  explain  Figs  9-11. 


The  biggest  difference  in  predictions  between 
the  power  law  and  hyperbolic  sin  h  law  of 
£f/£f  corresponds  with  where  the  large 

differences  in  stress  distributions  were 
calculated.  The  ductility  ratio  at  the  minima 
decreases  with  increasing  notch  acuity  thus 
indicating  that  less  deformation  is  required  to 
cause  failure  with  increase  in  notch  sharpness. 
In  fact  the  ductility  ratio  at  all  points  across  a 
notch  throat  reduces  as  notch  acuity  increases. 
The  ductility  ratios  calculated  by  the  power 
and  hyperbolic  sinh  laws  exhibit  a  divergence 
at  low  values  of  r/a  for  both  the  blunt  and 
medium  notches,  however  the  curves  obtained 
for  the  sharp  notch  are  almost  identical. 

Comparison  of  the  £*f  Jef  versus  normalised 
radial  distance  plots  with  the  optical 
micrographs  shown  in  Figs  4-6  shows 
evidence  of  a  link  between  damage  location 
and  minimum  e*f  jef  .  The  minimum  value 
of  Sf/Sf  corresponds  to  the  location  at 
which  damage  would  be  expected  to  initiate. 
Examination  of  Fig  4  shows  a  broad  band  of 
damage  across  the  unbroken  notch  below  the 
surface  of  the  notch  root.  This  high  level  of 
cavitation  suggests  that  initiation  occurred 
somewhere  in  this  region.  This  corresponds 
to  the  location  of  the  shallow  trough  in  the 
£f/£f  curve  shown  in  Fig  9.  Comparison  of 
Figs  4-6  with  Figs  10-11  shows  a  similar  link 
for  the  medium  and  sharp  notches 
respectively.  The  cavitation  suffered  by  the 
sharp-notched  test  pieces  was  found  to  be 
very  localised  at  the  notch  root  suggesting 
that  failure  in  this  geometry  initiates  close  to 
the  surface.  Further  evidence  of  this  was 
provided  from  other  unbroken  notches  in 
sharp  notched  specimens  which  were  found 
to  contain  cracks  which  had  grown  from  the 


normalised  stress  normalised  stress 
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Figure  7:  Graph  of  normalised  stresses  versus  normalised  radial  distance  illustrating  the 
existence  of  a  skeletal  point  in  the  medium  notch. 
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Figure  8:  Stress  distributions  obtained  from  power  law  and  hyperbolic  sinh  law  for  a  medium 
notch.  The  distance  r*/a  is  the  same  as  figure  7  and  table  1. 
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Figure  9:  Plots  of  e*f/ef  using  the  Rice  and  Tracey,  Cocks  and  Ashby  and  Spindler  models  for 
a  blunt  notched  bar. 
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Figure  10:  Plots  of  using  the  Rice  and  Tracey,  Cocks  and  Ashby  and  Spindler  models 

for  a  medium  notched  bar. 
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Figure  1 1 :  Plots  of  e)  /ef  using  the  Rice  and  Tracey,  Cocks  and  Ashby  and  Spindler  models  for  a 
sharp  notched  bar. 


notch  root.  The  normalised  stress  distributions 

’  ^1 1  &  net  »  ^ml^net  ’  ^l/^e  >  ) 

and  ductility  exhaustion  (£*f/ef)  plots  all 
suggest  that  as  notch  acuity  increases  the  site 
of  damage  initiation  becomes  more  localised 
and  moves  towards  the  root  of  the  notch. 

Conclusions  The  existence  and  location  of 
skeletal  points  for  the  three  notched 
geometries  has  been  verified  using  both  a 
simple  power  law  and  a  hyperbolic  sinh  law. 
This  has  enabled  skeletal  values  of  the 
effective,  mean  and  maximum  principal 
stresses  to  be  calculated  for  each  of  the 
geometries. 

The  stress  distributions  across  the  notch  throat 
have  been  studied  in  detail  using  each  creep 
law.  These  stresses  have  been  used  to  predict 
the  distribution  of  multiaxial  creep  ductility 
with  radial  position  across  each  notch  throat 
from  void  growth  models  due  to  Rice  and 
Tracey,  Cocks  and  Ashby  and  Spindler.  It 
has  been  found  that  all  the  models  show 
similar  trends,  with  the  minimum  in  ductility 


becoming  increasingly  localised  towards  the 
notch  root  with  increase  in  notch  sharpness. 
It  has  been  demonstrated  that  these 
calculations  are  consistent  with  metallurgical 
observations  that  cavitation  initiates  across 
most  of  the  cross  section  of  blunt  notches, 
below  the  surface  of  medium  notches  and 
from  those  to  the  notch  root  of  sharp  notches. 
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Abstract 

In  order  to  clarify  the  relation  between  tensile  and  fatigue  behaviors  of  fiber-reinforced 
composite,  four  kinds  of  eutectic  Al-Al3Ni  composite  materials  with  different  inter-fiber  spadngs 
were  prepared  by  unidirectional  solidification.  They  were  cut  out  to  make  five  kinds  of  specimens 
with  different  angjes  between  applied  stress  and  fiber  orientations.  Their  tensile  and  fatigue 
properties  were  compared  with  each  other  by  means  of  a  tensile  test  at  a  strain  rate  of  7.7x1 0'V1 
and  a  bending  fatigue  test  at  a  strain  cycle  of  7  Hz  under  stresses  from  50  to  150  MPa  at  room 
temperature  in  air.  Their  fracture  surfaces  were  also  comperared  with  each  other. 

1.  Introduction 

There  are  a  significant  number  of  basic  studies  on  the  fatigue  properties  of  metal-matrix 
composite  resulting  in  models  whose  predictions  have  been  verified  by  experiments.  Harmon  and 
Saff  [1]  have  shown  that  there  are  two  fatigue  failure  modes  which  can  initiate  and  grow  in  the 
vicinity  of  a  hole  in  a  panel  with  unidirectinal  reinforcements.  When  the  strength  of  the  matrix  is 
small,  cracks  grow  parallel  to  the  fibers  but  when  the  matrix  is  strong,  the  cracks  grow  perpendicular 
to  the  fibers.  Bridging  models  have  been  developed  by  McMeeking  and  Evans  [2]  and  Cox  and 
Marshall  [3],  while  Hillberry  and  Johnson  [4]  have  included  both  initiation  and  crack  growth 
considerations  when  estimating  the  fatigue  life  of  notched  components.  The  fatigue  and  strength 
characteristics  of  deeply  notched  specimens  have  received  extensive  attention  from  Walls  and  Zok 
[5]- 

On  the  other  hand,  eutectic  composites  continue  to  show  promise  as  potential  structural 
materials  for  high-temp erature  applications  as,  for  example,  gas  turbine  blades,  because  the 
microstructure  is  very  thermally  stable  and  has  a  greater  strengthening  effect  in  addition  to 
composite  strengthening  effect  of  two  phase  alloy  [6].  In  order  to  clarify  the  mechanical  properties 
of  the  eutectic  composites,  pretty  many  investigations  [7]  have  been  carried  out  about  the  structure 
effect  on  the  strength  of  fiber  eutectic  composite.  However,  the  experimental  results  do  not  always 
agree  with  another  and  are  not  yet  conclusive.  As  possible  sources  of  the  discrepancies,  differences 
in  the  fiber  orientation  relative  to  the  loading  axis  and  inter-fiber  spacing  effect  have  been 
considered. 

By  the  way,  discussions  with  designers  suggests  that  the  primary  consideration  in  fatigue  is  the 
avoidance  of  crack  initiation  during  the  life  of  the  structure^].  Initiation  is  usually  defined  by  the 
appearance  of  a  measurable  crack  in  a  range.  Should  cracks  initiate  for  unforeseen  circumstances,  it  is 
necessary  at  the  design  stage,  to  demonstrate  that  crack  propagation  can  continue  for  twice  the  life 
of  the  structure  without  catastrophic  failure.  In  traditional  design  procedures,  these  considerations 
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Fig  1  Microstumcture  of  transverse  section  of  unidirectionally  solidified  Al-Al3Ni 
alloy  materials:  (a)  F  material,  (b)  M  material,  (c)  L  material  and  (d)  C  material. 

are  satisfied  by  using  the  so-called  S-N  curve  for  initiation  and  the  law  of  crack  growth  rate  in  terms 
of  the  range  of  stress  intensity.  The  advances  in  the  fatigue  strength  of  composites  have  not  yet 
reached  the  stage  of  easy  application  and  the  methods  are  still  very  much  in  the  domain  of  the 
expert.  This  is  especially  true  in  micromechanics  based  models  which  require  many  properties  far 
removed  from  the  interest  of  the  designer. 

The  aim  of  this  paper  is  to  pesent  a  knowledge  about  the  relation  between  tensile  properties 
and  fatigue  properties  of  fiber  reinforced  metal-matrix  composites  in  a  form  readily  applicable  to 
design  procedures. 

2.  Materials  and  experimental  procedure 
2-1.  Specimen  preparation 

After  casting  into  a  virtical  type  crucible,  an  eutectic  Al-6.2  mass  %  Ni  alloy  was 
unidirectionally  solidified  to  make  ingots  of  metal  matrix  composite  with  reinforcement  fibers  aligned 
with  the  solidification  direction.  The  inter-fiber  spacing  was  controlled  by  changing  the  solidification 
rate  in  a  range  from  3.06  x  10'3mm  s'1  to  1 . 1 1  x  10"1  mm  s'1 .  Four  kinds  of  Al-Al3Ni  alloy  ingots  with 
different  inter-fiber  spacings  were  prepared.  Figure  1  shows  their  optical  micro  structures.  Hereafter 
they  will  be  referred  to  as  F  material  ( the  fiber  spacing  A  is  1 .04  H m),  M  material  ( A  =1 .54  ji 
m),  L  material  (A  =3.23  \i m)  and  C  material  (A  =6.79  ji m)  respectively.  From  these  ingots, 
specimens  were  cut  out  by  a  diamond  cutter,  so  that  the  fiber  orientation  relative  to  the  specimen 
axis  may  be  0  to  X/2  as  shown  in  Fig.  2.  They  were  finished  to  the  size  about  4~~5  mm  x  1,5  mm 
in  cross-section  and  28  mm  in  length  by  means  of  the  technique  reported  previously  [9],  For 
comparison,  a  cast  Al-6.2  mass  %  Ni  eutectic  alloy  specimen  with  random  oriented  fibers  (A  =1.15 
ll m)  was  also  prepared.  Every  specimen  was  annealed  for  1 .8  ks  at  673  K. 

2-2  Mechanical  tests 

Shimazu  Autograph  IS-10T  was  used  for  the  tensile  test.  The  stress-strain  curve  was  measured 
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Fig.  2  Different  types  of  the  specimens  cut  out  from  ingot. 

under  a  strain  rate  of  7.76  x  lO^s"1  at  room  temperature.  In  addition  to  the  entire  stress-strain  curve, 
the  yield  stress  ( a  0  2),  maximum  tensile  stress  ( <7  B)  and  their  dependence  on  fiber  spacing  and  fiber 
orientation  were  investigated.  Fatigue  properties  were  investigated  by  using  a  bending  type  hand¬ 
made  fatigue  machine.  The  woheler  curve  (S-N  curve)  was  measured  at  a  strain  cycle  of  7  Hz  under 
stresses  from  50  to  150  MPa  at  room  temperature  in  air. 

2- 3  SEM  observation 

To  reveal  the  morphology  of  fracture  surface  after  tensile  test  or  fatigue  test,  EPMA  (JEOL- 
JXA  733)  was  used.  The  effect  of  fiber  orientation  on  the  morphology  of  fracture  surface  was 
analyzed  qualitatively. 

3.  Results  and  discussion 

3- l.iStress-strain  curve 

Figures  3  and  4  are  typical  examples  of  the  true  stress-true  strain  curves.  Figure  3  shows  the 
stress-strain  curves  of  specimens  F,  M  and  C  in  which  the  tensile  axis  was  parallel  to  the  fiber 
orientation  (  LL  )  and  perpendicular  (  TT  and  TL  ).  In  either  case,  the  stress  level  decreases  with 
increasing  the  inter-fiber  spacing  A  in  the  sequence  F— ►M— >C.  In  the  sequence  LL— *TT— *TL,  the 
stress  level  also  decreases,  while  the  donation  (strain  to  fracture  )  increases.  Figure  4  shows  the 
dependence  of  stress-strain  curve  on  the  fiber  orientation  for  the  M  material.  As  expected,  the 
stress  level  decreases  with  increasing  the  angles  <t>  and  <9  which  are  the  angle  between  the  fiber 
orientation  and  the  longitudinal  direction  of  the  specimen,  as  mentioned  in  the  reported  paper  [10] 
about  the  strength  of  fiber  reinforced  materials.  From  above  results  it  is  concluded  that  the  tensile 
properties  strongly  depend  on  the  inter-fiber  spacing  and  the  fiber  orientation. 

3-2.  S-N  curve 

Figurs  5  and  6  are  typical  examples  of  the  S-N  curves  at  room  temperature.  Figure  5  shows  the 
S-N  curves  of  specimens  F,  M,  L  and  C,  in  which  the  bending  stress  axis  was  parallel  to  the  fiber 
orientation  (  LL  )  and  perpendicular  (  TT  and  TL  ).  In  either  case,  the  fatigue  strength  (  fatigue 
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Fig  3  Stress-strain  curves  of  materials  F,  M  and  C  :  (a)  LL  specimen,  (b)  TT  specimen  and 
(c)  TL  specimen. 


Fig  4  Stress-strain  curves  of  the  M  materials:  (a)  LL,  TT  and  TL  specimen,  (b)  LL-  6  TT 
specimens  and  (c)  LL-  0  TL  specimens. 

failure  life  under  cyclic  bending  )  decreases  with  increasing  the  inter-fiber  spacing  A  in  the  sequence  F 
->M^L->C.  In  the  sequence  LL-*TT~^TL,  the  fatigue  failure  life  decreases  and  the  slope  of  the 
S-N  curve  decreases  in  the  sequence  F-*M-»L“*C.  Figure  6  shows  the  dependence  of  S-N  curve  on 
the  fiber  orientation  of  the  M  specimen.  As  expected,  the  fatigue  strength  decreases  with  increasing 
the  angjes  0  and  0  .  The  fatigue  strength  of  the  specimens  TT  and  TL  is  about  one  half  that  of  the 
specimen  LL.  From  above  results  it  is  concluded  that  the  fatigue  strength  strongly  depend  on  the 
inter-fiber  spacing  and  the  fiber  orientation. 

Figure  7  shows  variation  of  the  fatigue  ratio  (  a  ratio  of  the  fatigue  strength  to  the  ultimate 
tensile  strength  )  with  inter-fiber  spacingA  for  LL,TT  and  TL  specimens  of  the  M  material.  The 
values  of  fatigue  ratio  range  from  0.4  to  0.5  for  fracture  life  of  1  x  105  cycles.  That  is  to  say,  the 
fatigue  ratio  does  not  depend  on  the  inter-fiber  spacing  and  the  fiber  orientation.  The  fatigue 
strength  appears  to  vary  linearly  with  the  tensile  strength. 


Reversed  Reversed  Reversed 

bending  stress,  S  (MPa)  bending  stress,  S  (MPa)  bending  stress,  S  (MPa) 
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Fig  5  S-N  curves  of  materials  F,M,L  and 
C  :  (a)  LL  specimen,  (b)  TT  specimen  and 
(c)  TL  specimen. 


Fig  6  S-N  curves  of  the  M  materials:  (a) 
LL,TT  and  TL  specimens,  (b)  LL-  6  TT 
specimens  and  (c)  LL-  <f>  TL  specimens. 
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Fig  7  Variation  of  fatigue  ratio  with  inter-fiber  spacing  for 
LL,TT  and  TL  specimens  of  M  material. 
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Fig  8  SEM  micrographs  showing  tensile  fracture  surface  of  the  M  material:  (a)  LL  specimen, 
(b)  TT  specimen,  (c)  TL  specimen  and  (d)  Random  specimen. 

3-3.  Fracture  surface 

Figure  8  shows  typical  examples  of  the  tensile  fracture  SEM  microstructures  of  the  M 
material.  Figure  8  (a)  shows  the  structure  of  the  LL  specimen,  having  a  very  fine  dimple  pattern 
This  microstructure  depended  on  the  inter-fiber  spacing  and  the  dimple  size  decreased  with 
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Fig  9  SEM  micrographs  showing  fatigue  fracture  surface  of  theM  specimen:  (a)  LL  specimen, 
(b)  TT  specimen,  (c)  TL  specimen  and  (d)  Random  specimen. 


decreasing  the  inter-fiber  spacing.  Therefore,  fracture  region  of  the  fibers  seems  to  be  the  origin  of 
the  dimple  structure.  Figure  8  (b)  shows  the  structure  of  the  TT  specimen,  having  very  fine  dimples 
and  large  dimples  elongated  to  the  thickness  direction  (  fiber  orientation  )  of  the  specimen.  From 
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these  elongated  dimples,  the  interface  between  the  fiber  and  matrix  metal  seems  to  be  providing 
points  of  cracks  and  their  propagation.  However,  the  dimple  size  did  not  depend  on  the  inter-fiber 
spacing  Figure  8  (c)  shows  the  structure  of  the  TL  specimen.  Very  fine  dimples  reveal  to  align  in 
perpendicular  to  the  specimen  thickness  direction,  which  is  longitudinal  direction  of  the  fibers.  In 
this  case,  the  interface  between  the  fiber  and  matrix  metal  also  seems  to  be  providing  points  of  cracks. 
Figure  8  (d)  shows  the  structure  of  the  specimen  with  random  fiber  orientation,  having  very  complex 
dimple  pattern  because  of  the  random  orientation  of  fibers. 

Figure  9  shows  typical  examples  of  the  fatigue  fracture  SEM  microstructures  of  the  M 
material.  Figure  9  (a)  shows  the  structure  of  the  LL  specimen,  having  very  deep  dimple  pattern.  An 
exfoliation  at  the  interface  between  the  fiber  and  matrix  metal  attributes  to  the  crack  propagation  and 
the  deep  dimple  seems  to  be  formed  due  to  the  shear  fracture  at  the  interface.  In  this  case,  the 
microstructure  did  not  depend  on  the  inter-spacing  of  the  fiber,  though  the  striation  structure  was 
observed  in  all  the  cases.  Figure  9  (c)  shows  the  structure  of  the  TL  specimen,  having  a  relatively 
planer  surface.  The  fatigue  fracture  structure  of  LL,  TT,  TL  and  Random  specimens  are  quite  similar 
to  their  tensile  fracture  one,  respectively.  That  is,  the  fatigue  fracture  structure  also  depend  on  the 
fiber  orientation  as  shown  in  the  structure  of  tensile  fracture. 

4.  Conclusions 

Tensile  and  fatigue  experiments  of  eutectic  Al-Al3Ni  fiber-reinforced  composites  in  conjuction 
with  observations  of  micro  structural  details  lead  to  the  following  conclusions. 

(1)  The  tensile  properties  strongly  depend  on  the  inter- fiber  spacing  and  the  fiber  orientation. 

The  tensile  strength  decreases  with  increasing  inter-fiber  spacing  and  angle  between  applied 
stress  and  fiber  orientations. 

(2)  The  fatigue  properties  also  strongly  depend  on  the  inter-fiber  spacing  and  the  fiber  orientation. 
The  fatigue  life  increases  with  decreasing  inter-fiber  spacing  and  angle  between  applied  stress 
and  fiber  orientations. 

(3)  The  fatigue  ratio  (the  ratio  of  fatigue  stress  to  tensile  stress)  does  not  so  much  depend  on  the 
inter-fiber  spacing  and  the  fiber  orientation. 

(4)  Therefore,  the  fatigue  life  is  suggested  to  be  predicted  from  the  tensile  properties  of  the 
material. 
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Abstract 

The  development  of  Ultra  Super  Critical  power  plants  has  emphasised  the  need  for 
stronger  alloys  for  use  as  water  walls.  For  this  purpose  TUV  HCM12  and  T23  have 
been  tested  at  2  Danish  power  plants.  TUV  HCM12  and  T23  have  been  tested  for 
their  weldability,  for  thermal  fatigue  properties  and  for  their  oxidation  properties 
under  steam  conditions  435-520°  C,  26-27  MPa.  The  test  included  application  of 
different  weld  methods  and  testing  of  the  mechanical  properties  of  the  weld  seams. 
The  weld  parameters  giving  the  optimal  properties  were  chosen  to  manufacture 
two  pieces  of  water  wall  (1  times  1.5  meter).  The  two  test  pieces  each  had  two 
separate  steam  loops,  which  could  be  feed  by  steam  having  different  steam 
parameters.  Each  test  piece  was  installed  in  a  coal  fired  power  plant  (steam 
parameters  540°  C,  25  MPa)  and  exposed  to  alternating  steam  conditions.  In  each 
test  piece  one  loop  was  subject  to  constant  steam  parameters  (434°  C,  27  MPa)  and 
another  loop  was  subject  to  alternating  steam  parameters  (switching  between  485° 
C,  25.9  MPa  and  434°  C,  27  MPa).  Steam  parameters  were  switched  app.  2000 
times.  By  this  exposure  each  test  piece  was  subject  to  alternating  thermal  stress5 
corresponding  to  the  stress’  which  appear  in  the  water  walls  of  an  USC  plant.  The 
exposure  was  performed  in  the  stress  region  close  to  the  yield  strength  limit  and 
cracks  appeared  in  one  of  the  materials.  The  tests  have  revealed  that  TUV  HCM12 
is  difficult  to  weld  but  develops  no  thermal  fatigue  crack  whereas  T23  is  easy  to 
weld  but  develops  thermal  fatigue  cracks. 
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Introduction 

The  project  was  initiated  by  the  fact  that  very  little  information  is  available  about  thermal  fatigue  of 
new  steels  for  ultra  super  critical  power  plants.  If  new  steels  shall  be  employed  in  future  advanced 
power  plants  knowledge  about  thermal  fatigue  properties  of  these  steels  shall  be  present  when  the 
plants  are  being  designed.  In  ultra  super  critical  power  plants  the  materials  will  be  stressed  beyond 
the  limits  used  for  today’s  power  plants.  Therefore  more  detailed  knowledge  most  be  provided  for 
the  new  steels  to  ensure  that  they  have  adequate  materials  properties. 

The  ageing  process  due  to  thermal  fatigue  is  related  to  the  rate  of  change  of  temperature,  to  the  tem¬ 
perature  gradient  in  a  particular  material  and  to  the  dimensions  of  this  material.  If  the  rate  of  change 
in  temperature  is  small  (few  degrees  per  minute)  and  the  temperature  gradient  is  below  10° 
C/millimetre  and  the  dimension  (e.g.  wall  thickness)  is  less  than  10  millimetres  then  the  effect  of 
thermal  fatigue  is  negligible.  However  for  power  plants  with  peek  load  operation  or  in  ultra  super 
critical  power  plants  it  is  likely  that  the  materials  will  be  stressed  beyond  these  limits. 

Background 

Boiler  walls  in  Danish  power  plants  have  up  to  1995  been  produced  without  heat  treatment  of  the 
weldings.  The  reason  is  that  it  is  too  costly  and  by  choosing  the  right  alloys  the  heat  treatment  can 
be  omitted.  However  the  right  alloys  must  have  special  properties.  One  requirement  is  that  the 
residual  stress  of  the  welding  must  be  below  a  certain  level.  According  to  a  standard  design  rule  this 
requirement  is  met  if  the  hardness  of  the  welding  is  below  350  HV10.  Below  350  HV10  the  residual 
stress  is  so  low  that  cracks  induced  by  thermal  fatigue  are  unlikely  to  occur. 

Concerning  manufacturing  of  boilers  it  is  common  practice  to  produce  boiler  walls  without  heat 
treatment  of  the  weldings  in  the  boiler  walls.  This  practice  is  based  on  the  simple  fact  that  boiler 
walls  are  big  constructions,  which  are  impossible  to  heat  treat  in  one  piece.  Leaving  out  the  heat 
treatment  of  the  weldings  requires  special  properties  of  the  steels  used.  Part  of  the  properties  must 
be  that  the  residual  stresses  of  the  weldings  must  be  below  a  certain  level  and  the  German  TRD 
standard  design  rule  says  that  the  hardness  of  the  weldings  must  be  below  350  HV.  Below  this  level 
the  residual  stress  is  so  low  that  it  is  very  unlikely  that  cracks  will  be  induced  by  thermal  fatigue. 

For  Danish  power  stations  commissioned  till  now  the  traditional  material  for  boiler  walls  have  been 
1  Cri/2Mo  or  in  Germany  notation  13CrMo44.  It  has  the  sufficient  strength  for  construction  of  boiler 
walls  up  to  steam  data  of  475°  C  and  30  MPa.  However,  alternative  steels  have  to  be  considered  if 
the  steam  data  of  the  boiler  walls  are  raised  to  500°  C  and  35  MPa.  It  is  primarily  a  question  of  creep 
strength.  In  this  investigation  two  potential  alloys  T23  and  TUV  HCM12  were  tested.  Chemical 
compositions  and  specifications  are  given  in  Table  la  and  lb.  10CrMo910  was  used  as  fin  material. 


Table  la:  Chemical  compositions  of  test  tubes  (mass  %). 


T23  analysis 

c 

0.10 

0.06 

Si 

0.18 

0.21 

Mn 

0.51 

0.52 

Cr 

12.2 

2.24 

Mo 

1.00 

0.12 

W 

0.99 

1.54 

V 

0.24 

0.26 

Nb 

0.05 

0.042 
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Table  lb:  Specification  of  chemical  compositions  (mass  %) 


ASME  T23 

TUVHCM12 

10CrMo910 

c 

0.04-0.1 

<0.14 

0.07-0.15 

Si 

<0.5 

<0.5 

0.20  -  0.50 

Mn 

0.10-0.60 

0.30-0.70 

0.40-0.70 

P 

<0.030 

<0.030 

<  0.0305 

S 

<0.010 

<0.030 

<0.0305 

Cr 

1.90-2.60 

11.00-13.00 

2.0 -2.5 

Mo 

0.05-0.30 

0.80-1.20 

0.90-1.10 

W 

1.45-1.75 

0.80-1.20 

- 

V 

0.20-0.30 

0.20-  0.30 

- 

Nb 

0.02-0.08 

<0.20 

- 

Others 

B  0.0005-0.006 
N<  0.030 
sol.  Al<  0.030 

Ni  <  0.30 

Purpose 

The  purpose  of  the  project 

was  to  test  the  thermal  fatigue  properties  of  the  materials  TUV  HCM12  and  T23  (as  tube 
materials)  welded  to  10CrMo910  (as  fin  material)  with  weld  seams  TUV  HCM12/TUV 
HCM12  (tube/tube),  T23/T23  (tube/tube),  TUV  HCM12/10CrMo910  (tube/fin)  and 
T23/10CrMo910  (tube/fin). 

was  to  constructed  two  panels  of  the  tube/fin  combinations  TUV  HCM12/10CrMo910  and 
T23/10CrMo910  without  heat  treating  the  weld  seams  and  test  the  panels  with 
approximately  2000  temperature  cycles.  The  thermal  cycling  should  be  done  be  switching 
the  inlet  steam  temperature  between  the  two  levels  435°  C  to  485°  C. 

From  the  start  of  the  project  it  was  a  primary  wish  to  carry  out  the  test  in  a  power  plant  where  the 
steam  conditions  were  as  close  to  the  desired  test  conditions  as  possible.  The  possibility  of 
performing  a  test  was  present  at  the  power  plant  Amagervaerket  (live  steam  540°  C,  25  MPa)  in 
Copenhagen,  Denmark.  Given  these  conditions  it  was  estimated  that  if  the  test  panel  wall  could 
endure  the  thermal  fatigue  test  set  up  in  the  purpose  then  this  particular  combination  of  materials 
had  qualified  for  use  in  panel  walls  in  power  stations  with  ultra  super  critical  steam  data. 

Manufacturing  of  the  panel 

A  test  panel  was  manufactured  without  heat  treatment  of  the  tube/fin  weld  seams.  It  was  the  aim  to 
test  if  the  hardness  of  the  weld  seams  could  be  kept  below  350  HV.  The  tubes  had  the  dimensions 
31.8mm  x  5.6  mm.  and  the  10CrMo910  fins,  6mm  x  28mm.  The  tube  to  fin  welds  were  performed 
as  two  welds  (one  from  each  side  of  the  panel)  with  a  gap  in  between.  The  gap  had  a  length  of  app. 
2  mm.  The  panel  was  made  up  of  two  separate  steam  circuits  a  and  b  which  could  be  fed  by  steam 
of  two  different  temperatures  (434°  C  and  485°  C)  or  by  steam  of  one  temperature  (434°  C).  The 
differing  temperatures  were  obtained  by  switching  on  and  off  steam  of  485°  C  supplied  through  a 
time  controlled  on/off  motorised  valve  and  a  stop/check  valve  (a  one  way  valve)  on  string  a.  The 
test  panel  which  was  manufactured  by  ABB  Kesselanlagen,  is  shown  in  Figure  1  and  the  steam 
circuit  in  the  panel  is  shown  in  Figure  2. 
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Figure  1 :  Photograph  of  the  first  panel  wall  test  piece  after  installation. 

When  the  motorised  valve,  AA002,  is  closed  both  string  a  and  b  are  supplied  with  434°  C,  25.9  MPa 
steam.  Since  the  inlet  steam  temperatures  of  string  a  and  b  are  the  same  the  thermal  gradient  over 
the  fins  will  be  small  except  for  the  fin  between  al  and  a6.  The  temperature  gradient  over  this  fin  is 
5-10° C. 

In  case  the  motorised  valve,  AA002,  is  open  then  the  stop/check  valve  AA004  will  be  closed  and 
string  a  is  fed  with  434°  C,  26.9  MPa  steam  and  string  b  is  fed  with  485°  C,  25.9  MPa  steam.  In  this 
case  a  thermal  gradient  of  app.  50°  C  will  arise  between  substring  al  and  substring  bl.  The  thermal 
gradient  between  substring  al  and  substring  a6  will  remain  5-10°  C.  These  are  the  two  steam 
thermal  situations  between  which  the  panel  has  been  toggled  every  second  hour.  The  welding 
materials  were  in  case  of  TUV  HCM12/10CrMo910:  Fluxofil  37  (E80  T5-G)  and  in  the  case 
T23/10CrMo910:  Cromocord  2STC  (Specification  E9018-B3)  or  Fluxofil  37  STC  (specification  E 
89  T5-G). 

Finite  element  modelling  of  thermal  fatigue  stresses 

A  finite  element  modelling  was  done  of  the  test  panel  design.  The  modelling  was  done  based  on  a 
number  of  assumptions.  The  first  assumption  was  that  the  test  panel  was  subjected  by  a  heat  flux 
equal  to  100-120  KW/m2.  The  second  assumption  was  that  the  temperature  increase  of  the  steam 
was  between  5-10°  C  for  each  of  the  circuits  a  and  b  or  1-2°  C  for  each  of  the  substrings  al-a6  and 
bl-b6.  The  third  assumption  was  that  the  uptake  of  heat  over  the  length  of  the  strings  was  assumed 
to  be  linear.  The  fourth  assumption  was  that  the  tubes  and  the  fins  were  made  of  the  same  material 
(without  joints  and  without  the  gab  between  tube  and  fin).  Data  for  4  temperature  dependent 
parameters  have  been  used:  Thermal  expansion,  modulus  of  elasticity,  thermal  conductivity,  and 
heat  capacity.  The  two  thermal  situations  described  above  have  been  modelled  and  the  model  has 


Operational  data  253  Bar/5450  C  Operational  data  259  Bar/4850  C  Operational  data  270  Bar/4340  C 

Design  data  280  Bar/575°  C  Design  data  285  Bar/500o  C  Design  data  295  Bar/4490  C 
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Figure  2:  Schematic  diagram  of  steam  connection  pipes  for  the  test  panel. 
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been  recalculated  for  2000  thermal  cycles.  For  each  cycle  the  fatigue  load  was  estimated  and 
summed.  Final  fatigue  load  estimation  was  done  according  the  norm  CEN  TC  54.  The  summed  up 
fatigue  load  accounted  for  only  15%  of  the  fatigue  exhaust  life  thus  indicating  that  no  cracks  will 
appear  after  2000  cycles. 

Installation  of  panel  -  description  of  external  steam  circuit 

Steam  with  two  different  sets  of  steam  data  (434°  C,  26,9  MPa)  and  (485°  C,  25:9  MPa)  were  bleed 
from  two  different  headers.  The  steam  was  piped  through  control  valves  to  the  test  panel,  which  was 
installed  inside  the  boiler.  The  amount  of  steam  fed  into  the  panel  was  0.3-0.6  kg/sec. 

Each  test  panel  was  subjected  to  approximately  2000  (TOY  HCM12:  2030  cycles  and  T23  2165 
cycles)  thermal  cycles  lasting  2  hours  at  the  lower  temperature  and  2  hours  at  the  higher 
temperature.  The  steam  temperature  of  a6  cycles  between  455  and  505°C,  which  gives  a  fluctuating 
thermal  gradient  over  the  fin  between  a6  and  al  of  20°  C.  To  estimate  an  approximate  metal 
temperature,  40°C  can  be  added  to  the  relevant  steam  temperatures.  The  two  thermal  situations  are 
summarised  in  Table  2:  Temperature  al=  temperature  bl  and  temperature  al<  temperature  bl. 


a6 

al 

bl 

b6 

a)  2  hours 

500-510°  C 

485°C 

485°C 

485-520°  C 

b)  2  hours 

434-444°C 

434°C 

485°C 

485-520°  C 

Table  2:  Conditions  of  steam  thermal  cycling. 

The  measured  steam  temperature  of  b6  which  has  not  experienced  thermal  cycling  is  520°C  .  The 
measured  steam  temperature  from  the  outlet  of  a6  was  between  434°C  and  485  °C. 

Test  and  dismanteling 

The  TUV  HCM12  panel  was  tested  from  August  1994  to  July  1995  and  the  T23  panel  was  tested 
from  August  1995  to  July  1997.  The  TUV  HCM12  panel  piece  was  exposed  to  2030  thermal  cycles 
while  the  T23  panel  piece  had  2165  thermal  cycles. 

Examinations 

After  dismantling  of  each  of  the  test  panels,  sections  were  cut  out  of  the  panels  for  examination.  The 
highest  load  was  assumed  to  be  at  the  rim  of  the  panels.  The  strings  examined  were  a6,  al,  bl  and 
b6  with  respect  to  cracks  and  to  hardness  of  the  tube  to  fin  weldings.  Figure  3  and  4  shows  a  sketch 
of  the  part  of  the  panels,  which  was  cut  out  and  examined.  The  examinations  showed  a  significant 
difference  between  the  panels. 

Hardness  measurements 

The  hardness  of  the  tube  to  fin  welding  was  measured  before  exposure  using  a  Vickers  hardness 
testing  equipment  with  a  10  kg  load.  The  data  for  the  TOV  HCM12  panel  shows  that  the  hardness 
of  the  weld  seam  after  welding  and  without  heat  treatment  reaches  a  level  of  396  to  419  HV10.  This 
level  is  somewhat  higher  than  the  maximum  allowed  level  of  350  HV10  recommended  for  panel 
wall  weldings. 

The  hardness  of  the  tube  to  fin  weldseams  was  measured  likewise  after  exposure.  All  hardness’  of 
the  TUV  HCM12  material  except  one  were  below  the  recommended  level  of  350  HV10  and  by 
comparing  with  the  hardness’  before  exposure  it  is  obvious  that  some  kind  of  heat  treatment  has 
happened  during  the  thermal  fatigue  test.  The  hardness  of  the  tube  to  fin  weld  of  the  T23  was 
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measured  after  exposure.  The  hardness  reached  a  top  level  of  320-345  HV10  in  the  heat  affected 
zones. 

Microstructure 

In  the  T23  panel  it  was  found  that  there  were  cracks  in  some  of  the  tube  to  fin  welds  lA  cm  from  the 
beginning  of  the  fins  so  an  area  10  cm  from  the  beginning  of  the  fins  was  also  investigated. 

No  thermal  fatigue  cracks  were  seen  in  the  TUV  HCM12  panel  neither  at  the  top  of  the  panel  nor  10 
cm  from  the  top.  Cracks  were  seen  on  the  T23  panel  in  string  al  and  bl  and  b6.  Strings  bl  and  b6 
had  not  been  subjected  to  thermal  cycling.  Moreover  the  string  where  thermal  cycling  had  been 
greatest  a6,  showed  no  cracks.  As  mentioned  all  cracks  originated  from  the  gap  between  the  weld 
and  the  tube  and  into  the  HA Z  between  the  tube  and  weld  material.  No  cracks  could  be  detected  on 
the  surface  panel  wall  piece. 

The  microstructure  of  the  welds  is  seen  in  Figure  5  showing  the  tubeweld  zone  of  T23  panel  wall 
test  piece.  It  shows  the  tube  bl,  the  fin  (below,  left)  and  the  gap.  The  gap  seems  to  act  as  a  notch 
initiating  the  crack.  The  crack  is  intergranular  and  contains  corrosion  products.  Cracks  were  also 
seen  in  b6  which  had  not  been  thermally  cycled.  Microsections  were  also  investigated  10  cm  from 
the  beginning  of  the  fin  weld  and  at  same  positions  in  the  TUV  HCM12  panel. 


Figure  3.  Examined  section  of  TUV 
HCM12  panel  wall  piece. 


Figure  4.  Examined  section  of  T23  panel 
wall  piece. 
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Discussion 

The  first  part  of  the  project  was  to  manufacture  two  test  panel  wall  pieces:  One  of  TUV  HCM12 
tubes  and  10CrMo910  fins  and  one  of  T23  tubes  and  10CrMo910  fins.  The  second  part  of  the 
project  was  to  expose  each  of  the  panel  wall  pieces  to  approximately  2000  thermal  cycles.  The 
hardness  of  the  tube  to  fin  weldings  turned  out  to  be  around  400-419  HV10  in  the  TUV  HCM12- 
10CrMo910  case,  which  highly  exceeds  the  German  TRD  standard  design  rule  of  350  HV10.  For 
the  T23-10CrMo910  tube  to  fin  weld  the  hardness  was  lower  than  350.  The  highest  hardness  was 
340  HV10.  This  hardness  was  found  in  the  heat  affected  zone  between  the  tube  and  the  weld.  The 
hardness’  are  thus  within  the  German  TRD  design  rule. 

Cracks  were  not  seen  in  the  TUV  HCM12-10CrMo910  welds  but  in  the  T23-10CrMo910  welds. 
The  cracks  were  seen  originating  from  the  weld  gab  between  the  tube  and  the  fin  and  progressed 
either  along  the  HA Z  between  the  weld  and  the  10CrMo910  material  or  along  the  filler  material. 

From  the  investigation  of  the  T23  it  is  seen  that  the  cracks  do  not  progress  into  the  T23  material. 
Cracks  start  from  the  gab  and  progress  along  the  HAZ.  This  is  not  the  case  for  TUV  HCM12  where 
no  cracks  appeared 

As  the  thermal  fatigue  can  only  account  for  15%  of  the  fatigue  exhaust  life  the  observed  cracks  in 
the  T23/10CrMo910  welds  must  have  other  reasons.  It  is  believed  that  the  cracks  appear  because  the 
gab  between  the  tube  and  the  fin  act  as  a  notch.  If  the  gab  can  be  avoided  it  is  believed  that  no 
cracks  will  appear  after  2000  thermal  cycles.  This  has  been  confirmed  by  later  research. 

Conclusion 

The  purposes  of  the  project  have  been  fulfilled  except  for  the  hardness  of  the  TUV  HCM12 
weldings,  which  was  measured  to  419  HV10  after  manufacture  before  load.  This  far  exceeds  the 
permissible  level,  350  HV10.  This  level  is  based  on  experience  with  the  German  lCr!4Mo  steel 
13CrMo44.  If  a  hardness  of  419  HV10  can  be  tolerated  in  the  manufacturing  process  then  the 
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project  has  provided  a  significant  contribution  to  the  knowledge  needed  for  the  future  use  of  TUV 
HCM12  in  the  manufacture  of  panel  walls.  If  not  then  more  research  is  need  to  workout  the  allowed 
level  of  hardness  of  TUV  HCM12  welds. 

In  the  case  of  T23  cracks  were  seen.  However  the  reason  for  the  crack  formation  in  the  tube  to  weld 
HAZ  region  could  not  be  clearly  identified.  It  can  be  due  to  the  welding  procedure  or  due  to  the  gab 
between  the  tube  and  the  fin. 
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Abstract 

Evaluation  and  reliability  assessment  of  the  long-term  creep  rupture  strength  of  recently 
developed  tungsten  strengthened  advanced  steels  such  as  P92  and  P122  are  very  important  in  terms  of 
the  use  of  these  steels  in  actual  power  boilers.  This  paper  reports  the  results  of  standard  creep  rupture 
tests  reaching  a  maximum  of  50,000  hours,  which  have  been  carried  out  for  various  material 
conditions  including  as-manufactured,  fully-processed,  over-aged  and  induction-bent  pipes  and 
forgings.  Creep  strain  tests  up  to  2,000  hours  have  also  been  conducted  for  as-manufactured 
materials  in  order  to  study  creep  strain  behavior  and  creep  life.  Based  on  the  data  obtained,  105h 
creep  rupture  strength  was  predicted,  and  the  relationship  was  investigated  between  a)  the  long-term 
creep  rupture  strength  extrapolated  from  short-term  creep  test  results  using  the  parametric  and  iso- 
stress  methods,  and  b)  actually  measured  long-term  strength.  Creep  life  prediction  from  the  creep 
strain  and  rupture  time  relationship  was  also  carried  out,  and  the  accuracy  of  life  prediction  is 
demonstrated. 

Introduction 

Advanced  steam  cycles  in  power  boilers  achieved  by  increasing  the  steam  temperature  and 
pressure  are  accompanied  by  increased  thermal  efficiency  and  consequent  lower  fuel  costs.  Demand 
for  these  benefits  has  provided  the  incentive  for  the  development  of  high  strength  9-12%Cr  martensitic 
steels,  aimed  at  improved  creep  rupture  strength[l].  In  the  early  1990s  tungsten  strengthened  steels 
with  a  general  composition  of  9-12%Cr,  0.5%Mo  and  1-2%W,  NF616  (designated  as  T92/P92)[2j 
and  HCM12A  (T  122/P  122) [3]  were  developed  to  deliver  improved  mechanical  properties  at  elevated 
temperatures  for  use  in  advanced  steam  cycle  power  boilers. 

In  order  for  these  steels  to  be  used  in  actual  plants,  allowable  tensile  stress  must  be  determined  on 
the  basis  of  creep  rupture  data  as  well  as  creep  data  from  tests  of  a  duration  beyond  10,000  hours, 
extrapolating  100,000  hour  strength.  As  these  steels  have  been  newly  developed,  long-term  creep 
rupture  and  creep  data  are  limited,  while  the  evaluation  and  reliability  of  the  long-term  creep  strength 
of  these  steels  have  become  important  for  power  plant  applications.  In  the  work  reported  here, 
standard  creep  rupture  tests  reaching  a  maximum  of  50,000  hours  have  been  earned  out  for  various 
material  conditions  of  P92  and  P122  pipes,  including  as-manufactured,  fully-processed  (subjected  to 
post  weld  heat  treatment),  over-aged,  and  induction-bent  material  and  forgings.  Additionally,  as- 
manufactured  pipe  material  has  been  subjected  to  creep  strain  tests  to  study  the  correlation  between 
creep  deformation  behavior  and  rupture  time. 

Using  the  creep  rupture  data  obtained,  the  relationship  was  investigated  between  a)  long-term 
creep  rupture  strength  extrapolated  from  short-term  creep  rupture  data  using  the  parametric  and  direct 
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methods,  and  b)  actual  long-term  creep  rupture  data. 

Test  Materials  and  Creep  Rupture  /  Creep  Tests 

Test  materials  employed  consisted  of  pipe  and  forgings  of  P92  and  P122  manufactured  on  a 
commercial  basis.  The  chemical  compositions  of  these  test  materials  are  listed  in  Table  1.  The 
dimensions  of  the  tested  P92  and  P122  pipes  were  ^ 350mm  in  outside  diameter  and  t50mm  in  wall 
thickness;  they  were  manufactured  respectively  by  Nippon  Steel  and  Sumitomo  Metals  in  Japan.  The 
ingots  for  the  pipes  were  melted  in  an  electric  furnace  and  refined  by  vacuum  ladle  and  ESR 
processes,  and  then  forged  to  square  blooms  of  315mm  in  width  and  height  for  P92  followed  by  pipe 
rolling,  whereas  P122  was  directly  rolled  into  pipes.  The  heat  treatment  applied  to  P92  consisted  of 
normalizing  at  1065°C  X  2h  AC  and  tempering  at  770°C  X  2h  AC;  for  P122,  normalizing  at  1050°C  X 
lh  AC  and  tempering  at  770°C  X  7h  AC. 

The  pipes  were  subjected  to  the  processes  described  below  in  order  to  simulate  the  material 
conditions  induced  by  PWHT,  long-term  service  exposure,  and  induction  bending.  (Note  that  the 
differences  in  the  microstructures  were  too  small  to  be  determined.)  The  heating  condition  for  PWHT 
was  740 °C  X  4h  AC  (referred  to  as  fully-processed),  and  additional  heating  at  720°C  X  200h  AC  was 
applied  to  fully-processed  materials  (over-aged).  720  C  X  200h  is  assumed  to  correspond  to  600°C  X 
230,000h  of  service  exposure  in  terms  of  the  Larson-Miller  parametric  technique.  The  full  size  of  the 
pipes  was  bent  by  induction  heating  at  an  OD  surface  temperature  of  1050°C  and  forming  at  a  radius 
of  4.5D  (D  is  the  diameter  of  pipe),  followed  by  heat  treatment  under  the  same  conditions  for  as- 
manufactured  materials. 

The  forgings  were  melted  in  an  electric  furnace  and  refined  by  the  AOD  process  for  P92,  and 
using  the  VOD  process  for  PI 22.  The  ingots  were  forged  into  Tee  junctions  with  forging  ratios  of 
3.6S  for  P92  and  4.2S  for  P122.  P92  forgings  having  dimensions  of  <i>378mm  in  outside  diameter 
and  {80mm  in  wall  thickness  were  normalized  at  1040°C  X  3hOQ  and  tempered  at  780°C  X  5hAC,  and 
P122  forgings  with  dimensions  of  ^ 403mm  in  outside  diameter  and  l125mm  in  wall  thickness  were 
heat  treated  at  1050°C  X  3hAC  and  770°C  X  8hAC. 

Creep  rupture  specimens  were  taken  from  the  walls  of  pipes  and  forgings,  and  subjected  to 
testing  at  550 °C  to  700°C  at  intervals  of  50°C,  with  stress  ranging  from  60MPa  to  275MPa.  The 
creep  rupture  specimens  from  the  pipes  included  the  material  conditions  of  as-manufactured,  fully- 

processed,  over-aged,  and  induction-bent,  while  creep  strain  specimens  were  taken  only  from  as- 
manufactured  pipes. 

Analyses  of  creep  rupture  data  were  performed  using  the  Larson-Miller  technique  (representative 
of  parametric  extrapolation  methods),  while  iso-stress  creep  rupture  data  were  used  as  a  direct 
extrapolation  method  to  predict  temperature  at  a  given  stress  and  at  100,000  hours  to  rupture.  The 

creep  strain  data  were  used  in  the  creep  model  and  to  evaluate  the  accuracy  of  the  estimation  of  long¬ 
term  creep  rupture  life. 


Table  1  Chemical  compositions  of  steels  tested  (mass%) 


Steel 

Form* 

C 

Si 

Mn 

P  S 

Ni 

Cu 

Cr 

Mo 

W 

V 

Nb  N  A1  B 

P92  - 

P 

0.11 

0.04 

0.46 

0.008  0.001 

0.06 

- 

8.96 

0.47 

1.84 

0.20 

0.069  0.051  0.007  0.0010 

F 

0.10 

0.23 

0.50 

0.008  0.001 

0.21 

- 

9.09 

0.43 

1.83 

0.20 

0.064  0.046  0.003  0.0012 

P122- 

P 

0.12 

0.05 

0.64 

0.016  0.001 

0.32 

0.86 

10.61 

0.44 

1.87 

0.21 

0.050  0.064  0.022  0.0022 

F 

0.13 

0.27 

0.61 

0.014  0.001 

0.34 

0,49 

10.15 

0.36 

1.94 

0.20 

0.055  0.057  0.017  0.0019 

*P  : 

Pipe, 

F:  Forgings 
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Extrapolation  of  105h  Creep  Rupture  Strength 

Creep  rupture  data  are  important  in  determining  design  stresses  from  the  point  of  view  of  rupture 
time  and  the  number  of  data  points,  but  these  data  are  usually  provided  by  steel  manufacturers  for  as- 
manufactured  materials.  Figs.  1  and  2  show  isothermal  time  to  rupture  at  temperatures  of  550°C  to 
700°C  respectively  at  50°C  intervals,  as  well  as  Larson-Miller  plots  of  rupture  data  for  various 
material  conditions  of  P92  and  PI 22  steels.  The  figures  include  data  reaching  to  about  50,000  hours, 
and  the  comparative  average  line[4][5]  for  as-manufactured  materials  was  obtained  from  a  sufficient 
number  of  data  points  and  test  durations  beyond  10,000  hours.  In  the  present  study,  as-manufactured 
materials  were  used  only  for  creep  strain  testing  which  rupture  times  were  up  to  2,000  hours.  Among 
the  various  material  conditions,  over- aged  material  showed  slightly  lower  strength  in  the  medium 
stress  region  of  130MPa  to  200MPa.  Basically,  the  figures  indicate  little  difference  in  creep  rupture 
strengths  between  P92  and  PI 22. 

The  iso-stress  rupture  data  were  obtained  for  fully-processed,  over-aged  and  induction-bent  P92 
and  PI 22  steels  at  temperatures  of  600 °C  to  660 °C,  and  at  125MPa  and  140MPa.  The  temperature  at 


Fig.  1  Isothermal  time  to  rupture  diagram  and  Larson-Miller  plot  of  creep  ruptured  data 
for  P92  steel 


Fig.  2  Isothermal  time  to  rupture  diagram  and  Larson-Miller  plot  of  creep  ruptured  data 
for  PI 22  steel 
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100,000  hours  and  at  a  given  stress  was  directly  predicted  using  Fig.  3,  while  the  Larson-Miller 
diagrams  jn  Figs.  1  and  2  were  used  for  predictions  of  105h  creep  rupture  strength  at  temperatures 
from  550  C  to  675  C  at  25  C  intervals.  In  the  Larson-Miller  technique,  extrapolation  was  made  using 
data  sets  of  up  to  2,000  hours,  over  2,000  hours,  and  all  data  in  order  to  compare  the  effect  of  data 
sources  on  the  estimation  of  105h  creep  rupture  strength. 

Fig.  4  gives  1 05h  creep  rupture  strength  obtained  by  means  of  the  Larson-Miller  technique[6]  and 
iso-stress  technique  in  terms  of  temperature.  Table  2  lists  extrapolated  strength  from  the  Larson-Miller 
technique  and  temperature  from  the  iso-stress  technique.  It  is  obvious  that  temperatures  above  and 
below  approximately  600 °C  give  larger  differences  in  extrapolated  strength  due  to  material  conditions. 
The  difference  in  strength  between  the  maximum  and  minimum  values  at  550°C  and  675°C  was 
approximately  25MPa,  in  contrast  differences  of  less  than  lOMPa  that  were  seen  for  both  steels  at 
temperatures  of  600  C  to  625  C.  This  indicates  that  the  105h  creep  rupture  strengths  were 
extrapolated  within  a  ±5%  scatter  band  from  the  average  strength  for  the  material  conditions, 
prediction  methods,  and  data  sets  investigated  within  the  above-stated  temperature  range,  which  is 
typically  used  in  the  design  of  boiler  components.  Even  the  data  up  to  2,000  hours  provided  accurate 


Fig.  3  Iso-stress  plot  of  creep  ruptured  data  for  P92  and  P122  steels 


Fig.  4  Comparison  of  extrapolated  105h  creep  rupture  strength  by  Larson-Miller  technique 
and  iso-stress  technique 
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Table  2  Extrapolation  results  of  105h  creep  rupture  strength  by  Larson-Miller  technique 
and  105h  temperatures  by  iso-stress  technique 


Materia] 

Larson-Miller  Technique  (MPa) 
Temperature  (“C) 

Iso-Stress  Technique  (D) 
Stress  (MPa) 

Steel  Conditions 

data  used 

550 

575 

600 

625 

650 

675 

125 

140 

As-Manufactured 

<2000h 

>2000h 

all 

200 

165 

132 

102 

77 

57 

- 

Fully -Processed 

<2000h 

>2000h 

all 

204 

206 

206 

168 

169 

169 

134 

133 

133 

103 

101 

101 

76 

74 

74 

54 

52 

52 

603 

593 

P92  Over-Aged 

<2000h 

>2000h 

all 

180 

191 

186 

148 

158 

153 

123 

126 

123 

102 

96 

98 

85 

71 

76 

72 

50 

58 

605 

594 

Induction-Bent 

<2000h 

>2000h 

all 

195 

198 

198 

160 

163 

162 

130 
130 
130  • 

105 

101 

103 

84 

77 

80 

67 

57 

61 

597 

Forging 

<2000h 

>2000h 

all 

209 

207 

208 

170 

167 

169 

132 

130 

131 

98 

96 

97 

69 

69 

69 

47 

47 

47 

- 

As-Manufactured 

<2000h 

>2000h 

all 

197 

164 

131 

102 

76 

54 

- 

Fully-Processed 

<2000h 

>2000h 

all 

194 

195 
193 

161 

162 

160 

130 

128 

128 

102 

96 

99 

79 

68 

74 

59 

46 

53 

595 

595 

PI 22  Over- Aged 

<2000h 

>2000h 

all 

183 

192 

187 

150 

155 

152 

122 

122 

122 

100 

93 

95 

81 

69 

74 

66 

50 

56 

596 

594 

Induction-Bent 

<2000h 

>2000h 

all 

190 

196 

192 

153 
157 

154 

123 

123 

123 

98 

94 

96 

79 

70 

75 

63 

51 

58 

601 

Forging 

<2000h 

>2000h 

all 

205 
207 

206 

166 

167 

170 

131 

129 

130 

99 

97 

97 

73 

70 

70 

51 

48 

49 

- 

extrapolated  values  in  comparison  with  long-term  actual  rupture  strength.  The  prediction  results 
yielded  by  the  iso-stress  technique  (a  typical  direct  method)  were  within  the  range  established  by  the 
Larson-Miller  parametric  method,  although  the  temperature-rupture  time  diagram  is  marked  by  stress 
dependence. 

Creep  Strain  Behavior  and  Creep  Life 

The  tensile  creep  strain  behaviors  of  as-manufactured  P92  and  P122  are  given  in  Figs.  5  and  6  at 
temperatures  of  600°C,  650°C  and  700°C.  All  specimens  subjected  to  creep  testing  described  here 
were  ruptured  at  times  up  to  2,000  hours.  The  creep  curves  plotted  as  creep  rate  against  time  consist 
of  primary  and  tertiary  parts,  showing  the  minimum  creep  rate  at  stress-dependent  times.  The  lower 
stresses  prolong  the  time  of  primary  creep  to  induce  a  large  reduction  in  the  minimum  creep  rate. 
There  are  few  differences  in  the  creep  curves  for  P92  and  P122  steels,  or  in  the  temperature  and  stress 
dependencies,  although  the  creep  curves  at  650°C  differ  slightly  from  those  at  600°C  and  700°C,  as 
the  reduction  of  minimum  creep  rate  at  650°C  is  rather  greater  than  at  other  temperatures.  According 
to  a  study  [7]  on  precipitation  evolution  in  these  steels,  there  exists  a  peak  nose  at  650°C  in  the  C  curve 
for  the  Laves  phase  of  the  time-temperature-precipitation  diagram.  The  greater  reduction  of  minimum 
creep  rate  is  therefore  presumed  to  be  caused  by  Laves  phase  precipitation  hardening.  Fig.  7  gives  the 
relationship  between  minimum  creep  rate,  £mjn,  and  average  creep  rate,  £ave  (the  divisor  of  the  rupture 
strain),  £r,  and  time  to  rupture,  tr .  As  seen  from  the  figure  there  is  a  linear  relationship  between  £min 
and  8ave,  which  is  expressed  by  the  following  equation. 


^ave  —  ^  ^min 


(1) 
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where  C  and  r  are  constants,  and  C  is  5.3,  and  r  is  0.98  for  P92  and  P122  steels. 

It  is  well  known  that  the  minimum  creep  rate  is  inversely  proportional  to  rupture  time  from  the 
Larson-Miller  assumption,  as  well  as  from  further  refinements  by  Monkman  and  Grant  as  the 
Monkman-Grant  equation[8] 

^min  “  ^MG^r 

Fig.  8  plots  log  minimum  creep  rate  and  log  average  creep  rate  as  a  function  of  rupture  time  for  P92 
and  PI 22  steels,  thereby  giving  a  straight  line  for  emin- 1  r  up  to  2,000  hours  from  which  KMG  and  m 
can  be  determined.  KMG  and  m  are  0.9  X  10" 1  and  1.1  respectively  for  P92,  and  1.6X  10' 1  and  1.1 
for  P 122.  From  the  figure,  the  Monkman-Grant  relationship  can  be  observed  for  eave-  tr  over  10,000 
hours  with  a  relatively  wider  scatter  band  at  times  beyond  1 ,000  hours  as  follows, 

^ave  =  K  mg  tr  m  ^ 

K’MGandm'are5'3X10'1  and  1-1  respectively  for  P92,  and9.9X10'1  and  1.1  for  P122.  m  and 
m'  are  equal  to  1.1  in  both  steels;  these  are  usually  in  the  range  0.8- 1.2  for  conventional  steels. 


Fig.  5  Relationship  between  creep  strain  rate  and  time  for  P92  steel 


Fig.  6  Relationship  between  creep  strain  rate  and  time  for  PI 22  steel 
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Fig.  7  Relationship  between  minimum  Fig.  8  Monkman-Grant  plot  of  minimum  creep  rate 
creep  rate  and  average  creep  rate  and  average  creep  rate  against  time  to  rupture 


The  deviation  line  of  the  minimum  creep  rate  from  the  average  line  toward  lower  values  (which  gives 
an  optimistic  extrapolation  of  rupture  time  using  the  average  line)  appears  to  be  parallelly  shifted  to 
the  minimum  line  with  approximately  half  values  of  K  'MG  as  shown  in  Fig.  8.  If  we  assume  the  same 
deviation  of  the  minimum  creep  rate-time  to  rupture  relationship,  half  the  value  of  KMG  is  expected  for 
the  Monkman-Grant  equation,  resulting  in  the  estimation  of  half  the  rupture  time,  or  half  the  minimum 
creep  rate.  Creep  life  at  given  stress  is  easily  extrapolated  using  of  the  Monkman-Grant  equation, 
together  with  the  Norton  equation[9] 

Emin  =  AO"  (4) 

where  A  and  n  are  the  constant  and  Norton  stress  exponent  respectively.  The  minimum  creep  rate  to 
given  stress  can  be  read  from  the  Norton  equation  plot,  and  the  creep  rupture  life  for  this  minimum 
creep  rate  can  be  determined  from  the  Monkman-Grant  plot.  The  stress  drop  due  to  the  reduction  of 
Kmg  can  also  be  estimated  from  the  Norton  equation  plot.  Fig.  9  shows  the  Norton  plots  for  P92  and 
PI 22  steels.  The  reduction  of  stress  at  600 °C  and  650°C  is  estimated  to  be  approximately  4% 
provided  the  minimum  creep  rate  is  reduced  to  half  the  value  of  that  at  a  given  stress,  but  an  8% 
reduction  in  stress  is  expected  at  700 °C.  In  the  case  of  advanced  steels  such  as  P92  and  PI 22,  the 
Norton  stress  exponent  is  much  higher  than  for  conventional  steels  as  shown  in  Fig.  9,  and  changes 
in  stress  with  the  minimum  creep  rate  are  rather  small  as  noted  above.  That  is,  a  50%  reduction  of  the 
minimum  creep  rate  corresponds  to  an  approximate  4%  reduction  of  strength  at  600 °C  and  650°C  for 
P92  and  PI 22  steels.  This  4%  maximum  reduction  of  strength  agrees  well  with  the  scatter  band  of  + 
5%  from  the  average  of  105h  creep  rupture  strength  extrapolated  using  parametric  and  direct  methods. 

The  average  creep  rate  deviated  with  a  wider  scatter  band  at  the  time  to  rupture  beyond  1 ,000 
hours  is  shown  in  Fig.  8,  with  1,000  hours  corresponding  to  an  average  creep  rate  of  5X  10'8s'!. 
Fig.  10  shows  the  relationship  between  the  average  creep  rate  and  rupture  strain.  The  rupture  strain 
appears  to  be  constant,  with  an  average  value  of  approximately  30%  at  an  average  creep  rate  above  5 
X  10‘8s_1,  and  comes  to  show  creep  rate  dependence.  This  figure  suggests  the  insight  that,  at  longer 
creep  rupture  times  beyond  1,000  hours,  creep  rate  affects  not  only  the  rupture  time  but  also  the 
rupture  strain,  while  the  creep  rate  up  to  1,000  hours  does  not  affect  rupture  strain. 
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Stress  (MPa)  Rupture  Strain  Rupture  Strain 


Fig.  9  Stress  dependence  of  minimum  Fig.  10  Relationship  between  average  creep  rate 
creep  rate  and  rupture  strain 


Conclusions 

A  comparative  investigation  was  carried  out  on  the  105h  creep  rupture  strength  extrapolated  using 

different  data  sets  including  data  up  to  2,000h,  data  over  2,000h,  and  all  data  for  various  material 

conditions  of  pipes  and  forgings  of  P92  and  P122  steels.  The  creep  strain  behaviors  of  both  steels 

were  also  investigated  in  order  to  consider  the  reliability  of  extrapolated  long-term  creep  strength. 

Accordingly,  the  following  results  have  been  obtained. 

(1)  The  predicted  105h  creep  rupture  strengths  of  as-manufactured,  fully-processed,  over-aged,  and 
induction -bent  pipes  and  forgings  were  within  a  ±5%  scatter  band  of  average  strength  at 
temperatures  from  600 °C  to  625 °C,  which  is  the  typical  design  temperature  range  for  these 
steels. 

(2)  The  data  set  ruptured  up  to  2,000  hours  accurately  predicted  the  long-term  creep  rupture  strength 
by  means  of  the  parametric  method,  corresponding  to  the  actual  data. 

(3)  There  was  found  to  exist  a  linear  relationship  between  the  minimum  creep  rate  and  average  creep 
rate,  and  the  Monkman-Grant  equation  was  found  to  be  applicable  not  only  for  the  minimum 
creep  rate,  but  also  for  the  average  creep  rate  for  rupture  time  reaching  up  to  100,000  hours.  Due 
to  the  scatter  of  data  beyond  1,000  hours,  the  minimum  line  of  the  Monkman-Grant  equation  was 
parallelly  shifted  from  the  average  line  by  half  the  value  of  the  Monkman-Grant  constant;  this 
yielded  a  50%  reduction  in  creep  rupture  life,  corresponding  to  a  4%  reduction  of  creep  rupture 
strength  from  average  values  for  all  data  points  obtained  from  various  material  conditions  of 
pipes  and  forgings. 
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Abstract  In  the  present  paper,  difficulties  in  material  data  sampling  and  lifetime  estimation  are 
discussed.  A  local  deformation  measuring  technique  is  proposed  to  determine  the  creep  properties 
of  the  weld.  A  damage  mechanics  approach  is  introduced  to  study  the  damage  development  and 
creep  rupture  of  HK-40  furnace  tubes  due  to  the  presence  of  a  weld.  It  has  been  illustrated  that 
damage  is  prone  to  the  weld  in  the  later  period  of  service  life.  Metallographical  research  also 
indicates  that  the  weld  may  have  a  higher  damage  rank.  It  is  thus  concluded  that  the  weldments  may 
become  the  weak  link  in  HK-40  furnace  tubes. 

1.  Introduction 

Among  the  failure  cases  of  high  temperature  components,  premature  failures  of  weldments  have 
taken  a  large  percentage  that  indicates  the  detrimental  effect  of  welding  on  structural  integrity.  The 
accurate  prediction  of  the  high  temperature  behavior  of  welded  components  is  thus  becoming 
increasingly  important  in  order  to  realize  an  optimized  design  and  maintenance  of  a  plant  life. 

Reformer  furnace  tubes  are  generally  fabricated  from  centrifiigally  cast  creep  resistant  austenitic 
steel  HK  Grade  (0.4C,  25Cr,  20Ni)  or  HP  Grade  (0.4C,  25Cr,  35Ni).  The  whole  furnace  tubes  have 
about  14,000mm  length,  which  is  fabricated  by  welding  together  four  to  five  short  tubes.  In  long¬ 
term  service  at  high  temperature,  the  damage,  such  as  creep  cavities  and  microcracks,  occurs 
inevitably  in  the  tubes,  much  research  has  been  done  during  the  past  two  decades[l-4].  However, 
the  works  mostly  concentrates  on  damage  assessment  of  the  parent  metal  of  the  tubes,  damage 
characteristics  of  the  welds  in  the  whole  tubes  don’t  be  fully  understood.  The  recent  researches 
show  that  the  weld  has  the  highest  damage  level  in  the  later  period  of  service  life,  and  is  one  of 
weakest  location  in  furnace  tubes[4]. 

In  the  present  paper,  difficulties  in  material  data  sampling  and  lifetime  estimation  are  discussed. 
A  local  deformation  measuring  technique  is  proposed  to  determine  the  creep  properties  of  the  weld. 
A  damage  mechanics  approach  is  introduced  to  study  the  damage  development  and  creep  rupture  of 
HK-40  furnace  tubes  due  to  the  presence  of  a  weld. 

2.  Measuring  Technique  for  Local  Creep  Deformation 

For  conventional  uniaxial  tensile  creep  testing  the  evaluation  of  creep  deformation  and  fracture 
resistance  is  only  an  average  information  within  a  gauge  length  equal  to  five  times  the  diameter  of 
specimens.  The  gauge  length  is  generally  50mm  or  100mm,  and  25mm  at  the  least[5].  Assessment 
of  creep  behavior  of  different  region  of  a  weldment  is  required  to  provide  an  assessment  of  overall 
high  temperature  performance  for  weldments.  However,  it  is  not  possible  to  measure  creep 
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deformation  of  the  regions  in  term  of  the  current  uniaxial  tensile  creep  test  due  to  narrow  regions 
such  as  weld  metal  and  HA Z  region  (less  than  10  mm).  Thus  factors  affecting  the  creep  and  fracture 
of  welments  are  not  well  identified. 

A  new  method  based  on  quartz  optical  fiber  and  digital  image  analysis  is  proposed  to  acquire 
actual  creep  behavior  of  a  narrow  region  in  a  weldment.  In  order  to  realize  long-term  and  high 
precision  measurement  of  local  creep  deformation,  a  measuring  system  is  set  up  (shown  in  Fig.l). 
The  selected  quartz  optical  fibers  have  good  heat  resistance  and  good  light  conductivity  at  high 
temperature.  So  they  are  stuck  on  a  side  surface  of  a  test  specimen  and  employed  as  light  marks  by 
irradiating  one  end  of  optical  fiber  with  laser  and  giving  out  light  from  the  other  end  at  high 
temperature.  Raying  ends  of  quartz  optical  fibers  form  dot-shaped  marks,  and  then  received  by  a 
long  distant  microscope  and  imaged  on  CCD’s  target.  The  marks  are  extracted  by  a  point-dependent 
image  segment  technique[6].  On  the  basis  of  the  extracted  marks,  the  center  of  a  mark  can  be 
explicitly  obtained  by  the  region-center  method,  which  allows  the  measuring  precision  to  reach  sub¬ 
pixel  level,  displacements  of  the  marks  are  accordingly  acquired. 

Under  the  condition  of  no  loading  in  high  temperature,  two  measured  digital  images  have  fine 
distinction  for  images  of  the  light  spots  sampling  at  two  different  times,  the  distance  between  light 
spots  has  elementary  error  for  the  images,  the  error  is  called  as  the  zero  shift  of  the  system.  The  zero 
shift  does  not  exceed  0.05  pixel.  Most  of  zero  shifts  are  generally  in  the  range  of  0.02-0.04  pixel. 
According  to  the  resolution  of  the  used  CCD  (512x512)  and  distance  between  the  two  marks  (about 
300  pixel  in  an  image) ,  measuring  sensitivity  of  the  system  is  about  100//£[6]. 

The  sensitivity  basically  satisfies  the  requirement  of  long-term  creep  deformation  measurement. 
The  use  of  higher  CCD  resolution  will  certainly  improve  the  measuring  accuracy. 

3.  Creep  Testing  of  Weld  Metal  in  HK  40  Reformer  Tubes 

3. 1  Specimen  and  testing  method 

A  HK-40  reformer  tube  serviced  for  80,000h  is  selected  for  creep  test.  Plate  type  cross-weld 
specimens  are  produced  from  upper  welds  of  the  tube,  which  has  little  detectable  damage.  In  order 
to  measuring  creep  deformation  of  weld  metal,  a  waisted  cross-weld  specimen  with  3mm  thickness 
is  designed.  Six  quartz  optical  fibers  are  stuck  onto  a  side  surface  in  waisted  weld  region  (see  Fig. 
2). 


Specimen 


Weld  metal  (9  mm) 


Computer 


Fig.  1  Sketch  of  measuring  system  of  local  creep  Fig.  2  HK-40  waisted  cross-weld  specimen 

deformation  and  stuck  fibers 
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Because  the  maximal  effective  wall  temperature  is  850°C  in  the  service  period  of  the  selected 
furnace  tube,  uniaxial  creep  tests  are  performed  in  air  at  the  temperature  of  850°C  with  stresses  in 
the  rang  of  40-50  MPa  ,  and  the  temperature  difference  is  maintained  within  ±3°C.  The  creep 
deformation  of  the  weld  metal  is  obtained  by  measuring  local  deformation  between  the  optical  fiber 
marks. 


3.2  Creep  behavior  of  HK-40  weld  metal 

Creep  strains  versus  time  at  three  stresses  of  40MPa,  45MPa  and  50MPa  are  shown  in  Fig.3. 
The  steady  creep  strain  and  creep  rupture  time  versus  stress  are  shown  in  Fig.4  and  Fig.  5 
respectively.  It  should  be  noted  that  the  rupture  occurs  in  the  notch  root  rather  than  the  middle  of  the 
specimen. 

Creep  behavior  of  HK-40  parent  metal  is  also  needed  in  order  to  analyze  creep  behavior  of 
welds  of  HK-40  furnace  tubes.  The  creep  data  of  HK  40  parent  metal  generated  in  our  previous 
research  [7]  are  used.  As  the  data  was  obtained  at  871°C,  they  should  be  transferred  to  the 
temperature  of  850°C  .  Based  on  B.  D.  Roach’s  research[8],  N.  Miyazaki  proposed  that  material 
constants,  B  and  A  in  Norton  law  (e  =  Ban)  and  creep  rupture  equation  (Aavtr- 1)  have  the 
following  relation  for  HK  40  material [9], 


B  =  10 


0.022537  T-36.3551 


A  =  10 


0.0135  7,-22.7355 


Thereby  the  steady  creep  strain  rate  s  and  creep  rupture  time  tr  at  871°C  can  be  transferred  to 
that  at  850°C.  The  steady  creep  strain  and  creep  rupture  time  versus  stress  of  HK-40  parent  metal  at 
850°C  are  also  shown  in  Fig.4  and  Fig.5  respectively.  Fig.4  shows  that  the  weld  metal  has  a  lower 
creep  strain  rate  at  low  stress  levels  (less  than  45  MPa).  Therefore,  the  HK-40  weldment  belongs  to 
a  creep-hard  weld  as  defined  by  Tu  et  al  in  the  condition  of  low  stresses!  10].  For  the  creep-hard 
weld,  creep  rupture  time  of  the  weld  metal  should  be  longer  than  that  of  the  parent  metal  due  to 
lower  steady  creep  strain  rate  of  weld  metal.  However,  Fig.5  shows  that  creep  rupture  time  of  the 
weld  metal  is  shorter  than  that  of  the  parent  metal,  which  may  be  the  result  of  notch  effect  in  the 
waisted  cross-weld  specimens.  Because  the  weld  metal  has  lower  creep  ductility  (0.87%,  40MPa)  as 
compared  with  the  HK-40  parent  metal  (1.5%,  35MPa),  stress  concentration  built  up  in  notch  roots 
does  not  easily  release  away  due  to  creep  deformation,  which  will  accelerate  creep  damage  and 
fracture  in  the  roots  of  the  waisted  cross-weld  specimens.  So  creep  rupture  time  obtained  from  creep 
tests  should  be  further  modified  to  obtain  actual  creep  rupture  time  for  the  weld  metal. 

Although  it  has  been  known  that  the  weld  of  HK-40  tubes  is  creep-hard  material  by  measuring 
creep  deformation  of  the  weld  metal,  it  does  not  necessarily  mean  that  failure  will  first  take  place  in 
parent  metal  at  high  temperature. 

4.  Creep  Damage  Analysis  of  Welds  of  HK-40  Furnace  Tubes  by  use  of  The  Creep  Damage 

Mechanics  Approach 


4. 1  Constitutive  equations  describing  inhomogeneity  in  creep  damage 

In  fact,  when  certain  volume  of  material  is  subjected  to  creep,  some  parts  may  be  well  in  the 
tertiary  creep  while  some  still  in  the  secondary  creep.  By  constructing  a  composite  element  of 
damaged  and  undamaged  phases,  a  modified  Kachanov-Rabotnov  constitute  equation  which 
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accounts  for  inhomogeneity  in  creep  damage  is  usedfll]  and  is  shown  below 
~  =  \b  <7  r-1*,  [a  -  P  >  +  P  (i -  d  r  ] 

dD  =  A  [<*<?  i  +  (1  -  a  )(J  ef 
dt  <j>  +  1  (1  -  D  y 

Dcrit  =  1-  (1-  g)1/(*+1)  (5) 

where  ECy  and  sy  are  the  creep  strain  tensor  and  stress  deviator  tensor,  respectively.  and  cre  are  the 
maximum  principal  stress  and  von  Mises  stress,  a  is  the  material  constant  relating  to  the  multiaxial 
rupture  criterion  which  ranges  from  zero  to  unity.  D  and  are  the  damage  variable  and  critical 
damage  where  the  material  creep  life  is  assumed  to  be  fully  utilized  when  D/Dcrit  reaches  the  value 
one.  B , «,  A  and  vare  material  constants  relating  to  the  steady  creep  strain  rate  and  rupture  behavior, 
g,  (f>  and  p  the  constants  accounting  for  the  inhomogeneity  of  the  damage  where  p  represents  the 
volumetric  ratio  of  the  damaged  phase. 


(3) 

(4) 


4.2  Creep  rupture  analysis  of  the  waisted  cross-weld  specimens 

Based  on  the  described  creep  damage  mechanics  approach,  creep  ruptures  of  the  waisted  cross¬ 
weld  specimens  are  evaluated  by  use  of  finite  element  damage  simulation  and  modifying  the 
material  constants  A  and  vof  creep  rupture  behavior  of  HK-40  weld  metal.  The  finite  element 
model  of  the  waisted  cross-weld  specimen  is  shown  in  Fig.6,  the  weld  width  is  9mm,  radius  of  weld 


Stress  er  (MPa) 


Fig.  3  Creep  curves  for  weld  metal  of 
cross-weld  specimens 


Time  t  (hr) 

Fig.  4  Steady  creep  strain  rate  vs.  stress  for  parent 
and  weld  metal  of  HK-40tubes  at  850°C 


Fig.  5  Creep  rupture  time  vs.  Stress  for  parent  Fig.6  Finite  element  model  for  creep  rupture 
and  weld  metal  of  HK-40tubes  at  850°C  analysis  of  the  waisted  cross- weld  specimens 
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roots  is  1.5  mm.  Half  of  the  waisted  cross-weld  specimen  is  discretized  into  421  rectangular 
isoparametric  elements  with  474  nodes.  In  the  present  work,  a  two-materials  model  (  HK-40  parent 
metal  and  weld  metal  )  is  used,  the  material  constants  in  the  constitutive  equations  are  listed  in 
Table  1.  It  is  common  to  use  the  non-linear  regression  method  to  obtain  material  constants  g,  <f>  and 
p ,  while  a  statistical  optimization  procedure  is  used  which  ensures  the  global  minimization  of  the 
objective  fiinctions[12].  The  multiaxial  rupture  parameter  a  has  been  suggested  to  equals  to  0.25  for 
austenitic  stainless  steels[13].  For  the  weld  metals,  no  data  for  a  have  been  available,  it  is  assumed 
that  they  have  the  same  values  as  the  parent  metals. 

Creep  rupture  times  and  locations  of  the  waisted  HK-40  cross-weld  specimens  are  determined  at 
50MPa,  45MPa  and  40MPa  by  use  of  finite  element  damage  simulation.  The  material  constants  A 
and  v  in  the  creep  rupture  equation  are  adjusted  time  after  time  in  the  process  of  simulating  damage 
and  rupture  of  the  waisted  HK-40  cross-weld  specimens.  The  results  of  damage  analysis  distinctly 
show  that  cracking  of  the  waisted  cross-weld  specimens  results  from  notch  roots  near  fusion  lines, 
and  leads  to  creep  rupture.  Creep  rupture  locations  predicting  by  finite  element  damage  simulating 
is  consistent  with  experimental  results  (as  shown  Fig.7).  Cracking  and  rupture  take  place  in  the 
weld  side  of  fusion  line  at  50MPa  (see  Fig.7a),  and  cracking  first  occurs  in  the  parent  metal  near 
fusion  line  and  rupture  finally  takes  place  in  the  weld  side  of  fusion  line  at  40MPa  (see  Fig.7b). 
Creep  rupture  times  predicting  by  finite  element  damage  analysis  are  quite  close  to  the  results 
obtained  by  regressing  experimental  data  (as  shown  in  Fig. 8),  with  maximum  relative  error  8.11%. 

The  above  cases  simulated  show  that  creep  rupture  life  and  location  of  the  waisted  cross-weld 
specimens  can  be  accurately  predicted  on  the  basis  of  appropriate  creep  behavior  of  HK-40  parent 
and  weld  metal.  The  appropriate  creep  behaviors  of  the  weld  metals  can  be  determined  by 
modifying  the  material  constants  relating  to  creep  behaviors  for  the  waisted  cross-weld  specimens, 
which  is  built  on  the  basis  of  combination  of  finite  element  damage  analysis  and  the  present  method 
for  measuring  the  long-term  local  creep  deformation. 

4.3  Welding  effect  on  creep  damage  of  welds  of  HK-40  furnace  tubes 

It  was  less  reported  about  damage  assessment  of  welds  of  HK-40  reformer  furnace  tubes  in  past 
decade.  Recently,  Silveria  and  May  [4]  pointed  out  that  the  useful  life  of  tubes  was  controlled  by  the 
damage  that  accumulated  in  the  welds  situated  in  hotter  section.  Therefore,  welding  effect  on  creep 
damage  of  welds  HK-40  furnace  tubes  is  studied  by  use  of  finite  element  damage  simulation  based 
on  material  constants  of  parent  and  weld  metal  determined  from  the  above  analysis. 

In  the  present  investigation,  the  creep  damage  evaluation  in  a  circumferential  V-shaped 
weldment  in  HK-40  furnace  tubes,  see  Fig.9.  The  outer  diameter  and  the  wall  thickness  of  the  tubes 

Table  1  Material  constants  for  parent  and  weld  metals  of  HK-40  welds  (Stress,  MPa  and  time,  h) 


Constants 

Parent  metal 

Weld  metal 
(tested) 

Weld  metal 
(modified) 

B 

3.  247xl0-'9 

8.569x1 0"25 

8.569x1  O'25 

n 

8.308 

11.475 

11.475 

A 

2.565xl0-12 

3.234xl0“16 

5.591xl0-16 

V 

5.313 

7.779 

7.507 

S 

3.100 

3.000 

3.000 

</> 

'  0.0984 

0.920 

0.920 

P 

0.0538 

0.043 

0.043 

Dcrit 

0.635 

0.468 

0.468 

a 

0.25 

0.25 

0.25 
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are  129mm  and  12mm,  respectively.  The  welded  tube  is  subjected  to  an  internal  pressures  of  4MPa, 
effective  wall  temperature  is  850°C.  The  constants  in  constitutive  equations  for  parent  and  weld 
metals  are  listed  in  Table  1.  The  tube  with  weldment  is  modeled  by  four-node  axisymmetric  element 
with  reduced  (2x2)  Gaussian  integration.  In  FEM  mesh  492  elements  with  549  nodes  are  used. 

Fig.  10  shows  that  creep  damage  develops  with  time  when  the  tube  with  the  weld  is  subjected  to 
an  internal  pressure  of  4  MPa,  and  rupture  life  resulting  from  creep  damage  is  94,680  h  Damage 
localization  occurs  in  welds.  The  maximum  creep  damage  occurs  in  internal  surface  near  fusion  line 
at  94,570  h,  and  separate  small  cracks  occur  near  fusion  line  at  94,670  h  (see  Fig.  10a  and  10b). 
After  this,  the  weld  metal  is  heavily  damaged  as  seen  Fig.  10c,  final  failure  of  the  HK-40  furnace 
tube  takes  place  in  the  weld  metal. 

Another  creep  damage  evaluation  of  the  HK-40  furnace  tube  is  studied  by  taking  actual 
operating  condition  into  account.  The  tube  is  subjected  to  an  operating  pressure  of  1.8MPa  and  has 
a  temperature  difference  of  28°C  between  internal  and  external  surfaces.  The  results  of  creep 
damage  evaluation  are  shown  in  Fig.ll.  Predicted  rupture  life  is  about  120,000  h,  the  weldment  has 
maximum  creep  damage  and  reveals  characteristic  of  localization.  Some  separate  creep  cracks 
occurs  in  the  weld  metal  at  80,000  h,  see  Fig.  11  a.  Creep  cracks  propagate  from  internal  surface  to 
external  surface  of  the  wall,  which  results  in  rupture  of  the  HK-40  furnace  tube,  see  Fig.  lib. 

Based  on  above  mentioned  creep  damage  evaluation  of  the  weldment  of  the  HK-40  furnace  tube, 
it  can  be  concluded  that  the  accumulated  damage  in  the  weldment  is  non-uniform  and  has  the 


(a)  190h  (  50MPa)  (b)  979h  ( 40MPa) 

Fig.7  Creep  rupture  of  a  waisted  cross-weld  specimen 


100 , 


Modified  rupture  curve  for  weld  metal 
Regressed  rupture  curve  for  weld  metal 
Results  of  finite  element  dantngc  analysis 


10' 

10 


100  1000 
Creep  rupture  time  tr  (h) 


Fig.  8  Results  of  Finite  element  analysis  by  modifying 
creep  rupture  behavior  of  weld  metal  for  the 
waisted  cross-weld  specimens 


Fig.9  Geometry  of  HK-40  reformer 
furnace  tube  with  weldment 
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Fig.  10  Creep  damage  development  of  the  weldment  of  the  HK-40  furnace  tube 
at  an  internal  pressure  of  4  MPa 


(a)  80,000  h  (b)  120,000  h  (a)  Parent  metal  ( 300X )  (b)  Weld  metal  (  SEM) 

Fig.  11  Creep  damage  development  of  Fig.  12  Microstructure  of  the  parent  metal  and  the  weld 
the  weldment  of  the  HK-40  furnace  metal  in  the  analyzed  weldment  ( (a)  carbides 

tube(an  internal  pressure  of  1 . 8  MPa  morphology,  (b)  Grain  boundary  creep  voids  and 

and  temperature  difference  of  2  8°C)  microcracks) 

characteristic  of  creep  damage  localization.  It  is  unanimously  indicated  that  damage  in  the  weld  is 
heavier  than  that  in  the  parent  metal  at  the  end  of  creep  life  of  the  weldment  and  final  failure  occurs 
in  the  weld,  which  means  that  the  welds  may  be  the  weakest  sites  in  HK-40  furnace  tubes. 

The  states  of  damage  along  a  HK-40  reformer  tube  in  service  for  80,000h  are  metallographically 
analyzed  [14].  The  results  show  that  damage  concentrates  in  the  hotter  section  about  2  m  from  the 
bottom  end  and  maximum  accumulated  damage  located  in  the  weld.  For  the  parent  metal,  primary 
carbides  are  linked  and  blocky  while  the  secondary  carbides  coalesce  obviously  and  partly 
dissolved,  see  Fig.  12a.  For  the  weld  metal,  primary  carbides  are  significantly  coarsening  and  blocky 
while  the  secondary  carbides  coalesce  obviously  and  are  partly  dissolved.  There  are  strings  of 
cavities  and  some  microcracks  from  the  internal  surface  to  the  middle  in  the  weld  region,  see 
Fig.  12b.  The  metallographic  analysis  proves  rationality  of  above-mentioned  finite  element 
simulation  of  welding  effect  on  creep  damage  of  the  weldment  of  HK-40  furnace  tubes. 

5.  Conclusions 


(1)  A  long  term  and  local  creep  deformation  at  high  temperature  can  be  measured  by  use  of 
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anew  measurement  technique,  which  utilizes  particular  performance  of  quartz  optical  fiber  and 
technique  of  distant  image  formation  and  the  CCD  digital  image  analysis.  The  measuring  sensitivity 
of  local  deformation  at  high  temperature  is  below  lOOpe. 

(2)  Based  on  the  new  measuring  technique,  creep  deformation  of  the  weld  metal  of  a  HK-40 
furnace  tube  is  measured  by  the  waisted  cross-weld  specimens.  Creep  behavior  of  the  weld  metal  is 
obtained  and  compared  with  that  of  the  parent  metal. 

(3)  A  modified  creep  damage  mechanics  method  is  introduced  to  analyze  creep  rupture  of  the 
waisted  cross- weld  specimens,  creep  rupture  behavior  of  weld  metal  is  simultaneously  modified  by 
taking  notch  effect  into  account.  On  the  basis  of  this,  creep  rupture  time  and  location  of  the  waisted 
cross- weld  specimens  are  accurately  predicted. 

(4)  Creep  damage  of  the  weldment  of  the  HK-40  furnace  tube  is  evaluated  by  finite  element 
damage  simulation.  The  simulating  results  show  that  the  accumulated  damage  in  the  weldment  is 
non-uniform  and  has  the  characteristic  of  creep  damage  localization.  At  the  later  service  of  the 
weldment,  the  creep  damage  in  the  weld  is  heavier  than  that  in  the  parent  metal  and  final  failure 
occurs  in  the  weld.  Metallographical  research  also  indicates  that  the  welds  may  have  a  higher 
damage  rank  and  may  become  the  weak  link  in  HK-40  furnace  tubes. 
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Abstract 

Small  time  dependent  transient  strains  may  be  anticipated  under  low  stresses  at 
temperatures  sufficient  for  dislocations  to  climb  and  bow  to  attain  a  radius  of  curvature 
such  that  eventually  the  applied  stress  is  fully  resisted.  When  the  stress  is  too  low  for 
dislocation  generation  or  intersection,  this  mechanism  is  expected  to  be  fully  reversible 
such  that  the  dislocations  straighten  when  the  stress  is  removed  and  the  transient  strain 
is  progressively  recovered. 

A  simplified  analysis  is  presented  to  evaluate  the  time  dependence  of  strain  and 
experimental  studies  are  described  whereby  small  stress  changes  can  be  made  with  the 
consequent  strain  increments  measured  down  to  10'7  without  complications  through 
thermal  fluctuations.  Though  additional  mechanisms  may  occur  to  account  for  high 
initial  strain  rates,  the  results  demonstrate  the  importance  of  dislocation  density  and 
provide  support  for  the  dislocation  bowing  mechanism  with  dislocation  climb 
occurring  mainly  through  core  diffusion. 


Introduction 

The  phenomenon  of  anelastic  recovery  of  strain  is  well  known  in  many  polymeric 
materials  when  stress  is  removed.  A  similar,  but  much  smaller,  effect  can  occur  in 
metals  and  ceramics  at  elevated  temperatures  [1].  With  increased  precision  in 
manufacturing  processes  and  the  need  for  improved  performance  of  materials  in 
service,  however,  such  small  effects  require  evaluation. 

A  possible  mechanism  to  account  for  this  behaviour  in  crystalline  materials  is  in  the 
bowing  of  dislocations  under  stress  by  climb  when  vacancies  are  absorbed  [2],  This 
leads  to  reversibility  of  small  strains  for  the  dislocations  will  progressively  become 
straight  when  the  stress  is  removed.  An  estimate  may  be  made  of  the  amount  of  strain 
that  is  recoverable  and  the  kinetics  of  the  process  can  be  evaluated  to  assess  the  strain 
rate  on  loading  and  on  stress  removal.  To  examine  the  validity  of  this  approach  an 
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experimental  arrangement  is  described  whereby  strain  can  be  measured  with  high 
sensitivity  and  its  time  dependence  recorded. 


Theoretical  Considerations 

The  strain  produced  by  dislocation  climb  by  absorption  of  vacancies  is  illustrated  in  the 
simplified  dislocation  arrangement  in  Fig.  1.  To  avoid  geometrical  complications,  we 
consider  a  segment  of  edge  dislocation  of  length  X  able  to  climb  in  a  plane 
perpendicular  to  a  tensile  stress.  Vacancies  will  diffuse  from  one  dislocation  to  another 
depending  upon  their  orientation  and,  when  the  temperature  is  relatively  low,  their 
prominent  diffusion  path  will  lie  along  the  dislocation  cores.  To  calculate  the  resultant 
strain,  we  consider  each  dislocation  of  length  X  as  the  side  of  a  cube.  In  Fig.l,  when  a 
dislocation  of  Burger's  vector  b  climbs  over  an  area  A,  the  strain  y  is  given 
by  (AA2)(b/A,).  As  climb  proceeds,  the  dislocation  gradually  decreases  its  radius  of 
curvature  r,  until  r  <  X/2 ,  when  new  dislocations  will  be  generated  by  the  Bardeen- 
Herring  mechanism  [3].  After  this  stage  the  creep  strain  caused  by  climb  is  not 
reversible  and  so  there  is  a  limit  ym  to  the  contribution  of  this  mechanism  to  anelastic 
strain  which  is  reached  when  A  =  kt2/2  -  kXVS.  Now  the  shear  stress  xr  required  to 
cause  bowing  to  a  radius  r  is  given  by  xr  =  Gb/2r  =  Gb/X  and  so  we  obtain 

Ym  ”  TCXr/8G  (1) 

It  is  noted  that  xr  /G  is  the  elastic  shear  strain  limit,  thus  we  may  expect  dislocation 
bowing  to  contribute  a  reversible  strain  approximately  one  half  of  this  elastic  strain. 

The  kinetics  of  the  bowing  process  can  also  be  estimated.  Referring  again  to  Fig.l, 
the  absorption  of  n  vacancies  results  in  dislocation  climb  through  an  area  nb2  and  this 
creates  a  shear  strain  nb3MA  When  the  temperature  is  sufficiently  low  that  dislocation 
cores  provide  the  dominant  route  for  diffusion,  the  rate  of  strain  is  calculated  from  the 
rate  of  transfer  of  vacancies  across  junctions  between  dislocations  of  different 
orientation  with  respect  to  the  applied  stress.  There  are  analogous  problems  in  heat 
conduction  and  analytic  solutions  are  available  [4],  though  when  significant  bowing 
takes  place  numerical  evaluations  are  required.  It  is,  however,  feasible  to  provide  a 
meaningful,  though  less  accurate,  analysis  through  a  simpler  treatment  that  provides  a 
suitable  physical  insight  into  the  kinetics  of  the  bowing  process  at  relatively  low 
temperatures  and  this  will  next  be  presented. 

Taking  the  area  of  the  diffusion  path  along  the  dislocation  cores  as  b2  and  with  the 
vacancy  core  diffusion  coefficient  Dcv  then  the  volume  b3n  provided  by  the  vacancy 
flux  dn/dt  is  given  from  Fick's  first  law  so  that 

b3  dn/dt  =  Dcv  b2  dCv/dx  (2) 

where  dcv/dx  is  the  vacancy  concentration  gradient.  To  estimate  this  gradient,  we  note 
that  the  vacancies  diffuse  over  a  length  proportional  to  X  which  can  be  taken  to  be  k^. 
The  vacancy  concentration  depends  on  the  orientation  of  the  dislocations  to  the 
applied  stress.  Where  the  tensile  stress  component  a  is  perpendicular  to  the  plane  of 
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climb,  the  vacancy  concentration  at  the  dislocation  is  increased  above  the  equilibrium 
level  cvo  to  a  value  cvd  given  by  cvo  exp  (ab3/kT)  where  k  is  Boltzmann's  constant. 
Since,  in  practice,  ab3 »  kT,  we  may  write 

cvd  =  cvo[l  +  (ab3/kT)]  (3) 

For  dislocations  donating  vacancies,  the  plus  sign  becomes  a  minus  sign  and  hence  the 
limit  of  vacancy  concentration  difference  is  2cV0(ab3/kT).  Since  this  difference  occurs 
over  a  distance  k^,  the  vacancy  concentration  gradient  is 

dc^dx  =  2cvoab3  /  kT  kjA, 

Combining  equations  (2)  and  (4)  and  noting  that  the  product  Dcvcvo 
coefficient  along  dislocation  cores,  then 

b3  dn/dt  =  2  Dc  ob5  /  kT  kj A,  (5) 

Recalling  that  the  shear  strain  y  =  nbW  and,  if  equal  tensile  and  compressive  stresses 
+  a  are  applied  in  perpendicular  directions,  then  a  =  x  the  shear  stress,  so  that 

dy/dt  =  2  Dc  xb5  /  k^4  kT  (6) 

For  comparison  with  experiment,  we  require  some  estimate  of  the  constant  k}.  In 
practice,  the  vacancy  concentration  gradient  is  not  uniform  and  alters  as  bowing  takes 
place.  Moreover,  such  bowing  will  not  produce  a  uniform  curvature  over  the 
dislocation  length  and  this  introduces  further  complexity.  This  problem  has  already 
been  identified  and  an  approximate  value  for  2/k1  of  64  has  been  derived  [5].  As  the 
dislocation  bows,  a  back  stress  will  reach  a  value  Gb/re  where  re  is  an  effective  average 
bowing  radius  at  instant  of  time  t.  The  bowing  will  continue  until  the  back  stress  rises 
to  reach  equilibrium  with  the  applied  stress,  at  a  level  where  x  =  Gb/re. 

Taking  these  features  into  account,  the  strain  rate  is 

dy/dt  *  64  Dc  [x  -  (Gb/re)]  b5  /  X4  kT  (7) 

It  is  noted  that,  on  removal  of  stress,  the  strain  rate  is  reversed  so  that  the  initial  strain 
is  recovered  provided  that  re  >  X/2  so  that  new  dislocations  have  not  been  generated 
and  intersections  have  not  occurred.  These  theoretical  considerations  can  now  be 
related  to  experiments  and  an  account  of  these  is  next  presented. 


(4) 

=  Dc  the  diffusion 


Experimental  Procedures 

The  scale  of  sensitivity  required  can  be  appreciated  from  equation  (1),  when  written  in 
the  form  ym  =  nb/SX.  For  annealed  metals,  we  expect,  typically,  that  b/X  *  10  A  rising 
to  a  value  approaching  10  _2  for  heavily  worked  materials  .  To  monitor  rates  of  strain 
with  sufficient  sensitivity  it  is  thus  desirable  to  achieve  strain  measurements  down  to  a 
level  of  about  10  _7. 
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For  this  purpose,  specimens  were  used  in  the  form  of  helical  coils  with  a  coil  diameter 
of  about  20  mm,  made  from  drawn  wire  of  about  lm  length  and  approximately  2  mm 
diameter.  Each  coil  had  about  15  turns  covering  an  axial  length  of  about  50  mm  but 
with  each  end  of  the  wire  remaining  straight  along  the  coil  axis.  The  coils  were 
mounted  vertically  with  the  upper  end  fixed  and  loaded  by  weights  attached  to  the 
lower  end. 

The  coils  were  contained  within  a  vacuum  furnace,  with  facilities  for  load  application 
and  removal,  in  specially  constructed  equipment  described  elsewhere  [6].  The  axial 
extension  and  contraction  of  the  coils  were  continually  monitored  by  displacement 
transducer  with  a  sensitivity  of  <  1  pm.  With  wire  diameter  d  wound  in  a  coil  of  N 
turns  of  diameter  D,  the  maximum  shear  strain  y  at  the  wire  surface,  when  the  axial 
extension  of  the  coil  is  h,  is  given  by 

y  =  h  d  /  7i  N  D2  (8) 

Hence,  with  d  =  2  mm,  N  =  1 5  and  D  =  20  mm,  for  displacement  h  =  1  pm,  y  =  lO-7. 
The  maximum  shear  strain  at  the  wire  surface  t  was  calculated  from 

x  =  8  Mg  D  /  k  d3  (9) 

so  that  loading,  for  example  with  a  mass  M  =  0. 1  kg ,  gave  a  value  of  x  =  6  MPa. 


Experimental  Results 

Experiments  were  carried  out  on  copper  wires  both  in  the  annealed  and  heavily 
deformed  states.  There  were  large  differences  in  behaviour  between  material  in  these 
different  states.  As  anticipated  from  the  theoretical  considerations  presented,  both  the 
extent  and  the  rates  of  transient  creep  deformation  and  of  strain  recovery  were  much 
greater  for  material  in  the  heavily  worked  condition  in  which  the  dislocation  density 
was  high.  In  this  condition,  the  kinetics  of  the  process  were  similar  to  those  occurring 
in  the  annealed  material  at  a  temperature  about  300  deg.  C  higher. 

For  fully  annealed  copper,  which  had  average  grain  size  42  pm,  under  a  shear  stress  of 
5  Mpa  at  a  temperature  of  813  K,  the  measured  average  strain  rate  over  the  first  5 
seconds  was  9  x  10‘7  s_1.  For  the  same  material  in  a  heavily  worked  condition,  where 
grains  were  narrow,  highly  elongated  with  a  high  dislocation  density,  under  a  stress  of 
5  MPa  at  373  K,  the  measured  average  strain  rate  was  9  x  10-8  s-1. 

From  the  bowing  theory,  the  initial  strain  rate  can  be  estimated  if  a  value  can  be 
ascribed  to  the  dislocation  core  diffusion  coefficient  for  which  direct  measurements  are 
not  available.  It  has  been  argued  that  it  should  be  comparable  with  the  grain  boundary 
self  diffusion  coefficient,  which  for  Cu  at  813  K  is  expected  [7]  to  be  about 
1.3  x  lO12  m2/s.  Taking  the  Burger's  vector  b«2x  10_,°  m,  the  initial  strain  rate  at 
this  temperature  can  be  calculated  for  the  same  conditions  as  the  experiments.  Some 
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value  must  also  be  ascribed  to  the  dislocation  density  and  annealing  reduced  this  to 
values  where  3  x  10“7  m  <  X  <  10'6  m.  Taking  X  »  5  x  10“7  m,  the  expected  value  from 
equation  (7)  is  thus 

dy/dt  *  64  x  1.3  x  10-12  x  (5  x  106)  x  (2  x  lO'10)5  /  (5  x  lfr7)4  x  (1.38  x  lO'23)  x  813 

giving  dy/dt  *  2  x  10'7  s4.  Noting  the  very  substantial  uncertainties  in  this  calculation, 
the  similarity  with  the  measured  value  of  9  x  10-7  is  remarkably  close.  At  the  lower 
temperature  of  373  K,  the  value  of  the  average  link  length  X  is  more  difficult  to 
evaluate  since  the  dislocation  arrangements  in  the  heavily  worked  materials  are  more 
complex.  However,  taking  X  «  10'8  m,  we  can  repeat  this  calculation  for  the  initial  rate 
of  creep  at  373  K.  where  the  dislocation  core  diffiision  coefficient  Dc  is  expected  to  be 
about  lxlO’12  m2/s.  For  the  same  stress  of  5  x  106  Pa,  under  these  conditions  we 
derive  a  value  dy/dt  «8x  10"9  s _1.  This  theoretical  derivation  gives  a  result  about  an 
order  of  magnitude  below  the  measured  value.  In  view  of  the  uncertainties  in  the  data 
used,  especially  in  the  estimate  of  pipe  diffusion,  this  difference  may  not  be 
unreasonable  but  it  must  be  noted  that  an  average  link  length  of  <  10”8  m  is  improbable 
and  so  some  additional  contribution  to  the  high  initial  strain  rate  at  this  temperature 
seems  likely.  Some  evidence  of  mechanisms  additional  to  the  bowing  model  to  explain 
the  high  initial  rate  of  strain  at  low  temperature  was  also  inferred  from  the  observation 
that  rates  of  strain  both  on  loading  and  unloading  were  found  to  be  numerically  similar. 

Because  the  radius  of  curvature  of  the  dislocation  at  all  stages  of  bowing  is  not 
expected  to  be  uniform  along  their  lengths,  it  is  difficult  to  evaluate  the  change  of 
strain  rate  over  significant  periods  of  time  either  in  the  loading  or  unloading  conditions. 
By  analogy  with  phenomena  of  strain  recovery  in  polymeric  materials,  an  exponential 
decay  of  strain  rate  with  time  has  sometimes  [1]  been  assumed.  The  exponential 
function  is  highly  convenient  for  mathematical  manipulation  and  its  application  to  the 
present  analysis  might  be  expected  to  lead  to  an  effective  time  constant  of  given  from, 
equation  (7),  by  X4  kT  I  64  Dc  x  b5  ,  for  the  condition  when  (Gb/r)  «  t.  Such  an 
approach  was  considered  in  the  present  study  but  it  was  invariably  found  that  the  rate 
of  change  of  strain  with  time  could  not  be  described  by  an  exponential  relationship. 

The  variation  of  strain  with  time  was  not  identical  on  loading  and  on  unloading.  For 
the  former,  an  Andrade  [8]  type  equation  y  =  a  t  \  where  a  and  b  are  constants,  was 
applicable.  The  theoretical  basis  for  such  an  equation  has  proved  difficult  to  establish, 
and  recent  proposals  are  based  on  dislocation  obstacle  interaction  inapplicable  to  the 
situation  described  here.  It  is,  however,  an  interesting  feature  of  the  present  work  that 
the  Andrade  Law  of  primary  creep  has  been  shown  to  continue  to  apply  down  to  very 
low  stress  and  strain  levels  where,  on  Deformation  Mechanisms  Maps  [9],  a  different 
mode  of  deformation  in  the  steady  state  is  expected  to  occur. 

In  the  examination  of  the  rate  of  strain  recovery  after  load  removal,  curve  fitting 
procedures  suggested  that  an  equation  y  =  A  -  B  In  (1  + 1)  provided  a  reasonably  close 
fit,  as  shown  in  Fig.  2  where  A  and  B  are  constants  at  a  specific  temperature  and  initial 
creep  strain.  This  was  much  closer  than  those  provided  by  power  law  or  exponential 
functions,  .  It  follows,  from  differentiation,  that  the  expected  rate  of  strain  recovery 
dy/dt  =  -  B  /  (1  +  t).  We  noted  earlier  from  equation  (7),  that  the  driving  force  for 
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recovery  was  the  term  (Gb/re),  though  with  the  problem  that  its  precise  evaluation  was 
hampered  by  the  variation  of  curvature  along  the  dislocation  lines.  Nevertheless,  the 
rate  of  strain  recovery  must  decrease  as  re  increases  and  strain  is  progressively 
recovered.  Similarly,  there  must  be  a  dependency  of  re  on  the  amount  of  initial  strain 
induced  on  loading.  If  this  loading  is  applied  for  a  time  to  give  a  creep  strain  yp,  then 
we  may  expect  a  relationship  of  yp  with  B.  This  relationship  was  examined  with  results 
illustrated  in  Fig.  3  which  reveals  that,  approximately,  B  is  proportional  to  yp° 5.  The 
theory  of  bowing  based  on  dislocation  climb  is  qualitatively  in  agreement  with  this, 
though  more  development  of  the  theory  is  required  for  a  quantitative  comparison. 

Conclusions 

It  has  been  shown  that  a  model  of  dislocation  climb  by  bowing  through  the  pipe 
diffusion  of  vacancies  along  dislocation  cores  can  account  for  several  features  of  the 
time  dependent  strain  that  occurs  on  loading  to  small  stress  levels.  When  the  strain  is 
sufficiently  small,  this  process  is  reversible  so  that  the  strain  is  recovered  on  unloading. 

The  most  significant  feature  revealed  by  the  study  is  the  importance  of  initial 
dislocation  density.  It  follows  that  a  material  with  a  high  degree  of  initial  cold 
working,  though  it  will  have  a  higher  yield  strength,  will  be  susceptible  to  the 
development  of  small  creep  strains  when  stresses  are  applied  at  relatively  low 
temperatures.  The  kinetics  of  the  process  lead  to  a  transient  creep  law  similar  to  that 
proposed  by  Andrade  that  is  known  to  apply  at  higher  stresses. 

At  the  low  stresses  and  strains  explored  in  the  present  work,  the  initial  forward  and 
reverse  strain  rates  on  loading  and  on  unloading  were  similar.  They  were  also  more 
rapid  than  estimated  by  the  theory  of  bowing  by  climb  at  lower  temperatures, 
indicating  some  inaccuracies  in  the  data  used  or  that  some  additional  mechanisms  are 
involved.  On  unloading,  a  logarithmic  dependence  of  recoveiy  strain  on  time  was 
noted.  As  suggested  from  the  theory  of  dislocation  bowing,  the  extent  and  kinetics  of 
strain  recovery  were  dependent  on  the  creep  strain  produced  by  loading. 
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Dlustrations 


Fig.  1 .  A  simplified  illustration  of  the  bowing  by  climb  over  an  area  A  of  a  dislocation 
of  Burgers  vector  b  and  length  X 
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Fig.  2.  A  typical  curve  for  the  time  dependence  of  strain  relaxation  yR  showing  that  the 
best  fit  equation  is  of  the  form  yR  -  A  -  B  ln(tR  +  1). 

The  curve  shown  is  for  the  strain  relaxation  of  drawn  copper  at  a  temperature 
of  200  C  when  a  stress  of  4.96  MPa  has  been  removed  after  a  prestrain  y  of 
1.05x10-4.  p 


Fig.  3 .  Illustrating  that  the  parameter  B  in  the  formula  for  strain  relaxation  is 
approximately  proportional  to  the  square  root  of  the  prestrain  y  . 

The  data  is  taken  from  annealed  copper  at  540°  C  prestrained  to  various  levels 
at  5. 13  MPa  before  stress  removal  of  4.26  MPa. 
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ABSTRACT 

Diffusion  creep  and  Harper-Dorn  creep  are  two  distinct  flow  mechanisms  occurring  at  low  stress 
levels  under  conditions  where  the  stress  exponent,  n,  is  equal  to  1.  There  is  a  clear  difference 
between  these  two  processes  because  diffusion  creep  leads  to  offsets  in  marker  lines  at  the  points 
where  the  lines  impinge  on  grain  boundaries  whereas  there  are  no  offsets  in  marker  lines  in  Harper- 
Dorn  creep.  It  is  shown  that  this  difference  is  consistent  with  published  measurements  taken  in 
these  two  regions  of  flow. 

INTRODUCTION 

When  creep  occurs  at  elevated  temperatures,  the  steady-state  creep  rate,  e,  varies  with  the  applied 
stress,  <r,  through  a  relationship  which  generally  may  be  expressed  in  the  form 

*-^(W 

where  D  is  the  appropriate  diffusion  coefficient  [given  by  D0  exp  (-Q/RT),  where  D0  is  a  frequency 
factor,  Q  is  the  activation  energy,  R  is  the  gas  constant  and  T  is  the  absolute  temperature],  G  is 
the  shear  modulus,  b  is  the  Burgers  vector,  k  is  Boltzmann’s  constant,  d  is  the  grain  size,  p  and 
n  are  the  exponents  of  the  inverse  grain  size  and  the  stress,  respectively,  and  A  is  a  dimensionless 
constant. 

A  standard  procedure  in  experiments  on  high  temperature  creep  is  to  measure  the  values  of  the 
steady-state  creep  rates  over  a  range  of  applied  stresses  at  a  constant  testing  temperature  and  then 
to  plot  these  data  logarithmically  in  the  form  of  e  versus  a.  Results  of  this  type  usually  show  a 
reasonably  high  value  for  the  stress  exponent  at  intermediate  and  high  levels  of  the  applied  stress 
but  with  a  transition  to  a  region  of  Newtonian  viscous  flow  with  n  =  1  at  the  lowest  stress  levels. 
The  behavior  in  this  low  stress  region  has  been  interpreted  either  as  diffusion  creep  or  as  an 
intragranular  dislocation  mechanism  designated  Harper-Dorn  creep.  The  purpose  of  this  paper  is 
to  examine  the  experimental  evidence  for  the  occurrence  of  these  two  creep  processes. 

CREEP  MECHANISMS  AT  ELEVATED  TEMPERATURES 

To  place  this  report  in  perspective,  it  is  convenient  to  examine  the  anticipated  creep  behavior  in 
pure  metals  over  a  wide  range  of  applied  stresses.  Figure  1  shows  a  schematic  illustration  of  the 
anticipated  variation  of  the  strain  rate  with  stress  (in  arbitrary  units)  covering  more  than  8  orders 
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of  magnitude  of  strain  rate:  the  solid  line  relates  to  data  obtained  at  a  constant  testing  temperature 
within  the  diffusion-controlled  regime  and  therefore  above  -0.5  Tm,  where  Tm  is  the  absolute 
melting  temperature  [1]. 

Over  a  range  of  intermediate  stresses,  the  stress  exponent  is  generally  close  to  —5  and  the  behavior 
is  attributed  to  a  recovery  process  such  as  dislocation  climb  at  high  temperatures  (H.T.)  controlled 
by  the  rate  of  lattice  self-diffusion.  In  practice,  the  precise  value  of  n  recorded  in  this  region  tends 
to  vary  inversely  with  the  magnitude  of  the  stacking  fault  energy  in  f.c.c.  metals  [2]  and  there  is 
evidence  this  additional  dependence  can  be  incorporated  into  eqn.  (1)  by  including  a  term  of  the 
form  (T/Gb)3  where  T  is  the  stacking  fault  energy  [3].  This  creep  behavior  is  termed  Class  M 
(Metal  type)  and  it  is  distinct  from  Class  A  (Alloy  type)  which  occurs  under  some  conditions  in 
solid  solution  alloys  [4].  This  power-law  behavior  breaks  down  at  high  stresses  and  the  strain  rate 
then  increases  exponentially  with  the  applied  stress.  At  low  stresses,  and  at  strain  rates  which  are 
often  close  to  the  limiting  values  for  experimental  measurements,  there  is  generally  a  transition  to 
a  region  in  which  the  behavior  is  Newtonian  viscous  with  n  =  1.  The  behavior  in  this  region  has 
been  attributed  to  the  occurrence  of  either  diffusion  creep  or  Harper-Dom  creep. 

Diffusion  creep  is  well  formulated  on  theoretical  grounds  and  it  refers  to  the  stress-directed  flow 
of  vacancies  which  occurs  in  response  to  an  applied  stress.  This  vacancy  flow  arises  because  there 
is  an  excess  vacancy  concentration  at  the  grain  boundaries  lying  approximately  perpendicular  to  the 
tensile  axis  and  a  corresponding  depletion  of  vacancies  at  the  boundaries  lying  almost  parallel  to 
the  tensile  axis.  In  practice,  the  vacancies  may  flow  either  through  the  crystalline  lattice  in 
Nabarro-Herring  diffusion  creep  [5,6]  or  along  the  grain  boundaries  in  Coble  diffusion  creep  [7] 
and  these  two  processes  both  give  creep  rates  which  are  in  agreement  with  eqn.  (1)  with  n  =  1  but 
with  D  =  D(  and  p  =  2  in  Nabarro-Herring  creep  and  D  =  Dgb  and  p  =  3  in  Coble  creep,  where 
Df  and  Dgb  are  the  coefficients  for  lattice  self-diffusion  and  grain  boundary  diffusion,  respectively. 
By  contrast,  Harper-Dom  creep  is  less  well  formulated  but  the  evidence  suggests  n  =  1  with  D  = 
Dj  and  p  —  0.  The  possible  significance  of  these  two  processes  within  the  low  stress  region  is 
illustrated  in  Fig.  1  where  the  two  larger  grain  sizes,  and  d2,  deform  by  Harper-Dom  creep 
where  there  is  no  dependence  on  grain  size  and  the  two  smaller  grain  sizes,  d3  and  d4,  deform  by 
diffusion  creep  to  give  faster  creep  rates. 

The  evidence  for  the  occurrence  of  Harper-Dom  creep  is  based  on  experimental  results  on  high 
purity  aluminum  first  reported  by  Dorn  and  co-workers  [8,9].  In  these  experiments,  conducted  at 
temperatures  very  close  to  the  absolute  melting  temperature,  it  was  found  that  the  measured  creep 
rates  were  up  to  three  orders  of  magnitude  faster  than  those  predicted  by  the  Nabarro-Herring 
theory  for  diffusion  creep  and,  in  addition,  there  was  no  dependence  on  grain  size  so  that  similar 
creep  rates  were  recorded  both  in  polycrystalline  samples  having  a  grain  size  of  3.3  mm  and  in 
single  crystals.  These  results  are  illustrated  in  Fig.  2  where,  re-arranging  eqn.  (1)  in  terms  of  the 
shear  strain  rate,  7,  and  the  shear  stress,  r,  the  normalized  shear  strain  rate,  'ykT/DiGb,  is  plotted 
logarithmically  against  the  normalized  shear  stress,  r/G.  Subsequently,  these  results  were 
confirmed  in  two  independent  sets  of  experiments  by  Barrett  et  al  [10]  and  Mohamed  et  al.  [11] 
and  these  additional  results  are  also  included  in  Fig.  2.  Thus,  the  experimental  data  show  a  very 
clear  transition  with  increasing  stress  from  n  =  1  to  n  ^  4.5.  Also  included  in  Fig.  2  are  two 
lines  denoting  the  predicted  normalized  strain  rates  for  Nabarro-Herring  creep  with  grains  sizes  of 
3.3  and  9  mm,  respectively.  As  a  consequence  of  the  very  clear  discrepancy  between  the 
experimental  results  illustrated  in  Fig.  2  and  the  traditional  models  for  diffusion  creep,  this  behavior 
became  known  as  Harper-Dom  creep.  More  recently,  results  have  been  presented  on  several 
different  materials  where  there  appears  to  be  evidence  for  the  occurrence  of  Harper-Dom  creep  at 
low  stress  levels  [12,13]. 
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Fig.  1  Schematic  illustration  of  strain  rate  versus  stress  for  the  creep  of  pure  metals. 


Fig.  2  Normalized  shear  strain  rate  versus  normalized  shear  stress  for  samples  of  pure  A1  showing 
experimental  evidence  for  the  occurrence  of  Harper-Dom  creep  [8,10,11]  and  the  theoretical 
predictions  for  Nabarro-Herring  creep. 
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It  is  important  to  note  that,  although  the  direct  evidence  for  Haiper-Dom  creep  is  reasonably 
strong,  close  inspection  of  some  of  the  data  which  have  been  interpreted  as  Harper-Dom  creep 
suggests  that  the  interpretations  may  be  in  error  [14,15].  Despite  these  problems,  and  suggestions 
that  Harper-Dom  creep  may  be  only  an  artifact  [16,17],  there  remains  a  substantial  body  of 
evidence,  such  as  the  results  in  Fig.  2,  which  provide  good  support  for  the  occurrence  of  some  flow 
process  at  low  stress  levels  which  is  different  from  that  predicted  by  diffusion  creep.  It  is 
important,  therefore,  to  seek  additional  procedures  which  may  be  used  to  unambiguously  distinguish 
between  these  different  flow  processes  in  the  n  =  1  region. 

DISTINGUISHING  BETWEEN  DIFFUSION  CREEP  AND  HARPER-DORN  CREEP 

An  initial  difficulty  in  distinguishing  between  these  two  different  processes  is  that  the  precise  flow 
mechanism  in  Harper-Dom  creep  is  not  known.  In  general,  Harper-Dom  creep  appears  to  be 
associated  with  some  form  of  intragranular  creep  mechanism  and  in  this  respect  there  are  two 
additional  experimental  observations  associated  with  Harper-Dom  creep.  First,  the  dislocation 
density  is  independent  of  the  applied  stress  in  this  flow  regime  [10,18].  Second,  the  occurrence 
of  Harper-Dom  creep  requires  that  the  initial  dislocation  density  in  the  material  is  low  [19]. 
Several  different  models  have  been  developed  to  explain  Harper-Dorn  creep  [13,19-27]  but  there 
is  at  the  present  time  no  clear  consensus  on  the  precise  rate-controlling  mechanism. 

Despite  these  difficulties,  however,  it  is  apparent  there  are  significant  microstructural  differences 
between  diffusion  creep  and  Harper-Dom  creep.  In  diffusion  creep,  the  grains  become  elongated 
along  the  stress  axis  and  this  occurs,  in  effect,  through  the  removal  of  layers  of  atoms  from  the 
grain  boundaries  lying  parallel  to  the  tensile  axis  and  the  deposition  of  equivalent  atomic  layers  at 
the  boundaries  lying  perpendicular  to  the  tensile  axis.  This  process  necessitates  the  need  for  a 
concomitant  accommodation  mechanism  in  the  form  of  grain  boundary  sliding  which  maintains 
coherency  within  the  specimen.  By  contrast,  Harper-Dom  creep  occurs  through  some  form  of 
intragranular  dislocation  mechanism  so  that  the  grains  become  elongated  but  without  the 
requirement  for  any  grain  boundary  sliding.  This  difference  has  led  to  the  proposal  of  a  simple 
procedure  for  separately  identifying  Harper-Dom  creep  and  diffusion  creep  [28].  This  procedure 
is  illustrated  in  Figs  3  and  4  where  grain  configurations  are  illustrated  for  a  situation  where  the 
tensile  axis  is  vertical. 

Figure  3(a)  shows  an  array  of  three  grains  in  a  polycrystalline  matrix  with  two  surface  or  internal 
marker  lines  labelled  A  A'  and  BB\  The  same  three  grains  are  illustrated  after  identical  strains  in 
Figs  3(b)  and  (c)  but  with  the  deformation  occurring  by  Harper-Dom  creep  or  diffusion  creep, 
respectively.  Thus,  in  Harper-Dom  creep  the  grains  become  elongated  but  the  marker  lines  retain 
their  respective  positions  within  each  grain  and  no  offsets  are  produced  at  the  points  where  these 
marker  lines  traverse  the  horizontal  boundaries.  In  diffusion  creep,  however,  the  removal  of 
material  at  the  vertical  boundary  separating  the  two  upper  grains  leads  to  a  situation  in  which  the 
two  markers  in  the  upper  grains  move  towards  each  other  and,  since  there  is  no  corresponding 
movement  of  the  markers  in  the  lower  grain,  offsets  are  developed  at  the  horizontal  boundary  as 
indicated  in  Fig.  3(c).  Figure  4  shows  a  similar  effect  except  only  that  the  initial  three  grains  in 
Fig.  4(a)  are  now  arranged  in  a  different  configuration  and  the  marker  lines  are  horizontal.  Again, 
no  marker  offsets  are  created  in  Harper-Dom  creep  as  shown  in  Fig.  4(b)  whereas  the  deposition 
of  material  at  the  horizontal  boundary  in  diffusion  creep  leads  to  a  movement  of  these  two  markers 
away  from  each  other  and  the  consequent  development  of  offsets  at  the  points  where  the  markers 
impinge  on  the  vertical  boundary  as  indicated  in  Fig.  4(c). 

There  is  experimental  evidence  supporting  the  difference  in  behavior  illustrated  in  Figs  3  and  4. 
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(b)  Harper-Dorn  creep  (c)  diffusion  creep 

Fig.  3  An  array  of  three  grains  with  marker  lines  parallel  to  the  tensile  axis  (a)  before  creep  testing 
and  (b)  after  Harper-Dom  creep  and  (c)  after  diffusion  creep,  respectively. 


(b)  Harper-Dorn  creep  (c)  diffusion  creep 


Fig.  4  An  array  of  three  grains  with  marker  lines  perpendicular  to  the  tensile  axis  (a)  before  creep 
testing  and  (b)  after  Harper-Dorn  creep  and  (c)  after  diffusion  creep,  respectively. 
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Harper  and  Dorn  [8]  ruled  a  series  of  transverse  marker  lines  on  the  surface  of  one  of  their 
specimens,  similar  to  the  lines  in  Fig.  4(a),  and  they  measured  the  contribution  of  sliding  to  the 
total  strain,  £ ,  as  ~  12%,  where  £  is  defined  as  £gbs/£t  where  £ghs  and  et  are  the  strain  due  to  grain 
boundary  sliding  and  the  total  strain,  respectively.  Subsequently,  Harper  et  al  [9]  used  the  same 
procedure  to  conduct  more  extensive  measurements  and  obtained  a  maximum  value  of  £  =  14.9  % . 
These  low  values  of  £  are  therefore  consistent  with  the  expectations  from  Fig.  4(b).  Conversely, 
Gifkins  and  Langdon  [29]  examined  a  Mg-0.55%  Zr  alloy,  termed  Magnox  ZR55,  which  was 
subjected  to  experimental  conditions_appropriate  for  diffusion  creep  (T  =  673  K,  o  =  2.0  MPa, 
L  ^  80  fim  and  et  =  13.3%,  where  L  is  the  mean  linear  intercept  grain  size).  A  photomicrograph 
of  the  microstructure  of  this  sample  is  shown  in  Fig.  5  where  the  tensile  axis  is  vertical  and  there 
is  clear  evidence  both  for  hydride  stringers  lying  approximately  parallel  to  the  tensile  axis  and  the 
development  of  zones  denuded  of  precipitates  lying  along  the  grain  boundaries  approximately 
perpendicular  to  the  stress  axis.  The  results  of  measurements  of  offsets  in  the  hydride  stringers 
gave  £  60%  and  this  high  value  for  the  sliding  contribution  is  consistent  with  the  behavior 

illustrated  in  Fig.  3(c).  There  is  experimental  evidence  that  the  procedure  of  measuring  offsets 
along  longitudinal  marker  lines  tends  to  underestimate  the  values  calculated  for  £  [30]  so  that  the 
effective  value  for  £  in  this  sample  is  extremely  high. 

Although  the  differences  in  the  appearance  of  marker  line  offsets  for  the  two  creep  processes  of 
Harper-Dom  creep  and  diffusion  creep  are  unambiguous,  Ruano  et  al  [31]  argued  that  the 
measurements  taken  on  the  ZR55  alloy  illustrated  in  Fig.  5  relate  to  experimental  conditions  where 
grain  boundary  sliding  is  the  dominant  process  rather  than  diffusion  creep.  To  check  this 
possibility,  Fig.  6  shows  a  plot  of  creep  rate  against  stress  for  the  Magnox  ZR55  alloy  tested  at  673 
K  using  experimental  data  from  Pickles  [32]  and  a  single  datum  point  reported  by  Harris  [33]  for 
the  same  specimen  shown  in  Fig.  5  and  used  to  determine  the  value  of  £  —  60%.  Superimposed 
on  Fig.  6  are  two  broken  lines  for  Nabarro-Herring  (NH)  creep  estimated  for  the  appropriate  spatial 
grain  sizes  determined  from  the  relationship  d  —  1.74L.  Inspection  shows  that  the  experimental 
rates  for  the  samples  used  by  Pickles  [32]  are  in  reasonable  agreement  with  the  predictions  of  the 
theory,  up  to  and  including  a  stress  level  of  2.0  MPa  as  used  in  the  sample  where  £  «  60%,  but 
the  estimated  creep  rate  for  the  sample  of  Harris  [33]  is  lower  than  the  experimental  rate  by  slightly 
more  than  one  order  of  magnitude.  It  should  be  noted  that  Harris  [33]  reported  a  calculated  strain 
rate  for  this  specimen  which  was  lower  than  the  measured  initial  rate  of  ~3  x  10*7  s'1  by  a  factor 
of  only  ~4.  The  difference  is  larger  in  the  present  calculation  for  two  reasons.  First,  Harris  [33] 
used  an  estimated  mean  linear  intercept  grain  size  of  - 100  fxm  whereas  the  line  in  Fig.  6  was 
calculated  using  the  spatial  grain  size.  Second,  the  standard  relationship  for  Nabarro-Herring  creep 
has  a  strain  rate  given  by  BD^crQ/d2kT  where  0  is  the  atomic  volume  and  B  is  a  constant  which  was 
taken  as  40  by  Hams  [33]  but  put  equal  to  12  in  the  present  calculations.  Despite  the  uncertainties 
associated  with  the  values  of  some  of  the  parameters  in  the  model,  the  information  in  Fig.  6 
suggests  reasonable  agreement  with  Nabarro-Herring  creep  for  the  sample  shown  in  Fig.  5  but  it 
appears  there  is  probably  an  additional  minor  contribution  to  the  strain  from  grain  boundary  sliding 
in  the  early  stages  of  the  test. 


In  order  to  unambiguously  differentiate  between  diffusion  creep  and  grain  boundary  sliding  for  the 
ZR55  sample  shown  in  Fig.  5,  measurements  were  taken  to  determine  the  average  grain  aspect  ratio 
along  the  tensile  axis  [34].  These  measurements  show  that  the  grains  are  elongated  with  an  average 
measured  aspect  ratio  of  -1.25:  evidence  for  this  grain  elongation  is  clearly  visible  in  Fig.  5. 
Since  grain  elongation  is  not  consistent  with  flow  by  grain  boundary  sliding,  it  is  therefore 
concluded  that  the  earlier  result  of  £  —  60%  [29]  was  obtained  within  the  region  where  Nabarro- 
Herring  creep  was  the  dominant  flow  process.  Thus,  there  is  good  microstructural  evidence  that 
Harper-Dom  creep  and  diffusion  creep  are  viable  and  distinct  creep  processes  at  low  stresses. 
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Fig.  5  The  appearance  of  denuded  zones  and  hydride  stringers  in  a  Magnox  ZR55  alloy  tested 
under  conditions  of  diffusion  creep:  the  tensile  axis  is  vertical  [28]. 
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Fig.  6  Strain  rate  versus  stress  for  the  Magnox  ZR55  alloy  tested  at  low  stress  levels,  showing 
experimental  data  [32,33]  and  the  predictions  for  Nabarro-Herring  (NH)  creep. 
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Abstract 

Deformation  behavior  of  a  Fe-3%Si  steel  with  ultrafine  MnS  inhibitors  was  studied  in  the 
temperature  range  500-1000°C.  The  steel  exhibits  a  threshold  behavior.  Analysis  in  terms  of 
threshold  stress  shown  that  there  were  two  characteristic  modes  of  deformation  behavior  in  the 
power-law  creep  regime.  At  temperatures  500-700°C  the  value  of  the  stress  exponent,  n,  is  equal  to 
6,  and  the  true  activation  energy  for  plastic  deformation,  Q,  linearly  increases  from  170  kJ/mol  to 
value  closed  to  239  kJ/mol  with  temperature  rise.  At  temperatures  above  700°C  the  stress  exponent 
is  about  4,  and  the  true  activation  energy  for  plastic  deformation  is  about  240  kJ/mol.  Two 
temperature  dependencies  of  normalized  threshold  stress  differed  by  a  value  of  the  energy  term,  Q0, 
were  found  in  these  two  temperature  intervals.  The  value  Q0  is  about  55  and  39  kJ/mol  in  an 
intermediate  and  high  temperature  range,  respectively.  Operating  deformation  mechanisms  in  two 
temperature  regions  are  discussed. 

1.  Introduction 

The  raise  of  service  temperature  is  very  important  for  some  alloys  and  steels  used  at  high 
temperatures.  Dispersion  strengthening  is  an  attractive  approach  to  enhance  the  creep  resistance  of 
these  materials  due  to  introducing  of  ultrafine  dispersoids  into  metallic  matrix.  It  leads  to  appearance 
of  threshold  stress  and  an  improvement  of  creep  resistance  at  high  temperatures.  In  spite  of 
numerous  works  dealing  with  creep  of  dispersion  strengthened  materials  [1-9],  their  deformation 
behavior  is  insufficiently  understood  [10-1 1].  The  main  limitation  of  existing  threshold  models  is  the 
fact  that  there  is  no  prediction  of  the  experimentally  observed  strong  temperature  dependence  of 
threshold  stress.  This  dependence  could  not  been  attributed  to  the  shear  modulus  temperature 
dependence  [7,9,10].  At  present  the  origin  of  such  strong  temperature  dependence  of  threshold 
stress  is  not  yet  clear.  It  should  be  noted  that  reported  experimental  data  of  threshold  behavior  of 
dispersion  strengthened  materials  were  obtained  in  rather  narrow  temperature  interval.  Complex 
examination  of  the  temperature  dependence  of  threshold  stress  in  a  wide  temperature  range  has  not 
been  performed  yet. 


Thus,  the  aim  of  the  present  study  is  to  report  threshold  behavior  of  well-known  steel  Fe-3%Si  at 
high  and  intermediate  temperatures. 

2.  Experimental  material  and  procedures 

The  material  of  testing  was  a  hot-rolled  ferritic  Fe-3%Si  steel  supplied  by  ChMZ,  Chelyabinsk, 
Russia,  having  the  following  chemical  composition:  3.1%Si,  0.06%Mn,  0.025%S,  0.025%C, 
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0.06%N,  0.01%P,  0.03%Cr,  0.06%Ni,  0.06Cu,  0.003%AI,  0.008%As,  Fe  balance.  The  average 
matrix  grain  size  was  about  5mm.  The  material  contains  several  types  of  dispersion  particles.  MnS 
inhibitors  are  dominant  precipitations  in  this  type  of  Fe-3%Si  steel.  The  number  of  spherical-shaped 
particles  was  approximately  1.7xl018  particles/m3  and  their  average  size  was  about  80nm. 

The  specimens  with  10  mm  in  diameter  and  15mm  in  height  were  machined  in  perpendicular  to  the 
prior  rolling  direction.  Compression  test  was  conducted  in  temperature  interval  500-1000°C  at  strain 
rates  of  10  to  10  s  using  testing  machine  Schenck-RMSIOO.  For  surface  examinations  the 
specimens  were  prepolished  by  a  diamond  paste  and  deformed  to  the  strain  e=15%  at  e=7.0- 1  O'4  s'1. 
Surface  observations  of  deformed  specimens  were  performed  using  a  SEM  JSM-840. 

3.  Experimental  results 

3.1  Mechanical  properties 

3.1.1  The  shape  of  a-e  curves.  Two  temperature  intervals  differed  by  a  shape  of  true  stress-strain 

curves  were  found  (Fig.l).  In  temperature  range 
800-1000°C  the  plastic  flow  attains  a  stable  stage 
after  minor  strain.  At  intermediate  temperatures, 
500-700°C,  three  stages  of  plastic  deformation  are 
observed.  Minor  strain  hardening  takes  place  at 
first  stage  at  e<15%.  The  strain  hardening 
coefficient,  0,  decreases  from  0. 9-1.0  at  8<1-1.5% 
to  0.6-0. 8  MPa/mm2  with  increasing  strain.  The 
second  stage  is  a  well-established  steady-state 
region.  The  duration  of  the  secondary  stage  is 
essentially  short  and  does  not  exceed  8=30-35%. 
Extensive  strain  hardening  occurs  at  the  third  stage 
where  strain  hardening  coefficient  increases  from 
1-2  at  8=35%  up  to  5-7  MPa/mm2  at  e=45%. 


Fig.  1.  Typical  true  stress  -  strain  curves 
for  Fe-3%Si  steel  in  temperature  interval 
500-900°C  at  ^7.0-Kr4  s’1. 


3.1.2  The  variation  of  steady-state  stress  with  strain  rate.  Figure  2  shows  the  variation  of  initial 
strain  rate  with  flow  stress  plotted  logarithmically.  It  is  seen  that  deformation  behavior  of  the  steel  at 


Fig.  2.  Double  logarithmic  plot  of  the  initial 
strain  rate  vs  flow  stress  for  temperatures 
from  500  to  1000°C. 


temperatures  above  500°C  is  described  in  terms  of 
the  power  law 

6  =  A-on.exp(^|)  (1) 

where  A  is  a  constant,  n  is  the  stress  exponent,  a  is 
the  steady  state  flow  stress,  Q  is  the  activation 
energy  for  plastic  deformation,  R  is  the  gas  constant 
and  T  is  the  absolute  temperature.  In  temperature 
range  600-1000°C  the  values  of  stress  exponent 
vary  from  6  to  7.8  and  do  not  remarkably  depend 
on  temperature  and  strain  rate.  At  temperatures 
500-550C  the  values  n  increase  up  to  9-9.3.  Notice 
that  at  temperatures  less  than  500°C  the  power  law 
breakdown  takes  place. 
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3.1.3  The 
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activation  energy  for  plastic  deformation.  Algebraically,  Eq.l  can  be  converted  [12]  to 

lna  =  ln(6/A)1/n  +  —  (2) 

The  apparent  activation  energy  for  plastic 
deformation,  Qa,  was  obtained  graphically  by 
logarithmic  plotting  of  the  normalized  stress 
compensated  by  non-linear  temperature  dependence 
of  the  elastic  modulus  [13],  o/E,  against  the  inverse 
of  the  absolute  temperatures  and  talcing  the  slope  of 
tangent  to  be  Q/(Rn)  (Fig.3)  for  different  strain  rates. 

It  is  seen,  that  calculated  values  of  Qa,  lying  in  range 
from  300  to  400  kJ/mol,  are  much  higher  than  the 
activation  energy  for  self-diffusion  in  a-Fe  (Qi=239 
kJ/mol)  [13]. 
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Fig.  3.  Elastic  modulus-compensated  flow 
stress  vs  inverse  of  absolute  temperature. 


3.2  Surface  observation 

The  surface  metallographic  features  were  found  to  be  dependent  on  temperature  (Fig.4).  At  all 
examined  temperatures,  the  slip  morphology  observed  in  this  investigation  could  be  classified  as 
multiple  slip.  Wavy  slip  features  indicate  that  there  is  extensive  cross  slip  occurrence.  Temperature 
decrease  leads  to  localization  of  dislocation  glide.  At  high  temperatures  uniform  dislocation  sliding 
takes  place  and  extensive  microscopic  strain  localization  is  observed  at  low  temperatures. 


Fig.  4.  Deformation  relief  of  Fe-3%Si  specimens  deformed  up  to  e=15%  at  e=7.0-10'4  s’1: 
a)  t=600°C;  b)  t=900°C. 


4.  Analysis  and  Discussion 


4.1.  An  examination  of  threshold  stress.  It  is  obvious  that  deformation  behavior  of  the  Fe-3%Si 
steel  cannot  be  described  over  a  wide  examined  range  of  strain  rate  and  temperature  by  Eq.  1 .  It  is 
known  [7-10]  that  an  increase  of  the  stress  exponent  with  decreasing  strain  rate  and  the  high  values 
of  the  activation  energy  for  plastic  deformation  are  attributed  to  threshold  behavior  of  a  material. 
Therefore,  the  following  phenomenological  equation  for  plastic  deformation  can  be  used 

o-o„Y  ^ 


6  =  A 


•exp! 


RT 


(3) 


where  aQ  is  threshold  stress. 
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The  standard  procedure  was  used  to  determine  the  threshold  stress  [7,9,10],  In  estimating  the 
threshold  stress,  aD,  the  experimental  data  were  plotted  as  s1/n  against  a  on  a  double  linear  scale 
(Fig  4)  at  a  temperature  in  the  range  t=500-900°C.  This  graphic  method  can  be  used  if  the 
deformation  of  a  material  obeys  equation  Eq.3  and  if  a0  is  independent  from  the  strain  rate.  The 
datum  points  in  this  strain  rate  interval  fit  with  excellent  accuracy  to  a  straight  line  by  varying  the 
stress  exponent,  as  3, 4,5, 6, 7  and  8.  Extrapolation  of  this  line  to  zero  gives  the  value  aQ.  The  obtained 
values  of  threshold  stress  at  different  temperatures  are  presented  in  Table  1 . 


Table  1 .  Threshold  stress  at  different  temperatures. 


1  t,  °c 

500 

550 

600 

650 

700 

750 

800 

850 

900 

i  n 

6 

6 

6 

6 

5 

4 

4 

4 

4 

|  (Jo,  MPa 

133.0 

90.4 

34.9 

24.7 

22.2 

12.1 

9.0 

7.4 

6.9 

The  temperature  dependence  of  normalized  threshold  stress,  cjo/E,  can  be  represented  by  [6,  7] 


=  B0  exp 


RT 


(4) 


where  Bc  is  a  constant,  and  Qc  is  an  energy  term  [9]. 
The  value  of  Q0  can  be  obtained  graphically  by  plotting 
ln(ao/E)  vs  1/T  (Fig.  5).  It  is  seen  that  there  are  two 
temperature  intervals  which  differ  in  a  value  of  energy 
term.  At  high  temperatures  (700-900°C)  it  is  39kJ/mol 
and  at  intermediate  temperatures  (500-700°C)  this 
value  is  higher,  55kJ/mol.  It  should  be  noted  that 
temperature  dependence  of  threshold  stress  was 
reported  for  classic  superplastic  materials  and  for 
aluminum  alloys  and  metal  matrix  composites  on  their 
base,  produced  via  powder  metallurgical  techniques 
[7,9].  However,  the  temperature  influence  on  the 
energy  term  in  Eq.4  has  not  been  reported  yet.  It  seems 
that  it  was  caused  by  the  fact  that  threshold  behavior  of 
numerous  materials  was  examined  in  the  narrow 
temperature  interval  which  did  not  exceed  100°C.  As  a  result,  the  transition  from  one  value  of  energy 
term  to  the  other  was  not  found. 


7  8  9  10  11  12  13  14 

lOVr,  K’1 

Fig.  5.  The  temperature  dependence 
of  the  normalized  threshold  stress. 


It  is  seen  that  deformation  behavior  of  the  Fe-3%Si  steel  is  typical  for  behavior  of  dispersion 
strengthened  alloys.  It  is  caused  by  the  presence  of  ultrafine  MnS  inhibitors.  It  is  known  [14-16]  that 
there  is  no  remarkable  temperature  dependence  of  MnS  precipitate  size  and  their  volume  fraction  at 
t<900°C.  Consequently,  the  transition  in  threshold  behavior  of  the  steel  is  associated  with  change  of 
interaction  mechanism  between  dislocations  and  the  hard  obstacles. 

4.2.  An  examination  of  the  normalized  deformation  data.  The  data  of  the  analysis  of  deformation 
behavior  of  the  Fe-3%Si  steel  in  terms  of  threshold  stress  (Fig.2,  Table  1)  allow  to  plot  the 
normalized  strain  rate,  ekT/(DiEb),  against  the  normalized  effective  stress,  (c-a0)/E  (Fig.6).  There 
D]=2-10  exp(-251/(RT))  is  the  lattice  diffusion  coefficient  in  a-iron. 

It  is  seen  that  the  steel  exhibits  two  characteristic  modes  of  deformation  behavior.  First,  at  high 
temperatures,  700-1000°C,  and  at  low  normalized  strain  rate,  8kT/(DiEb)<10'8,  there  is  a  well- 
defined  power-law  relationship  with  n=4.1.  Such  deformation  behavior  is  associated  with  dislocation 
climb  controlling^  by  lattice  diffusion  [17],  This  region  locates  below  the  Sherby-Burke  criterion 
(skT/(DiGb)=10'8)  which  has  to  represent  the  breakdown  of  the  power  law.  At  intermediate 
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temperatures,  500-700°C,  the  slope  of  straight  line  dependence  ekT/(DiEb)  vs  (a-a0)/E  is  equal  to  6. 
Such  transition  could  be  interpreted  in  terms  of  transition  to  low  temperature  climb  controlled  by 

pipe-diffusion  along  the  dislocation  cores.  The  classic 
relationship  nit=nht+2  is  observed  for  transition  from 
high  to  intermediate  temperature.  Notice,  that  the 
experimental  points  in  that  region  lie  above  the 
Sherby-Burke  criterion  which  exactly  matches 
transition  from  one  interval  of  power-law  creep  to 
another.  From  this  point  of  view  there  is  an 
unambiguous  of  such  simple  interpretation  of 
presented  results. 

The  temperature  of  transition  from  one  region 

of  the  power  law  to  another  and  the  temperature 

which  is  the  inflection  point  for  threshold  behavior  of 

10-11  10a-o  )/e  10  9  the  Fe-3%Si  steel  are  similar.  The  change  of  rate- 

°°*  ..  .  controlling  deformation  processes  is  accompanied  by 

Fig.  6.  Normalized  strain  rate  vs  normalized  °  .  r  .  rt  J 

stress,  showing  the  transition  from  power-law  change  of  mechanism  of  interaction  between 

plastic  deformation  with  n=4.l  (high  dispersoids  and  lattice  dislocation.  Thus,  it  is  possible 

temperature  region)  to  the  creep  with  n=6  to  presume  that  there  is  a  connection  between 

(intermediate  temperature  region)  mechanism  of  interaction  between  dislocations  and 

obstacles  and  a  rate-controlling  mechanism  of  plastic  deformation. 

4.3.  True  activation  energy  for  plastic  deformation  in  two  intervals  of  power-law  creep.  The 

true  activation  energy  for  plastic  deformation,  Q,  in  Eq.3  could  be  determined,  as  mentioned  above, 
by  logarithmic  plotting  the  elastic  modulus  compensated  effective  stress  vs  the  inverse  absolute 
temperatures  (Fig. 7).  In  addition,  we  should  take  into  account  the  existence  of  non-linear 
temperature  dependence  of  elastic  modulus  caused  by  the  second  order  phase  transition  in  Fe-3%Si 
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Fig.  7.  Normalized  effective  stress  vs  Fig.8.  Temperature  dependence  of  the 

inverse  of  absolute  temperature.  true  activation  energy. 

steel.  Therefore  the  graphical  plot  ln((a-a0)/E)- 1  /n-ln(T/E)  vs  1/T  was  made.  The  second  term  on  the 
ordinate  axis  is  the  modulus  correction  of  non-linearity  of  temperature  dependence,  in  which  the 
value  of  n  was  chosen  4.1  in  the  examined  temperature  interval.  The  slopes  of  the  tangent  to  the 
curves  at  t>700°C  are  virtually  unchanged  and  are  about  7100K.  At  lower  temperatures  the  value  of 
the  slope  decreases  to  2100-2600K  down  to  500°C,  monotonically. 
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The  true  activation  energy  calculated  from  the  slope  Q/(Rn)  are  presented  in  Fig.9.  Notice  that  here 
we  used  true  values  of  n  from  Table  1.  It  is  seen  that  classic  temperature  dependence  [17]  of  true 
activation  energy  is  observed.  At  t>700°C  the  value  of  Q  does  not  change  and  is  240+3  kJ/mol.  It 
coincides  with  exellent  accuracy  with  the  value  of  activation  energy  of  lattice  self-diffusion  in  a-iron 
(Qi=239  kJ/mol).  In  temperature  interval  500-700°C  the  true  activation  energy  decreases  to  170±10 
kJ/mol,  approaching  asymptotically  to  activation  energy  for  pipe  diffusion,  174  kJ/mol  [13]. 

It  may  argued  from  presented  results  that  the  transition  from  one  controlling  mechanism  of  plastic 
deformation  to  another,  with  temperature,  results  in  a  change  of  mechanism  of  an  interaction 
between  dislocations  and  dispersoids.  There  is  a  strong  connection  between  the  dislocation  ability  to 
climb  and  the  dislocation  mechanism  to  surmount  an  obstacle.  At  higher  temperatures  the  general 
dislocation  climb  is  a  controlling  mechanism  of  plastic  deformation  and  dislocations  overcome 
obstacles,  easily.  A  decrease  of  a  dislocation  climb  velocity  at  intermediate  temperatures  causes 
growth  of  activation  term  associating  with  the  barrier  to  dislocation  bypass.  At  present  the  origin  of 
the  temperature  dependence  is  not  entirely  clear.  However,  it  is  obvious  that  the  dependence  could 
not  be  explained  on  the  base  of  existing  models  [1-3,7,12]  and  new  models  should  be  developed. 

5.  Conclusion 

It  was  shown  that  deformation  behavior  of  the  Fe-3%Si  steel  at  intermediate  temperatures  500- 
700°C  and  at  high  temperature  700-1000°C  was  different. 

1 .  The  value  of  the  stress  exponent,  n,  decreases  from  -6  at  the  intermediate  temperature  to  ~4  1 
above  ~700°C. 

2.  The  true  activation  energy  for  deformation,  Q,  decreases  linearly  with  increasing  normalized  stress 
from  -240  kJ/mol  at  temperatures  700-1000°C  to  ~170kJ/mol  at  t=500°C. 

3.  It  is  demonstrated  that  high  temperature  data  having  n=4.1  lie  below  the  Sherby-Burke  criterion 
(skT/(DiGb)^10*8)  and  intermediate  temperature  data  having  n=n+2  lie  above  this  criterion.. 

4.  Two  different  temperature  dependencies  of  threshold  stress  were  found.  At  intermediate 
temperatures  the  energy  term,  Q0,  is  -55  kJ/mol  and  at  high  temperature  Q0  is  equal  to  -39  kJ/mol. 
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Abstract 

The  use  of  state  equations,  which  describe  the  growth  of  damage  in  metals  and  the  effect  of  this 
damage  on  creep  strain  rates,  is  discussed.  The  Rabotnov-Kachanov  (R-K)  equations,  which  are 
characterized  by  different  power  laws  of  a  damage  parameter  co  and  of  the  applied  stress,  represent  a 
special  example  of  such  equations.  It  is  demonstrated,  that  a  more  general  creep  law  can  be  developed 
from  the  R-K  equations  for  the  growth  of  creep  strain  rates  and  the  exhaustion  of  remnant  strain.  The 
creep  law,  which  is  represented  as  a  differential  equation  of  a  defined  and  measurable  creep 
acceleration  parameter,  is  shown  to  provide  an  opportunity  of  determining  key  constants  of  the  R-K 
equations,  without  the  knowledge  about  damage  evolution  and  the  strain  to  rupture.  The  R-K  equations 
can  now  effectively  be  applied  with  use  of  the  new  creep  law  to  predict  the  remnant  strain  and  the 
remnant  life  from  registration  and  analysis  of  the  creep  acceleration  growth.  The  R-K  equations  predict 
a  time  and  strain  independent  effectiveness  of  stress  redistribution.  The  newly  developed  creep  law  is 
applied  along  with  the  R-K  equations  for  an  assessment  of  temporary  stress  redistribution,  when  its 
effectiveness  alters  with  strain  and  time.  Studies  are  made  for  a  description  of  the  failure  development 
under  conditions  of  altering  stress  redistribution. 


1.  Introduction 

A  large  number  of  engineering  alloys  used  in  power  generation  operate  at  temperatures  at  which 
creep  damage  processes  limit  the  lifetime  of  load-carrying  components  over  time  ranges  of  10  to  30 
years.  The  appearance  of  creep  damage  is  experienced  by  acceleration  of  creep  deformation  in  creep 
tests  at  low  and  constant  stresses  and  by  the  occurrence  of  brittle  rupture.  As  a  matter  of  creep 
acceleration,  the  accumulated  strain  to  rupture  can  be  much  larger  (by  a  factor  X)  than  the  strain  that 
would  accumulate  within  the  same  time  period  at  constant  minimum  creep  strain  rate  (figure  1).  This 
provides  a  good  balance  between  creep  rupture  strength  and  creep  ductility  and  enables  reliable 
operation  of  alloys  subjected  to  tertiary  creep.  A  detailed  knowledge  and  understanding  of  the  laws 
describing  creep  acceleration  processes  and  its  effect  on  failure  of  components  is  of  fundamental 
interest  for  the  development  and  application  of  materials  at  high  temperatures. 
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Fig.  1:  Determination  of  the  quantity  X 

The  Rabotnov  -  Kachanov  (R-K)  equations  represent  a  phenomenological  theory  of  creep 
acceleration  and  of  creep  rupture  [1,2].  The  theory  accounts  for  stress  redistribution  provided  by  the 
softening  effect  of  damage  on  creep  strain  rates.  Two  state  equations  describe  the  growth  of  damage 
and  the  effect  of  this  damage  on  creep  strain  rate  by  using  a  single  state  variable,  the  so-called  damage 
parameter  co.  It  is  assumed  that  the  growth  rates  depend  on  stress  as  well  as  on  damage  giving  state 
equations  of  the  type: 

(b  =  f  (a,co) 
e  =  g  (a,a>) 

Various  creep  strain  growth  processes  and  their  effect  on  the  strain  to  rupture  can  be  described  by  an 
appropriate  definition  of  the  functions  g(o,co)  and  f(o,co).  However,  a  more  general  creep  law,  which  is 
free  of  state  variables,  can  sometimes  be  developed  from  such  state  equations  to  describe  the  same 
process.  In  the  case  of  the  R-K  equations,  the  knowledge  of  a  more  general  creep  law  of  tertiary  creep 
is  of  fundamental  interest  from  the  viewpoint  of  remanent  life  assessment  and  creep  failure  analysis 
based  on  strain  rather  than  damage  analysis. 

The  aim  of  this  paper  is  to  demonstrate  that  a  more  general  creep  law  can  indeed  by  developed 
from  the  R-K  equations.  Application  of  this  alternative  creep  law  along  with  the  R-K  equations 
provides  new  opportunities  for  life  and  failure  predictions.  Main  emphasis  shall  be  given  to  the 
question  of  “what  can  be  learned  from  the  R-K  equations  about  damage  and  failure  besides  the  R-K 
predictions”. 


2.  Discussion  of  the  Rabotnov  -  Kachanov  Equations 

The  Rabotnov  -  Kachanov  equations  are  characterized  by  power  laws  of  stress  and  damage. 
They  are  represented  by  the  following  kinetic  equations  [2]: 


cb 


(i 

acyn 

(l-G))q 


(1) 


e 


(2) 
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Integration  of  the  equations  (1)  and  (2)  in  consideration  of  the  boundary  value  conditions  that  the 
damage  parameter  co  is  zero  at  time  zero  and  that  it  is  one  at  the  time  to  rupture  leads  to  relations 
between  damage  and  consumed  strain  and  life  fractions,  which  are  given  by 


t 

tr 

=  1  -  (1 

-  co)1  +  r 

(3a) 

e 

=  l  -  (i 

-  0))r  +  1-‘3 

(3b) 

Insertion  of  the  expression  within  the  bracket  of  equation  (3a)  into  equation  (3b)  leads  to  an  expression 
for  the  strain-time  trajectory 

e(t) 

=  E0  lr  *  ' 

,  -  r.  - 

{  *rj 

(4) 

with  a  material  constant  X  determined  by  (figure  1) 

i  - 

r  +  1 

£r 

(5) 

A  — 

r +  l-q 

Eq  '  lr 

It  follows  from  the  equations  (1)  to  (5)  that  there  is  an  excess  of  constants  for  the  representation 
of  creep  curves.  For  example,  if  the  value  of  X  in  equation  (5)  is  fixed,  the  values  of  the  constants  r  and 
q  can  still  be  varied  without  altering  the  shape  of  the  creep  function  (4).  As  a  consequence,  different 
damage  evolution  functions  co(t)  can  be  fitted  to  one  and  the  same  creep  function  (4)  with  different 
values  of  the  constants  r  and  q. 

The  equations  (3)  to  (5)  suggest,  that  there  is  a  remnant  strain  problem.  It  is  not  possible  to 
predict  the  remnant  strain  and  the  remnant  life  only  from  an  analysis  of  creep  strain  growth 
characteristics  without  the  knowledge  about  the  damage  evolution  co(t).  In  particular,  equation  (4) 
suggests  that  the  time  to  rupture  and  the  strain  to  rupture  had  to  be  known,  before  the  strain-time 
trajectory  can  be  expressed. 

It  has  been  suggested  by  Goodall  and  coworkers  that  the  value  of  X  would  give  a  better  measure 
of  the  effective  ductility  than  the  strain  to  rupture[3].  This  is  because  it  takes  into  account  of  the  ability 
of  the  material  to  stress  redistribution,  which  can  have  a  beneficial  effect  on  the  creep-lifetime  of 
components  and  of  structures  in  the  presence  of  stress  concentrators.  Their  study  brings  as  a  result,  that 
the  value  of  X  should  be  larger  than  10  in  order  to  attain  the  full  beneficial  effects  of  stress 
redistribution.  Leckie  and  Hayhurst  applied  the  R-K  equations  to  determine  the  time  to  rupture  in  a 
constant  strain  rate  test  and  found  that  the  time  to  rupture  increases  with  increasing  value  of  the 
constant  X  [4].  According  to  the  R-K  equations  large  values  of  X  are  attained,  when  the  relative  effect  of 
damage  on  the  creep  strain  rates  given  by  the  difference  between  the  material  constants  (q-r)  is  large 
(equation  5). 

Within  the  frame  of  the  R-K  theory  the  constant  X  is  a  strain  and  stress  independent  quantity.  It 
suggests,  that  the  effectiveness  of  stress  redistribution  does  not  alter  with  strain  and  time.  On  the  other 
hand,  besides  the  predictions  of  the  R-K  theory,  where  tertiary  creep  can  no  longer  be  modeled  with 
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only  one  state  parameter,  the  effectiveness  of  stress  redistribution  is  likely  to  alter  with  time  and  strain. 
However,  there  is  no  fundamental  reason,  why  the  R-K  equations  could  not  be  applied  to  characterize 
temporary  stress  redistribution,  if  the  value  of  A,  could  directly  be  determined  for  each  state  from  the 
exploitation  of  specific  creep  growth  characteristics. 


3.  An  Analytical  Solution  of  the  Remnant  Strain  Problem 

The  growth  equation  for  the  strain  rate  (2)  suggests  that  creep  will  accelerate  to  infinity,  when 
the  damage  parameter  co  will  grow  towards  a  value  of  one.  Consequently,  a  creep  acceleration 
parameter  8,  which  id  appropriately  defined  as 


dloge  _  e 
de  p 


(6) 


is  expected  to  increase  to  infinity,  when  the  strain  grows  towards  the  value  of  the  strain  to  rupture. 

The  creep  acceleration  parameter,  which  results  from  the  R  -  K  equations  can  be  determined 
from  the  first  and  second  time  derivatives  of  the  creep  strain  function  (4),  which  leads  to 

l 

X  (7) 

Equation  (7)  confirms  that  the  creep  acceleration  parameter  will  indeed  grow  to  infinity  towards  the 
time  to  rupture.  Insertion  of  the  expression  within  the  bracket  of  equation  (7)  into  the  same  bracket 
expression  of  the  creep  strain  function  (4)  leads  to  a  relation  between  remnant  strain  and  creep 
acceleration,  which  is  given  by: 


5(t)  = 


a -a) 


1  - 


1  -  X  =  Si  (er  -  8j )  (8) 

In  this  equation  5j  represents  the  creep  acceleration  at  an  arbitrary  strain  e*  and  er  represents  the  strain  to 
rupture  (figure  2).  It  follows  from  equation  (8)  that  the  value  of  X  can  be  determined  by  measuring  the 
value  of  the  creep  acceleration  parameter  8  at  two  different  strains.  As  a  result,  the  remnant  strain  can 
be  determined  through  equation  (8)  and  the  remnant  life  through  equation  (3).  This  is  the  analytical 
solution  of  the  remnant  strain  problem  of  the  R-K  theory. 

A  generalized  differential  equation  for  the  coupled  strain  and  life  exhaustion  processes  can  now 
be  gained  through  differentiation  of  the  creep  acceleration  of  equation  (8)  with  respect  to  strain.  It  is 
given  by: 


d5(e)  1  _8^  1 

de  52  s2  °  1-A. 


(9) 


Thus,  any  creep  curve,  which  can  be  described  by  means  of  the  R-K  state  equations  can  alternatively  be 
described  by  a  differential  equation  of  creep  acceleration  growth  with  a  single  material  constant  Cq, 
which  is  directly  related  to  the  material  constant  X  of  the  R-K  theory. 
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log  8 
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strain 


Fig.  2:  Relationship  between  the  strain  to  rupture  and  the  constant  X. 


Integration  of  equation  (9)  leads  to  the  following  expressions  for  the  creep  strain  rate  and  creep 
strain  growth: 


-(e)  =  (1  -  CoSoe)-1/^ 

e0 


(t) 


5nC 
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1  + 
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SqSq 
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(10) 

(ii) 


The  initial  creep  acceleration  8o  and  the  initial  creep  rate  are  measurable  quantities  with 
different  stress  dependencies.  The  creep  acceleration  growth  CG  is  a  stress  and  strain  independent 
constant  within  the  frame  of  the  R-K  theory  and  is  related  to  the  stress  redistribution  capability  X 
through  equation  (9).  The  main  benefit  of  equation  (9)  is  the  opportunity  of  determining  the  value  of  X 
directly  from  the  measurement  of  the  creep  acceleration  and  its  strain  derivative. 

Equation  (9)  is  an  alternative  mean  to  the  R-K  equations  to  describe  the  growth  of  the  creep 
strain  rate  and  the  exhaustion  of  remnant  strain  (equation  8).  The  R-K  state  equation  approach  is  using 
only  one  state  variable  and  will  therefore  not  be  able  to  predict  the  full  spectra  of  possible  tertiary  creep 
curves.  However,  the  creep  equation  (9)  can  easily  be  extended  by  defining  an  appropriate  creep 
acceleration  growth  function  Cg(b). 


4.  Application  of  the  Creep  Acceleration  Growth  Function  CG(e) 

4.1  Besides  the  Rabotnov  -  Kachanov  Predictions 

Any  tertiary  creep  curve,  which  is  predicted  by  the  R-K  equations,  is  characterized  by  a 
constant  creep  acceleration  growth.  Thus  plotting  of  the  creep  acceleration  growth  CG  as  a  function  of 
strain  would  give  a  straight  line  parallel  to  the  x-axis.  It  is  interesting  to  note,  that  also  the  strain 
hardening  law  for  primary  creep  is  characterized  by  a  strain  independent  value  of  the  creep  acceleration 
growth  function  CG(s)  (figure  3). 
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Fig.  3:  Representation  of  the  creep  acceleration  function  with  CG(e)  for  various  manifestations  of  creep 

with  negative  values  of  CG(e)  below  the  x-axis  and  positive  values  of  above  the  x-axis  CG(e). 

The  R-K  equations  predict  a  finite  creep  acceleration  8  at  the  minimum  creep  rate  (t  =  0  in  equation  7). 
Since  the  minimum  creep  rate  is  characterized  by  zero  creep  acceleration,  a  pole  is  to  expect  for  the 
creep  acceleration  growth  function  CG(e)  on  the  tertiary  side  of  a  true  minimum  creep  rate.  The  fact  that 
a  point  of  minimum  creep  rate  is  reached  at  a  finite  time  and  strain  of  primary  creep  suggests  that  there 
will  also  be  a  pole  on  the  primary  side  of  the  creep  curve. 

The  deviation  from  the  R-K  prediction  besides  the  minimum  creep  rate  is  influenced  by  the 
effect  of  plastic  deformation  on  the  work  hardened  state.  A  creep  path,  which  comes  close  to  the  R-K 
prediction  in  the  end-stages  of  tertiary  creep  could  be  OP’P.  On  this  creep  path  the  effectiveness  of 
stress  redistribution,  which  is  quantified  by  the  value  of  X,  is  suggested  to  increase  from  the  point  O  to 
the  point  P  .  This  implies  that  the  state  of  minimum  creep  rate  represents  a  state  of  minimum  stress 
redistribution.  Within  the  frame  of  the  R-K  theory,  the  stress  redistribution  effectiveness  X  is 
determined  by  the  relative  values  of  the  constants  q  and  r,  which  will  no  longer  be  constants,  when  the 
work  hardened  state  alters.  On  the  path  OP’  for  example,  it  is  near  to  assume,  that  the  work  hardened 
state  degrades  (softens)  under  the  influence  of  damage  accumulation,  which  provides  an  increasing 
effect  of  damage  on  creep  strain  rates  quantified  by  the  parameter  q. 

Large  deviations  from  the  predictions  of  the  R-K  theory  are  found  in  creep  curves,  in  which  the 
creep  acceleration  function  CG(e)  takes  positive  values.  On  the  path  OQ’Q  pictured  in  the  figures  3  the 
creep  acceleration  parameter  8  initially  growths  between  O  and  Q’  and  starts  to  decrease  again  above 
the  state  point  Q’  (figure  4).  The  creep  acceleration  parameter  8  tends  to  decrease  to  a  value  of  zero 
towards  the  state  point  Q.  In  this  case  large  stress  redistribution  capabilities  appear  to  be  generated 
between  O  and  Q’,  which  however,  do  not  directly  affect  the  remnant  strain.  The  total  strain  to  rupture, 
and  particularly  the  potential  remnant  strain  at  the  point  Q,  will  depend  on  the  effect  of  damage  on  the 
creep  strain  rate  influenced  by  the  work  hardened  state,  which  has  developed  towards  the  point  Q. 

Failure  of  the  material  expresses  the  end  of  a  creep  growth  process,  which  occurs  at  a  finite 
strain.  It  is  a  key  property  of  the  creep  acceleration  function  CG(e)  that  failure  paths  end  up  (marked  by 
an  x  in  figure  3  and  figure  4).  The  end  points  of  theses  paths  can  be  found  by  integration  of  the  creep 
acceleration  growth  function  CG(e),  since  the  creep  acceleration  parameter  will  growth  to  infinity  (OP 
in  fig.  3,4)  or  it  will  decline  towards  zero  (OQ  in  fig.  3,4)  during  integration. 


Key  Engineering  Materials  Vols.  171-174 


225 


strain  e 


Fig.  4:  Exhaustion  of  remnant  strain  (OP)  and  exhaustion  of  creep  strain  rate  growth  (OQ)  of  fig.  3 

Failure  predictions  base  on  hypotheses  of  specific  exhaustion  processes.  The  two  different 
failure  paths  OP  and  OQ  shown  in  figure  4  will  be  characterized  by  application  of  the  creep 
acceleration  function  CG(e)  and  of  the  R-K  equations  (1-2)  in  more  detail  in  the  following  two  sections. 
In  the  first  case  (OP),  which  is  called  ductility  exhaustion,  failure  is  characterized  by  the  growth  of  the 
creep  acceleration  parameter  8  towards  infinity  and  failure  is  rationalized  to  be  a  consequence  of  the 
exhaustion  of  creep  strain  growth.  In  the  second  case  (OQ),  which  is  called  softening  exhaustion, 
failure  is  characterized  by  the  decline  of  the  creep  acceleration  parameter  8  towards  zero  and  failure  is 
rationalized  to  be  a  consequence  of  exhaustive  growth  of  the  creep  strain  rate. 


4.2  Ductility  Exhaustion 

In  figure  5  different  creep  acceleration  growth  paths  with  negative  values  of  the  creep 
acceleration  growth  function  CG(e)  are  considered.  At  point  A  the  creep  acceleration  parameter  SA  as 
well  as  the  creep  acceleration  growth  parameter  CG(A)  are  assumed  to  be  known. 

The  growth  of  the  creep  acceleration  parameter  8A  between  the  creep  states  A  and  any  other 
creep  state  Pi  can  be  calculated  by  integration  of  the  differential  equation  (9),  which  gives 


(10) 


For  a  constant  value  of  the  creep  acceleration  growth  CG(e),  the  remnant  strain  AB  is  given  by  the 
integral: 
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The  value  of  the  creep  acceleration  parameter  5A  equalizes  the  reciprocal  value  of  the  area  A0abc 
(equation  8). 


Fig.  5:  Representation  of  the  area  relations  expressed  by  the  integral  equations  (10)  and  (11) 


The  growth  of  the  creep  acceleration  function  CG(e)  along  the  path  AG  is  now  considered.  The 
reciprocal  value  of  the  creep  acceleration  parameter  8G  at  the  point  G  follows  from  the  integral  (11)  to 
be  given  by  the  area  AABG-  If  the  creep  acceleration  function  CG(e)  would  be  constant  from  the  point  G 
on,  the  resulting  remnant  strain  GH  would  follow  from  the  area  condition  AAbG  =  Acghi-  In  this 
particular  case  the  remanent  strain  GH  is  the  same  as  the  remnant  strain  AB.  It  appears  that  the  vector 
AG  points  to  a  direction  of  ductility  conservative  tertiary  creep,  which  is  characterized  by  the  fact  that 
this  creep  acceleration  growth  process  does  not  immediately  limit  the  achievable  strain  to  rupture. 
Moreover,  along  the  path  AJ  the  expectations  to  the  remnant  strain  even  increase. 

Besides  the  predictions  of  the  R-K  theory  it  becomes  possible  to  differentiate  between  paths  of 
continuous  ductility  exhaustion  and  paths  of  ductility  conservation.  As  long  as  the  creep  acceleration 
growth  function  CG(e)  is  not  constant,  the  effectiveness  of  stress  redistribution  is  suggested  to  increase 
starting  from  the  minimum  creep  rate  in  both  cases.  However,  the  effectiveness  of  stress  redistribution 
saturates  in  the  case  of  ductility  exhaustive  creep.  The  saturation  of  X  can  be  related  to  an  increased 
susceptibility  to  crack  initiation,  since  the  remnant  strains  are  going  to  be  exhausted  through  limited 
stress  redistribution.  As  opposed  to  that,  ductility  conservative  creep  can  be  characterized  by  an  ever- 
increasing  capability  for  stress  redistribution. 

So  far,  stress  redistribution  has  always  been  characterized  through  its  relation  to  remanent 
strain.  One  would  like  to  get  a  more  physical  picture  of  stress  redistribution,  by  considering  of  how  it  is 
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determined  by  damage  accumulation.  For  that  purpose,  the  strain  dependence  of  damage  shall  be 
considered.  The  general  relation  between  the  strain  fraction  and  damage  is  given  by  equation  3b: 

—  =  i-(i-coy+r_q  (i2) 

er 

Since  the  value  of  the  damage  parameter  increases  with  proceeding  strain,  the  relative  value  of  (r-q)  has 
to  increase,  if  the  strain  fraction  shall  decrease  with  proceeding  damage  accumulation  as  is  the  case 
with  ductility  conservative  creep.  According  to  that,  the  relative  effect  of  damage  on  creep  will 
increase.  On  the  other  hand,  the  relative  difference  (q-r)  affects  the  strain  derivative  of  damage 
according  to: 

=  co'0  (l-co)q_r  (13) 

de 

The  strain  derivative  of  damage  can  dependent  on  the  relative  values  of  q  and  r  decrease  or  increase. 
However,  if  the  value  of  q  begins  to  increase  over  r,  the  strain  dependence  of  damage  will  decrease, 
which  reflects  spreading  out  of  damage  from  more  strained  regions  of  high  stress  concentrations  into 
less  strained  regions. 

In  order  that  large  values  of  A.  can  be  measured  through  the  time  to  rupture,  the  strain  to  rupture 
and  the  minimum  creep  rate  (figure  1,  right  side  of  equation  5),  the  creep  acceleration  growth 
parameter  Cc(e)  will  have  to  start  to  growth  from  small  values  to  large  values.  The  apparent  creep 
damage  tolerance,  which  is  provided  by  large  values  of  the  so  determined  X,  can  through  the 
registration  of  the  creep  acceleration  growth  Co(e),  be  experienced  by  an  ever-increasing  reassessment 
of  remnant  strain  during  tertiary  creep.  Application  of  the  R-K  theory  brings  as  a  new  result,  that  creep 
damage  is  probably  provided  by  an  augmenting  but  finally  saturating  stress  redistribution.  The  state 
equations  can  picture  stress  redistribution  as  a  spreading  out  process  of  damage  from  points  of  high 
stress  concentrations. 


4.3  Softening  Exhaustion 

In  figure  6  the  case  of  an  inversion  of  creep  acceleration  growth  is  considered.  Moving  from  a 
point  A,  which  is  characterized  by  a  creep  acceleration  6a  and  a  creep  acceleration  growth  Cg(A), 
towards  a  point  C  will  result  in  a  temporary  maximum  of  the  creep  acceleration  parameter  6c.  Above 
the  creep  state  C,  the  creep  acceleration  parameter  will  decline  again. 

The  integral  equation  (10)  can  be  applied  to  determine  the  strain,  when  the  same  initial  creep 
acceleration  6a  is  reached  again  at  larger  strains.  It  follows  from  the  integral  equation  10  that  the  same 
creep  acceleration  6a  is  re-attained,  when  the  condition  of  area  Aabc=Acef  is  fulfilled.  Obviously, 
further  growth  of  the  creep  acceleration  function  Cc(e)  in  the  direction  of  the  vector  CF  would  finally 
end  up  with  zero  creep  acceleration,  which  would  represent  a  state  of  pseudo  steady  state  creep. 

If  the  creep  acceleration  6  would  growth  again  from  the  point  F  on,  there  would  be  a 
discontinuance  in  the  creep  acceleration  function  from  F  to  for  example  A’.  It  is  then  interesting  to  note 
that  an  alternative  path  can  be  found  in  order  to  readjust  the  same  creep  acceleration  6a,  like  for 
example  the  path  CG  (the  area  below  the  function  CG  is  same  as  the  area  CEF).  Since  the  creep 
acceleration  declines  weaker  on  the  path  CG  than  on  the  path  CF,  creep  strain  rate  grows  stronger  on 
the  path  CG  than  on  the  path  CF.  Thereby,  the  total  increase  of  the  creep  strain  rate  is  larger  on  the  path 
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ACG  than  on  the  path  ACF,  whereas  the  renewed  growth  of  the  creep  acceleration  parameter  8  will 
begin  at  larger  strains. 

Similar  to  the  ductility  exhaustive  and  the  ductility  conservative  path  of  the  previous  section,  on 
can  differentiate  between  softening  exhaustive  paths  (ACF)  and  softening  conservative  paths  (ACG), 
whereas  the  exhaustive  property  refers  to  the  limited  growth  of  the  creep  strain  rate  during  an  inversion 
from  negative  to  positive  values  of  the  creep  acceleration  function  Cg(e). 


Fig.  6:  Representation  of  the  area  relations  expressed  by  the  integral  equations  (10)  and  (11) 

Figure  6  suggests  that  the  achievable  strain  to  rupture  on  the  path  ACGH  is  generally  larger 
than  the  one  that  can  be  achieved  on  the  path  ACFA’B’.  This  would  be  correct  for  the  case  that  the 
material  provides  no  large  stress  redistribution  capability  at  the  point  A’.  The  knowledge  of  the  stress 
redistribution  capability  at  the  point  A’  is  important  form  the  viewpoint  of  a  potentially  large  remnant 
life  (remind  that  the  increase  of  the  creep  strain  rate  from  A  to  F  had  been  limited). 

For  a  rough  assessment  of  the  residual  stress  redistribution  capability  at  point  F  consider  for 
example  the  initiation  of  damage  somewhere  below  the  point  F.  Application  of  the  R-K  equations  (1-2) 
results  in  the  following  creep  acceleration  parameter  at  this  point: 


5(e) 


dco  1 
^  de  (l-to) 


(14) 


In  order  that  the  creep  acceleration  parameter  5  can  further  decline  either  the  value  of  the  strain 
derivative  of  damage  co’  or  the  effect  of  damage  on  creep  strain  rate  (parameter  q)  should  decrease.  The 
strongest  decline  of  the  creep  acceleration  parameter  5  occurs,  when  the  parameter  q  decreases  towards 
the  value  of  r.  In  this  case,  the  strain  derivative  of  damage  co’  will  decrease  towards  the  value  of  zero 
(equation  13).  Consequently,  ideal  softening  exhaustion  would  be  identified  with  a  total  exhaustion  of 
the  stress  redistribution  capability.  This  hypothesis  predicts,  that  no  damage  characterized  by  cavities 
will  be  observed  over  a  large  strain  and  time  fraction  of  the  total  rupture  time  and  the  rupture  strain, 
since  the  introduction  of  cavities  will  immediately  initiate  rupture. 

A  somewhat  weaker  decline  of  the  creep  acceleration  parameter  5  occurs,  when  the  strain 
derivative  of  damage  to’  decreases  due  to  an  increasing  effect  of  damage  on  the  creep  strain  rate 
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(growth  of  the  parameter  q).  As  a  result,  the  creep  acceleration  5  can  weakly  decline  with  a 
continuously  increasing  effectiveness  of  stress  redistribution.  In  this  case,  the  appearance  of  cavities  is 
suggested  to  become  observable  at  “smaller”  fractions  of  the  total  strain  to  rupture. 


5.  Summary 

The  Rabotnov-Kachanov  state  equations  have  been  studied.  A  growth  law  of  the  creep 
acceleration  has  been  developed  from  these  state  equations.  The  growth  law,  which  is  represented  as  a 
differential  equation  of  a  defined  creep  acceleration  parameter  5,  defines  a  measurable  creep 
acceleration  growth  constant  CG,  which  reflects  the  effectiveness  of  the  stress  redistribution  according 
to  the  R-K  theory.  Integration  of  this  differential  equation  has  been  demonstrated  to  be  an  alternative 
mean  to  the  R-K  equations  to  describe  the  growth  of  creep  strain  rates  and  the  exhaustion  of  remnant 
strain.  The  solution  of  this  differential  equation  has  been  shown  to  provide  a  direct  assessment  of 
remnant  strain  and  remnant  life  from  registration  of  the  creep  strain  rate  and  its  strain  and  time 
derivatives. 

Deviations  from  the  R-K  theory  have  been  recognized  as  an  alteration  of  the  creep  acceleration 
growth  constant  CG  with  strain.  Deviations  from  the  R-K  theory  have  been  characterized  by  different 
strain  dependences  of  the  creep  acceleration  growth  function  CG(e).  The  R-K  theory  has  been  applied  to 
describe  the  development  of  the  effectiveness  of  stress  redistribution  starting  from  the  minimum  creep 
rate.  Failure  has  been  discussed  in  terms  of  strain  exhaustion  (ductility  exhaustion)  and  of  exhaustion  of 
creep  strain  rate  growth  (softening  exhaustion).  In  the  former  case,  initiation  of  failure  has  been  shown 
to  depend  on  the  saturation  of  stress  redistribution,  whereas  stress  redistribution  can  be  rationalized  by 
the  R-K  theory  being  provided  by  spreading  out  of  damage  from  points  of  high  stress  concentration.  In 
the  latter  case,  initiation  of  failure  has  been  rationalized  to  depend  on  generation  and  exhaustion  of 
alternative  stress  redistribution  processes,  in  which  the  ultimately  initiating  damage  process  has  no 
beneficial  effect  on  creep  strain  rates. 
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Abstract 

It  has  been  deduced  that  there  is  a  serious  problem  in  the  assumption  of  the  vacancy  concentration 
gradient  based  on  the  stress  heterogeneity  in  the  N ab arro -Herrin g  mechanism  for  lattice-diffusion 
creep.  A  new  lattice-diffusion  creep  mechanism  which  is  not  dependent  on  the  diffusion 
mechanism  and  hence  is  not  based  on  the  vacancy  concentration  gradient  has  been  proposed. 
Based  on  this  new  mechanism,  the  correlation  of  the  strain  rate  with  applied  stress,  atomic  volume, 
diffusivity,  grain  size  and  temperature  has  been  described  as  an  equation,  in  the  case  of  uniaxial 
tensile  creep  on  a  cube-shaped  grain.  The  resultant  equation  was  identical  with  that  in  Nabarro- 
Herring  mechanism  except  the  factor  that  depends  on  the  shape  of  the  grain.  In  the  new 
mechanism,  the  diffusion  was  presumed  to  be  caused  by  a  force  which  applies  each  atom  in  the 
grain  in  the  direction  perpendicular  to  the  tensile  axis.  This  force  was  thought  to  arise  to  keep  the 
grain  volume  constant  during  the  plastic  deformation.  Another  mechanism  proposed  by  Kimura 
has  been  referred  to.  Both  Kimura ’s  and  the  authors’ mechanisms  have  been  considered  to  be  more 
plausible  than  the  Nabarro-Herring  mechanism  in  that  they  are  not  based  on  stress  heterogeneity, 
although  modification  by  a  further  study  is  needed  to  correlate  the  elementary  process  of  diffusion, 
i.e.,  vacancy  mechanism. 


Introduction 

The  mechanism  of  the  lattice-diffusion  creep  proposed  by  Nabarro  [1]  and  Herring  [2]  (this 
will  be  abbreviated  to  N-H  mechanism)  has  been  so  widely  accepted  that  the  lattice-diffusion  creep 
is  also  called  Nabarro-Herring  creep  in  most  textbooks,  research  papers,  reviews,  etc.  In  this 
mechanism,  in  the  case  of  uniaxial  tensile  creep,  it  is  assumed  that  the  vacancy  concentration  at  a 
grain  boundary  perpendicular  to  the  tensile  axis  is  raised  from  the  equilibrium  vacancy 
concentration  without  stress  because  of  the  tensile 
stress,  and  that  the  concentration  at  a  boundary 
parallel  to  the  tensile  axis  is  lowered  because  of 
the  compressive  stress.  This  concentration 
difference  (concentration  gradient)  causes  the 
diffusion  of  vacancies,  namely  the  diffusion  of 
atoms  in  the  reverse  direction  as  schematically 
illustrated  in  Fig.  1.  The  creep  rate  e  was 
expressed  in  the  following  equation  as  a  function 
of  applied  tensile  stress  o ,  grain  size  d,  self¬ 
diffusion  coefficient  D,  atomic  volume  &  and 
absolute  temperature  T  [1-4]: 

£  =  BQ  aD/d\T,  (1) 

where  k  is  the  Boltzmann  constant  and  B  is  another  Fig  t  Schematic  drawing  showing  the 
constant.  In  several  recent  papers,  Ruano  et  al.  difiusional  flow  based  on  the 

[5]  have  thrown  questions  to  the  experimental  Nabarro-Herring  mechanism.  Flows 

results  that  were  thought  to  be  the  evidence  of  this  of  vacancy  and  atom  are  indicated  by 

N-H  mechanism.  solid  ^d  dotted  arrows,  respectively. 


—  Vacancy 
■■■•  Atom 
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On  the  other  hand  in  the  theoretical 
point  of  view  as  well,  Mori  et  al.  [6]  pointed 
out  that  there  should  be  no  difference  in  the 
vacancy  concentration  because  the  stress  state 
is  identical  at  both  boundaries  perpendicular 
and  parallel  to  the  tensile  axis,  having  no 
hydrostatic  component.  Since  the  N-H 
mechanism  is  deeply  based  on  this  vacancy 
concentration  gradient,  following  discussion 
will  no  longer  make  sense  if  there  is  no  such 
vacancy  concentration  gradient.  Mori  et  al. 
claimed  the  necessity  of  grain  boundary  sliding 
to  bring  about  the  vacancy  concentration 
difference  at  grain  boundary  triple  junctions,  as 
shown  in  Fig.  2.  However,  it  will  be  difficult 
to  interpret  many  experimental  results  [1,  4,  7] 
obtained  on  the  specimens  having  what  is 
called  bamboo  structure  that  has  grain 
boundaries  exclusively  perpendicular  to  the 
tensile  axis  with  no  triple  junctions  as 
illustrated  in  Fig.  3.  Hence,  some  other 
mechanism  for  the  lattice-diffusion  creep  was 
needed  to  understand  the  experimental  results. 

From  this  viewpoint,  the  authors  proposed  a 
new  theory  on  the  mechanism  of  lattice- 
diffusion  creep  which  is  not  based  on  the  vacancy  concentration  gradient  [8].  Being  independent 
of  the  authors,  Kimura  proposed  another  new  theory  which  is  not  based  on  the  stress  heterogeneity 
either  [9].  In  this  paper,  the  two  new  theories  will  be  re-described  and  briefly  discussed. 

Migration  of  atoms  not  based  on  the  stress  heterogeneity  [8] 

Assume  that  a  tensile  stress  (J  is  applied  in  z  direction  of  a  cubic  grain  (  simple  cubic 
lattice  with  lattice  constant  a)  of  side  length  d,  causing  elastic  strain  £  d.  In  x  and  y  direction 
strain  -  v  £  d  (compression)  is  produced  where  v  is  the  Poisson’s  ratio,  and  the  increase  in  elastic 
energy  from  unstressed  state  is  cr  £  d  12.  If  the  grain  is  kept  with  constraint  only  in  z  direction  at  a 
temperature  where  diffusion  occurs,  like  a  stress  relaxation  test,  plastic  contraction  due  to  diffusion 
will  take  place  in  x  and  y  directions,  and  the  initially  elastic  strain  £  d  will  be  converted  to  a  plastic 
strain  £pl  after  sufficiently  prolonged  time,  reducing  the  energy  increment  from  cr  £df: 2  to  zero. 
This  process  is  schematically  illustrated  in  Fig.  4.  Although  in  this  discussion,  the  diffusion 
mechanism  is  not  discussed  (  that  is  to  say,  the  vacancy  concentration  difference  is  not 
indispensable  ),  the  driving  force  of  the  diffusion  should  surely  exist,  since  the  energy  decreases 
owing  to  the  diffusion.  However,  usual  Fick’s  law  on  diffusion  cannot  be  applied  to  this  situation, 
because  there  is  no  concentration  gradient.  Instead,  if  a  force  F  operates  in  the  direction  of  the 
migration  of  atoms,  Einstein’s  equation, 

V-  ~M  V  ju  =  MF  -  DFlkT,  (2) 

can  be  used  to  describe  the  migration  velocity  of  atoms,  where  M  and  ju  are  the  mobility  and 
chemical  potential,  respectively,  and  there  is  a  relationship  of  M=D/kT  between  D  and  M. 


i*r 


& 


Fig.  2  Formation  of  heterogeneity  in 
hydrostatic  stress  arising  from  grain 
boundary  sliding  in  a  polycrystalline 
material,  according  to  Mori  et  al.  [6] 


Fig.  3  Schematic  drawing  of  what  is  called  bamboo  structure. 


Key  Engineering  Materials  Vols .  171-174 


233 


Fig.  5  Stress-strain  history  of  a 
specimen  subjected  to  a  tensile 
creep  test. 


Fig.  4  Stress-strain  history  of  a  specimen  initially 
stretched  elastically  and  subsequently  kept  at 
fixed  ends  for  very  long  period  at  a  temperature 
where  diffusion  takes  place. 
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Fig.  6  Schematic  diagram  showing  two  kinds  of  atom 
diffusion  paths.  (a):  diagonal  path  from  vertical 
boundary  to  horizontal  one,  (b):  shorter  path  from  vertical 
boundary  to  grain  interior. 


Description  of  creep  rate  [8] 

Next,  the  stress  is  assumed  to  be  applied  continuously  like  actual  creep,  as  illustrated  in  Fig. 
5.  At  the  first  step,  consider  that  monolayer  of  atoms  at  the  lateral  boundaries  move  to  the  upper 
and  lower  boundaries  as  in  the  N-H  mechanism  as  schematically  shown  in  Fig.  6  (a).  The  final 
shape  of  the  grain  does  not  depend  on  whether  the  atoms  move  to  the  upper  or  lower  boundary,  and 
thus  the  net  component  of  the  atomistic  force  F  in  z  direction  should  be  zero.  Actually,  there  is  no 
need  for  the  atoms  at  the  lateral  boundaries  to  reach  the  upper  or  lower  boundaries;  they  can  simply 
enter  the  interstitial  site  inside  the  grain.  Therefore,  a  migration  path,  as  is  illustrated  in  Fig.  6  (b), 
can  be  assumed  in  order  to  attain  uniform  plastic  strain  of  two  atomic  layers  in  z  direction  with 
minimum  diffusion  distance.  Assume  that  only  the  atoms  at  the  two  y-z  boundaries  move  in  x 
direction,  then  the  number  of  moving  atoms  is  that  of  monolayer  of  atoms  of  the  two  lateral 
boundaries,  namely  2 (d/a)2,  and  the  average  migration  length  is  d/4,  providing  the  total  deformation 
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AX=(d/4)  X  2  (dlaf  =  d3/2a\  (3) 

In  the  actual  deformation,  identical  strain  can  be  obtained  if  the  atom  A  in  Fig.  6  (b),  for  example, 
does  not  move  directly  to  the  grain  center  but  another  atom  does,  by  receiving  the  baton  so  to  speak. 
Thus,  all  atoms  in  the  grain  may  be  considered  to  relate  to  the  deformation.  Since  the  total  number 
of  atoms  in  the  grain  is  (d/a)3,  average  migration  distance  Ax  for  an  atom  is  expressed  as 
Ax  —  AX/(dla)3  =  a/2.  (4) 

The  F  has  been  defined  as  a  force  which  is  the  driving  force  of  the  diffusion  and  is  applied  to  an 
atom,  and  hence  the  work  wi  which  has  been  done  by  this  force  to  an  atom  in  the  deformation  is 
given  by 

Wl=FAx  =  aF/2.  (5) 

On  the  other  hand  in  the  macroscopic  point  of  view,  tensile  load  of  (7  X  <p  has  brought 
about  the  deformation  amount  of  2a.  Therefore,  the  work  per  an  atom,  w2i  which  has  been  done 
by  this  tensile  load  should  be, 

w2  =  ad2  X  2a/(d/af  =  2  <JaA/d.  (6) 

Since  the  work  given  by  the  force  F  to  an  atom  must  coincide  with  that  per  an  atom  obtained  from 
macroscopic  work,  that  is  w2=  w2 , 
aF/2  =  2  aaVd 

F=4a3a/d  =  4Q  a  Id,  (7) 

where  Q,  the  atomic  volume,  is  equal  to  a3.  From  Einstein’s  equation  (Eq.  2)  and  Eq.  7, 

V  =  FD/kT  =  4Q  <7 D/ dkT.  (8) 

From  Eqs.  (4)  and  (8),  letting  the  time  for  the  deformation  be  t , 

t  =  MV  =  (a/2)/ (4  Q  (7 D/dkT)  =  adkT/S  Q  (7D .  (9) 

Since  the  strain  of  2a/d  is  produced  within  this  time,  strain  rate  e  is  given  by 
e  =  (2 a/d)/t  =  16  Q  aD/d2kT .  (10) 

This  is  the  final  description  of  sfrain  rate  in  the  lattice-diffusion  creep  by  the  present  authors  which 
is  not  based  on  stress  heterogeneity.  As  mentioned  earlier,  the  N-H  mechanism  generally  provides 
the  creep  rate  described  in  Eq.  1,  where  the  constant  B  which  depends  on  shapes  of  the  crystal  grain 
etc.  was  initially  2  [4],  and  was  reported  to  be  12  after  the  diffusion  path  was  re-discussed  for  the 
cube-shaped  grain  [8].  It  should  be  noted  that  both  mechanisms  result  in  almost  the  same  final 
form,  although  the  starting  point  has  been  completely  different.  It  must  be  emphasized  again  that 
compressive  stress  never  exists  from  macroscopic  elasticity  theory,  although  it  is  apparently  seen  as 
if  the  F  corresponded  to  the  compressive  stress  in  x  direction  which  is  a  premise  in  the  N-H 
mechanism.  The  F  can  be  regarded  as  the  force  which  intends  to  keep  the  volume  of  the  grain 
constant  in  the  plastic  deformation. 

Kimura’s  theory 

As  mentioned  previously  in  the  introduction,  being  independent  of  the  present  authors, 
KimuTa  [9]  also  lead  the  same  equation  as  Eq.  10  without  using  stress  heterogeneity  very  recently. 
He  discussed  based  on  the  activation  energy  for  deformation  schematically  shown  in  Fig.  7.  hi 
this  theory,  when  a  stress  (7  is  applied,  the  activation  energy  for  a  process  that  favors  the 


Fig.  7  Activation  energy  for  a  jump  of  an  atom  in  diffusion,  (a)  without 
stress,  (b)  with  stress. 
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deformation  is  lowered  while  that  for  the  reverse  process  is  raised  compared  to  that  without  stress, 
E.  When  diffusional  deformation  by  AL  occurs  in  a  columnar  grain  with  cross  section  area  S  and 
length  L,  from  the  macroscopic  work  done  by  the  tensile  stress,  dSAL,  and  from  the  number  of 
atoms  moving  from  the  lateral  boundary  to  the  upper  or  lower  boundary,  S  ALJ  Q,  the  work  done 
per  an  atom  ( w2  in  the  authors’  theory)  is  described  as  d  Q.  Since  he  considered  the  diffusion 
path  to  be  of  the  distance  of  LH  only  in  z  direction,  energy  gradient  along  the  diffusion  path  became 
2  cr  Q/L ,  giving  the  energy  difference  between  the  sites  A  and  B  in  Fig.  7  of  v*  d  =2 b  d  QlL 
where  b  is  the  jump  distance  corresponding  to  a  in  the  authors’  theory.  In  the  case  of  random  jump, 
both  jump  frequencies  in  the  direction  A  to  B  and  B  to  A  in  Fig.  7  (a)  are  given  by  6D/b2.  The 
activation  energy  E  naturally  corresponds  to  that  for  self-diffusion  and  has  an  Arrhenius-type 
relationship  with  self-diffusion  coefficient  D  of 
D  =  Cexp(  — E/kT) 

where  C  is  a  constant.  In  the  stressed  state  on  the  other  hand,  the  difference  in  the  jump  frequency, 
Af,  between  A  to  B  and  B  to  A  is  given  by 


=  (12 fb2)D  sinh(v*  d/kT)  =  (12 D/b2)  X  (2 bd  Q/kTL) 

=  24  QdD/d2kT,  (12) 

when  v*d/kT  =  2bd£2/  kTL  is  close  to  zero.  Since,  the  number  of  atoms  reaching  the  top  or 
bottom  boundary  during  unit  time  (Is)  is  AfX  (S!b2),  and  deformation  amount  is  b3/S  when  an 
atom  moves  by  a  distance  b ,  the  deformation  amount  in  unit  time  becomes  Af(S/b2)  X  b3IS  =  b  Af. 
Hence,  the  creep  rate  is  given  by 

8  =  b  Af/ L.  (13) 

From  Eqs.  12  and  13,  the  creep  rate  is  finally  expressed  as 
e  =24  QdD/L2kT,  (14) 

where  the  final  form  is  again  the  same  except  the  constant  B . 

Minor  correction  may  be  needed  in  the  above  treatment;  the  v*  d  in  Eq.  11  should  be 
replaced  by  v*  d /2,  and  the  final  form  will  be 
e  =\2QdD/L2kT ,  (15) 

since  v*  d  has  been  defined  as  the  total  difference  in  the  potential  energy  between  the  two  sites  A 
and  B,  with  an  average  activation  energy  of  E. 


Discussion 

Since  neither  the  authors’  nor  Kimura’s  theory  is  based  on  vacancy  concentration  gradient  or 


heterogeneity  of  the  stress  state  in  a  grain,  the 
two  theories  might  provide  a  precise  premise 
for  the  lattice-diffusion  creep.  The  major 
difference  is  in  the  direction  of  atom 
migration,  that  is,  the  direction  of  the  force 
applied  to  the  atom,  and  another  difference  is 
that  hypothetical  motion  into  the  interstitial 
site  is  assumed  in  the  authors’  theory.  The 
use  of  energy  gradient  or  activation  energy 
and  the  use  of  the  force  applied  to  the  atom 
are  basically  the  same.  If  the  eneTgy 
gradient  in  z  direction  actually  exists,  the 
process  by  Kimura  using  activation  energy  is 
strict,  and  seems  to  be  the  origin  of  the 
Einstein’s  equation  with  chemical  potential 
since  the  energy  gradient  becomes  chemical 
potential  gradient  in  a  pure  metal.  However, 
in  his  theory  migration  in  x  and  y  direction  is 
not  assumed,  which  is  essential  in  the  lattice- 
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Fig.  8  A  jump  in  z  direction  of  an 
atom/vacancy  pair  with  no  work  done  by 
the  tensile  stress. 
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diffusion  flow.  Moreover,  no  work  is  done  as  long  as  the  atom  jumps  in  z  direction  in  the  grain 
interior,  as  illustrated  in  Fig.  8,  and  therefore  it  may  be  a  problem  that  no  energy  gradient  in  z 
direction  is  thought  to  exist.  The  author’  theory  has  similar  problem  when  the  actual  diffusion 
mechanism,  that  is,  vacancy  mechanism  is  taken  into  account.  The  atom  on  the  lateral  boundary 
cannot  move  into  an  interstitial  site  but  must  move  into  a  vacant  lattice  site.  Consequently,  no 
work  will  be  done  either,  when  the  atom  jumps  in  x  ory  direction.  In  addition,  vacancy  should  be 
supplied  from  the  top  or  bottom  boundary,  which  has  not  been  taken  into  account  in  the  present 
paper. 

Further  study  will  be  carried  out  in  the  next  paper  at  this  conference,  based  on  energy 
gradient  or  chemical  potential  gradient,  as  well  as  the  interrelations  with  vacancy  mechanism  as  the 
actual  diffusion  mechanism. 


Summary 

Although  the  vacancy-concentration  gradient  which  is  an  essential  premise  in  the  N-H 
mechanism  cannot  be  interpreted  in  terms  of  macroscopic  stress  field,  it  has  been  deduced  that  the 
elastic  energy  in  the  grain  is  lowered  by  the  diffusion  deformation  irrespective  of  the  diffusion 
mechanism,  and  that  the  driving  force  of  the  diffusion  is  the  force  applied  to  each  atom  in  the 
direction  perpendicular  to  the  tensile  axis.  The  equation  describing  the  strain  rate  in  the  lattice- 
diffusion  creep  which  is  not  based  on  stress  heterogeneity  has  been  successfully  obtained  from  this 
discussion.  Both  Kimura’s  and  the  authors’  mechanisms  have  been  considered  to  be  more 
plausible  than  the  N-H  mechanism  in  that  they  are  not  based  on  stress  heterogeneity  although 
modification  by  further  studies  is  needed  to  correlate  the  elementary  process  of  diffusion,  i.e., 
vacancy  mechanism. 
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Abstract 

The  background  of  the  grain  boundary  design  and  control  for  high  temperature  plasticity  and 
fracture  is  discussed  showing  important  findings  of  structural  effects  on  the  related  boundary  phenom¬ 
ena  which  have  been  effectively  utilized  for  development  of  high  temperature  materials.  Recent 
progress  in  grain  boundary  engineering  has  been  introduced  to  demonstrate  a  high  potential  of  this 
approach  to  future  development  of  high  temperature  materials.  Some  open  problems  associated  with 
the  thermal  stability  of  grain  boundary  microstructure  which  may  be  affected  by  grain  boundary  struc¬ 
tural  transformation  and  wetting  are  also  discussed. 

1.  Introduction 

Grain  boundaries  and  interphase  boundaries  are  important  microstructural  elements  in  poly¬ 
crystalline  materials.  They  can  affect  the  bulk  properties  of  polycrystalline  materials,  differently 
depending  on  grain  boundary  phenomenon  associated  with  a  specific  bulk  property.  Grain  bound¬ 
aries  can  play  more  significant  roles  in  deformation  and  fracture  as  temperature  increases  because 
grain  boundary  phenomena  become  more  significantly  involved.  We  also  know  that  grain  boundaries 
(hereafter  including  interphase  boundaries)  can  affect  beneficial  or  detrimental  effects  on  high  tem¬ 
perature  plasticity.  Unfortunately,  their  detrimental  effects  have  been  extensively  studied  because 
serious  problems  associated  with  intergranular  creep  fracture  and  brittleness  must  be  solved  urgently. 
However  now  the  time  has  come  when  their  beneficial  effects  of  grain  boundaries  should  be  properly 
understood  and  effectively  utilized  in  development  of  advanced  materials.  At  the  first  Swansea  creep 
conference  of  this  series  held  in  1981, 1  presented  a  small  sprout  of  the  possibility  of  grain  boundary 
design  and  control,  underlining  the  importance  of  structural  effects  on  grain  boundary  sliding  and 
creep  fracture  observed  on  metal  bicrystals  [1].  Soon  after  then  I  proposed  the  concept  of  grain 
boundary  design  and  control  for  strong  and  ductile  polycrystalline  materials  [2].  Since  then  the 
concept  has  been  successfully  applied  and  now  a  new  era  of  Grain  Boundary  Design  and  Control 
(Grain  Boundary  Engineering)  has  come  [3,4].  I  believe  that  the  concept  can  provide  a  new  powerful 
approach  to  materials  design  and  development  in  the  coming  next  century,  including  functional  mate¬ 
rials  as  partly  proved  recently  [5]. 

2.  Structural  Effects  on  Grain  Boundary  Sliding  and  Fracture  in  Bicrystals 

There  are  several  key  issues  associated  with  high  temperature  materials.  Most  of  them  is  con¬ 
cerned  with  grain  boundary  phenomena  such  as  sliding,  migration,  segregation,  cavitation  and  frac¬ 
ture.  As  the  result  of  recent  studies  of  the  relationship  between  grain  boundary  structure  and  proper¬ 
ties  in  bicrystals,  much  knowledge  of  structural  effects  on  boundary  properties  have  been  obtained 
which  can  be  used  to  control  creep  fracture  and  to  enhance  creep  strength  by  utilizing  beneficial  effect 
of  boundaries  in  the  same  material.  Let  us  look  at  some  evidences. 

Firstly,  grain  boundary  sliding  takes  place  and  contributes  to  creep  deformation  in  a  polycrystal, 
as  one  of  important  deformation  mechanisms,  particularly  to  superplasticity  [6].  Figs.  1(a)  and  (b) 
which  were  presented  at  the  first  Swansea  Creep  conference  to  demonstrate  how  grain  boundary  slid¬ 
ing  is  related  to  creep  deformation  and  fracture,  and  how  the  boundary  type  and  misorientation  angle 
can  affect  sliding  and  fracture  in  orientation-controlled  zinc  and  copper  bicrystals,  respectively.  We 
see  a  large  difference  of  the  contribution  of  grain  boundary  sliding  to  the  total  creep  deformation, 
sg b  /  ft,  among  the  bicrystal  samples  with  different  misorientation  angles.  It  was  found  that  the 
contribution  was  small  at  low  angle  boundary  and  some  special  high  angle  boundaries  like  19  coinci- 
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Fig.  1  (a)  The  contribution  of  sliding  to  Fig.  1  (b)  ‘Grain  boundary  sliding  -frac- 

the  total  creep  deformation  of  <  101 0  >  tilt  ture  diagram’  for  copper  bicrystals  with 

zinc  bicrystals  [1].  different  types  of  boundaries  [1]. 

dence  boundary  with  the  misorientation  angle  of  61°,  resulting  in  slow  creep  deformation  and  high 
resistance  to  intergranular  fracture  caused  by  sliding.  This  was  also  confirmed  to  be  valid  for  grain 
boundary  sliding  and  fracture  in  polycrystals[3].  Grain  boundary  sliding  and  creep  intergranular 
fracture  preferentially  took  place  at  random  general  boundaries,  but  they  were  very  difficult  at  low- 
angle  boundary  and  low  1  coincidence  boundaries.  Moreover  we  found  that  intergranular  crack 
would  not  propagate  into  the  clustered  region  of  low-angle  and  special  boundaries.  Thus  we  can 
understand  that  structural  effects  are  the  most  important  and  can  be  a  key  factor  controlling  creep 
deformation  and  fracture  in  polycrystals. 

3.  The  Importance  of  Grain  Boundary  Character  Distribution  (GBCD) 

The  grain  boundary  character  distribution  (GBCD)  defining  the  type  and  the  frequency  of  grain 
boundaries  and  the  grain  boundary  connectivity  defining  the  configuration  of  different  types  of  boundary, 
have  been  found  to  control  creep  intergranular  fracture  in  polycrystals.  The  presence  of  more  random 
boundaries  and  their  extensive  connectivity  can  promote  intergranular  fracture  and  brittleness,  as  shown 
earlier  [2,3].  Until  recently  we  have  been  performing  experimental  and  theoretical  work  for  the 
control  of  intergranular  fracture  and  brittleness  particularly  for  'intrinsically  brittle'  materials  by  ma¬ 
nipulating  GBCD.  A  systematic  investigation  into  GBCD  had  been  made  paying  particular  attention 
to  the  evolution  of  grain  boundary  microstructure  and  microscale  texture  for  different  types  of  mate¬ 
rial  produced  by  different  processing  methods  [7].  It  has  been  found  that  GBCD  can  be  closely 
related  to  the  grain  size,  the  type  and  sharpness  of  texture.  We  have  proved  that  the  control  of  GBCD 
is  useful  and  powerful  for  the  control  of  brittleness  caused  by  predominant  intergranular  fracture 
[3,4,8]. 

4.  Grain  Boundary  Engineering  for  High  Temperature  Materials 

4.1  The  Control  of  Intergranular  Brittleness  in  Ni3Al  and  Molybdenum 

It  is  well  known  that  intermetallics  and  ordered  alloys  have  excellent  high  temperature  strength, 
particularly  such  as  positive  temperature  dependence  of  the  strength.  However  severe  intergranular 
brittleness  has  hindered  this  type  of  materials  from  their  development  so  far.  Many  attempts  have 
been  made  to  control  their  intergranular  brittleness  [8].  The  addition  of  the  third  element  boron  was 
once  thought  to  be  a  solution  of  the  problem,  but  later  it  turned  to  be  not.  Recently  we  have  found  that 
intergranular  brittleness  of  polycrystalline  NFA1  can  be  controlled  by  reducing  the  frequency  of  weak 
random  boundaries  and  conversely  by  increasing  the  frequency  of  fracture  resistant  low  ^boundaries 
by  unidirectional  solidification  through  zone  melting  even  for  B-free  Ni3Al  [9,10].  As  shown  in  Figs. 
2(a)  and  2(b),  the  introduction  of  a  high  frequency  of  low  ^boundaries  (21,  3  and  9)  could  lead  to  the 


Key  Engineering  Materials  Vois.  171-174 


239 


Strain 


Fig.  2(a)  Stress-strain  curves  of  B-free  poly¬ 
crystalline  Ni$Al  with  grain  boundaries  dif¬ 
ferently  engineered.  Note  that  the  fraction 
of  random  weak  boundaries  control  the  duc¬ 
tility  of  this  material  [11]. 


1  3  5  7  9  11  13  15  17  19  21  23  25  27  29 


Z 

Fig.  2(b)  The  grain  boundary  character 
distribution  (GBCD)  in  as-solidified  N13M 
with  high  ductility  and  sharp  texture  [11]. 


development  of  high  ductility  in  as-grown  specimen.  But  once  deformed  and  annealed,  the  observed 
high  ductility  of  the  as-grown  specimen  disappeared  and  would  be  never  restored.  This  clearly  shows 
the  importance  and  usefulness  of  the  control  of  GBCD  for  the  control  of  intergranular  brittleness.  The 
important  effect  of  GBCD  on  intergranular  crack  propagation  in  polycrystalline  Ni3Al  was  also  re¬ 
ported  by  Lin  and  Pope  [12]. 

The  other  example  of  grain  boundary  engineering  for  the  control  of  intergranular  brittleness  is 
from  a  work  of  polycrystalline  molybdenum  performed  quite  recently  [13].  Figure  3  shows  that  the 
fracture  stress  systematically  increases  with  increasing  the  frequency  of  low  ^boundaries,  from  the 
value  theoretically  predicted  for  a  random  polycrystal  up  to  20%  and  remains  unchanged.  This 
corresponds  to  a  change  of  fracture  mode  from  dominant  intergranular  fracture  to  transgranular  cleav¬ 
age  fracture,  as  previously  predicted  by  modelling  of  GBCD- dependent  fracture  and  fracture  tough¬ 
ness  [14].  It  is  very  challenging  to  test  whether  grain  boundary  engineering  for  the  control  of  inter¬ 
granular  brittleness  by  manipulation  of  GBCD  is  applicable  to  ceramics.  To  my  knowledge,  there  has 
been  no  literature  which  reported  GBCD-dependent  fracture  in  ceramics,  except  for  a  recent  work  on 
fracture  in  piezoelectric  ceramic  (PZT)  performed  by  the  author's  group  [15,16]. 


Frequency  of  Low  I  Grain  Boundary  (%) 


Fig.  3  Fracture  stress  vs.  grain  boundary  character  distribution  diagram  for  polycrystalline 
molybdenum  at  77K  [13]. 
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4.2  Enhancement  of  Creep  Strength  in  Ni- 
base  Alloy 

Grain  boundaries  can  be  a  barrier  to  the 
motion  of  lattice  dislocations  because  of  the 
discontinuity  of  crystal  orientation  between 
neighbouring  grains.  The  absorption  of  lat¬ 
tice  dislocations  at  grain  boundary  has  been 
found  to  be  strongly  influenced  by  the  bound¬ 
ary  type  in  creep  deformation  of  aluminium 
[17].  Random  boundary  can  easily  absorb 
them  while  low  X coincidence  boundary  can 
not.  This  may  affect  the  effectiveness  of  grain 
boundary  as  barrier  to  dislocation  motion. 

Figure  4(a)  shows  creep  curves  observed  on 
<  10 1 0  >  twist  zinc  bicrystal  specimens  with  Tim* (min) 

different  twist  angles  [18].  It  is  evident  that 
creep  behaviour  of  individual  specimens 
strongly  depends  on  the  boundary  twist  angle 
and  surprisingly  the  presence  of  a  special 
boundary  with  the  twist  angle  around  51°~54° 

(almost  corresponding  to  23/56.6°)  can  drasti¬ 
cally  reduce  the  creep  rate.  Accordingly  this 
suggests  that  the  introduction  of  a  high  fre¬ 
quency  of  low  ^boundaries  would  be  able  to 
enhance  the  bulk  creep  strength  of  polycrys¬ 
talline  materials  because  of  the  difficulty  of 
sliding  and  of  the  absorption  of  lattice  disloca¬ 
tions  at  such  low  ^boundaries.  In  fact  this 
was  confirmed  recently  by  Was  and  cowork¬ 
ers  [19].  Figure  4(b)  shows  that  an  increase  of 
the  frequency  of  low  ^boundaries  from  15% 
to  30-40%  can  drastically  increase  the  creep 
strength,  showing  a  rapid  decrease  of  the  steady 
slate  creep  rate  at  360°C  by  factor  of  10  to  30 


in  ultrahigh-purity  Ni-16Cr-9Fe  alloy.  This  is  T  „  . 

an  important  finding  that  high  temperature  ime^ 

strength  of  the  alloy  can  be  drastically  in-  Fig.  4  (a)  Creep  curves  for  <1010>  twist  zinc 

creased  by  grain  boundary  engineering  with-  bicrystals  with  different  twist  angles  under  constant 

out  using  any  conventional  strengthening  resolved  shear  stress.  Note  high  creep  resistance  in 

melh°d-  the  bicrystal  with  the  misorientation  angles  around 

56729  coincidence  oricntation[3],  (b)  Effect  of  the 
4.3  Optimization  of  GBCD  for  Superplas-  frequency  of  low  2(CSL)  boundaries  on  creep  de- 
ticity  in  Al-Li  Alloy  formation  in  Ni-16Cr-9Fe  alloy  at  360°C,  cs=300 

Recently  a  new  approach  to  superplas-  MPa[19]. 
ticity  has  been  attempted  by  grain  boundary 

engineering  through  the  control  of  the  grain  boundary  character  distribution  (GBCD)  and  the  grain 
boundary  connectivity  [6,20].  In  principle,  the  presence  of  grain  boundaries  or  inlerphase  boundaries 
which  can  easily  slide  is  expected  to  promote  deformation  caused  by  inlerfacial  sliding  in  single  phase 
or  multiphase  materials.  In  single  phase  material,  sliding  takes  place  preferentially  at  high  angle 
random  boundaries  when  more  random  boundaries  are  connected  to  each  other,  the  plastic  strain 
produced  by  inlerfacial  sliding  become  significant.  However  this  situation  also  leads  to  predominant 
intergranular  fracture  unless  the  stress  concentration  at  triple  junctions  or  boundary  irregularities  is 
relaxed  during  deformation.  Quite  recently  we  have  found  a  salient  change  of  grain  boundary  micro¬ 
structure  during  superplastic  deformation  in  Al-Li  based  alloy  [21].  The  change  of  GBCD  observed 
by  using  Orientation  Imaging  Microscope  (OIM)  arc  shown  along  the  stress-strain  curve  in  Fig.  5.  It 
was  found  that  the  frequency  of  random  boundaries  remained  almost  constant  during  early  stage  of 
deformation  up  to  the  peak  stress  and  then  increased  rapidly  showing  the  reduction  of  the  flow  stress 
producing  superplaslic  deformation  characterized  by  the  maximum  elongation  of  253%  (s  =1.3).  This 
finding  can  well  explain  the  reported  early  observations  on  the  change  of  grain  boundary  microstruc- 
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Fig.  5  Changes  of  the  grain  boundary  character  distribution  (GBCD)  and  texture 
during  superplastic  deformation  in  Al-Li-Cu-Mg-Zr  alloy[21].  Note  that  significant 
changes  occurred  after  the  peak  stress. 

ture  that  the  formation  of  high  angle  (random)  boundaries  results  in  grain  boundary  sliding  in  Al-Li 
alloy  [22]  and  the  change  of  texture  from  sharp  to  random  one  in  Sn-Pb  alloy  [23],  during  superplastic 
deformation.  However  further  consideration  of  the  details  of  the  interaction  between  GBCD  and  the 
grain  boundary  connectivity  and  the  optimization  of  GBCD  seems  necessary  because  these  may  be 
one  of  key  factors  controlling  superplasticity  and  post  mechanical  performance  of  superplastically 
deformed  material. 

4.4  The  Control  of  Oxidation-Induced  Brittleness  in  Ni-Fe  Alloy 

Oxidation  degrades  mechanical  performance  and  causes  severe  brittleness  in  high  temperature 
materials  during  their  service.  The  requirements  of  high  temperature  strength  and  formability  are  not 
necessarily  compatible  with  oxidation  resistance.  In  particular,  selective  oxidation  along  grain  bound¬ 
aries  becomes  an  important  source  of  premature  fracture  in  the  materials  [24].  This  often  hinders 
promising  materials  from  their  development.  Accordingly  the  control  of  oxidation-induced  inter¬ 
granular  fracture  is  one  of  important  issues  for  development  of  high  temperature  materials.  As  shown 
in  Fig.  6(a)  and  6(b),  intergranular  oxidation  does  not  always  occur  uniformly  but  selectively  at 
individual  grain  boundaries  in  a  polycrystal.  It  is  very  likely  that  the  difference  of  oxidation  propen¬ 
sity  from  boundary  to  boundary  is  due  to  the  effect  of  grain  boundary  type  and  structure.  However 
there  has  been  no  available  literature  on  structural  effect  on  intergranular  oxidation,  to  the  author's 
knowledge.  Quite  recently  we  have  studied  the  effect  of  grain  boundary  type  on  intergranular  oxida¬ 
tion  and  found  the  possibility  of  grain  boundary  engineering  for  the  control  of  oxidation-induced 
intergranular  brittleness  in  a  Ni-40at%Fe  alloy  [25]  as  mentioned  below.  Figure  7  shows  the  effect  of 


Fig.  6(a),  (b)  Optical  micrographs  of  the  surfaces  in  Ni-40at.%Fe  alloy  oxidized  at  1273K  for 
5hr[25].  Note  high  oxidation  resistance  at  the  boundary  in  the  middle  of  the  micrograph  (b). 
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boundary  type  on  intergranular  oxidation  in  dilute  oxygen  at¬ 
mosphere  (25.9  ppm  02)  at  1273K  for  5  hr.  Filled  circle  and 
triangle  indicate  heavily  oxidized  boundary  and  slightly  oxi¬ 
dized  boundary,  respectively.  Open  circle  indicates  non-oxi- 
dized  boundary.  As  predicted  by  Brandon's  criterion,  A6b=15Y 
21'2,  low  Z  coincidence  boundaries  which  have  the  deviation 
angle  within  A 6C  tend  to  be  resistant  to  oxidation  while  ran¬ 
dom  boundaries  are  selectively  oxidized,  as  indicated  by  plots 
below  and  above  the  dotted  curve  given  by  Brandon's  crite¬ 
rion.  Some  low  21  boundaries  (23,  11,  19,  27  given  by  the 
series  2'=8/t+3  («>0))  particularly  showed  high  resistance  to 
oxidation.  These  Z boundaries  are  known  to  be  of  lower  en¬ 
ergy  than  other  Z boundaries.  On  the  basis  of  structure-de- 
pendent  intergranular  oxidation,  a  new  approach  to  the  control 
of  oxidation-induced  intergranular  brittleness  has  been  estab¬ 
lished  and  tested  by  experiments  on  the  specimens  with  grain 
boundary  microstructures  systematically  controlled  by  rapid 
solidification  and  annealing.  As  schematically  indicated  in 
Fig.  8,  the  formation  of  grain  boundary  microstructure  with 
small  grain  size  and  a  high  frequency  of  oxidation-resistant 
special  boundaries  (thin  boundaries)  is  the  requirement  for  the 
control  of  oxidation-induced  brittleness. 


1  -value 


5.  How  to  Enhance  Thermal  Stability  of  Grain  Boundary  FiS-  7  Tl}e  propensity  to  intergranu- 
Microstructure  ?  lar  oxidation  as  a  function  of  Z,  which 

5.1.  Grain  Boundary  Structural  Transformation  \s  a  measure  of  G.B.  structural  order, 

High  temperature  material  always  requires  the  thermal  in  Ni-40at.%  Fe  alloy  oxidized  at 
stability  of  microstructure  which  is  the  source  of  property  of  1273K  for  5hr[25]. 
performance  of  the  material.  Since  the  grain  boundaries  are  preferential  sites  for  most  metallurgical 
phenomena  occurring  at  high  temperature,  the  establishment  of  thermal  stability  of  grain  boundary 
microstructure  may  be  the  most  important  issue  for  development  of  excellent  high  temperature  mate¬ 
rials.  There  is  a  basic  knowledge  of  grain  boundary  phenomenon  which  has  not  yet  fully  understood 
and  utilized  for  materials  development.  That  is  grain  boundary  structural  transformation.  In  fact  the 
atomic  structure  of  grain  boundary  changes  due  to  the  entropy  term  of  the  free  energy  as  temperature 
increases.  Temperature  dependence  of  grain  boundary  phenomena  often  changes  abruptly  at  certain 
critical  temperature,  Tc,  which  normally  ranges  from  0.5-0.9TM  ( TM  is  the  melting  temperature).  Fig¬ 
ure  9  shows  the  temperature  dependence  of  grain  boundary  sliding  rate  observed  on  <  1010  >  tilt  zinc 


Fig.  8  Schematic  representation  of  oxidation-induced  intergranular  brittleness  in  polycrystals 
with  different  grain  sizes  and  grain  boundary  character  distribution  (GBCD). 
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bicrystal  specimens  [26].  We  clearly  see  that  the  tem¬ 
perature  dependence  of  the  sliding  rate  for  high  angle 
boundaries  changes  at  certain  critical  temperature,  Jc, 
which  depends  strongly  on  the  misorientation  angle. 
Of  particular  interest  is  that  the  boundary  with  orienta¬ 
tion  of  29/54°  has  the  highest  critical  temperature  and 
the  16.5°  low-angle  boundary  did  not  show  any  change 
of  temperature  dependence  while  random  boundaries 
showed  rather  lower  critical  temperatures.  The  ob¬ 
served  change  of  the  temperature  dependence  has  been 
explained  to  be  attributed  by  grain  boundary  structural 
transformation.  The  result  implies  that  the  low-angle 
boundary  and  the  29/54°  coincidence  boundary  have 
high  thermal  stability  of  grain  boundary  structure  so 
that  the  structure  remained  unchanged  up  to  the  melt¬ 
ing  temperature  or  higher  temperature  of  0.9Tm.  Simi¬ 
lar  change  of  temperature  dependence  has  been  reported 
early  for  grain  boundary  migration  [27].  It  is  not  un¬ 
reasonable  to  expect  that  temperature  dependence  of 
fracture  stress  and  other  properties  associated  with  high 
temperature  materials  may  be  affected  by  similar  in¬ 
fluence  of  grain  boundary  structural  transformation.  If 
a  polycrystalline  material  did  not  have  a  thermally  stable 
grain  boundary  microstructure,  the  related  performance 
would  change  and  cause  serious  problem  during  its  ser¬ 
vice.  Unfortunately  there  has  been  little  work  which 
has  taken  account  such  effect  of  grain  boundary  struc¬ 
tural  transformation  in  development  of  a  high  tempera¬ 
ture  material.  This  still  awaits  a  future  challenge. 


Temperature,  T/K 


1000/(  T/K ) 


Fig.  9  The  effect  of  grain  boundary  structural 
transformation  on  temperature  dependence  of 
sliding[26].  Note  higher  critical  temperature, 
Tc,  and  slower  sliding  rate  of  16°  low-angle 
boundary  and  29/54°  boundary. 


5.2  Grain  Boundary  Wetting  .  ,  .V4  ~ 

One  more  important  grain  boundary  phenomenon  which  is  closely  related  to  thermal  stability  ot 

grain  boundary  microstructure  is  the  wetting  of  grain  boundary  by  liquid  phase.  Grain  boundary 
wetting  is  always  involved  in  sintering  of  ceramics  and  refractory  metals.  Moreover  high  temperature 
strength  and  superplasticity  can  be  affected  by  grain  boundary  wetting[28].  Again  grain  boundary 
wetting  has  been  found  to  be  affected  by  the  boundary  misorientation  angle  (boundary  type  and  struc¬ 
ture)  [29],  as  indicated  in  Fig.  10.  The  wetting  of  zinc _ i _ 2 

boundaries  by  Sn-rich  liquid  phase.  We  know  that  the  T  I _  |  i  _  T 

critical  temperature  above  which  complete  wetting  takes  ! 

place  depends  on  the  boundary  misorientation  angle  and  \  /X  \  j 


16°<1010>  GB 


60°<1010>  GB  ^ 


300  325  350  400 

Temperature,  °C  Twi 


A  Weight  Percent  B 


Fig.  10  Temperature  dependence  of  the  con¬ 
tact  angle,  6 ,  for  the  16°  low-angle  boundary 
[29].  file  wetting  temperatures  are  Twi=386.5 
±1°C,  Jw2=381±1°C. 


Fig.  11  A  schematic  phase  diagram  showing 
the  lines  of  G.B.  wetting  phase'transitions  and 
the  corresponding  microstructure  of  two- 
phase  polycrystals[30]. 
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boundary  type,  corresponding  grain  boundary  energy.  The  16°  low-angle  boundary  shows  a  higher 
critical  temperature  than  that  of  60  high  energy  random  boundary.  Such  consideration  of  structural 
effect  of  grain  boundary  wetting  is  thought  to  be  extremely  important  to  high  temperature  deformation 
and  fracture  at  the  presence  of  liquid  phase.  More  severe  intergranular  brittleness  may  occur  by 
complete  grain  boundary  wetting  when  a  high  frequency  of  random  boundaries  exist,  depending  on 
temperature  and  composition  of  a  specific  alloy  used  [30],  as  schematically  shown  in  Fig,  11.  So  the 
grain  boundary  character  distribution  (GBCD)  again  comes  to  a  key  role  in  deformation,  superplastic¬ 
ity  and  fracture  at  high  temperatures. 

6.  Conclusion 

The  potential  of  the  concept  of  grain  boundary  design  and  control  has  been  proved.  The  control 
of  intergranular  fracture  and  an  enhancement  of  high  temperature  strength  and  the  fracture  toughness 
can  be  effectively  achieved  by  manipulating  the  grain  boundary  character  distribution  (GBCD)  and 
the  grain  boundary  connectivity.  However  the  grain  boundary  engineering  for  advanced  materials 
has  just  launched  and  it  still  awaits  future  work  to  establish  basic  knowledge  associated  with  unsolved 
structural  effects  on  such  grain  boundary  related  phenomena  as  grain  boundary  structural  transforma¬ 
tion  and  grain  boundary  wetting  occurring  at  high  temperatures.  I  hope  and  believe  that  basic  knowl¬ 
edge  of  Interface  Science  will  be  used  more  wisely  and  beneficially  for  the  development  of  the  grain 
boundary  engineering  for  advanced  materials  in  the  21st  century. 
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Abstract  The  creep  curves  of  nickel  base  superalloys  are  often  characterised  by  a  dominant  tertiary 
creep  stage  due  to  the  accumulation  of  internal  damage  proportional  to  the  creep  strain  and 
depending  on  the  values  of  the  applied  load/temperature. 

A  simple  procedure  is  presented  to  obtain  the  parameter  values  of  a  constitutive  equation  able  to 
describe  the  tertiary  creep  under  constant  load. 


Introduction 

The  introduction  of  nickel  base  single  crystal  rotating  blades  in  advanced  gas  turbines  has  allowed 
increasing  the  turbine  inlet  temperature  enhancing  their  thrust  and  operating  efficiency.  While  the 
use  of  single  crystal  components  in  aero -engine  gas  turbines  is  well  established,  nowadays  research 
activities  are  concentrating  on  making  single-crystal  technology  widely  available  also  for  land- 
based  gas  turbines  for  power  generation. 

This  paper  reports  the  creep  behaviour  in  the  temperature  range  900-1000°C  of  SMP14,  a  new 
single  crystal  based  superalloy,  developed  by  CSIR  Pretoria,  RSA,  for  turbine  blade  and  vane 
applications  [1].  More  than  on  the  creep  strength  [2]  the  analysis  of  the  results  is  focused  on  the 
shape  of  the  creep  curves  in  order  to  characterise  the  large  dominant  tertiary  creep  stage. 


Material  and  experimental  procedure 

The  material  studied  in  this  work  is  SMP14,  a  promising  candidate  alloy  to  be  utilised  in  single 
crystal  rotating  blades. 

The  nominal  chemical  composition  of  the  examined  alloy  is  given  in  Table  1 . 

Fully  heat  treated  9  mm  diameter  bars  have  been  supplied  by  Ross  &  Catherall  Ltd,  Sheffield  U.K. 
Deviations  of  <001>  crystalline  direction  from  the  rod  axis  were  within  6°.  The  mean  size  of  the 
cuboidal  f  particles  was  0.45  pm.  The  hardening  phase  occupied  approximately  two  thirds  of  the 
alloy  volume  [1]. 

The  creep  specimens  had  cylindrical  symmetry  of  5.6mm  gauge  diameter  with  28mm  gauge  length. 
Creep  strain  was  continuously  monitored  using  capacitive  transducers  connected  to  extensometers 
clamped  to  the  shoulders  of  the  specimen.  Three  thermocouples  were  placed  in  the  gauge  length 
allowing  to  control  the  temperature  gradients.  The  furnace  was  controlled  by  the  central 
thermocouple.  The  creep  tests  were  run  at  constant  load. 
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Results  and  discussion 

The  constant  load  and  temperature  tests  studied  in  this  work  were  performed  at  900,  950  and 
1000°C  at  stresses  between  175  and  425  MPa  to  produce  time  to  rupture  between  200  and  2500  h. 
The  results  of  the  experimental  creep  tests  are  reported  in  Table  2. 

The  creep  curves  of  SMP14  single  crystal  alloy  exhibit  near  no  or  a  short  and  small  primary  stage 
and  the  majority  of  the  single  creep  curves  consists  of  tertiary  creep.  The  results  are  consistent  with 
those  obtained  on  CMSX  4  [3]  and  on  other  single  crystal  nickel  base  superalloys  [4-6]  for 
equivalent  applied  stresses/temperatures. 

The  experimental  creep  curves  are  plotted  in  Figs.  1  as  strain  in  function  of  a  normalised  time,  t/tl0, 
where  tj0  is  the  time  to  reach  10%  of  strain,  about  90%  of  the  time  to  fracture.  In  these  figures  we 
note  that  all  the  creep  curves  are  similar.  In  other  words,  the  shape  of  the  creep  curves  depends  only 
slightly  on  the  test  conditions  even  if  the  time  to  rupture  spans  in  a  large  interval.  The  curvatures  of 
the  SMP  14  creep  curves  seem  continuously  increasing  with  the  decreasing  of  the  applied  load,  and 
only  small  temperature  dependence  is  evident.  This  dependence  is  better  shown  in  Fig.  2,  where  the 
strains  of  Figs.  1,  obtained  at  t/  tio=  0.8  are  plotted  in  function  of  the  applied  stress. 

Equivalent  results,  for  similar  test  conditions,  have  been  found  for  SRR  99  [4,  5]. 

Figs.  3  show,  for  a  large  portion  of  the  creep  curves,  a  linear  dependence  between  the  strain  rate  e 
and  the  accumulated  strain,  s.  On  time  basis,  this  linear  strain  softening  takes  up  most  of  the  creep 
life.  Only  for  large  strain,  in  the  last  per  cent  of  the  creep  life,  there  is  evident  further  acceleration  in 
part  due  to  the  homogeneous  reduction  of  the  gauge  section  of  the  specimen  (the  creep  tests  were  at 
constant  load)  and  to  the  localised  necking  [7]. 


Table  1  Composition  of  SMP  14  in  weight  %. 
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Cr 

Mo 
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Ni 
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8.1 
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7.6 

Bal 

Table  2  Experimental  creep  results  on  SMP  14. 
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Modelling 

The  designing  of  high  temperature  components  often  requires  constitutive  equations  able  to 
describe  not  only  the  time  to  rupture,  in  function  of  the  test  parameters,  but  also  the  shape  of  the 
creep  curves. 

The  0-projection  concept  [8]  and  the  Crispen  methodology  [9]  are  among  the  most  recent  attempts 
to  describe  the  shape  of  complete  creep  curves. 

The  single  crystal  nickel  base  superalloys,  uniaxially  loaded  in  the  <00 1>  direction,  generally 
present  a  short  and  small  primary  stage  compared  to  the  dominant  tertiary  stage.  Although  such  a 
small  stage  cannot  be  a  priori  neglected,  its  contribution  to  the  creep  strain  is  particularly  little  in  the 
temperature  range  around  950°C  and  stresses  of  engineering  interest.  For  example,  in  the  alloy  here 
studied,  and  in  CMSX  4  [3]  the  accelerating  tertiary  stage  can  start  at  the  beginning  of  the  test  or  at 
a  strain  <  0.1%.  The  contribution  of  primary  creep  stage  to  the  total  creep  strain  is  then  always 
«0.1%.  Moreover  small  differences  in  the  orientation  and  chemical  composition  of  the  specimens, 
contributions  of  not  very  well  understood  factors  as  the  “negative  creep”  that  can  influence  the 
primary  stage  and  the  minimum  creep  rate,  and  also  experimental  errors,  like  small  initial  bending 
in  the  specimens,  can  greatly  influence  the  experimental  measure  of  such  a  small  strain  producing  a 
relatively  large  experimental  scatter  both  in  the  size  of  the  primary  and  sometime  in  the  value  of  the 
minimum  creep  rate  (for  example  in  [3]  the  minimum  strain  rate  behaves  inconsistently  and  it  is  not 
easy  to  measure  its  stress  dependence).  If  in  one  hand  to  model  the  primary  stage  sometimes 
becomes  prohibitive,  due  to  the  experimental  scatter,  on  the  other  hand  its  engineering  importance 
decreases,  and  its  contribution  to  the  creep  strain  can  be  neglected. 

Due  to  the  small  contribution  of  the  primary  stage  to  the  total  creep  strain,  in  this  model  only  the 
dominant  tertiary  creep  contribution  will  be  studied.  The  following  relationship  can  describe  the 
experimental  creep  curves  shown  in  Figs.  3: 

s  =  8°  (1  +  Cs) 

where  C  is  a  parameter  and  8°  represents  the  extrapolated  creep  strain  rate  at  8=0  and  corresponds 
to  the  minimum  creep  rate  if  the  primary  creep  mechanisms  are  not  active.  Recently  various  papers 
have  pointed  out  that  such  an  expression  can  well  describe  the  tertiary  creep  behaviour  in  nickel 
base  superalloys  [4,  5,  9, 10]  and  it  has  been  physically  justified  in  [1 1]. 

The  Eq.  1  has  the  following  analytical  solution: 

8=  (exp(Cs°t)  -  1)/C  (2) 

i.e.  a  relationship  identical  to  the  portion  of  the  0  concept  function  [8]  describing  the  tertiary  creep 
with  03  =  1/C  and  ©4  =  Cs°. 

If  8X  is  the  strain  accumulated  after  an  arbitrary  time  tx,  from  Eq.  2: 

e°t  x  =  ( 1  /  C)ln(  1  +Cs  x)  (3) 

For  tx=tf,  time  to  fracture,  and  then  sx=  ef  strain  to  fracture,  the  Eq.  3  gives  an  expression  of  the 
Monkman-Grant  constant  in  terms  of  8f  and  the  parameter  C. 

Combining  the  previous  equations,  it  leads  to  the  following  expression: 

s  =  (l/C)[(C8x+ir(t/tx)-l]  (4) 

The  previous  equations  can  be  utilised  to  study  the  creep  curves  up  to  the  arbitrary  strain,  s=ex,  we 
are  interested  in.  Of  course,  to  have  meaningful  parameter  values,  ex  and  tx  must  be  in  the  portion  of 


Minimum  strain  rate  (%h-l)  ™  True  strain  rate  (%h-l)  True  strain  rate  (%h-l)  True  strain  rate  (%h-l) 


Key  Engineering  Materials  Vols.  171-174 


249 


0.2 

0.16 

0.12 

0.08 

0.04 


n 


Strain  rate  vs  strain:  linear  strain  softening  appears  up  to  large  values  of  strain. 
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Fig.  4  Stress  dependence  of  the  initial 
creep  strain  rate 


Fig.  5  Temperature  dependence  of  the 
parameter  A(T)  of  Eq.  5. 
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the  creep  curve  that  can  be  sufficiently  well  described  by  the  Eq.  1  and  then  the  strain  and  the  time 
to  rupture  could  not  be  used  in  Eq.  4. 

Here,  as  an  example,  we  consider  ex=10%  and  tx=  tio,  although  for  the  tests  at  1000°C  a  smaller 
value  of  ex  should  be  utilised. 

From  Eq.  4  it  is  evident  that  the  parameter  C  controls  the  curvature  of  the  creep  curves.  The  values 
of  the  parameter  C  describing  the  experimental  creep  curves  can  be  easily  obtained  comparing 
experimental  creep  curve  shapes  in  Figs.  1  and  the  curves  obtained  by  Eq.  4,  or  utilising  this 
relationship  and  the  data  shown  in  Fig.  2. 

Following  our  earlier  work  [5],  an  exponential  function  of  stress  is  used  to  represent  the  parameter 
C  and  no  temperature  dependence  is  considered: 

C  =  Aiexp(-A2a)  (5) 

The  curve  in  Fig.  2  represents  the  strain  predicted  by  Eq.  4  with  sx  =  10%,  t/tx  =0.8  and  the  values 
of  the  parameter  C(g)  obtained  through  the  Eq.  5  with  Ai  =  6453  and  A2  =  6.38e-3  MPa"1. 
Combining  the  Eq.  3  with  the  Eq.  5,  it  is  now  possible  to  obtain  the  values  of  the  parameter  s°  for 
the  different  test  conditions  (Table  3). 

A  plot  of  the  parameter  e°  in  function  of  the  stress  (Fig.  4)  shows  that  the  parameter  s°  varies  with 
the  stress  according  to  a  Norton  type  behaviour: 

s°  =  A(T)(cr/cr°)n  (6) 

Since  the  temperature  dependence  of  A  follows  the  classical  Arrhenius  relationship:  A  = 
A°exp(-Q/RT),  Fig.  5,  the  values  of  Eq.  6  parameters  are:  n=6.5,  Q  =  432  kJ/mol  and 
A°  =  0.03137  h'1. 

The  creep  curves  predicted  by  the  Eq.  2  and  the  interpolated  parameter  values  are  represented  in 
Figs.  6  by  the  continuous  lines  together  with  the  experimental  curves.  From  these  figures  it  is 
apparent  that  the  proposed  equation  excellently  describes  the  whole  experimental  creep  curves,  up 
to  the  fracture. 

Table  3  Values  of  the  parameters  C  and  s°. 
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*  Interpolated  value  (Eq.  5) 
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Fig.  6  Comparison  between  the  experimental  creep  curves  and  the  interpolations  obtained 
by  the  Eq.  2. 
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Conclusions 

1)  The  creep  curve  shape  is  dominated  by  tertiary  creep:  the  contribution  of  the  primary  creep  can 
be  neglected. 

2)  A  linear  relationship  between  the  strain  rate  and  the  strain  dominates  the  creep  curves. 

3)  The  shape  of  the  creep  curves  depends  mainly  on  the  stress  in  the  explored  stress/temperature 
field. 

4)  A  simple  model  has  been  presented  to  describe  the  creep  experimental  curves. 
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Abstract 

The  creep  behavior  at  1 1 23  K  and  the  microstructure  of  undeformed  and  creep  deformed  single¬ 
crystal  specimens  of  two  nickel-base  solid  solution  alloys  with  various  orientations  has  been  investi¬ 
gated.  One  of  the  alloys,  having  the  composition  of  the  matrix  of  the  superalloy  CMSX-4,  contains  a 
volume  fraction  of  about  10%  y*  phase  precipitates.  This  alloy  shows  an  orientation-dependent  ratio 
of  the  stationary  strain  rate  at  1 123  K  and  200  MPa  of  s^’011:^113:^111  =  60:50:1  In  comparison,  a 
single-phase  solid  solution  alloy  with  nearly  the  same  composition,  but  without  the  y*  forming  ele¬ 
ments  (Al,Ti,Ta),  is  found  to  have  the  dependence  s^.lllJ; e^111  =  2:5:1 . 

A  way  of  estimating  the  stress  state  of  matrix  channels  in  superalloys  is  presented.  The  correlation 
of  shear  stress  and  dislocation  density  is  determined  for  the  particle-free  matrix  alloy  giving  the  pa¬ 
rameters  of  the  Taylor  relation  p=(x/(aGb))2.  With  the  dislocation  densities  found  in  matrix  channels 
of  superalloy  CMSX-4  the  Taylor  relation  predicts  a  resolved  shear  stress  of  about  85-150  MPa  in 
the  vertical  channels  and  240-380  MPa  in  horizontal  channels.  The  predicted  stress  levels  are  in 
good  agreement  with  finite  element  calculations. 

Intensive  dislocation  analysis  has  been  carried  out  in  order  to  determine  the  glide  systems  of  the  dis¬ 
locations.  At  all  observed  specimen  orientations,  octahedral  glide  is  dominating  and  only  a  small 
amount  of  cube  glide  is  observed.  During  primary  creep  the  deformation  process  is  mostly  due  to 
single  octahedral  glide,  while  only  few  of  the  possible  octahedral  glide  systems  with  high  Schmid 
factors  and  no  systems  with  low  Schmid  factors  are  activated.  During  secondary  creep  all  octahedral 
glide  systems  are  activated,  even  those  with  a  Schmid  factor  close  to  zero,  the  fractional  density  of 
each  glide  system  corresponding  roughly  to  its  Schmid  factor.  Near  screw  and  60°  dislocations  ap¬ 
pear  to  dominate  in  all  specimens  The  fraction  of  60°  dislocations  increases  with  strain. 

Introduction 

There  are  many  studies  of  the  orientation-dependent  creep  behavior  of  the  two-phase,  nickel-base 
superalloys,  for  example  see  [1-5].  Also  the  mechanical  behavior  of  the  hardening  y'  phase  [6-8],  in 
most  cases  approximated  by  Ni^Al,  has  been  reported  in  many  studies  For  an  overview  see  [7],  Even 
though  the  major  part  of  the  deformation  process  of  superalloys  takes  place  in  the  matrix  phase, 
there  has  been  much  less  research  on  the  solid-solution  matrix  of  second-generation  superalloys  than 
for  the  y'  phase  [5,9-12],  An  improved  understanding  of  the  deformation  mechanisms  of  the  matrix 
phase  will  hopefully  offer  insight  into  the  deformation  processes  in  superalloys.  Recently,  the  re¬ 
search  on  the  matrix  phase  of  superalloys  has  accelerated:  Clement  et  al  [9]  observed  disordered 
dislocation  structures  after  creep  tests  of  the  y  matrices  of  MC2  and  AM3  at  1 173K  and  a  structure 
with  the  majority  of  dislocations  localized  in  planar  groups  at  lower  temperatures.  They  identified 
the  presence  of  friction  in  y  phase  by  short  range  ordering  which  leads  to  dislocation  pairing  and  the 
pile-up  of  the  first  dislocations  of  a  planar  group  [10].  Nitz  and  Nembach  [11-13]  observed  that  the 
single  phase  y  matrix  of  NIMONIC  105  shows  the  standard  behavior  of  solid  solutions:  the  critical 
resolved  shear  stress  is  isotropic  and  decreases  with  increasing  temperature  and  the  matrix  obeys  the 
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Schmid  law.  Shah  and  Cetel  [5]  determined  the  anisotropy  of  the  minimum  creep  rate  in  compressive 
creep  tests  of  the  y  alloy  Hastelloy-X  (NL^C^Coi.sMogWo.eFeig.s)  at  1255  K  and  34MPa  to 
=  73:1  and  at  1033K  =  13:1,  which  is  in  a  good  agreement  with  their  ani¬ 

sotropic  model  with  the  assumption  no  cube  slip. 


Observations  on  Undeformed  Samples 


Element: 

Ni 

Cr 

Co 

Cl 

E0 

EJ3 

m 

m 

m 

Matrix  with  10  vol-%  precipitates 

18.3 

gin 

Precipitate  free  matrix 

54.9 

20.0 

18.6 

Bfl 

■ 

1 

lable  l:  iNominal  composition 


Single  Crystals  of  the  alloy 
compositions  shown  in  Ta¬ 
ble  1  have  been  cast  by  V. 
Toloraia  [8] 

The  Matrix  with  precipitates 
has  exactly  the  same  compo¬ 
sition  as  the  matrix  of 
CMSX-4  measured  by  en¬ 
ergy  dispersive  X-ray  analy¬ 
sis  in  the  transmission  elec¬ 
tron  microscope  (TEM)  [14] 
and  verified  by  atom  probe 
field  ion  microscopy  [15]. 
This  alloy  has  a  volume 
fraction  of  10%  y'-phase 
precipitates,  which  can  be 
seen  from  the  TEM  over¬ 
view  Fig.  1 . 


Fig.  1:  Matrix  with  precipitates,  [1 1  l]-oriented,  cross-cut,  2.4%  strain 


Precipitate  free  matrix  has 
nearly  the  same  composition 
(see  Table  1),  but  without 
the  y'-forming  elements  Al, 
Ti  and  Ta.  This  alloy  re¬ 
mains  single-phase  even 
after  high  temperature  expo¬ 
sition  for  several  days,  inde¬ 
pendently  of  the  stress.  Fig  2 
shows  an  overview  micro¬ 
graph  of  this  alloy. 


Fig.  2:  precipitate  free  matrix,  [137] -oriented,  [001]-cut,  2%  strain 


Creep  rate  [s'1]  Creep  rate  [s'1]  Creep  rate  [s' 
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Creep  Experiments 

io-6 1 - 

] 


,0-7  J  [00i]-A 

j  I  Matrix  with  precipitates, 

'  T=  1123  K,  a  =  200  MPa 


Strain  [%] 


Fig.  3:  Creep  curves  obtained  in  matrix  with  precipitates. 
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Several  orientations  of  single  crystals  of  both  alloys  have  been  tested  in  tensile  creep  tests.  Fig.  3  and 
4  show  the  logarithm  of  the  strain  rate  versus  strain  curves  together  with  the  orientation  in  the  stan¬ 
dard  unit  triangle.  The  specimens  of  matrix  with  precipitates  have  a  higher  deviation  from  the  corners 
of  the  orientation  triangle  than  the  specimens  of  the  precipitate  free  alloy. 

Some  of  the  specimens  can  be  seen  at  two  stress  levels  in  Fig.  3  because  stress-change  tests  were 
performed.  All  creep  curves  start  with  an  increasing  creep  rate  within  the  first  0.5%  of  strain.  This  is 
known  as  inverse  primary  creep  and  is  similar  to  Ni3Al  behavior  [8,16]  but  different  from  superalloy 


Strain  [%] 

Fig.  4:  Creep  curves  obtained  in  precipitate  free  matrix. 

Comparing  Fig  3b  and  Fig.  4,  the  creep  rate  of  the  precipitate-containing  matrix  phase  at  200  MPa 
stress  is  roughly  as  high  as  the  creep  rate  of  the  precipitate  free  matrix  at  50  MPa.  The  strengthening 
effect  of  10%  volume  fraction  of  y1  phase  leads  to  a  creep  strength  which  is  four  times  higher  when 
compared  to  the  precipitate-free  alloy. 

Compared  to  the  single-phase  matrix,  there  is  a  significantly  higher  anisotropic  creep  behavior  of 
precipitate  free  matrix.  To  first  order,  the  matrix  behavior  can  be  explained  by  the  difference  of 
Schmid  factors  assuming  octahedral  glide  only.  [001]  and  [Oil]  orientations  have  the  same  high 
Schmid  factor  of  0.41  for  octahedral  glide,  whereas  [111]  oriented  specimens  have  a  Schmid  factor 
of  only  0.27  A  dislocation-density-based  model  to  describe  this  behavior  is  in  progress  of  being  de¬ 
veloped  [20], 

To  preserve  the  dislocation  structure,  the  creep  tests  have  been  stopped  by  cooling  the  specimen 
under  load. 

Dislocation  Density  Measurements 

TEM  foils  have  been  prepared  from  the  creep  test  specimens  by  electropolishing  200  pm  thick  sam¬ 
ples  with  a  perchloric  acid-methanol  electrolyte  Most  of  the  dislocations  are  not  arranged  in  ordered 
arrays  but  spread  randomly.  This  is  in  good  agreement  with  the  observations  of  Clement  et  al  [9,10], 
who  observed  a  disordered  dislocation  structure  after  creep  tests  of  the  y  matrices  of  MC2  and  AM3 
at  1173  K.  At  temperatures  lower  than  1 123  K,  they  have  seen  a  structure  with  the  majority  of  dis- 
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locations  localized  in  arrays.  Thus,  at  these  higher  temperatures,  short-range  order  apparently  has  a 
minimal  effect  of  the  dislocation  dynamics. 


Fig.  5  shows  the  overall  dislocation  density,  given  by  half  of  the  number  of  dislocation  ends  divided 
by  the  visible  area  of  the  TEM  micrograph.  Fig.  6  shows  a  way  of  approximating  the  stress  levels  in 
the  matrix  channels  of  CMSX-4  after  creep.  The  dislocation  density  in  matrix  channels  of  an  [001] 
oriented  specimen  after  a  creep  test  at  1 123K  and  650  MPa,  see  for  example  Fig.  40  and  41  in  [14] 
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or  Abb  5-10  in  [17],  is  determined  roughly  to  be  0.5-1.51014m'2  in  vertical  and  4-101014m"2  in 
horizontal  channels.  The  slope  of  the  regression  line  was  chosen  to  be  fixed  with  a  value  of  2  ac¬ 
cording  to  the  Taylor  relation  p=(x/(aGb))2.  G  =  97  GPa  is  calculated  with  the  data  of  a  Ni-Cr-Co- 
W  matrix  [21].  With  b  =  0.253  nm,  the  best  fit  to  all  data  points  is  achieved  with  a=0.49.  With 
these  parameters  a  resolved  shear  stress  of  about  85-150  MPa  in  the  vertical  channels  and  240- 
380  MPa  in  horizontal  channels  is  extrapolated. 

In  [22]  these  results  are  compared  to  finite  element  calculations  of  stress  states  within  matrix  plates 
The  finite  element  calculated  values  are  marked  with  a  filled  square  and  a  triangle  respectively  in 
Fig.  6.  These  predictions  are  in  good  agreement  with  the  values  extrapolated  from  the  experimental 
data. 

Observation  of  Glide  Systems 

In  order  to  determine  the  line  vector  of  the  dislocations,  specimen  areas  containing  10-15  disloca¬ 
tions  are  photographed  in  five  different  low-index-zone  axes,  preferably  [001]  and  four  <1 12>  zone 
axes.  After  digitizing  dislocation  lines,  the  line  vector  is  calculated  by  the  length  ratio  and  the  pro¬ 
jected  direction  of  two  zone  axes.  The  line  vector  is  taken  by  the  average  of  all  possible  combina¬ 
tions  of  two  zone  axes. 

The  Burgers  vector  of  the  dislocations  can  be  determined  by  checking  the  invisibility  condition 
g  •  b  =  0  from  another  set  of  6-8  pictures  photographed  at  different  two-beam  Bragg  conditions 


Glide  system 

Fig  7:  Dislocations  of  a  0.06%  (200MPa)  deformed  single-crystal  [001] -oriented  specimen  of  ma¬ 
trix  with  1 0%  precipitates. 

In  Fig.  7  the  fractional  amount  of  each  observed  glide  system  can  be  seen.  In  this  early  state  of  glide, 
there  is  mostly  single  glide:  more  than  one  half  of  the  examined  dislocations  are  gliding  on  the  (1 1 1) 
plane,  most  of  which  have  the  same  plane  and  the  same  Burgers  vector.  All  observed  dislocations 
have  a  high  Schmid  factor  («0.41)  but  only  in  3  out  of  8  possible  active  glide  systems  more  than  a 
negligible  number  of  dislocations  was  found.  The  remarkable  result  is  the  high  amount  of  disloca¬ 
tions  which  are  on  {011}  planes.  No  cube  glide  planes  have  been  observed,  as  one  would  expect 
from  the  vanishing  Schmid  factor. 

During  secondary  creep  all  glide  systems  are  activated:  Fig.  8  shows  that  7  out  of  the  8  possible  ac¬ 
tive  glide  systems  are  activated  and  all  4  passive  octahedral  glide  systems  (zero  Schmid  factor)  have 
been  observed.  These  latter  dislocations  can  be  explained  by  interactions  of  the  type 
a/2  [01 1]  +  a/2  [10 1]  =  a/2  [1 10]  (producing  a  dislocation  with  zero  Schmid  factor  for  (OOl)-oriented 
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specimens)  A  reasonable  amount  of  {011}  glide  plane  activity  is  still  present,  but  no  cube  glide 
planes  are  observed. 


Glide  System 

Fig.  8:  Dislocations  of  a  3%  (200  MPa)  deformed  single-crystal  [001] -oriented  specimen  of  pre¬ 
cipitates  containing  matrix. 

Since  the  specimens  of  precipitate  free  matrix  have  a  greater  deviation  from  the  edges  of  the  orienta¬ 
tion  triangle  the  glide  systems  can  not  simply  be  divided  into  active  and  passive  glide  systems  The 
Schmid  factor  of  the  individual  slip  systems  with  the  observed  fractional  amount  of  these  systems  is 
shown  in  Fig.  9. 


Fig.  9:  Comparison  of  Schmid  factor  with  observed  fractional  dislocation  density  in  the  2%  de¬ 
formed  single-crystal  [137] -oriented  precipitate  free  specimen.  Creep  stress  50  MPa 

Fig.  9  shows  that  the  two  glide  systems  with  the  highest  Schmid  factor  contain  the  largest  number  of 
dislocations  and  that  the  other  glide  systems  are  containing  only  a  low  number  of  dislocations.  The 
fraction  of  cube  glide  planes  is  very  low 

Table  2  shows  the  observed  fractional  amount  of  dislocations  with  a  given  range  of  angles  between 
line  and  Burgers  vector  after  creep.  It  can  be  seen  that  during  primary  creep  (specimen  [001]-A) 
screw  and  60°  dislocations  are  dominating.  With  increasing  strain  the  dislocations  have  a  higher  ten¬ 
dency  to  be  closer  to  edge  in  character,  so  the  number  of  screw  dislocations  decreases  and  the 
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amount  of  dislocations  with  an  angle  of  60°  or  more  increases.  In  precipitate  free  matrix  during  sec¬ 
ondary  creep,  there  is  a  more  or  less  even  distribution  of  dislocation  characters  for  all  orientations. 


Matrix  with  y'-precipitate 

Precipitate  free  matrix 

[  0  0  1]-A 
0.06%  def. 

[00  1]-B 
3%  def. 

[0  1  1]-A 
1.5%  def. 

[1  1  1]-A 

2.4%  def. 

[13  7] 
2.1%  def. 

[3  9  13] 
2.4%  def. 

[4  5  6] 
1.0%  def. 

0°-15° 

15°-45° 

45°-75° 

75°-90° 

0.44 

0.23 

0.19 

0.28 

0.25 

0.18 

0.25 

0.01 

0 

0.11 

0.06 

0.06 

0.17 

0.13 

0.48 

0.68 

0.60 

0.67 

0.59 

0.52 

0.43 

0.07 

0.09 

0.09 

0 

0.10 

0.14 

0.20 

Table  2:  Fractional  amount  of  dislocation  angles  after  creep 
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ABSTRACT 

The  threshold  stress  of  Al-1.5vol%Be  alloy  and  Al-0.7at%Mn  alloy  with  incoherent  dispersoids 
was  measured  at  673K  and  623K  by  stress  abruptly  loading  test  (SAL  test);  a  new  measuring  technique 
for  threshold  stress.  In  both  alloys,  the  threshold  stress  obtained  by  the  SAL  test  decreased  from  the 
Orowan  stress  to  the  void-hardening  stress  as  the  time  elapsed  under  load  at  623K  and  673K.  The 
time  needed  for  change  from  the  Orowan  stress  to  the  void-hardening  stress  approximately  agrees 
with  the  time  necessary  to  the  full  relaxation  of  normal  traction  of  dislocation  stress  field  on  the 
surface  of  the  dispersoids. 

It  is  concluded  that  the  originating  mechanism  of  threshold  stress  is  the  Srolovitz’s  one. 


1.  INTRODUCTION 

Dispersion  strengthening  was  found  to  be  effective  in  increasing  the  strength  not  only  at  room 
temperature  but  also  at  high  temperatures.  The  flow-stress  increase  expectable  from  the  strengthening 
is  considered  to  be  the  stress  needed  for  the  dislocations  to  pass  through  dispersed  particles.  This 
stress  is  called  the  threshold  stress.  Because  the  threshold  stress  is  closely  related  to  the  mechanism  of 
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dislocations  to  pass  through  the  particle,  the  threshold  stress  has  been  measured  by  several  techniques 
[1  -  4  ]  .  Based  on  the  measured  values,  several  mechanisms  have  been  proposed  for  the  threshold 

stress  :  Orowan  mechanism  [5],  local  climb  i2i - > - i— r - t - ■ - t — 7 - t - > - 

mechanism  [6],  general  climb  mechanism  [7,  8]  ^  ^  et  a,  [11 

and  Srolovitz  mechanism  [9,  10].  Among  these  673K  ’n  ■ 

mechanisms,  Srolovitz  mechanism  is  the  10'623K  o  ♦  A1  M  " 

mechanism  that  was  proposed  most  recently.  573K  A  A  s  J  n 

According  to  this  mechanism  [9,  10],  when  the  a  ■  ,  Qsd-AI  ^  /  /r 

matrix-particles  interface  is  incoherent,  the  normal  8  ’  Z=  e  sexp(  —  )  d 

traction  of  dislocation  stress  field  on  the  particle  ^  (Qsd-AI  =  135kJ/mol)  «A  JT 

surface  will  be  relaxed  by  the  interface  sliding  and  N  g  & 

volume  diffusion,  and  the  dislocation  will  be  J?  /o  a  r 

attracted  to  particles.  When  the  relaxation  is  fully  ^  rr  J 

completed,  the  particles  are  felt  by  dislocations  as  4-  3 

voids,  and  the  threshold  stress  should  be  equal  to  J>  J 

the  void-hardening  stress  [10].  Al-Be  cr 

The  authors'  group  has  investigated  the  2  ■  Zv  Zpr 

dislocation-particle  interaction  by  the  transmission  X  E  \,  T  J  E 

electron  microscopy  (TEM)  for  Al-1.5vol%Be  JmL  •  .  . 

[11]  and  Al-0.7at%Mn  alloys  [12]  with  hard  4  8  4  6  4  4  42  .4  .3  5  .3  5  .3  4  .3  2  -3 

incoherent  dispersoids  and  found  that  at  high  (g/E) 

temperature  the  interaction  in  both  alloys  was  in  j  The  relation  bltween  a  IE  and  Z  for 

fact  attractive  type,  and  no  dislocation  contrast  was  steady.state  creep  0f  Al-1.5vol%Be  alloy[ll, 
observed  at  the  interface.  As  shown  in  Fig.l,  the  13j  and  Al-0.7at%Mn  alloy [14].  The  hatched 
threshold  stresses  obtained  by  the  steady-state  areas  respectively  represent  the  ranges  of  the 
creep  rate[ll,  13,  14]  agree  well  with  the  void-  Orowan  stress  and  the  void-hardening  stress 
hardening  stresses, <rv  ,  calculated  from  the  calculated  from  dispersion  parameters. 


-5  -4.8  -4.6  -4.4  -4.2  -4  -3.8  -3.6  -3.4  -3.2  -3 
log  (a IE) 

Fig.  1  The  relation  between  a  !E  and  Z  for 
steady-state  creep  of  Al-1.5vol%Be  alloy [  1 1 , 
13]  and  Al-0.7at%Mn  alloy [14].  The  hatched 
areas  respectively  represent  the  ranges  of  the 
Orowan  stress  and  the  void-hardening  stress 
calculated  from  dispersion  parameters. 
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dispersion  parameters  in  both  alloys.  However,  the  stress,  crv,  is  not  much  different  from  the  Orowan 
stress,  cron  :  the  void-hardening  stress  is  lower  than  the  Orowan  stress  only  by  about  15%  as  shown  in 
the  next  section.  Accordingly,  it  is  hard  to  distinguish  between  Orowan  and  Srolovitz  mechanisms 
based  on  threshold  stress  measured  by  the  conventional  technique. 

The  diffusion  induced  relaxation  of  the  normal  traction  of  dislocation  stress  field  on  the  surface  of 
dispersoid  is  required  if  the  threshold  stress  comes  from  Srolovitz  mechanism.  Therefore,  when  the 
time  under  load  is  a  short  time  for  which  the  relaxation  is  not  complete,  it  is  considered  that  the 
threshold  stress  will  come  from  the  Orowan  mechanism.  If  this  assumption  is  justified,  depending  on 
the  time  under  load,  the  mechanism  that  determines  the  threshold  stress  changes  from  Orowan's  to 
Srolovitz's.  In  addition,  the  threshold  stress  changes  from  the  Orowan  stress  to  the  void-hardening 
stress.  Therefore,  if  the  transition  of  the  threshold  stress  is  able  to  be  observe  depending  on  the 
relaxation,  the  mechanism  of  the  origin  of  the  threshold  stress  is  truly  the  Srolovitz  mechanism. 

In  this  paper,  the  threshold  stresses  of  Al-1.5vol%Be  alloy  and  Al-0.7at%Mn  alloy  with  incoherent 
dispersoids  measured  by  the  stress  abruptly  loading  (SAL)  test  and  the  originating  mechanism  of 
threshold  stress  for  high  temperature  deformation  of  dispersion-strengthened  alloys  with  incoherent 
dispersoids  will  be  discussed. 

The  SAL  test  is  a  new  method  to  measure  the  threshold  stress.  In  this  method ,  the  instantaneous 
strains  on  applying  various  creep  stress,  and  creep  strains  afterwards  are  precisely  measured,  and  the 
threshold  stress  is  measured  as  the  critical  stress  above  which  the  plastic  strain  is  included  in  the 
instantaneous  strain. 


2.  EXPERIMENTAL  PROCEDURES 
2.1  Specimen 

For  the  sample  of  stress  abruptly  loading  test  (SAL  test),  Al-1.5vol%Be  alloy  and  Al-0.7at%Mn 
alloy  were  used. 

An  alloy  ingot  of  Al-1.03mass%(1.5vol%)Be  with  a  size  of  lOmmx  lOOmmx  1 10mm  was  prepared 
by  melting  and  casting  from  commercial  Al-2.55mass%Be  mother  alloy  and  99.99mas%  pure  aluminum 
ingots.  After  peeling  the  surface  by  about  1mm,  the  ingot  was  cold-rolled  and  machined  to  plate 
specimens  of  12mm  in  length  and  4.0mmx  1.2mm  in  cross  section  in  the  gauge  part.  The  specimens 
were  recrystallization-treated  at  673K  for  3.6ks  and  stabilization-treated  at  873K  for  3.6ks  and  then 
supplied  to  the  test.  The  grains  were  equi-axed  and  the  average  grain  size  was  about  40pm  in  the 
resultant  dispersion-hardened  Al-Be  alloy  specimens.  The  chemical  composition  of  Be  is  1.02mass%. 
Based  on  the  fact  that  beryllium  is  almost  insoluble  in  aluminum,  the  volume  fraction  of  beryllium 
particles  was  calculated  to  be  1 .5vol%. 

An  Al-0.7at%Mn  alloy  was  melted  in  air  from  commercial  grade  Al-10.1mass%  Mn  mother  alloy 
and  high  purity  aluminum  ingot.  Ingots  of  160mm  in  length  and  15  mm  in  diameter  were  obtained  by 
chill-cast.  They  were  cold-swagged  and  cold-rolled  to  sheets  of  about  0.8  mm  in  thickness.  They 
were  machined  to  plate  specimens  of  12  mm  in  length  and  4.0  mm  x  0.7  mm  in  cross  section  in  the 
gauge  part.  The  specimens  were  recrystallization-treated  at  673K  for  3.6ks  and  stabilization-treated  at 
773K  for  10.8ks,  and  then  supplied  to  the  test.  The  chemical  analysis  gave  the  Mn  composition  of 
0.7at%.  The  grains  were  equi-axed  and  the  average  grain  size  was  about  75pm.  The  dispersed  particles 
were  confirmed  to  be  Al6Mn  [12].  The  volume  fraction  of  AlfiMn  particles  was  estimated  from  a 
solubility[15]  at  each  test  temperature.  The  estimated  volume  fractions  are  4.08vol%  (at  673K)  and 
4.21vol%  (at  623 K). 


2.2  Orowan  Stress  and  Void-Hardening  Stress 

The  Orowan  stress,  <jor ,  was  evaluated  by  the  following  equation  proposed  by  Scattergood  and 
Bacon[16],  which  takes  into  account  the  interaction  between  the  branches  of  the  bowed  out  dislocation 
around  a  particle. 


^  =A - Mb_^  {Jo  |  +  g) 

E  4ff(l+v)A’  ' 

A=l/(l-v ),  B- 0.6  :  for  screw  dislocation 
>4=1,  5=0.7  ;  for  edge  dislocation. 


Eq.l 
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Here,  E  is  the  Young's  modulus,  v  the  Poisson’s  ratio,  Mthe  Taylor  factor,  b  the  magnitude  of  Burgers 
vector,  and  r  the  inner  cut  off  radius  of  dislocation  core.  Further,  A  is  the  average  face  to  face  distance 
between  particles  on  a  slip  plane  and  is  given  as  a  function  of  the  average  particle  radius,  r,,  and  the 
average  center  to  center  distance,  4,  (for  square  distribution)  between  the  particles  cut  by  the  slip 

plane  by  _  _  _ 

X=1.25ls-2rSf  Eq.2 

where  the  averages  are  calculated  by  considering  the  size  distribution  of  the  particles.  The  factor  1 .25 
is  the  conversion  coefficient  from  regular  square  distribution  to  random  distribution  of  the  dispersed 
particles.  It  has  been  gi ven  by  Foreman  and  Makinf  17]. 

In  eq.(l),  D  is  the  harmonic  mean  of  27 s  and  X.  By  considering  the  size  distribution  of  the  particles, 

4  and  7s  are  respectively  given  by 

'•=VW  Eq'3 

=  Eq.4 

4  r 

Here, /is  the  volume  fraction  of  the  dispersed  particles,  1  and  r 2  and  r3  are  the  averages  of  r,  r2  and  r3, 
respectively.  The  details  of  this  evaluation  method  are  the  same  as  those  described  in  a  previous 

paper[ll].  .  ,  .  ,  A1  Table  1  Dispersion  and  related  parameters 

_ The  beryllium  particles  in  the  Al-  in  the  Al-1.5vol%Be  alloy. 

1.5vol%Be  alloy  and  the  Al6Mn  _  _  _ 

particles  in  the  Al-0.7at%Mn  alloy  were  r/pm  r2/pm2  r3/pm3  4/pm  rs/pm  A/pm 

observed  by  TEM,  and  the  size  - - -  ~  “  ~“7“ 

distribution  of  the  particles  was  0.39  0.17  0.080  5.34  0.34  6.00 

measured.  The  values  of  7,  r2  and  r3  ~~ 

determined  from  the  size  distribution  are  Table  2  Dispersion  and  related  parameters 

shown  in  Table  1(A1-Be  alloy)  and  2  in  the  Al-0.7at%Mn  alloy  at  673K  and  623K. 

(Al-Mn  alloy)  together  with  the  values  r/K  y2  2  ~2  l  y  y  f/% 

of  A,  4  and  r,  calculated  using  eqs.2,  3 _ — —  - - — - — — — - 

and  4.  From  these  dispersion  573  0.117  0.017  0.003  1.14  0.11  1.20  4.08 

parameters,  the  Orowan  stress  was  -  ~~  777  ,7, 

calculated  by  eq.l  putting  M=3.06[  18],  623  0.117  0.017  0.003  1.12  0.11  1.17 

v=  0.34[19]  and  b  =  2.86xl010m.  ” 

Further,  b  or  3 b  was  used  as  rQ.  The  geometrical  mean  of  the  Orowan  stresses  for  screw  and  edge 
dislocations  was  adopted  as  the  Orowan  stress  which  will  be  compared  with  the  experimental  threshold 
stress.  Thus  the  Orowan  stresses  determined  are  shown  in  Table  3  and  4. 


Table  2  Dispersion  and  related  parameters 
in  the  Al-0.7at%Mn  alloy  at  673K  and  623K. 


77  K 

r/pm 

r2/pm2 

r3/pm3 

4/pm 

r/pm  A/pm 

f/% 

673 

0.117 

0.017 

0.003 

1.14 

0.11 

1.20 

4.08 

623 

0.117 

0.017 

0.003 

1.12 

0.11 

1.17 

4.21 

Table  3  Modulus-compensated  Orowan  Table  4  Modulus-compensate 
stress  and  void-hardening  stress  in  the  hardening  stress  at  673K  and 
Al-1.5vol%Be  alloy  alloy. 


ensated  Orowan  stress  and  void- 
fC  and  623K  in  the  Al-0.7at%Mn 


r0=b 

8.9  x  10-5 
7.5  x  10-5 


r0=3b 

m  x  10'5 
6.5  x  10‘5 


<jor/E 

ov/E 

77 K 

r0=b 

ro~3b 

ro=b 

ro=3b 

673 

3.83  x  lO'4 

3.24  x  lO’4 

3.22  X  10-4 

2.73  X  10-4 

623 

3.90  x  lO  4 

3.30  x  lO’4 

3.28  x  lO'4 

2.78  x  lO'4 

The  void-hardening  stress,  cjv,  is  theoretically  given  by  the  same  form  of  equation  as  that  of  eq.  1, 
provided  that  the  coefficient  A  is  different.  The  coefficient  A  for  crv  is  given  as  follows[19]. 


A=*+V  S^n  ^  cosS  :  for  screw  dislocation 
1- v 

A=|l  -  sin20jcos^  :  for  edge  dislocation. 
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Here,  <j)  is  the  critical  angle  at  which  the  dislocation  breaks  away  from  the  voids.  According  to 
Scattergood  and  Bacon[19],  (j)  depends  on  the  Poisson's  ratio  v  ,  and  in  aluminum  (v  =  0.34)  <j>  is 
0.82rad.  (47deg.)  for  screw  dislocation  and0  is  0.33rad.(19deg.)  for  edge  dislocation.  The  geometrical 
mean  of  the  void-hardening  stresses  for  screw  and  edge  dislocations  was  adopted  as  in  the  case  of  the 
Orowan  stress  and  shown  in  Table  3  and  4.  The  difference  between  the  theoretical  Orowan  stress  and 
void-hardening  stress  is  only  about  15%. 

2.3  Stress  Abruptly  Loading  Test  (SAL  test) 

The  stress  abruptly  loading  test  (SAL  test)  to  measure  the  instantaneous  strain  on  applying  the 
creep  stress  was  conducted  by  using  electrically  controlled  hydraulic  machine(  Shimazu  Servopulser 
of  EHF-2  type)  at  673K  and  623K  .  For  the  stress  measurement,  a  shear  type  load  cell  of  lkN  in 
capacity  was  used,  and  for  the  displacement  measurement,  a  L.V.D.T.  of  i  0.2mm/V  in  sensitivity 
was  used.  For  recording  the  displacement  and  load,  a  digital  memory  ( analyzing  recorder :  Yokogawa 
AR1 100)  was  used.  The  time  interval  of  the  measurement  was  1ms.  The  time  needed  to  apply  a 
stress  was  about  30ms,  and  the  changes  of  load  and  displacement  could  be  recorded  with  a  high 
accuracy  using  the  recorder  of  1ms  in  recording  time  interval.  The  time  needed  to  apply  a  stress  is 
quite  shorter  than  the  relaxation  time  as  shown  in  the  next  section. 

The  stress  was  applied  to  the  specimen  which  had  been  prestressed  by  a  low  stress  (0.84MPa:  Al- 
1.5vol%Be  alloy  and  2.0MPa  :Al-0.7at%Mn  Alloy),  and  the  applied  stress  was  increased  step  by  step. 
An  example  of  the  result  of  Al-1.5vol%Be  Alloy  is  shown  in  Fig.2[13],  where  the  noise  with  the 
electric  source  frequency  was  removed  by  the  averaging  treatment.  The  errors  of  strain  and  stress 
measurement  arisen  by  the  noise  were  ±  1.3x  10'5  and  0.09MPa,  respectively.  The  time  shown  in  Fig.2 
is  corresponded  to  the  loading  time.  From  this  figure,  it  is  seen  that  the  instantaneous  strain  could  be 
measured  accurately. 

For  heating  the  specimen,  a  resistance  heating  furnace  composed  of  three  parts  was  used,  and  the 
temperature  was  controlled  by  P.I.D.(  Proportional,  Integral,  Differential).  A  voltage  stabilizer  (Toshiba 
GM2)  was  used  as  the  electric  source  of  the  furnace. 


Time 

Fig.2  An  example  of  recorded  load-  and  displacement-time  curves  of  Al-1.5vol%Be  allov 
at  623K[13]. 


3.  EXPERIMENTAL  RESULTS  AND  DISCUSSION 

As  shown  in  Fig.  2  an  instantaneous  strain  clearly  observed  on  applying  a  stress  to  the  specimen. 
Figure  2  (a)  is  an  example  that  the  applied  stress  is  lower  than  the  void-hardening  stress.  A  creep 
strain  never  observe  after  the  instantaneous  strain.  Figure  2  (b)  is  an  example  that  the  applied  stress  is 
presumably  lower  than  the  Orowan  stress  and  higher  than  the  void-hardening  stress.  In  a  short  time 
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after  the  instantaneous  strain  the  creep  deformation  does  not  occurred,  but  at  about  14  s  elapsed,  at  the 
time  of  unloading,  the  creep  deformation  is  observed,  though  it  is  very  little.  Figure  2  (c)  is  an  example 
when  the  applied  stress  is  higher  than  the  Orowan  stress,  where  the  creep  deformation  proceeds  from 
just  after  the  instantaneous  strain.  Similar  results  are  obtained  for  Al-0.7at%Mn  alloy. 

The  total  strain,  £a,  is  plotted  against  the  creep  stress,  <7,  in  Fig.  3[13]  using  the  time  elapsed  after 
applying  the  stress  as  a  parameter.  Here,  this  total  strain  include  the  elastic  and  plastic  strain.  Figure 
3(a)  is  the  result  obtained  at  673K,  where  the  strain  at  0.84MPa  is  made  zero,  because  the  stresses 
were  applied  to  the  specimen  preloaded  by  0.84MPa  as  described  in  section  2.3.  The  dotted  line  in  the 
figure  shows  the  elastic  strain  obtained  from  the  stress  reduction  to  the  base  stress  (0.84MPa).  The 
instantaneous  strain  is  denoted  by  □  .  Datum  points  below  4.3MPa  lie  on  a  elastic  line.  This  means 
that  below  4.3MPa  the  instantaneous  strain  caused  by  the  elastic  deformation.  On  the  other  hand,  the 
datum  points  above  4.3MPa  do  not  lie  on  the  elastic  line.  This  fact  shows  that  plastic  strains  are 
included  in  the  instantaneous  strains.  In  general,  the  threshold  stress  come  from  the  critical  stress 
which  caused  by  the  dislocation  passing  through  the  particles.  Then,  the  threshold  stress  correspond 
to  the  critical  stress  measured  by  the  SAL  test.  As  shown  in  Fig. 3,  the  threshold  stress  for  the 
instantaneous  strain  agrees  with  the  Orowan  stress.  However,  as  the  time  elapses,  the  threshold  stress 
decreases  to  the  void-hardening  stress.  From  these  findings,  the  threshold  stress  obtained  by  the  SAL 
test  changes  as  the  time  elapses  after  loading. 


Orowan  stress  and  void-hardening  stress  shown  in  Table  3. 

Figure  4(a)  [14]  is  shown  as  the  result  obtained  for  Al-0.7at%Mn  alloy  at  673K.  The  threshold 
stress  just  after  loading  approximately  agrees  with  the  Orowan  stress  and  decreases  to  the  void-hardening 
stress  in  time  of  1.0  second.  Figure  4(b)  [14]  is  the  result  obtained  at  623K.  Also  at  this  lower 
temperature,  the  threshold  stress  just  after  loading  approximately  agrees  with  the  Orowan  stress  and 
approximately  decreases  to  the  void-hardening  stress  in  a  longer  time  of  4.0  seconds. 

In  order  to  show  the  threshold  stress  obtained  by  SAL  test  more  clearly,  the  plastic  strain  component 
is  obtained  by  subtracting  the  elastic  component  from  the  total  strain,  and  divided  by  time  under  load 
to  obtain  the  average  plastic  strain  rate  k.  Thus  ,  k  is  plotted  against  the  modulus-compensated  stress 
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Fig  .4  The  relation  between  cr/E 
and  e  a  obtained  by  the  stress 
abruptly  loading  test  for  Al- 
0.7at%Mn  alloy  at  (a)673K 
and  (b)623K[14].  The  hatched 
areas  respectively  represent  the 
ranges  of  the  Orowan  stress  and 
the  void-hardening  stress  shown 
in  Table  4. 


Fig.5  The  relation  between  6  IE  and  8  obtained  from  Fig.3(a)  and  4(a)[13,  14].  The  hatched 
areas  respectively  represent  the  ranges  of  the  Orowan  stress  and  the  void-hardening  stress 
shown  in  Table  3  and  4. 


.cr/E,  in  Fig.  5[13, 14],  where  the  strain  rate  just  after  loading  was  obtained  by  dividing  the  instantaneous 
plastic  strain  with  the  time  of  30ms  needed  to  apply  the  stress.  It  is  seen  that  the  threshold  stress 
clearly  exists  and  changes  form  the  Orowan  stress  to  the  void-hardening  stress  as  the  time  elapses  in 
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Fig. 6  Time  dependence  of  the  threshold  Fig.7  Time  dependence  of  the  threshold  stress, 
stress,  ^/AjObtained  by  stress  abruptly  loading  Gth ,  obtained  by  stress  abruptly  loading  test  of 
test  of  Al-1.5vol%Be  alloy  at  (a)  673K  and  Al-0.7at%Mn  alloy  at  (a)  673K  and  (b) 
(b)  623K[  13].  The  hatched  areas  respectively  623K[14].  The  hatched  areas  respectively 
represent  the  ranges  of  the  Orowan  stress  and  represent  the  ranges  of  the  Orowan  stress  and 
the  void-hardening  stress  shown  in  Table  3.  the  void-hardening  stress  shown  in  Table  4. 


both  alloys. 

Figures  6[13]  and  7  [14]  are  the  time  dependence  of  the  threshold  stress,  <Jth,  obtained  from  Figs.  3 
and  4,  showing  the  change  of  the  threshold  stress  from  the  Orowan  stress  to  the  void-hardening  stress 


as  the  time  elapsed. 

According  to  Srolovitz  et  al.[9,  10],  the  interface  sliding  and  volume  diffusion  are  needed  for  the 
full  relaxation.  In  general,  the  interface  diffusion  occurs  much  faster  than  the  volume  diffusion. 
Therefore,  the  time  required  for  the  stress  relaxation  should  be  determined  by  the  time  needed  for  the 
volume  diffusion.  Srolovitz  et  al.[10]  reported  that  the  time,  treIax,  necessary  to  the  full  relaxation  by 


the  volume  diffusion  is  given  by 


_  3(1-  v)r2kT 

trelax  -  A{X+v)DQ  q  ’ 


Eq.  5 


where  kT  is  usual  meaning,  D  the 
diffusion  coefficient  the  lattice  self 
diffusion  in  pure  aluminum),  Q  the 
atomic  volume(<Q  =  a3/4  =  1.65x  10' 
29m3,  a :  lattice  constant),  G  the  shear 
modulus  of  the  matrix.  Table  5 
shows  the  relaxation  time  calculated 
by  using  the  above  equation,  where 
for  D  and  G,  the  values  given  in 
Table  5  were  used.  Comparing  the 


Table  5  The  relaxation  times  in  Al-1.5vol%Be  alloy  and 
Al-0.7at%Mn  alloy,  shear  modulus  and  diffusion  constant. 


77K 

D/m2*s_1 

Gl  1010Pa 

trelax! s 

Al-1.5vol%Be 

AI-0.7at%Mn 

673 

6.42  x  10'16 

1.94 

2.9 

0.2 

623 

9.33  x  1017 

2.02 

17.9 

1.4 

calculated  time  with  the  time  needed  for  the  change  from  the  Orowan  stress  to  the  void-hardening 


stress  (Figs. 6  and  7),  it  is  seen  that  the  times  approximately  agree  with  each  other. 


From  these  results,  it  is  concluded  that  the  originating  mechanism  of  threshold  stress  for  high 


temperature  deformation  of  dispersion-  or  precipitation  hardened  alloys  with  incoherent  dispersoids  is 
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truly  the  Srolovitz's  one. 

4.  CONCLUSIONS 

In  order  to  clarify  the  originating  mechanism  of  threshold  stress  for  high  temperature  deformation 
of  dispersion-strengthened  alloys  with  incoherent  dispersoids,  the  threshold  stress  of  Al-1.5vol%Be 
alloy  and  Al-0.7at%Mn  alloy  with  incoherent  dispersoids  was  measured  as  the  critical  stress  for  the 
instantaneous  plastic  strain  obtained  by  the  stress  abruptly  loading  test  at  673K  and  623K.  The  results 
obtained  are  summarized  as  follows. 

1 .  The  critical  stress  for  the  instantaneous  plastic  deformation  obtained  by  the  stress  abruptly  loading 
(SAL)  test  almost  agreed  with  the  Orowan  stress  in  the  whole  temperature  range  tested. 

2.  In  both  alloys,  the  threshold  stress  obtained  by  the  SAL  test  changed  from  the  Orowan  stress  to 
the  void-hardening  stress  as  the  time  under  load  elapsed  in  either  temperature  of  673K  or  623K.  The 
time  needed  for  the  change  from  the  Orowan  stress  to  the  void-hardening  stress  almost  agrees  with  the 
time  necessary  to  the  full  relaxation  of  normal  traction  of  dislocation  stress  field  on  the  surface  of  the 
dispersoids. 

From  these  results,  it  is  concluded  that  the  originating  mechanism  of  threshold  stress  for  high 
temperature  deformation  of  dispersion-  or  precipitation  strengthened  alloys  with  incoherent  dispersoids 
is  the  Srolovitz’s  one. 
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Abstract  Gi-SiQ,  bicrystals  having  [Oil]  twist  boundaries  with  different  misorientation  angles  were 
tensile  tested  at  various  temperatures  from  473  to  1073K  and  at  an  initial  strain  rate  of  4.2  x  10 r  V 1  Most 
bicrystals  fractured  intergranularly.  As  the  grain-boundary  energy  increases,  intergranular  brittle 
fracture  tended  to  take  place  more  easily  at  lover  temperatures ;  the  ductility  of  bicrystals  with  higher 
energy  boundaries  became  lover.  The  elongation  to  fracture  of  the  intergranularly  fractured  bicrystals 
decreased  almost  monotonically  with  increasing  temperature.  These  grain  boundary  dependent 
characteristics  of  deformation  andfracture  behavior  of  the  bicrystals  couldbe  understoodreasonably  by 
considering  the  dfference  in  easy  occurrence  of  grain-boundary  slidng.  That  is,  when  grain-boundary 
slidng  takes  place,  grain -boundary  SiQ  particles  suppress  the  sliding,  andtherefcre,  stress  concentration 
sites  around  the  particles  are  formedwhich  promote  preferential  nucleation  sites  of  voids  andcracks.  It 
can  be  concluded  that  the  easier  the  saturated  grain-boundary  slidng  occurs,  the  more  brittle  the  grain 
boundary  becomes. 

Introduction  It  is  widely  known  that  ductility  of  dspersion- hardened  alleys  decreases  at  high 
temperatures,  even  though  the  particles  are  dspersed  in  metrics  and  grain  boundaries  aiming  to 
maintain  material  strength.  The  dspersed  particles  are  expected  to  lower  the  mobility  of  dislocations  in 
matrix  and  to  suppress  occurrence  of  grain- boundary  slidng  (GBS)  engrain  boundary  [1-3].  The  loss  of 
ductility  is  mainly  causedby  the  preferential  occurrence  cf  brittle-intergranular  fracture  [1,2].  Miura  et 
al.[  1,2]  have  explained  the  mechanism  cf  gram-boundary  fracture  induced  by  CBS  in  the 
dispersion-hardened  alleys  from  the  experiments  using  orientation- ccntr died  bicrystals.  These 
secondary  phase  particles  on  the  grain  boundaries  act  as  a  suppressor  cf  CBS,  and  provide  stress 
concentration  sites  to  promote  the  preferential  nucleation  cf  vdds  andcracks.  This  introduces  an  earlier 
grain-boundary  fracture,  andtherefcre,  loss  cf  ductility.  Therefore,  strengthening  by  dispersing  second 
phase  par  tides  brings  two  inconsistent  mechanical  behaviors,  i.e.  preservation  cf  strength  and  loss  of 
ductility  athigh  temperature. 

It  is  also  known  that  the  occurrence  cf  grain-boundary  fracture  at  high  temperature  is  strongly 
dependent  on  the  grain-boundary  character  [1-3].  (rain-boundary  fracture  cf  various 
dispersion-hardened  alleys  has  been  studed  extensively  using  pdycrystalline  alleys  [4-6],  and  the 
fracture  behavior  has  been  discussedin  conjunction  with  2  values[6]:  Boundaries  with  higher  2  values 
are  mere  resistive  to  the  grain-boundary  fracture.  However,  this  criterion  was  found  to  not  be  always 
true.  Recently,  Miura  etal.  [1,2]  explained  the  occurrence  cf  such  grain-boundary  dependent  fracture 
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behavior  in  Gu-SiQ,  bicrystals  by  considering  grain-boundary  related  factors,  such  as  grain-bouncfary 
viscosity  and  dstributian  of  grain-boundary  particles,  etc..  Further,  they  have  also  suggested  that 
fracture  takes  place  mere  easily  in  higher-energy  boundaries. 

In  the  present  stud/,  temperature  dependence  of  grain- boundary  fracture  and  strength  will  be 
examinedby  using  arientatioi-contrdledbicrystals  with  [Oil]  twist  boundaries.  Particular  attention  will 
be  placedupon  the  correlation  between  grain-boundary  energy  andthe  occurrence  of  grain-boundary 
fracture 


Experimental  Gu-Q2mass%Si  alley  bicrystals 
with  [Oil]  twist  boundaries  were  grown  by  the 
Bridgman  method  using  seed  crystals.  The 
misorientation  angles  were  2°  ,  7° ,  2(T  and  41° . 
Hereafter,  these  bicrystals  are  referred  to  as  the  2° , 
7  °  ,  20  °  and  41  °  bicrystals,  respectively. 
Grain- boundary  energies  of  these  bicrystals 
increase  in  the  order  of  2° ,  7° ,  2(?  and41°  [7],  After 
confirming  by  the  X-ray  Laue  technique  that  the 
actual  misorientation-angles  were  within  1°  of  the 
above  nominal  angles,  these  bicrystals  were 
internally  axidzedat  1223K  for  24h  with  a  powder 
pack  method  Dispersed  SiO  2  particles  were 
obtained  both  in  the  matrices  and  on  the  grain 


boundaries  by  this  internal  oxidation  treatment  After 
degassing  in  a  graphite  mold  in  vacuum,  tensile 
specimens  of  14.8mm  gage  length  and4xlmm2  cross 


Fig.  1.  Schematic  illustration  of 
a  tensile  specimen. 


section  were  spark  cut  having  the  boundaries 


oriented 45°  against  the  tensile  direction  (Fig.  1).  Grain- boundary  andin- matrix  particles  were  observed 
by  transmission  electron  micr osccpe(TEM) .  After  the  mechanical  and  elec tritical  polishing,  the  tensile 
specimens  were  finally  annealedat  1223K  for  Q5h  in  a  graphite  moldin  vacuum.  Tensile  tests  in  vacuum 
were  conductedatvarious  temperatures  from 473  to  1073K  on  an  Instron-type  testing  machine  ata  strain 
rate  of  417  x  10"4sr  1.  After  the  tests,  fracture  surfaces  were  observedon  a  scanning  electron  microscope 
(SEM). 


Table  1.  Distribution  of  grain-bounchry  SiO?  particles. 


Misorientation  angle 

2° 

7° 

20° 

41° 

Particle  radius 

r/ Atm 

- 

0.34 

0.41 

0.52 

Density  of  grain 
-boundary  particles 
p  /  Atnf 2 

0.98 

0.48 

0.33 

r  /o/Atitf1 

- 

0.33 

0.20 

0.17 
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Results  The  distribution  of  grain-boundary  particles  depends  strongly  on  the  grain-boundary 
character  (Table  1).  Mean  particle  radus  viewed  frangrain-bounchry  normal  increases  and  density  cf 
grain-bounchry  particles  (number  cf  particles  per  unit  grain-boundary  area)  decreases  with 


increasing  miscrientaticn  angle  cr  grain-boundary 
energy  in  the  order  of  2°  <  7°  <  2(?  <  41°. 

Egure  2  shews  TEM  photographs  of  the  grain1 
-boundary  particles  viewed  from  grain-boundary 
parallel.  It  can  be  seen  that  particles  on  41 0 
boundary  (Eg.  2  (b))  is  slightly  more  oblate  than 
these  on  20°  boundary  (Eg.  2(a)).  Particles  become 
more  oblate  with  increasing  gram-boundary 
energy  [7]. 

Egure  3  (a)  and(b)  show  the  series  of  true  stress 
(  a  )  vs.  true  strain(  s  )  curves  for  7°  and  20P 
bicrystals, respectively.  After  the  clear  yieldng,  all 
cf  the  flow  curves  shew  work  hardening  with 
increasing  strain  and  proceed  to  the  fractures  with 
rapid  drops  in  flow  stresses.  It  is  notable  that  the 
temperature  dependence  cf  the  strain  to  fracture 
differs  much  depending  the  bicrystals.  Though  the 
fracture  strain  in  the  7°  bicrystal  is  almost  constant 
irrespective  of  temperature,  the  fracture  strain  in 
the  20°  bicrystal  decreases  rapidly  with  increase  in 
temperature  Gcillation  cf  flew  stress,  which 
characterize  the  occurrence  of  dynamic 
recrystallization  (DRX),  is  not  observed  This 
suggests  that  no  ERX  took  place  in  the  present 
experimental  condtion,  even  though  sane  testing 
temperatures  were  over  QSTm.  In  fact,  optical 
microscopic  observation  revealed  that  no  CRX  took 
place  in  all  the  defcrmedbicrystals. 


Fig.  2.  TEM  photographs  of  grain 
-boundary  SiQ,  particles  by  edge-on 
observation  for  (a)  20°  and  (b)  41 
boundaries,  respectively. 


Fig.  3.  True  stress- true  strain  curves  of  (a)  7°  and  (b)  20 


bicrystals  deformed  at  various  temperatures. 


Grain-boundary  Strength  /MPa 
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Figure  4summarizes  the  temperature  dependence  of  peak  stress, i.e.  grain -bounchry  strength.  Open 
and  filled  symbols  indicate  transgranular  and  intergranular  fracture,  respectively.  And  half-filled 
symbol  indicates  occurrence  of  mixedmocfe  fracture  of  transgranular  and  intergranular.  Then,  the 
results  from  transgranularly  fractured  bicrystals  cb  not  indicate  grain-boundary  strength.  Although 
most  of  the  2°  and  7°  bicrystals  fractured  transgranularly,  these  results  are  also  plotted  in  Fig.  4  for 
convenience  sake.  Because  these  grain-boundary  strength  can  be  estimated  higher  than  the  values 
plottedin  Fig.  4.  The  factthat  the  grain-boundary  strength  of  the  7°  bicrystal  deformed  at  773K  is  just  on 
the  strength  curve  is  suggestive  that  the  grain-boundary  strength  of  the  7°  bicrystal  at  the  other 
temperatures  is  not  so  different  from  the  expectedstrength  by  transgranular  fracture.  As  can  be  seen  in 
Fig.  4,  the  grain- boundary  strength  is  a  strong  function  of  grain  boundary  and  temperature:  1)  The 
grain-boundary  strength  decreases  manoionically  with  increase  in  temperature.  2)  The  higher  is  hie 
grain-boundary  energy,  the  lower  is  the  grain-boundary  strength.  This  is  also  in  good  accarchnce  with 
the  result  of  the  grain  boundary  dependence  of  fracture  strain  which  will  be  shown  in  Fig.  5.  This  is  due 
to  hie  ease  of  occurrence  cf  GBS,  which  weakens  grain  boundary,  with  increasing  temperature  and 
grain-boundary  energy,  as  will  be  dscussed  below. 

Figure  5  summarizes  hie  experimental  results  of  the  fracture  strain  as  afuncticn  of  temperature.  Qjen, 
filled  and  half-filled  symbols  again  indcate  transgranular,  intergranular  and  mixed  mods  fracture, 
respectively.  The  strain  to  fracture  in  the2°  and7°  bicrystals  looks  to  be  almost  constant  independsnt  cf 
temperature  Qi  the  other  hand,  the  elongation  for  the  20°  and  41°  bicrystals  rapidy  decreases  with 


Temperature,  T/K 


Temperature,  T/K 


Fig.  4.  Temperature  dependence  of  gram 
-boundary  strength.  Open,  filled  and  half 
-filled  symbols  indicate  transgranular, 
intergranular  and  mixed-mode  fracture, 
respectively. 


Fig.  5.  Temperature  dependence  of 
fracture  strain.  Open,  filled  and  half 
-filled  symbols  indicate  transgranular, 
intergranular  and  mixed-mode  fracture, 
respectively. 
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increasing  temperature  acccmpaniedby  intergranular  fracture  Therefore,  the  rapiddrop  of  ductility  in 
the  2CP  and41°  bicrystals  can  be  character izedby  the  occurrence  of  intergranular  fracture. 

At  a  fixed  temperature,  the  total  elongation  tends  to  decrease  with  increase  in  grain-boundary  energy 
in  the  order  of  2°  >  7°  >  20?  >41°boundary.  Furthermore,  intergranular  fracture  seems  to  take  place 
more  easily  with  increase  in  grain- boundary  energy.  This  is  because  that  the  grain  bounchry  becomes 
mere  brittle  with  increase  in  grain-boundary  energy,  as  will  be  dscussedlater. 

SEM  photographs  of  grain- boundary  fractured  surfaces  of  20°  bicrystals  are  shown  in  Eg.  6.  At473K, 
fine  cimples  indicative  of  occurrence  of  ductile  fracture  can  be  seen.  Existence  of  Si02  particles  in  the 
dimples  wouldindcate  that  hie  cracks  initiatedat  the  Gu/SiQ  interface,  Grain-boundary  fracture  surface 
becomes  flatter  with  increase  in  temperature.  This  indcatses  that  grain  boundary  becomes  more  brittle 
and  fracture  mode  changes  from  ductile  intergranular  to  brittle  intergranular  with  increasing 
temperature.  This  temperature-dependent  fractography  is  in  goodcorrespcndence  to  the  results  shown 
Pigs.  4  and  5  that  grain-boundary  strength  and  fracture  strain  become  smaller  as  the  temperature 
increases.  What  is  more  notable  in  Hg.6  (c),  parallel-elongated  vdds  appear.  They  are  thought  to  be 
formedby  dragging  of  the  grain-boundary  particles  by  ®S  activated  at  an  increasing  tempo  at  higher 
temperatures. 
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Fig.  7.  SEM  micrographs  of  fracture  surfaces  for  (a)  7°  and  (b)  41° 
bicrystals  deformed  at  673K. 


Figure  7  shows  SEM  photographs  of  the  grain-boundary  fracture  surfaces  of  the  7°  and41°  bicrystals 
dsformedat  673K.  The  photograph  of  the  fracture  surface  of  20P  bicrystal  has  alrea^  shown  in  Fig.  6(b). 
The  2°  bicrystal  fractured  in  the  transgranular  ductile  manner.  Therefore, its  photograph  is  not  shown 
here.  A  tendency  can  be  found  from  the  comparison  of  these  photographs;  as  the  grain-boundary 
energy  increases,  the  appearance  of  grain-boundary  fracture  surface  becomes  flatter,  ie.  fracture  mods 
changes  from  ductile  intergranular  to  brittle  intergranular.  This  fact  would  be  suggestive  that 
grain-boundary  strength  becomes  lover  as  the  grain- boundary  energy  increases. 

Discussion  The  occurrence  of  grain-boundary  fracture  seems  dominating  the  total  strain  to  fracture. 
The  observed  misorientaticn  and  temperature  dependence  of  the  fracture  strain  will  be  discussed  below 
in  relation  to  the  occurrence  of  GBS. 

As  the  temperature  increases,  grain-boundary  diffusion  becomes  mere  operative.  Diffusion  at  grain 
boundary  is  strongly  dependent  oi  grain-boundary  character  [8].  If  the  CSS  is  assumed  to  be  controlled 
by  grain-boundary  dffusion  as  discussed  by  several  investigator  [8,9],  therefore,  (SS  should  occur  mere 
easily  at  lower  temperatures  in  bicrystals  with  higher  energy  boundaries[10].  When  CSS  occurs,  QBS  is 
suppressedby  the  grain-boundary  particles,  and  therefore,  the  amount  of  slicing  will  soon  be  saturated 
The  blocking  develops  an  internal  stress,  which  acts  against  the  appliedshear  stress  on  the  particle-free 
area  of  the  boundary,  andeventually  stops  the  slidng.  When  a  shear  stress  ushear  parallel  to  the  boundary 
is  applied,  the  characteristic  time  x  L  for  saturatedGBS  is  written  as[9] 

rL=(4/  7C2)1(1-  v)/(2-  y)j(7?/  ur  pc)  Eq.l 

where  vrPdsson  ratio,  77:  boundary  viscosity  of  CSS,  u:  shear  modulus,  r  .-particle  radus,  p :  number  of 
particles  on  an  unit  area  of  grain  boundary  and  c:  half  of  the  boundary  thickness.  Further,  bounchry 
viscosity  77  isexpressedas 

77  =  770Texp(  C7kT)  Eq.2 

with  77  0  :  inherent  bounchry  viscosity,  Q.:  activation  energy  for  CSS,  k  :  Boltzmann  constant  and  T : 
temperature. 

If  CSS  is  controlled  by  grain- bounchry  diffusion,  77  is  inversely  proportional  to  the  grain- bounchry 
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dffusivity.  Monzen  etal.  [8,9]  have  reported  that  r?  value  atafixedtemperature  varies  significantly  by 
several  orders  of  magnitude  with  increase  in  grain-bounchry  energy.  Ch  the  other  hand,  the  values  of  rp 
in  different  bicrystals  differ  oily  within  a  factor  two  (see  Table  1).  Ther ef or e,  GBS  is  contr dledby  n,  and 
r  L  value  at  a  fixed  temperature  abruptly  decreases  depending  strongly  on  v  value  with  increasing 
grain-boundary  energy. 

When  GBS  takes  place,  the  grain-bounchry  Si02  particles  act  as  an  inhibitor  of  GBS  and  provide 
stress-concentration  sits  to  promote  the  nucleaticn  of  voids  and  cracks.  Therefore,  it  can  be  naturally 
expected  that  the  grain  boundary  becomes  more  brittle  as  the  GBS  takes  place  easier  at  a  fixed 
temperature.  This  explains  the  rapid  drops  in  ductility  and  fracture  stress  at  lower  temperatures  in  the 
bicrystals  having  higher-energy  boundaries,  x  L  values  for  each  boundaries  at  673K,  where  the 
difference  of  the  fracture  strain  is  mo6t obvious,  are  estimatedapprcximately  to  be  lxlOis  for  7°,  3x10" 3s 
fcr  20°  and 7x10“^  for  41°  boundaries  by  using  the  values  in  Table  1,  n  =  4.(kl0lQPa,  v  =Q34,  c= 
25x10  IQm  and  results  of  Q_and  77  0  derived  by  Monzen  etal.  [11]-  Because  such  low-energy  boundary 
like  2°  boundary  hardy  slide  s[ll],  x  L  value  for  2°  boundary  should  be  much  larger  than  that  cf  7° 
boundary.  After  all,itcanberecognizedthat  rL  value  cfecreases  in  the  order  cf  2°»70»20>40  atafixed 
temperature,  and  then,  grain-boundary  fracture  to  lower  the  ductility  and  fracture  stress  (anchor 
strength)  would  take  place  easier  in  the  order  of  40° ,  20° ,  7°  and  2°  boundary,  which  is  the  order  cf 
decreasing  grain-bounchry  energy. 

From  the  Brandon's  criterion  [12],  the  20°  and  41°  boundaries  are  recognized  as  233A  and  29 
boundaries,  respectively.  According  to  coincidence  site  lattice  theory ,  the  grain  boundaries  having  lew  2 
value  would  be  expected  to  have  more  ordered  atonic  arrangement,  and  therefore,  to  show  superior 
mechanical  and  chemical  properties  to  those  having  lew  2  value.  Hcwever,  the  41°  ( ~  29)  boundary 
showed  lower  strength  than  20°  (233A)  boundary  in  the  present  experiment  Grain-boundary  fracture 
seems  to  take  place  more  easily  with  increasing  grain-boundary  energy.  Therefore,  grain-bounchry 
energy  would  be  better  parameter  to  describe  the  character  of  grain  boundaries  rather  than  the  2 
value. 

The  strain  to  fracture  of  20°  and41°  bicrystals  in  Fig.  5  decreases  as  temperature  increases  at  lower 
temperatures.  This  is  because  the  saturated  C$S  is  achieved  with  by  shorter  period  of  time  with 
increasing  temperature.  Therefore,  with  increasing  temperature,  grain-bounchry  fracture  takes  place 
more  easily,  andthen,  fracture  strain  and  strength  become  smaller. 

Stress  concentration  at  the  edges  cf  particles  generated  by  applied  tensile  stress  is  commonly 

written  as 

qna,  ^ensUea^a/p)172)  Bq.3 

with  oiensue  •  tensile  stress  normal  to  the  line  of  apsis  of  an  ellipse- shaped  particle,  a :  half  length  cf  the 
apsis  and  p :  radus  cf  the  ec^e  curvature  cf  the  particles.  If  the  lenticular-shaped  SiQ>  particles  are 
assumed  to  be  ellipse  in  section,  the  cfegree  of  stress  concentration  at  the  particle-edge  should 
qualitatively  become  higher  with  increasing  grain-bounchry  energy  even  under  a  constant  appMed 
tensile  stress.  It  is  because  the  value  cf  a  increases  and  value  cf  p  locks  to  decrease  with  increasing 
grain-bounchry  energy.  Such  particle-shape  dependent  stress  concentration  should  strongly  affect  on 
the  nucleation  cf  vdd>  and  cracks  at  the  edges,  and  this  effect  would  emphasize  grain-bounchry 
ctpendent  occurrence  cf  fracture  and  its  temperature  dependency. 

O/er  the  temperature  cf  about  80CK,  the  fracture  strain  seems  tobe  almost  saturated  Miura  et  al.  [1,2] 
have  shown  that  stress  relaxation  by  Gu/SiQ,  interfacialdffusicnattributestotherecwerycf  ductility 
at  higher  temperatures  in  copper  bicrystals  with  dispersed  Si02  particles.  Occurrence  cf  the  stress 
relaxation  vanishes  stress  concentration  around  the  particles.  No  ctynamic  recrystallizaticn,  which 
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can  be  another  cause  cf  ductility  recovery,  tock  place  in  any  experimental  candtians  in  present  stucty. 
Therefore,  we  assume  that  influence  cf  the  stress  relaxation  is  the  cause  cf  the  saturation  cf  the  fracture 
strain  at  higher  temperatures  over  80CK.  The  reason  to  clear  recovery  of  ductility  at  higher 
temperatures  could  not  be  observed  shouldbe  due  to  much  lower  density  cf  grain-boundary  particles 
in  these  [Oil]  twist  boundaries.  The  density  cf  the  particles  per  unit  bounchry  area  in  [Oil]  twist 
boundaries  is  about  ten  times  lower  than  that  in  [001]  twist  boundaries.  The  low-density  distribution 
cf  particles  on  grain  bounchry  unables  effective  suppression  cf  ®S  and  rmkpc  the  easy  vdd 
formation  possible  by  particle  dragging  as  already  shown  in  Fig.  6(c).  This  void  formation  by  the 
particle  dragging  math  the  clear  ductility  recovery  dfficult  The  saturated  fracture  strain  over  80* 
should  be  the  result  of  balancing  cf  these  effects. 

Summary  The  results  are  summarized  as  follows. 

L  Grain-boundary  strength  and  ductility  of  bicrystals  decreased  with  increasing  gram-boundary 
energy. 

Z  Ehctility  cf  bicrystals  with  high-energy  boundaries  decreased  abruptly  with  increasing 
temperature  accompanied  by  the  occurrence  cf  intergranular  fracture,  though  bicrystals  having 
lew-energy  boundaries  showedalmost  constant  fracture  strain. 

3.  Grain-boundary  dependency  cf  fracture  behavior  could  be  reasonably  understood  by  the  easy 
occurrence  cf  stress  concentration  at  matrix/par  tide  interfaces  inducedby  grain-boundary  slidng. 

4.  The  shape  andradus  cf  the  grain-boundary  particle  seemed  to  also  affect  the  easy  occurrence  cf 
grarn-bounchry  fracture. 
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Abstract 

The  influence  of  particles  on  creep  strength  is  studied  for  an  austenitic  stainless  steel  strengthened 
with  TiC-particles  in  the  temperature  interval  550-800  °C.  At  lower  temperatures,  when  the  dislo¬ 
cations  cannot  climb  over  the  particles,  the  Orowan  mechanism  dominates.  At  higher  temperatures, 
the  increase  in  strength  is  limited  by  climb.  At  intermediate  stresses  both  climb  and  the  Orowan 
mechanisms  are  active.  By  kinetically  analysing  the  time  it  takes  for  the  particles  to  be  climbed,  the 
role  of  the  two  mechanisms  can  be  clarified.  Smaller  particles  will  first  be  overcome  with  climb, 
while  larger  ones  have  to  be  surounded  with  Orowan  loops,  which  considerably  contribute  to 
strength.  At  low  stresses,  all  particles  are  overcome  with  climb,  and  the  strengthening  contribution 
is  small.  Particle  coarsening  is  described  with  a  multi-component  model. 

Introduction 

Alloys  with  good  creep  properties  earn  their  strength  from  precipitation  hardening.  The  particles  act 
as  obstacles  for  the  moving  dislocations.  The  particles  can  be  overcome  by  different  mechanisms. 
At  lower  temperatures,  the  dislocations  either  cut  the  particles  when  they  are  sufficiently  small,  or 
Orowan  loops  are  formed  around  them.  At  elevated  temperatures,  the  dislocations  will  have  the 
possibility  to  crosslip  or  climb  over  the  particles.  The  classical  models  for  particle  strengthening  in 
creep  resistant  materials  are  based  on  an  energy  criterion,  [1].  If  energetically  favourable,  the  dislo¬ 
cations  will  climb  across  the  particles,  otherwise  not.  The  strength  contribution  is  related  to  the 
Orowan  strength,  which  is  essentially  inversely  proportional  to  the  interparticle  spacing.  A  climb 
factor  is  introduced  to  reduce  the  strength  contribution  when  climb  is  taken  into  account.  If  the  dis¬ 
locations  are  attached  to  the  particles  during  climb,  the  strength  contribution  is  larger  than  when  the 
dislocations  will  relax  and  not  adhere  to  the  particles,  see  below.  These  classical  models  have  a 
major  drawback.  They  are  almost  independent  of  temperature,  except  from  the  reduced  shear 
modulus  Experimentally  the  creep  strength  decreases  exponentially  with  temperature.  The  purpose 
of  the  present  paper  is  to  consider  kinetic  effects  by  taking  the  time  it  takes  for  dislocations  to  climb 
across  particles  into  account. 

Model 

The  Orowan  contribution 

The  contribution  from  this  mechanism  can  be  estimated  according  to  the  following  relationship,  [1]. 
2MGb  (1) 

3.54* 


a, 
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where  M  is  the  Schmid  factor  =  3,  b  Burgers  vector,  G  the  shear  modulus  and  Lsq  the  mean  Orowan 
particle  distance.  The  value  of  3.5  is  based  on  an  averaging  over  screw  and  edge  components  in  the 
dislocations,  [2].  The  distance  between  the  particles  is  given  by,  [1]: 


where  r  is  the  average  particle  radius  and  f  the  volume  fraction  of  particles. 

Traditional  description  of  creep  threshold  stresses 


At  higher  temperatures,  the  dislocations  can  climb  over  the  particles.  There  are  several  factors  de¬ 
termining  the  effectiveness  of  climb.  In  local  climb,  a  larger  part  of  the  dislocation  interacts  with  the 
particle  than  in  general  climb.  The  former  configuration  also  gives  a  larger  contribution  to  the 
strength.  For  general  climb,  the  energy  required  is  low.  The  critical  stress  allowing  the  particles  to 
be  overcome  by  climb  based  on  the  energy  criterion  is  related  to  the  Orowan  stress  and  given  by 


°  climb  ~ 


2V2  +  (acl  Y2 


(3) 


The  parameter  a ci  is  called  climb  resistance.  It  is  a  description  of  the  rate  of  increase  of  the  line 
length  as  the  dislocation  segment  climbs  over  the  particle.  Od  depends  on  particle  shape.  In  local 
climb  0Cci  equals  0.77  for  spherical  particles,  [1].  In  general  climb,  this  value  is  only  a  fraction  of 
this  value.  It  is  also  dependent  on  the  volume  fraction  particles  to  a  factor  The  a6-rvalues  are 
then  reduced  to  below  0.1,  and  can  be  below  0.01  at  small  volume  fractions.  Equation  3  also  takes 
into  consideration  that  there  is  a  statistical  distribution  of  particle  spacings.  The  dislocations  can 
find  easy  gates  through  the  particle  structure.  If  local  climb  is  active,  the  influence  from  particles  on 
creep  strength  is  about  0.2a„.  If  general  climb  is  controlling,  a  volume  fraction  between  1-10% 
would  give  an  influence  between  0.004-0.02g„. 

For  some  materials,  especially  those  where  there  is  a  large  misfit  between  the  matrix  and  particle, 
the  dislocation  is  attached  to  the  particle  after  the  passage  of  it.  This  is  found  in  oxygen  dispersion 
strengthened  materials.  In  that  case,  the  particles  become  very  effective  as  strengtheners  also  at  high 
temperatures,  [3,  4]. 

Influence  of  creep  rate 

The  Norton  relationship  has  been  used  in  the  past  to  describe  the  influence  on  creep  strain  rate  at  a 
temperature  for  many  materials 


e  =  4 one  Q/RT  (4) 

where  A0  is  a  constant,  0  is  the  applied  stress,  Q  is  usually  set  to  the  activation  energy  for  self- 
diffusion,  /?=8.314  J/molK,  T  is  the  temperature  in  Kelvin. 

For  pure  metals  and  one-phase  materials,  the  stress  exponent  n  is  typically  about  5  in  the  power  law 
regime  and  the  activation  energy  Q  is  close  to  that  for  self-diffusion.  Solution  hardening  is  generally 
decreasing  the  stress  exponent  at  a  specific  stress.  In  particle  strengthened  materials  the  value  of  n  is 
often  larger.  Stress  exponents  between  20-40  have  often  been  found,  [3].  The  apparent  activation 
energy  is  higher  than  the  activation  energy  for  self-diffusion.  The  high  n-value  is  usually  explained 
by  introducing  inner  stresses,  (T;,  from  dislocations  and  particles.  The  relationship  is  then  transferred 


£  =  Aviv-Oife  Q/RT 


(5) 
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where  Gdisi  is  the  backstress  from  the  dislocations  and  Gpart  from  the  particles  respectively.  In  this 
way,  the  stress  exponent  is  reduced  to  lower  values,  generally  between  4-7.  The  back  stress  from 
the  dislocations  is  related  to  the  dislocation  density  p,  [5]: 

adisl=aMGb^,  (7) 

When  limited  climb  takes  place  cparl  is  given  by  the  Orowan  stress,  Eq.  1.  When  on  the  other  hand 
climb  is  very  rapid,  a„„n=odlmh,  Eq.  3.  The  intermediate  situation  will  now  be  analysed. 

The  average  speed  of  dislocations  is  given  by: 

sM  (8) 

= - 

where  p,„  is  the  mobile  dislocation  density.  A  fraction  y  of  dislocations  is  considered  mobile.  vp  wdl 
be  compared  to  the  dislocation  climb  speed  [6]: 

v climb  ~  M sb<3 

where  Ms  is  the  mobility  of  dislocations.  The  mobility  Ms  includes  the  following  components,  [2]: 


where  k  is  Boltzmanns  constant  and  Ds  is  the  self-diffusion  constant  at  the  temperature  T. 

If  the  glide  time  between  particles  is  neglected  climb  thus  yields  an  effective  average  dislocation 
speed  which  is  a  factor  Lsq  fir  larger  than  the  climb  speed. 

__  Lsq  (11) 

Veff  “  V climb  2r 

If  Veff  >  Vp,  the  contribution  of  climb  becomes  important.  In  the  equations  above,  creep  strain  rate  is 
used.  To  be  able  to  use  standard  creep  data  containing  information  about  creep  stress  and  creep 
rupture  time  tR,  the  creep  rate  is  calculated  using  the  Monkman-Grant  relationship,  [7]. 


where  B  is  a  constant,  tR  is  the  rupture  elongation  in  the  creep  test. 

Influence  of  particle  size  distribution  on  creep  strength 

It  has  been  verified  for  ferritic  steels  that  the  carbide  distribution  can  be  written  as,  [8]: 

f(r)=foe-^res)  (13) 

where  f(r)  is  the  volume  fraction  of  particles  which  is  larger  than  r.fo  is  the  volume  fraction  parti¬ 
cles.  rres  is  the  smallest  particle  size  recorded  due  to  the  instrumental  resolution  limit.  (3  is  a  con¬ 
stant,  which  is  approximately  equal  to  llrpartQ  where  rpart o  is  the  average  particle  size. 

If  the  particles  are  sufficiently  small  they  will  rapidly  be  crossed  by  climb  and  they  do  not  contrib¬ 
ute  to  the  Orowan  strength.  Thus,  there  is  a  transfer  in  mechanism  between  Orowan  and  climb.  By 
comparing  the  dislocation  climb  speed  and  the  average  dislocation  speed,  the  position  of  this  trans¬ 
fer  can  be  estimated.  Putting  veff  =  vp  from  Eq.  1 1  and  using  Eq.  2  give  the  critical  radius  rcrit  when 
climb  starts  to  be  of  importance. 
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From  Eq.  13  the  corresponding/^  value  can  be  obtained.  A  schematic  view  of  the  function  in  Eq. 
13  is  given  in  Fig.  1,  and  the  transfer  in  mechanism  is  illustrated.  When  rpart0  <  rcrit  climb  is  the 

dominating  mechanism  and  Gpart  =  Gciimb  according  to  Eq.  3.  The  dislocations  have  enough  time  to 
climb  over  all  of  the  particles.  In  this  case  vclimb  >  vp .  When  rpart0  >  rcrit ,  the  Orowan  mechanism 

is  active  but  only  for  the  particles  satisfying  r  >  rcnt .  Inserting  r  =  rcrit  and /= fcrit  into  Eqs.  1  and  2 
then  yields  the  threshold  stress  at  intermediate  stresses. 


Ccril  =  -°rPa"°  g(-0.5pfc„, -r,„ )) 
rcrit 

When  rpartQ  »  rcri{  then  climb  has  a  negligible  influence  and  Gpart  =  (7r,. 


(15) 


Figure  1  Volume  fraction  of  particles  vs.  particle  radius.  rcri,  is  the  critical  radius  below  which  climb  becomes 
important.  It  takes  higher  values  at  lower  stresses,  longer  times  and  higher  temperatures. 

Description  of  material 


15Crl5NilMoTi  is  an  austenitic  stainless  steel  which  is  strengthened  with  TiC  particles.  The  creep 
rupture  strength  is  given  as  a  function  of  time  in  the  temperature  range  550-800  °C  in  Fig.  2.,  [9] 
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Figure  2.  Creep  stress  vs.  rupture  time  for  15Crl5Ni0.1C0.4Ti  between  550-800  °C. 

The  investigated  batch  has  the  composition  in  (wt%)  15.4  Cr,  15  Ni,  1.38  Mo  1  84  Mn  0  38  Si 
0.31  Ti,  0.1  C.  It  was  solid  solution  treated  at  1 150  °C,  and  water  quenched.  Most  of  the  carbon  is 
bound  to  titanium  to  form  particles  of  TiC.  The  material  contains  two  sets  of  particles.  Coarse  pri¬ 
mary  ones  precipitated  during  cooling  after  casting,  and  fine  secondary  ones  precipitated  during 
creep.  The  secondary  particles  play  a  significant  role  for  the  creep  strength.  A  fine  dispersion  of 
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small  size  of  the  precipitates  is  observed.  Compared  to  18Cr-10Ni  austenitic  stainless  steels,  the 
creep  strength  is  higher.  The  strength  compared  to  other  materials  is  maintained  in  the  temperature 
range.  At  750  and  800  °C  the  reduction  in  creep  strength  is  accelerated  at  longer  times.  One  expla¬ 
nation  to  this  is  the  coarsening  of  TiC-particles. 

Particle  coarsening 

Simulation  of  coarsening  of  TiC  in  the  steel  15Crl5Ni0.1C0.4Ti  was  performed  with  the  multi- 
component  coarsening  model,  [10],  in  DICTRA,  [11].  The  model  is  based  on  the  conclusion  from 
the  analysis  by  Lifshitz  and  Slyozov,  [12,  13],  and  Wagner,  [14],  that  the  size  of  the  largest  particle 
is  1 .5  times  the  average  particle  size.  Since  the  driving  force  for  coarsening  is  the  difference  in  sur¬ 
face  energy,  the  larger  particle  will  always  grow  and  smaller  ones  will  shrink.  In  DICTRA,  the 
model  is  based  on  the  Gibbs  energy  difference  between  particles  of  different  sizes.  This  difference 
causes  a  shift  in  equilibrium,  and  as  a  result  material  transport  from  smaller  particles  to  the  largest 
particle  occurs.  The  model  has  been  compared  with  experimental  results,  [10],  and  good  agreement 
has  been  found. 

The  model  contains  only  one  adjustable  parameter,  i.e.  the  surface  energy.  Here  the  value  0.4  J/m2 
was  chosen  in  agreement  with  a  previous  study  by  Gustafson,  [15].  In  the  experimental  part  of  that 
study  the  size  of  TiC  was  measured  in  the  Ti-stabilised  austenitic  stainless  steel  17Crl3NiMoTi  for 
different  temperatures  and  times.  The  result  was  also  compared  with  DICTRA-simulations  of 
coarsening  and  very  good  agreement  between  experiments  and  simulations  was  found. 

However,  when  the  simulations  are  compared  with  the  experimental  data  from  Engberg  and  Lagne- 
borg  for  the  steel  in  the  present  investigation,  [16],  a  much  faster  coarsening  is  observed  experi¬ 
mentally  than  predicted  by  the  simulations,  see  Figures  3-5.  Engberg  and  Lagneborg  made  their 
metallographic  examination  on  creep-tested  specimens  and  it  is  likely  that  the  continuous  deforma¬ 
tion  processes  enhance  the  transformation  kinetics  in  general  and  the  coarsening  in  particular. 

For  the  sake  of  simplicity  we  shall  represent  this  effect  with  an  enhancement  factor  e.  All  diffusion 
coefficients  are  then  multiplied  with  e ,  i.e. 

D[f  =  eD'lj  (16) 

In  general,  we  expect  the  enhancement  factor  to  depend  on  the  deformation  rate  e  and  the  tem¬ 
perature.  This  concept  will  be  developed  further  in  coming  papers.  In  the  present  work,  we  have 
simply  evaluated  the  e  value  to  fit  the  experimental  data  by  Engberg  and  Lagneborg,  [16].  The 
dashed  lines  in  Fig.  3-5  are  calculated  using  e  =  4  at  800°C  and  18  for  750  and  700°C,  respectively. 
Evidently  the  enhancement  becomes  more  important  at  low  temperatures  when  the  bulk  diffusivities 
are  lower. 


Figures  3-5.  Coarsening  of  TiC  in  17Crl3NiMoTi  simulation  with  DICTRA  and  normal  diffusion  coefficients 
(the  solid  lines)  and  measurements  from  Engberg  and  Lagneborg,  [16].  The  dashed  lines  show  the  coarsening 
rate  with  an  enhancement  factor,  see  text. 
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The  model  used  for  the  coarsening  was  based  on  Ostwald  ripening  where  small  particles  disappear 
and  large  ones  grow  according  to  the  following  relationship,  [1,  16],  in  agreement  with  the  compu¬ 
tations  in  Figs.  3-5: 

r3  =rpar,o+kp(T)t  (17) 

where  kp  is  a  constant  and  t  is  the  time. 

Results  of  calculations  for  creep  strength 

In  Table  1,  used  parameters  are  listed.  The  initial  (3-value  used  for  the  particle  size  distribution  is 

9. 1  ■  107 .  The  volume  fraction  secondary  TiC  particles  is  set  to  1.5  •  10-3  and  is  assumed  to  be  con¬ 
stant  during  creep.  The  value  was  calculated  using  Thermo-Calc,  [17].  The  stress  exponent  n- 6. 
The  model  is  applied  in  the  temperature  interval  550-800  °C,  here  exemplified  at  650  and  800  °C. 
When  the  dislocations  are  able  to  climb  over  the  particles,  general  climb  is  assumed.  The  influence 
of  particle  coarsening  is  included  in  the  analysis.  The  value  on  the  activation  energy,  (0,  is  higher 
than  the  self-diffusion  coefficient  of  iron,  which  is  about  280  kJ/molK  in  austenite,  [18],  This  is  of¬ 
ten  found  for  particle  strengthened  materials.  Some  of  the  increase  can  be  described  by  solid  solu¬ 
tion  hardening  effects. 


Table  1.  Parameters  used  in  the  calculations 


Temperature  (°C) 

A0 

Q  (kJ/mol  K) 

rparto  (nm) 

Jfree 

£r 

G  (GPa) 

All  temperatures 

100 

318 

11 

0.1 

- 

- 

600 

- 

- 

- 

- 

57.1 

700 

- 

- 

- 

- 

0.4 

53.5 

800 

- 

- 

- 

- 

0.2 

50 

At  each  temperature,  the  calculations  are  compared  to  experimental  values  for  the  material 
15Crl5Ni0.1C0.4Ti.  Between  550  and  700  °C  climb  is  not  the  dominating  mechanism,  not  even  at 
longer  times.  The  creep  strength  is  reduced  with  time,  but,  the  Orowan  mechanism  still  dominates 
the  strength  contribution  from  the  particles.  The  experimental  values  are  in  agreement  with  the  cal¬ 
culated  ones.  This  is  exemplified  at  650  °C  in  Fig.  6.  At  750  °C  there  is  a  change  in  shape  of  the  ex¬ 
perimental  curve,  see  Fig.  2.  There  is  a  larger  reduction  in  strength  at  longer  times.  The  dislocations 
are  now  to  some  extent  able  to  climb  over  the  particles.  At  800  °C  this  behaviour  is  even  more  pro¬ 
nounced,  see  Fig.  7. 


Figures  6-7.  Creep  stress  vs.  rupture  time  at  650  and  800  °C.  Experimental  and  calculated  data. 
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The  particles  now  grow  faster,  and  at  longer  times,  (>  100000  h),  practically  all  particles  are  over¬ 
come  with  climb.  At  800  °C  the  curve  representing  the  calculated  values  can  be  divided  into  three 
regions.  At  shorter  times,  the  Orowan  mechanism  is  active.  At  intermediate  times,  there  is  a  mixture 
between  climb  and  Orowan  mechanisms.  This  is  dependent  on  the  particle  size  distribution.  In  the 
third  region,  at  longer  times,  climb  dominates  the  process.  These  three  stages  hence  represent  a 
sigmoidal  behaviour.  The  reduction  in  strength  at  800  °C  is  larger  than  the  model  predicts.  Some  of 
the  decrease  can  be  explained  by  reduced  ductility  at  low  stresses.  If  instead  the  creep  rate  would  be 
analysed,  the  slope  is  not  reduced  to  such  an  extent  at  lower  creep  rates. 

In  Figures  8-9,  the  influence  on  strength  from  dislocations  and  particles  are  analysed  when  com¬ 
pared  to  the  applied  stress.  In  almost  the  entire  stress  interval,  the  Orowan  stress  is  dominating  at 
650  °C.  With  the  estimated  particle  size  and  volume  fraction,  the  value  for  the  Orowan  stress  is 
about  58  MPa.  The  contribution  from  the  dislocations  is  increasing  with  applied  stress,  which  is  ex¬ 
plained  with  higher  dislocation  density  with  higher  applied  stress.  The  knees  in  the  back  stress  for 
the  dislocations  are  a  result  of  its  implicit  dependence  of  the  particles.  The  Orowan  stress  decreases 
with  the  temperature  due  to  particle  coarsening  and  reduction  in  shear  modulus  and  so  is  the  climb 
stress,  since  the  model  is  based  on  the  Orowan  stress,  see  Eq.  3.  At  800  °C  the  Orowan  stress  is 
dominating  at  applied  stresses  over  100  MPa.  Between  40-100  MPa  the  strength  is  controlled  by  the 
particle  size  distribution.  Below  about  40  MPa,  climb  over  the  total  particle  distribution  is  possible. 
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Figures  8-9.  Back  stress  from  dislocations  and  particles  vs.  applied  stress  at  650  and  800  °C 
Discussion 


In  the  sections  above,  a  new  model  for  particles  strengthening  was  applied  and  compared  to  ex¬ 
perimental  values.  Compared  to  previous  models,  the  particle  size  distribution  is  taken  into  account 
in  accordance  with  Fig.  1.  By  doing  this,  it  is  possible  to  kinetically  model  the  strengthening  contri¬ 
bution  from  the  particles.  A  time  factor  is  then  introduced  when  comparing  the  dislocation  climb 
speed  with  the  dislocation  speed  in  the  matrix.  The  time  for  the  dislocations  to  pass  the  particles  is 
analysed.  If  the  particle  is  large  enough,  the  time  is  not  sufficient  for  the  dislocation  to  climb  over  it. 
The  Orowan  mechanism  then  contributes  to  the  strength  from  the  particle.  When  the  applied  stress 
is  low  and  the  temperature  is  high,  dislocation  climb  becomes  important.  When  studying  the  particle 
size  distribution,  the  small  particles  will  be  climbed  first.  The  fraction  of  the  particles  that  will  be 
overcome  with  climb  is  determined  by  calculating  the  critical  size  according  to  the  definition  in  Eq. 
14.  Also  see  Fig.  1.  The  particles  with  larger  values  than  this  critical  size  will  not  be  overcome  with 
climb,  and  therefore  considerably  contribute  to  strength.  The  critical  size  increases  with  lower  ap¬ 
plied  stress  and  at  sufficiently  low  values,  all  particles  will  be  overcome  with  climb,  irrespective  of 
particle  size.  Therefore,  at  high  stresses  the  Orowan  mechanism  controls  the  strength  contribution 
from  the  particles,  and  at  low  stresses  climb.  In  between  there  is  a  combination  of  the  two  mecha- 
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nisms.  Theoretically  this  is  shown  in  the  calculated  curve  in  the  Creep  stress-rupture  time  diagram 
in  Fig.  7.  The  calculated  data  is  in  acceptable  agreement  with  the  experimental  ones  in  the  tem¬ 
perature  interval  and  supporting  the  role  of  the  particle  size. 


Conclusions 

1.  A  kinetic  model  for  particle  strengthening  during  creep  has  been  formulated.  It  takes  into 
account  passage  time  for  climb  over  a  particle. 

2.  The  model  can  describe  the  exponential  decrease  in  strength  with  increasing  temperature 
and  has  been  applied  to  an  austenitic  stainless  steel. 

3.  The  particle  coarsening  has  been  described  with  a  multi-component  diffusion  model. 
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Abs  tract 

Steady-state  creep  in  a  dispersion  hardening  alloy  and  discontinuous  fiber  reinforced  metal  matrix 
composite  without  other  interfacial  relaxation  mechanisms  than  matrix  plastic  flow  has  been 
examined.  For  a  material  with  an  elastic-viscoplastic  matrix,  the  non-uniform  strain  rate  in  the  steady 
state  is  derived  using  Eshelby' s  equivalent  inclusion  method.  The  obtained  creep  strain  increment  is 
impotent  and  does  not  generate  any  additional  internal  stress.  During  this  creep  deformation,  a 
dislocation  comes  in  from  one  direction  and  goes  out  towards  another  direction,  so  that  no  dislocation 
nor  internal  stress  but  a  heterogeneous  plastic  strain  remains  in  the  material.  The  concrete  trajectory  of 
dislocations  climbing  over  a  cylindrical  inclusion  is  calculated  and  illustrated. 


1.  Introduction 

During  creep  deformation  at  high  temperatures  in  an  inclusion  bearing  material,  i.e.  dispersion 
hardening  alloy  and  discontinuous  fiber  reinforced  metal  matrix  composite,  steady-state  creep  is 
achieved  only  with  matrix’ s  heterogeneous  creep  deformation,  when  any  interfacial  accommodation 
processes,  i.e.  interfacial  diffusion  and  sliding,  do  not  take  place.  Although  this  plastically- 
accommodated  creep  has  been  analyzed  using  the  shear-lag  model  fl],  the  potential  method  [2]  and 
the  finite  element  method  [3],  the  dislocation  activity  yielding  this  heterogeneous  creep  strain  has  not 
been  discussed  in  detail. 

On  the  other  hand,  Mori  et  al.[4]  have  recently  shown  that,  when  both  diffusion  and  sliding  on 
matrix-inclusion  interfaces  are  inoperative,  creep  of  a"  composite  eventually  terminates,  through 
variational  principles  and  FEM  analyses.  Later  we  [5]  have  revealed  the  mistakes  of  their 
understanding  that  the  variational  principles  do  not  prove  the  existence  of  the  creep  termination  and 
that  FEM  analysis  brings  about  an  incorrect  result  of  creep  termination  without  the  constant  dilatation 
option. 

In  the  present  paper,  the  dislocation  activity  during  the  steady-state  creep  is  discussed.  We 
calculate  the  non-uniform  strain  rate  in  the  steady  state,  analyze  the  nature  of  an  impotent  eigenstrain, 
and  then  illustrate  the  concrete  trajectory  of  dislocations  climbing  over  a  cylindrical  inclusion. 
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2.  Non-uniform  strain  rate  in  the  steady  state 

We  show  a  special  strain  £//  ,  which  can  accumulate  eternally  and  can  achieve  the  steady-state 
creep,  for  a  composite  with  elastic-vis  coplastic  matrix  with  Poisson  ratio  of  1/2  and  a  rigid  inclusion, 
as  shown  in  Fig.  1.  The  elastic  strain  Eij  and  the  creep  strain  increment  e,y  dr  are  expressed  by  the 
identical  formula  against  the  deviatoric  stress  o -y : 

efj  =  TEa'v  and  =  (l) 

The  calculation  of  &j/=e//+e*/  caused  by  an  external  stress  can  be  obtained  by  modifying  Eshelby' s 

solution  of  the  elastic  strain  outside  an  inclusion  in  an  infinite  matrix  [6]  to  that  in  a  finite  matrix  using 

Eshelby' s  equivalent  inclusion  method  [7]  and  Tanaka-Mori' s  theorem  [8].  Here,  £/y  is  an  elastic 

strain  of  the  monolithic  material  by  a,y  ,  £ y  is  the  disturbed  strain  by  the  inclusion  and  and 

Cijki  (”*°° )  are  the  elastic  moduli  of  the  matrix  and  inclusion,  respectively. 

If  we  consider  8y'“Ei/+e//  as  a  plastic  strain  increment  e,y  dr ,  we  can  show  that  it  is  impotent  and 

generates  no  additional  stress  as  follows;  First,  is  uniform.  Second,  e-  satisfies  the  condition  of 

*  * 

impotency  given  by  Furuhashi  and  Mura  [9],  i.e.,  the  displacement,  ut  ,  of  e,y  on  the  surface  of  the 
material  equals  nought  and  e,y  is  compatible  in  the  material 

£y  ~2^i  i,  j+uj,  i)  *  @) 

Therefore,  after  loading  of  ,  the  elastic  stress  of;-+afy  generates  an  impotent  creep  strain  increment 

»c 

e,y  dr .  Since  this  strain  increment  yields  no  disturbance  in  the  stress  distribution,  it  can  accumulate 
infinitely  and  creep  continues  infinitely.  It  must  be  noted  that  this  creep  strain  is  not  uniform.  The 
concrete  formula  of  dr  is  given  in  §4  for  a  composite  with  a  cylindrical  inclusion. 

3.  Nature  of  impotent  eigenstrain 

3.1.  Impotent  eigenstrain  and  impotent  dislocations 

A  dislocation  density  tensor  ahi  for  an  eigendistortion  (3yz- ,  which  expresses  the  xt  -component  of 
the  total  Burgers  vector  of  dislocations  threading  the  unit  surface  perpendicular  to  the  xh  -direction, 
has  been  introduced  by  Nye  [10]  as 

ahi =  ~  eW;  P  jtf  >  (3) 

where  zhl-  is  a  permutation  tensor.  If  the  eigenstrain  satisfies  the  impotent  condition  (eq.(2)),  the 
dislocation  density  tensor  becomes  inevitably  zero:  ahi=  ~Ehljui,  jl=-EhPQui,QP~EhQPutpQ 
=  ~ui,QP  +  ui,PQ  =  0  >  where  (hPQ)  and  QiQP)  ate  the  even  and  odd  permutations  of  (123), 
respectively,  and  the  terms  are  not  summed  up  for  the  indices  P  and  Q.  It  means  that  an  impotent 
eigenstrain  does  not  remain  any  dislocations  in  the  material. 

On  the  other  hand,  Mura  [11]  proposed  impotent  dislocations  which  satisfy 

The  displacement  and  the  stress  field  caused  by  these  dislocations  become  identically  zero,  since 
*  \  % 

£y=2(P;i+Py)“0  leaCdS  to  u-=0ij= 0  .  Now  it  becomes  clear  that  the  impotent  dislocations  remain  no 
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dislocation  while  the  impotent  eigenstrain  remains  no  eigenstrain. 

3.2.  Dislocation  density  tensor  for  impotent  eigenstrain 

The  dislocation  density  tensor  for  a  straight  positive  edge  dislocation  along  x3  -axis  with  a  Burgers 
vector  parallel  to  xx  -axis,  as  shown  in  Fig.  2,  is  given  by 

a31  =  b6(xz)6^1)>  (5) 

and  this  dislocation  has  an  eigendistortion 

=  b  fiC-rj)  H(-xJ  or  Pij  =  -bb(x1)  H(-x^ ,  (6) 

since  a31  =  -  =-b  6(x2)  dH(-x1)/dx1  or  a31  =  fi*n2  =  -b  6(*i)  dH(~x2)/dx2  .  The  former  is 

caused  by  a  relative  slip  of  b  on  the  half  plane  (x2=Q,xx<t)  )  in  the  xx  -direction  (Fig.  2(a)),  and  the 
latter  is  caused  by  a  relative  overlap  and  removal  of  b  on  the  half  plane  (*!=(),  x2<0  )  in  the  xx 
-direction  (Fig.  2(b)). 

The  (31)  component  (edge  component)  of  a  dislocation  density  tensor  of  an  impotent  eigen¬ 
distortion  is  given  by 

a31  =  ”  ^21,1  +  Pll,2  an(^  P21,  1  ”  Pll,2  >  (7) 

which  is  satisfied  at  a  point  jc  =  0  if  each  eigendistortion  is  given  by 

&  =  b&(x}H(rxd  or  p*n  =  -  b  H(x2) .  (8) 

It  means  that  a31  can  be  caused  by  a  sum  of  a  relative  slip  on  the  half  plane  (x2=0,  Xj<0  )  in  the  xx 
-direction  and  a  relative  overlap  and  removal  on  the  half  plane  (Xj=0,  x2>0  )  in  the  xx  -direction,  L  e.  it 
is  caused  by  a  movement  of  an  edge  dislocation  along  x3  -axis  coming  in  from  —xl  -direction  and 
climbing  up  towards  x2  -direction,  as  shown  in  Fig.  2(c). 

In  summary,  an  impotent  eigenstrain  can  be  considered  as  a  movement  of  a  dislocation  coming  in 
from  one  direction  and  going  out  towards  another  direction.  For  an  edge  component,  climbing  is 
indispensable.  As  a  result,  no  dislocations  but  a  certain  heterogeneous  plastic  strain  remains  in  the 
material. 

4.  Trace  of  dislocations  for  cylindrical  inclusion 

We  derive  a  concrete  description  of  the  dislocation  movement  for  the  plastic  accommodation.  Here, 
a  composite  containing  a  cylindrical  inclusion  is  loaded  with  shear  stress  x12  =  x21  ,  under  which  the 
matrix  without  inclusions  deforms  with  strain  e12  =  c21  =  ea  .  Shear  deformation  of  a  matrix  material 
by  the  shear  stress  is  brought  about  by  a  glide  motion  of  edge  dislocations  along  the  x3  -axis  with  a 
Burgers  vector  bxx  towards  the  xx  direction  and  that  with  bx2  towards  the  x2  direction,  as  shown  in 
Fig.3.  The  former  generates  distortion  |321  and  the  latter  generates  pi2. 

The  solution  of  the  creep  strain  for  a  composite  containing  a  spherical  inclusion  of  volume  fraction 
/  and  radius  a,  loaded  with  shear  stress  x12  =  %  is  given  in  the  form  of  uf  (i=l,2,3): 


ea  2a2 

<  =  1  +  y  [1  ^  {a\  3xf+xl)  +  4x]x1)]  x2 , 

(9a) 

EA  2tf2 

«2C=  1+  f[ 1  ^6  (fl2(  3x2+X i)+44x2)]x,  , 

(9b) 

and 

“3  =0. 

(9c) 
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A  trace  of  edge  dislocations  drawn  by  the  above  procedure  is  shown  in  Fig.  4.  The  deformation  of 
the  composite  is  brought  about  by  the  movement  and  bending  of  edge  dislocations  along  the  x3  -axis 
with  a  Burgers  vector  bx |  (Fig.  4(a))  and  of  edge  dislocations  along  the  x3  -axis  with  bx2  (Fig. 
4(b)).  We  can  infer  that  the  traces  on  which  bx1  and  bx2  dislocations  moves  satisfy 

U2{xv  xv  x^j  =  constant  and  ul{xv  xv  x3)  =  constant  9  (10) 

respectively.  Figure  4  clearly  reveals  that  dislocations  bypass  the  inclusion  by  climbing  up  or  down  as 
the  elementary  process  of  plastic  accommodation.  This  dislocation  movement  generates  the 
inhomogeneous  distortion. 

The  creep  strain  and  dislocation  movement  in  a  composite  with  aligned  discontinuous  fibers  can  be 
directly  obtained  by  the  present  algorithm.  On  the  other  hand,  it  has  the  following  limit  coming  from 
continuum  micromechanics.  In  addition  to  the  traces  which  pass  the  matrix  from  end  to  end,  some 
dislocations  are  created  near  the  inclusion,  make  a  small  loop  and  annihilate  at  the  created  point,  in 
order  to  satisfy  the  volume  conservation  condition.  Since  dislocations  cannot  be  created  in  actual 
crystalline  materials  except  at  a  certain  sites,  such  activities  might  be  taken  over  by  vacancy  diffusion. 

Although  the  present  analysis  is  for  an  idealized  situation  with  n= 1  and  shows  the  limit  of 
continuum  micromechanics,  visualizing  the  dislocation  activity  promotes  the  understanding  of 
high-temperature  deformation  of  composites. 

Conclusions 

At  elevated  temperatures,  dislocations  can  climb  over  a  particle,  generating  heterogeneous  creep 
strain  which  accommodates  the  strain  mismatch  between  the  matrix  and  the  inclusions  without 
yielding  additional  internal  stresses.  The  non-uniform  strain  rate  in  the  steady  state  is  derived  using 
Eshelby's  method.  During  this  creep  deformation,  a  dislocation  comes  in  from  one  direction  and  goes 
out  towards  another  direction,  so  that  no  dislocation  nor  internal  stress  but  a  heterogeneous  plastic 
strain  remains  in  the  material.  The  trace  of  the  dislocations  around  a  cylindrical  inclusion  in  an 
elastic-viscoplastic  matrix  has  been  drawn  using  the  results  of  the  analysis. 
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Fig.  1  Schematic  of  the  steady-state  creep  of  a  composite,  consisting  of  a  rigid  inclusion  Q  and 
an  elasto-creep  matrix  M  of  v-1/2  and  n=l. 


Fig.  2  A  straight  positive  edge  dislocation  along  x3  -axis  with  a  Burgers  vector  parallel  to  x1  -axis,  (a)  which  is  caused 
by  a  relative  slip  of  b  on  the  half  plane  (x2=0,  Xj<0  ),  and  (b)  which  is  caused  by  a  relative  overlap  and  removal  of  b 
on  the  half  plane  (^=0,  x2<0  ).  The  (31)  component  (edge  component)  of  a  dislocation  density  tensor  of  an  impotent 
eigenstrain;  It  is  caused  by  a  sum  of  a  relative  slip  of  b  on  the  half  plane  (x2=0,X1<0 )  and  a  relative  overlap  and 
removal  of  b  on  the  half  plane  (^=0,  x2>0 ). 


Fig.  3  Configuration  of  a  composite  with  a  cylindrical  inclusion  is  stressed  by  x12  =  x21  • 
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Abstract 

In  succession  to  the  previous  paper,  further  theoretical  study  has  been  carried  out  on  the  mechanism 
for  lattice-diffusion  creep  again  in  the  case  of  a  cube-shaped  grain  subjected  to  a  simple  uniaxial 
tensile  creep  where  the  stress  is  in  z  direction,  taking  actual  diffusion  mechanism,  that  is  vacancy 
mechanism,  into  account.  Firstly,  the  direction  of  the  flow  of  atoms  was  modified  from  horizontal 
direction  (from  lateral  boundaries  to  the  interior  of  the  grain)  to  diagonal  direction  (from  lateral , 
boundaries  to  top  and  bottom  boundaries).  Together  with  this  modification,  re-discussion  on  the 
driving  force  of  the  deformation  was  also  carried  out,  resulting  in  the  conclusion  that  the  diffusional 
deformation  is  caused  by  a  force  applied  to  each  atom  involved  in  the  flow,  and  that  this  force 
coincides  with  a  energy  gradient,  more  precisely  chemical  potential  gradient.  From  the  latteT  fact, 
the  mechanism  proposed  by  Kimura  is  shown  to  be  consistent  with  the  present  mechanism,  and  this 
consistency  corresponds  to  that  in  the  Einstein’s  equation  on  diffusion  where  negative  chemical 
potential  gradient  is  equal  to  the  force  being  applied  to  the  diffusing  species.  Both  mechanisms 
are  concluded  to  be  sound  in  terms  of  macroscopic  stress  field,  in  contrast  to  the  Nabarro -Herring 
mechanism  in  which  a  vacancy  concentration  gradient  based  on  unreal  stress  heterogeneity  is 
assumed  to  be  the  driving  force.  Secondly,  atomistic  process  based  on  the  present  mechanism  was 
discussed.  The  whole  process  was  deduced  to  consist  of  three  elementary  processes:  (i)  creation  of 
a  vacancy  at  the  top  or  bottom  boundary  that  causes  not  only  an  energy  decrease  corresponding  the 
work  done  by  the  tensile  stress  but  also  an  energy  increment  arising  from  elastic  dilatation,  (ii) 
annihilation  of  a  vacancy  at  the  lateral  boundary  which  counterbalances  the  energy  increment 
mentioned  above,  and  (iii)  restoration  of  vacancy  distribution  that  has  been  disturbed  by  the  above 
two  processes. 


1.  Introduction 

In  the  previous  paper  [1]  in  this  conference,  the  authors  described  a  new  theory  [1,  2]  for  the 
mechanism  of  the  lattice-diffusion  creep,  which  is  essentially  different  from  that  proposed  by 
Nabarro  [3]  and  Herring  [4]  (this  will  be  abbreviated  to  N-H  mechanism).  Although  N-H 
mechanism  has  been  so  widely  accepted  that  the  lattice-diffusion  creep  is  also  called  Nabarro- 
Herring  creep  in  most  textbooks  [5-7],  research  papers  [8],  reviews  [9, 10],  etc.,  it  contains  the 
premise  of  vacancy  concentration  gradient  based  on  stress  heterogeneity  that  was  claimed  to  be 
unreal  in  the  previous  paper  as  well  as  by  Mori  et  al.  [11]  The  proposed  flows  of  vacancies  and 
atoms  in  N-H  mechanism  are  illustrated  again  in  this  paper,  in  Fig.  1,  where  stress  heterogeneity  is 
also  indicated  in  a  grain  even  though  a  uniaxial  tensile  stress  is  applied. 

Kimura  [12],  being  independent  of  the  authors,  proposed  another  mechanism  that  is  not 
based  on  the  vacancy  concentration  gradient,  either.  Both  mechanisms  by  Kimura  and  by  the 
authors  are  theoretically  sound  from  the  viewpoint  that  they  do  not  assume  the  vacancy 
concentration  gradient  based  on  unreal  stress  heterogeneity,  although  both  have  some  problems. 
This  paper  describes  these  problems  and  a  modified  mechanism  of  the  authors’. 

Consideration  of  the  direction  of  migration  of  atoms 

First,  all  discussion  in  this  paper  as  in  the  previous  one  will  be  made  on  the  situation  of 
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h  LilLj  tension  uniaxial  tensile  creep,  which  is  schematically 

illustrated  in  Fig.  2.  Comparison  of  the  three 
Compression  mechanisms  is  listed  in  Table  1.  In  the  authors’ 
previous  mechanism,  atoms  on  the  lateral  grain 
Fig.  1  Schematic  drawing  showing  the  boundaries  have  been  assumed  to  move  into 

difiusional  flow  (thin  arrows)  and  interstitial  site  in  the  grain  interior.  This 

local  stress  field  (open  thick  arrows)  assumption  is  obviously  unreal.  Similar  situation 

based  on  the  Nabarro-Herring  can  be  produced  if  edge  dislocations  with  Burgers 
mechanism.  Solid  thick  arrows  vector  parallel  to  the  tensile  axis  are  readily 
indicate  macroscopic  applied  stress.  introduced  from  the  grain  boundaries.  This 

situation  is  illustrated  in  Fig.3,  but  also  seems  to 
be  unreal  because  dislocation  density  must  be  very 
small  at  a  temperature  as  high  as  lattice-diffusion  creep  takes  place.  In  Kimura’s  mechanism,  only 
the  flow  in  z  direction  was  described,  which  will  cause  an  increase  in  volume  when  the  grain  is 
elongated  in  z  direction.  Thus  the  direction  of  the  movement  of  the  atoms  is  deduced  to  be  most 
reasonable  in  the  N-H  mechanism:  diagonal  path  from  the  lateral  boundaries  to  the  top  and  bottom 
boundaries.  However,  the  modification  in  the  flow  direction  of  atoms  is  not  a  serious  problem 
both  in  Kimura’s  and  the  authors’ mechanisms,  since  the  direction  of  the  force  applied  to  atoms  and 
that  of  the  energy  gradient  can  be  readily  changed  according  to  the  direction  of  the  flow. 

In  the  authors’  mechanism,  the  direction  of  the  force  was  initially  decided  considering  the 
situation  where  the  grain  was  first  subjected  to  a  elastic  deformation  in  z  direction  and  then  to 


Compression 

Fig.  1  Schematic  drawing  showing  the 
difiusional  flow  (thin  arrows)  and 
local  stress  field  (open  thick  arrows) 
based  on  the  Nabarro-Herring 
mechanism.  Solid  thick  arrows 
indicate  macroscopic  applied  stress. 


Table  1  Comparison  of  the  three  mechanisms  for  lattice-diffusion  creep 


Mechanism 

N-H 

Itoh-Nojima 

Kimura 

Origin  of  the 
diffusion 

i 

Process 

Tensile  stress 

i 

Stress  heterogeneity 

1 

Vacancy  concentration 
gradient 

1 

Vacancy  flow 

Atom  flow 

Tensile  stress 

1 

Force  applied  to  atom 
in*  andy  directions 

i 

Atom  flow 

Tensile  stress 

1 

Energy  gradient  in  z 
direction 

Atom  flow 

Direction  of  atom 
migration 

y-z  boundary  to  x-y 
boundary 

*  and/or  y  direction 

z  direction 
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diffusional  flow  with  the  top  and  bottom 
boundaries  fixed,  which  should  bring  about  a 
contraction  in  x  and  y  directions.  In  this 
contraction  process,  elastic  elongation  in  z  direction 
is  converted  into  plastic  elongation,  and  the  atoms 
on  the  lateral  boundaries  must  move  to  the  top  and 
bottom  boundaries  if  there  is  no  interstitial  site 
inside  the  grain.  Therefore,  the  direction  of  atom 
flow  must  be  changed  even  using  the  previous 
method  for  deciding  the  direction.  Once  the 
direction  of  atom  flow  is  decided,  the  direction  of 
the  force  applied  to  the  atoms  is  automatically 
decided  to  be  the  same  by  the  Einstein’s  equation, 

V  =  MF  =  DF/kT ,  (1) 

where  V,  M ,  F,  D,  k  and  T  are  velocity  of  an  atom, 
mobility,  the  force,  self-diffusion  coefficient, 

Boltzmann  constant  and  absolute  temperature, 
respectively,  and  there  is  a  relationship  of  M=D/kT 
between  D  and  M. 

Assume  that  only  the  atoms  at  the  two  y-z 
boundaries  in  a  cube-shaped  grain  (simple  cubic 
lattice  with  lattice  constant  a)  of  side  length  d, 
move  linearly  to  the  top  or  bottom  boundaries  in  diagonal  directions,  as  illustrated  in  Fig.  4,  then 
the  same  process  and  deformation  amount  as  in  the  previous  papers  can  be  led.  The  number  of 
moving  atoms  is  that  of  monolayeT  of  atoms  of  the  two  lateral  boundaries,  namely  2{d!df,  and  the 
average  migration  length  is  VTrf/4,  providing  the  total  deformation  distance 
AX=(  Jl  d/4)  X  2(d/af  =  d*/2a2.  (2) 

In  the  actual  deformation,  identical  strain  can  be  obtained  if  the  atom  A  in  Fig.  4,  for  example,  does 
not  move  directly  to  the  top  grain  boundary  but  another  atom  does,  by  receiving  the  baton  so  to 
speak.  Thus,  all  the  atoms  in  the  region  swept  by  the  arrows  can  be  considered  to  relate  to  the 
deformation f .  Since  the  number  of  such  atoms  is  (d/a)3/2=d3/2a3t  average  migration  distance  Ax 
for  an  atom  is  expressed  as 

Ax  =  AX/(<Pl2c?yr2a.  (3) 

The  F  has  been  defined  as  a  force,  which  is  the  driving  force  of  the  diffusion  and  is  applied  to  an 
atom,  and  hence  the  work  w7  that  has  been  done  by  this  force  to  an  atom  in  the  deformation  is  given 
by 

w,=F4x=y[2aF.  (4) 

On  the  other  hand  in  the  macroscopic  point  of  view,  tensile  load  of  crXd2  has  brought 
about  the  deformation  amount  of  2a.  Therefore,  the  work  per  an  atom  involved,  w2,  which  has 
been  done  by  this  tensile  load  should  be, 

w2  =  crd2  X  2a/  (d3/2a3)  =  4  (7aVd.  (5) 

Since  the  work  given  by  the  force  F  to  an  atom  must  coincide  with  that  per  an  atom  obtained  from 
macroscopic  work,  that  is  w2=  w2, 

-JlaF  =  A  aaVd 

F=2-j2tFald  =  2V2  Q  a  Id,  (6) 

where  Q ,  the  atomic  volume,  is  equal  to  a3.  From  Einstein’s  equation  (Eq.  1)  and  Eq.  6, 

V=  FD/kT  =  2V2  Q  aD/dkT.  (7) 

From  Eqs.  (3)  and  (7),  letting  the  time  for  the  deformation  be  ?, 

t  =Ax/K  =  V2  a/ (2 -Jl  Q  aD/dkT)  =  adkT/l  Q  aD.  (8) 

The  strain  of  2 aid  is  produced  within  this  time  with  respect  to  the  migration  from  y-z  boundaries  to 


Fig.  3  Schematic  drawing  showing 
the  migration  of  atoms  on  the  lateral 
boundary  into  edge  dislocations. 


f  In  the  previous  papers  [1,2],  all  the  atoms  in  the  grain  were  considered  to  relate  the  deformation, 
but  the  number  of  the  atoms  involved  does  not  affect  the  conclusion  since  it  is  included  both  in  wl 
andw2. 
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x-y  boundaries.  An  identical  amount  of  strain 
should  be  produced  simultaneously  with  respect  to 
the  migration  from  x-z  boundaries,  which  was  not 
taken  into  account  #  in  the  previous  papers. 
Therefore,  strain  rate  i  is  given  by 

i  =  2 X (2 afd)/t  =  8Q  (TD/d2kT.  (9) 

This  is  a  modified  description  of  strain  rate  in  the 
lattice-diffusion  creep  by  the  present  authors  which 
is  not  based  on  stress  heterogeneity,  although  the 
equation  is  identical  with  that  in  the  previous  papers, 
except  the  factor  of  8  instead  of  16. 

The  same  conclusion  can  be  drawn  in  terms 
of  energy  gradient  or  chemical  potential  gradient 
instead  of  F.  From  the  above  discussion  with 
respect  to  Eqs.  4  to  6 ,  F  can  be  represented  as  F  - 
wj  A  x ,  where  w2  (  >  0)  coincides  with  energy 
decrease  per  atom  by  the  deformation,  —  A E  (AE 
<0).  In  this  situation  on  pure  metal,  chemical 
potential  change  A  fL  is  also  coincident  with  AE. 

F  =  ~  AE  f  Ax -—A  Ilf  Ax, 


Fig.  4  Schematic  diagram  showing 
plausible  diffusion  path  of  atoms. 


Thus, 

(10) 


through  which  exactly  the  same  equation  as  Eq.  9  can  be  derived  when  energy  decrease  or  chemical 
potential  change  by  the  deformation  is  taken  into  account  instead  of  the  force  F.  This  is  consistent 
with  the  fact  that  the  Einstein’s  equation  (Eq.  1)  can  be  described  in  another  form, 

V=-MVu  (  =  MF  =  DF/kT ).  (11) 

In  conclusion,  both  the  authors’  and  Kimura’s  mechanisms  in  which  the  driving  force  for  diffusion 
was  explained  in  terms  of  the  force  F  and  of  the  negative  energy  gradient  —  A  E,  respectively,  are 
correspondent  to  each  other.  In  this  paper,  the  two  will  be  referred  to  as  I-N-K  mechanism  from 
now  on,  unless  distinction  is  needed.  After  the  modification  in  the  direction  of  migration  of  atoms, 
it  can  be  again  concluded  that  the  two  are  more  plausible  in  that  they  do  not  assume  vacancy 
concentration  gradient  based  on  unreal  stress  heterogeneity  in  the  grain. 


Correlation  with  the  actual  elementary  process  of  diffusion:  vacancy  mechanism 

Although  the  newly  established  I-N-K  mechanism  has  been  concluded  to  be  sound  in  terms 
of  macroscopic  stress  field,  some  interpretation  should  be  needed  in  relation  to  the  atomistic  process 
of  diffusion.  Seemingly,  potential  energy  of  the  grain  might  not  change  when  a  jump  of  an  atom 
into  a  vacant  site  takes  place  as  shown  in  Fig.  5.  However,  by  considering  the  energy  change  of 
the  whole  grain,  this  will  be  interpreted  reasonably.  One  of  the  ways  of  producing  a  plastic  strain 
of  aid,  is  introduction  of  monolayer  of  vacancies  at  the  second  layer  of  the  top  boundary  by  jumps  of 
the  very  top  layer  of  atoms  in  z  direction,  as  illustrated  in  Fig.  6.  Although  this  process  contributes 
the  energy  decrease  or  the  work  done  by  the  tensile  stress,  ad2Xa ,  it  also  causes  a  dilatation  Ay= 
ad 2,  increase  in  volume,  accompanied  by  a  hydrostatic  compressive  stress  ~P  (P  >  0),  resulting  in 
an  energy  increase  of  P  A  V/2.  Letting  the  bulk  modulus  of  the  material  be  K,  then 
P  =  KAVfd3.  (11) 

By  extrapolating  this  process  into  introduction  of  a  single  vacancy,  AV  becomes  equal  to  Q,  and 
energy  increase  per  an  vacancy  AEV  is  expressed  as 
AEy  =  KQ2f2d\  (12) 

To  reduce  this  energy  increase,  a  vacancy  should  annihilate  somewhere  in  the  grain.  The  reverse 
process  might  take  place:  the  newly  created  vacancy  might  annihilate  at  the  top  boundary.  It  is 
obvious,  however,  that  this  reverse  process  increases  the  energy,  w3,  that  has  been  reduced  by 
creating  the  vacancy.  The  amount  of  w3  is  given  by, 
w3  =  a  d2Xa/ (d/a)2  =  a  a3  -a  Q. 


(13) 
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0  Atom 


O  Vacancy 


Fig.  5  A  jump  of  an  atom  following  the  flow  process  shown  in  Fig.  4 


Hence,  the  most  probable  site  of  the  vacancy 
annihilation  is  deduced  to  be  the  lateral 
boundary.  The  net  energy  decrease  of  this 
set  of  elementary  processes  is  obviously  vv3, 
being  related  to  the  w2  obtained 
macroscopically  in  the  previous  section.  To 
continue  this  set  of  processes,  flow  of 
vacancies  in  the  direction  which  is  contrary  to 
that  of  atoms  shown  in  Fig.  4  is  needed. 
This  corresponds  to  a  redistribution  of 
vacancies  in  the  grain  where  a  new  vacancy 
has  been  created  at  a  top  or  bottom  boundary 
while  one  has  been  annihilated  at  a  lateral 
boundary.  A  flow  chart  indicating  the 
elementary  processes  in  the  above  discussion 
is  shown  in  Fig.  7.  In  the  actual  deformation, 
however,  all  of  the  elementary  processes  will 


J3-  .  o  & 

Atom  Vacancy 


6  Creation  of  mono-layer  of  vacancies  at 
the  second  row  from  the  top  boundary 


take  place  simultaneously  from  the  statistic 

point  of  view,  because  creation,  annihilation  and  diffusion  of  vacancies  are  always  taking  place  in 
the  grain  although  the  creation  and  annihilation  are  balanced  and  the  diffusion  is  random  unless  the 
stress  is  applied.  It  is  natural  that  the  strain  rate  obtained  from  the  above  flow  of  vacancies  should 
be  identical  with  that  obtained  macroscopic  discussion  in  the  previous  section,  since  the  net  energy 


decrease  w2  or  w3  is  the  same. 

In  the  N-H  mechanism,  the  energy  decrease  w3  was  thought  to  decrease  the  activation  energy 
for  vacancy  creation  at  the  top  and  bottom  boundaries,  leading  to  an  increase  in  local  equilibrium 
vacancy  concentration.  Although  the  energy  increase  ^Ey  was  not  taken  into  account  in  the  N-H 
mechanism,  the  concept  of  vacancy  concentration  rise  is  in  an  indirect  agreement  with  the 
discussion  in  the  previous  paragraph.  Nevertheless,  it  must  be  emphasized  that  no  such  energy 
decrease  accompanied  with  local  vacancy  concentration  occurs  at  the  lateral  boundaries,  and  hence 
that  the  treatment  of  vacancy  flow  using  Fick’s  law  is  not  appropriate  to  interpret  the  flow  of  atoms 
since  the  other  regions  of  the  grain  including  lateral  boundaries  have  the  same  vacancy 
concentration. 
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Summary 

The  lattice-diffusion  creep 
mechanism  that  was  originally 
proposed  in  the  previous  paper  and  not 
based  on  unreal  stress  heterogeneity 
was  successfully  modified  taking 
actual  diffusion  mechanism,  that  is 
vacancy  mechanism,  into  account. 
Firstly,  the  direction  of  the  flow  of 
atoms  was  modified  from  horizontal 
direction  (from  lateral  boundaries  to 
the  interior  of  the  grain)  to  diagonal 
direction  (from  lateral  boundaries  to 
top  and  bottom  boundaries). 
Together  with  this  modification,  re- 
discussion  on  the  driving  force  of  the 
deformation  was  also  carried  out.  It 


Fig.  7  Flow  chart  showing  elementary  processes  in 
the  present  mechanism  for  lattice-diffusion  creep. 


was  concluded  that  the  diffusional 

deformation  is  caused  by  a  force  applied  to  each  atom  involved  in  the  flow  or  by  an  energy  gradient, 
more  precisely  chemical  potential  gradient.  The  equality  of  the  force  and  the  negative  chemical 
potential  gradient  was  reasonable  in  terms  of  the  Einstein’s  equation  on  diffusion,  leading  to  the 
agreement  of  the  present  mechanism  with  that  proposed  by  Kimura.  Both  mechanisms  are 
concluded  to  be  sound  in  terms  of  macroscopic  stress  field,  in  contrast  to  the  Nabarro-Herring 
mechanism  in  which  a  vacancy  concentration  gradient  based  on  unreal  stress  heterogeneity  is 
assumed  to  be  the  driving  force.  Secondly,  atomistic  process  based  on  the  present  mechanism  was 
discussed,  resulting  in  consistency  with  the  macroscopic  feature  mentioned  above.  The  set  of  the 
elementary  processes  was  deduced  to  consist  of  (i)  creation  of  a  vacancy  at  the  top  or  bottom 
boundary  that  causes  an  energy  increment  arising  from  elastic  dilatation  together  with  an  energy 
decrease  corresponding  to  the  work  done  by  the  tensile  stress,  (ii)  annihilation  of  a  vacancy  at  the 
lateral  boundary  that  cancels  the  energy  increment  mentioned  above,  and  (iii)  restoration  of  vacancy 
distribution  that  has  been  disturbed  by  the  above  two  processes. 
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Abstract 

Research  was  conducted  to  clarify  the  effect  of  substructure  on  the  creep  properties  of 
advanced  ferritic  heat  resistant  steels  strengthened  by  fine  carbonitride s.  To  this  end,  creep  testing 
and  microstructural  examination  was  carried  out  on  Fe-C-Mn-Nb-V  systems  exhibiting  simpler  and 
more  stable  microstructures  with  similar  dispersion  of  fine  carbonitrides.  Several  heats  of  Fe-C- 
Mn-Nb-V  systems  with  or  without  small  amounts  of  solution  strengthening  molybdenum  and 
tungsten  were  melted  in  a  vacuum  induction  furnace,  forged,  rolled,  and  heat-treated.  Constant 
load  creep  tests  were  carried  out  on  these  samples  and  the  microstructure  was  examined  before  and 
after  creep  exposure.  While  the  minimum  creep  rate  of  the  Fe-0.05C-0.08Nb-0.2V  specimen 
which  was  composed  of  a  ferrite  matrix  with  low  dislocation  density  and  fine  (Nb,  V)C  carbides 
was  more  than  one  order  of  magnitude  lower  than  an  Fe-0.006C  specimen  which  was  composed  of 
ferrite  matrix,  both  specimens  exhibited  similarly  shaped  creep  curves  with  a  relatively  long-term 
steady  creep  region.  Showing  bainitic  microstructure  and  similar  dispersion  of  (Nb,  V)C  carbides, 
Fe-0.05C-0.08Nb-0.2V  specimen  with  added  manganese  had  a  minimum  creep  rate  one  order  lower 
than  the  Fe-0.05C-0.08Nb-0.2V  specimen.  However,  it  featured  a  very  different  creep  curve  in 
which  the  steady  creep  region  was  completely  eliminated  and  a  long  term  accelerated  creep  region 
was  observed.  These  creep  curve  characteristics  were  related  to  the  results  of  microstructural 
examination  focused  especially  on  substructure. 

Introduction 

In  recent  years,  given  ecological  and  economical  demands  to  improve  the  efficiency  and/or 
reduce  the  cost  of  fossil  fired  power  plants,  several  heat  resistant  steelsf  I]  [2]  have  been  developed 
with  superior  properties  and  applied  for  high  temperature  components  of  power  boilers.  Among 
these  materials,  advanced  ferritic  steels  (ASME  Grades  23,  91,  92,  122,  etc.)  are  being  used  or 
planned  for  use  in  thick  wall  high  temperature  components  including  high  temperature  steam  piping. 
Because  thinner  walls  and  consequent  reductions  in  material  costs  can  be  achieved  based  on  the 
higher  allowable  design  stress  of  such  materials,  extensive  researches  is  being  conducted  to  further 
develop  materials  with  improved  high  temperature  properties. 

A  number  of  fundamental  research  projects  have  also  been  carried  out  to  reveal  the 
strengthening  mechanisms  of  these  materials,  which  include  around  a  dozen  alloying  elements  to 
achieve  high  strength.  Additions  of  these  elements  cause  several  types  of  precipitates  and 
complex  dislocation  substructure  resulting  from  martensitic  or  bainitic  transformation.  During  creep, 
these  precipitates  are  coarsened  or  transformed  to  other  types,  dynamic  recovery  annihilates 
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dislocations  and  stable  subgrains  are  formed.  Owing  to  the  sophisticated  microstructural 
characteristics  of  these  materials,  strengthening  mechanisms  have  yet  to  be  sufficiently  clarified, 
especially  the  effect  of  dislocation  substructure  on  creep. 

Accordingly,  the  research  presented  here  aimed  to  elucidate  the  effect  of  substructure  on  the 
creep  properties.  Four  heats  of  Fe-C-Mn-Nb-V  alloys,  including  one  type  of  stable  precipitates 
with  different  dislocation  substructures,  were  melted  and  the  specimens  were  subjected  to  creep 
tests  and  microstructural  examination.  The  effect  of  substructure  on  creep  properties  was 
discussed  based  on  the  experimental  results. 

Experimental  Details 
Test  samples 

Six  ingots,  each  weighing  50kg,  were  melted  in  a  vacuum  induction  furnace,  forged  into  25mm 
thick  plates,  and  heat  treated.  Analyses  of  chemical  compositions  are  listed  in  Table  1,  along  with 
cooling  procedures  employed  after  normalization  and  observed  microstructures.  The  fundamental 
characteristics  of  each  sample  are  as  follows: 

F  :  Fe-Mn  alloy  of  ferritic  microstructure  with  no  precipitate,  resulting  from  extremely  low 
carbon  content, 

B  :  Fe-Mn  alloy  of  bainitic  microstructure  with  large  cementite  particles  resulting  from 
increased  carbon  content  and  water  quench  after  solution  treatment  to  induce  bainite, 

PF  :  Fe-Mn  alloy  of  ferritic  microstructure  with  fine  Nb-V  carbides, 

PB  :  Fe-Mn  alloy  of  bainitic  microstructure  with  fine  Nb-V  carbides, 

SPF  :  Fe-Mn-Mo-W  alloy  of  ferritic  microstructure  with  fine  Nb-V  carbides,  and 
SPB  :  Fe-Mn-Mo-W  alloy  of  bainitic  microstructure  with  fine  Nb-V  carbides. 


Table  1  Chemical  composition  of  test  samples 


Mark 

C 

Si 

Mn 

Mo 

W 

Nb 

V 

Cooling 

Procedure* 

Microstructure 

F 

0.006 

0.35 

1.61 

- 

- 

- 

- 

AC 

Ferrite 

B 

0.21 

0.26 

1.26 

- 

- 

- 

- 

WQ 

Bainite 

PF 

0.07 

0.35 

0.41 

- 

- 

0.085 

0.193 

AC 

Ferrite 

PB 

0.05 

0.36 

1.61 

- 

- 

0.081 

0.195 

OQ 

Bainite 

SPF 

0.06 

0.37 

0.40 

0.15 

0.63 

0.090 

0.197 

AC 

Ferrite 

SPB 

0.05 

0.36 

1.61 

0.16 

0.63 

0.088 

0.195 

OQ 

Bainite 

WQ:  Water  Quenching,  AC:  Air  Cooling,  OQ:  Oil  Quenching 


The  contents  of  Mo  and  W  were  determined  using  ‘Thermo-Calc’  software  in  order  to  prevent 
forming  any  precipitates  of  these  elements  from  during  heat  treatment  and  creep  testing.  Whole 
specimens  were  normalized  for  1.2  ks  at  1273  K  and  tempered  for  1.8  ks  at  1023  K,  except  for  the 
material  ‘B’.  Material  ‘B’  was  normalized  at  the  same  temperature  but  tempered  at  873  K  due  to 
lower  Acl  transformation  temperature  resulting  from  higher  amounts  of  carbon. 
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Creep  test 

The  constant  load  creep  test  was  performed  at  873 K  in  an  air  atmosphere.  Some  test  sessions 
were  interrupted  before  rupture  and  specimens  were  forced  air  cooled  under  stress  so  as  to  examine 
the  dislocation  microstructure  during  creep. 

Microstructural  examination 

Optical  microstructures  were  examined  to  characterize  the  microstructure  of  specimens  after 
heat  treatment.  The  distribution  of  precipitates  was  observed  primarily  using  a  Field  Emission 
Scanning  Electron  Microscope  (FE-SEM)  with  magnification  of  20k  to  50k.  TEM  examination  of 
dislocation  substructure  was  conducted  on  as-heat  treated  and  crept  specimens.  The  TEM 
specimens  were  sampled  with  the  specimen  disc  surface  parallel  to  the  stress  direction 

Results  and  Discussions 
Creep  properties 

An  example  of  creep  curves  is  shown  in  Fig.  1.  The  addition  of  small  amounts  of  niobium 
and  vanadium  (‘PF’  to  ‘F’  and  ‘PB’  to  ‘B’)  increased  creep  rupture  life  by  more  than  one  order  of 
magnitude.  Although  the  bainitic  microstructure  improves  the  creep  rupture  life  to  the  base 
materials  (‘B’  to  ‘F’)  only  slightly,  a  minor  strengthening  was  achieved  in  precipitation 
strengthened  materials  (‘PB’  to  ‘PF’)  and  a  significant  strengthening  was  obtained  in  precipitation 
and  solution  strengthened  materials  (‘SPF’  to  ‘SPB’).  The  bainitic  microstructure  may  therefore 
be  considered  not  to  be  an  effective  strengthening  method  alone,  but  to  be  valuable  in  combination 
with  other  strengthening  methods. 

Evaluated  by  the  slope  of  the  creep  curve,  the  instantaneous  creep  rate  is  plotted  against  creep  strain 
as  shown  in  Fig.  2,  and  two  types  of  curve  were  clearly  identified.  One,  found  in  ferritic 
specimens  (F,  PF  and  SPF),  has  a  relatively  long  steady  state,  and  the  other  observed  in  bainitic 
specimens  (B,  PB  and  SPG),  has  no  steady  state  but  a  long  accelerated  creep  stage.  For  the 
bainitic  specimens,  the  steeper  slope  of  the  accelerated  creep  stage  in  the  figure  was  obtained  in 


E 

E 

4 


Fig.  1  Example  of  creep  curves  of  specimens  Fig.  2  Spontaneous  creep  rate  against  creep 
tested  at  873K,  98MPa  strain  at  873K,  98MPa 


300 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


stronger  materials.  The  strongest  material  ‘SPG’  exhibits  a  creep  rate  at  10%  creep  strain  three 
orders  greater  than  the  minimum  creep  rate.  Thus,  the  creep  rates  of  bainitic  materials  are 
obviously  lower  at  the  beginning  of  the  accelerated  creep  regime,  but  appear  to  become  similar  or 
greater  later  in  the  regime  at  a  creep  strain  beyond  about  5%. 

Microstnictures 

The  distribution  of  precipitates  was  examined  using  the  FE-SEM,  and  an  example  is  shown  in 
Fig.  3.  The  material  ‘PF’  including  Nb  and  V  was  found  to  contain  fine  particles  with  an  average 
diameter  on  the  order  of  30nm  which  were  identified  as  (Nb,  V)C  by  TEM  analysis,  while  bulky 
Fe3C  particles  were  found  in  the  material  ‘G\  Four  materials  alloying  Nb  and  V,  ‘PF’,  ‘PB’,  ‘SPF’ 
and  ‘SPB’,  were  confirmed  to  contain  fine  (Nb,  V)C  and  these  were  also  verified  to  have  similar 
particle  size  and  spacing.  Therefore,  neither  bainitic  microstructure  not  the  addition  of  small 
amounts  of  Mo  and  W  are  considered  to  significantly  affect  the  precipitation  of  (Nb,  V)C.  The 
distribution  of  precipitates  was  also  examined  in  crept  specimens.  Little  coarsening  of  (Nb,  V)C 
was  recognized  in  whole  specimens  containing  (Nb,  V)C  during  creep  tests  conducted  in  this  study, 
in  which  the  maximum  duration  was  around  2.4Ms  at  873K. 

The  dislocation  substructure  was  investigated  in  specimens  before  and  during  creep  testing. 
Before  creep  testing,  a  relatively  low  density  of  dislocations  was  observed  in  ferritic  specimens 
without  apparent  subgrain  structure,  although  numerous  dislocations  with  subgrain  structure  were 
identified  in  bainitic  specimens,  as  shown  in  Fig.  4.  Fig.  5  shows  the  substructures  of  the  same 


Material  F  Material  PF 

Fig.  3  FE-SEM  micrographs  of  materials  F  and  PF 


Fig.  4  TEM  micrographs  of  materials  F  and  SPB  before  creep  exposure 
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Material  F  Material  SPB 

Fig.  5  TEM  micrographs  of  materials  F  and  SPB  during  creep  exposure 
(873K,  98MPa,  £^5%) 


materials  after  creep  exposure  to  creep  strain  of  approximately  5%.  During  creep,  obvious 
dislocation  subgrains  were  seen  to  develop  in  ferritic  specimens,  while  bainitic  specimens  exhibited 
extensive  reduction  in  dislocation  density  and  larger  subgrains.  The  dislocation  substructures  of 
both  ferritic  and  bainitic  specimens  were  found  to  be  almost  equivalent  in  specimens  crept  to  5%  of 
creep  strain,  the  point  at  which  the  creep  rate  of  bainitic  specimens  increased  to  that  of  ferritic 
specimens. 

Effect  of  substructure  on  creep  properties 

The  relation  between  creep  rate  and  creep  strain  is  shown  in  Fig.  6.  In  ferritic  specimens,  the 
creep  process  is  mostly  composed  of  steady  creep  regime.  Fine  dispersion  of  precipitates  and 
addition  of  solution  strengthening  elements  reduce  the  creep  rate  over  the  entire  range  of  the  creep 
process.  Therefore  the  degree  of  strengthening  attributable  to  particle  dispersion  and  solute  atoms 
is  considered  to  be  independent  of  creep  strain  and  exposure  time  in  ferritic  specimens. 


Fig.  6  Relation  between  creep  rate  and  creep  strain  of  ferritic  specimens 
and  bainitic  specimens 
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On  the  other  hand,  the  creep  process  in  bainitic  specimens  consists  mainly  of  accelerated  creep 
regime.  Although  the  bainitic  specimens  exhibit  much  lower  creep  rate  at  the  beginning  of  the 
accelerated  creep  regime  than  corresponding  ferritic  specimens,  the  creep  rate  reaches  a  similar 
value  at  4  to  10  %  of  creep  strain  further  along  the  accelerated  creep  regime.  Accordingly,  while 
the  examination  of  substructure  revealed  that  bainitic  materials  exhibited  harder  substructure 
containing  numerous  dislocations,  the  dislocation  density  of  bainitic  specimens  was  found  to  be 
greatly  reduced  to  that  of  ferritic  specimens,  and  the  substructure  of  bainitic  specimens  was  also 
seen  to  be  similar  to  that  of  ferritic  specimens.  The  long  term  acceleration  creep  regime  in  bainitic 
specimens  is  therefore  considered  to  be  caused  by  the  recovery  process,  that  is,  annihilation  of 
excess  dislocations  formed  by  the  bainitic  transformation  and  growth  of  subgrains  during  creep. 
Thus,  the  creep  strengthening  of  bainitic  substructure  is  considered  to  be  dependent  on  creep  strain. 

Strengthening  mechanisms  by  substructure  are  illustrated  in  Fig.  7.  In  ferritic  specimens, 
dislocation  substructure  would  be  formed  during  primary  creep  regime,  and  the  back  stress  induced 
by  the  substructure  would  not  be  changed  during  the  long  steady  state.  On  the  other  hand,  while 
the  excess  dislocations  in  bainitic  specimens  would  induce  higher  back  stress  during  the  early  stage 
of  creep,  this  would  be  gradually  reduced  due  to  the  dynamic  recovery  process  during  the  long 
accelerated  creep  regime.  The  difference  in  back  stress  is  considered  to  affect  the  shape  of  creep 
curves  as  well  as  creep  strength. 


Fig.  7  Strengthening  mechanism  by  sub-structure 


Conclusions 

Research  was  conducted  on  carbon  steels  alloying  small  amounts  of  strengthening  elements  to 
simplify  the  microstructure  of  advanced  ferritic  heat  resistant  steels  in  order  to  verify  the  effect  of 
dislocation  substructure  on  creep  properties.  The  conclusions  are  as  follows: 

1)  Bainitic  structure  raised  the  creep  strength  of  base,  particle-strengthened,  and  solution- 
strengthened  materials. 
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2)  While  ferritic  specimens  possessed  creep  curves  having  a  long  steady  state  regime,  bainitic 
specimens  exhibited  creep  curves  having  no  steady  state  but  a  long  accelerated  creep  regime. 

3)  Although  strengthening  by  bainite  structure  resulted  in  remarkably  lower  minimum  creep  rate, 
the  creep  rate  increased  toward  similar  values  of  ferritic  specimens  by  4  to  10%  of  creep  strain. 

4)  Formed  in  bainitic  steel  due  to  bainite  transformation  and  recovered  during  creep,  the 
dislocation  subgrain  structure  was  not  formed  in  ferritic  specimens  prior  to  creep  testing  but 
instead  developed  during  creep  exposure.  Bainitic  specimens  exhibited  a  dislocation 
substructure  similar  to  corresponding  ferritic  specimens  at  the  creep  strain  at  which  a  similar 
creep  rate  was  obtained. 

5)  Strengthening  due  to  dislocation  substructure  by  bainitic  transformation  was  considered  to 
cause  significant  reduction  in  the  creep  rate  at  the  early  stage  of  creep,  but  the  effect  was 
considered  to  be  eliminated  as  a  result  of  dynamic  recovery  during  creep  at  a  later  stage. 
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Low  Alloy  Steel 

Y.  Chuman1,  M.  Yamauchi1  and  T.  Hiroe2 

1  Mitsubishi  Heavy  Industries,  Ltd.,  Nagasaki  R&D  Center, 

Fukahori-Machi  5-717-1,  Nagasaki  851-0392,  Japan 

2  Kumamoto  University,  Kurokami  2-39-1,  Kumamoto  860-8555,  Japan 

Keywords:  Creep  Damage,  Multiaxial  Stress,  Maximum  Principal  Stress,  Mises  Equivalent  Stress, 
Huddleston  Equivalent  Stress,  Hydrostatic  Stress,  Ductility  Exhaustion  Method,  2.25Cr-1Mo  Steel 


Abstract  A  creep  damage  evaluation  procedure  under  a  multiaxial  stress  condition  was 
investigated.  Creep  tests  of  2.25Cr-lMo  steel  hollow  cylindrical  specimens  heat-treated  to  simulate 
coarse  grain  in  heat  affected  zone  were  conducted  under  the  condition  of  combined  axial  load  and 
internal  pressure.  The  stress  conditions  were  almost  equibiaxial  on  the  outer  surface  and  almost 
uniaxial  on  the  inner  surface  in  the  specimen.  After  the  tests,  the  distribution  of  creep  cavity  density 
that  was  considered  to  represent  an  amount  of  creep  damage  was  measured  along  a  radial  direction 
in  wall  thickness. 

The  distribution  of  creep  damage  in  wall  thickness  was  evaluated  using  maximum  principal 
stress,  Mises  equivalent  stress,  Huddleston  equivalent  stress  and  ductility  exhaustion  method  to 
compare  with  the  measured  creep  cavity  density.  The  tendency  of  the  creep  damage  distributions 
evaluated  by  Mises  and  Huddleston  equivalent  stresses  was  different  from  the  observed  creep 
damage  distribution.  On  the  other  hand,  the  results  estimated  by  maximum  principal  stress  and 
ductility  exhaustion  method  were  in  good  agreement  with  the  measured  creep  damage  distribution. 
Based  on  the  above  results,  a  new  creep  damage  evaluation  procedure  under  multiaxial  stress 
condition  was  proposed  by  taking  into  account  the  effect  of  the  hydrostatic  stress. 

Introduction 

Recently,  creep  cracks,  termed  Type  III  in  coarse-grained  heat  affected  zone  (C.G.HAZ)  and 
Type  IV  in  fine-grained  heat-affected  zone  (F.G.HAZ),  have  been  detected  in  weldment  of  low  alloy 
steel  in  high  energy  piping  of  aged  fossil-fired  power  plants.  The  stress  in  the  weldment  is  in 
multiaxial  condition,  therefore  it  is  necessary  to  establish  the  creep  damage  evaluation  procedure 
under  multiaxial  stress  in  order  to  develop  an  analytical  life  assessment  method. 

In  this  study,  creep  tests  of  2.25Cr-lMo  steel  hollow  cylindrical  specimens  heat-treated  to 
simulated  C.G.HAZ  were  conducted  under  the  condition  of  combined  axial  load  and  internal 
pressure.  After  the  specimens  were  ruptured,  the  distribution  of  creep  cavity  density  that  was 
considered  to  represents  an  amount  of  creep  damage  was  measured  along  a  radial  direction.  And 
then,  Creep  damage  evaluation  procedure  under  multiaxial  stress  condition  was  studied  by 
comparing  the  creep  voids  density  distribution  and  predicted  creep  damage  distribution. 
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Multiaxial  Creep  test 
Material  and  Specimen 

Material  used  in  the  creep  tests  was  a  2.25Cr-lMo  steel  pipe.  The  chemical  composition  and  the 
mechanical  properties  are  shown  in  Table  1  and  Table  2,  respectively.  Before  machinery  work,  the 
pipe  was  heat-treated  to  simulate  the  thermal  history  of  coarse  grain  in  heat  affected  zone  in  the 
condition  shown  below: 

1300°C  X  15sec+AC 
After  the  heat-treatment,  the  grain  size  was  about  100  }l  m. 

Figure  1  shows  a  shape  of  the  specimen.  Two  types  of  specimen  shown  below  were  used  in  order  to 
make  different  stress  distribution  in  wall  thickness: 

(1)  thick  hollow  cylinder  (40mm  in  outer  diameter  and  8mm  in  thickness) 

(2)  thin  hollow  cylinder  (40mm  in  outer  diameter  and  4mm  in  thickness) 


Testing  Method  and  Condition 

The  creep  tests  were  carried  out  under  the  condition  of  combined  axial  load  and  internal  pressure. 
The  condition  of  axial  load  and  internal  pressure  were  determined  with  steady  state  creep  analysis 
assuming  the  Norton’s  law  in  order  to  make  an  equibiaxial  stress  condition  on  the  outer  surface  as 
follows: 


(1)  axial  load  F=18.6kN  and  internal  pressure  P=37MPa  for  thick  specimen 

(2)  axial  load  F=11.7kN  and  internal  pressure  P=14MPa  for  thin  specimen 
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Fig.l  Shape  and  dimension  of  specimen 


Table  1  Chemical  composition  (wt.%) 


C 

Si 

Mn 

P 

S 

Cr 

Mo 

0.11 

0.26 

0.46 

0.016 

0.007 

0.207 

0.094 

Table  2  Mechanical  properties  (RT) 
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Fig- 2  Distribution  of  steady  stress  and  triaxiality  factor  in  wall-thickness  of  the  specimen 
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The  steady  stress  on  outer  surface  was  59MPa  and  test  temperature  was  620°C. 

Figure  2  shows  the  distribution  of  steady  stress  and  the  triaxiality  factor  in  wall  thickness  of  the 
specimen.  The  triaxiality  factor  was  T.F.=2  on  outer  surface,  and  on  inner  surface  T.F=0.4  and 
T.F.=1.3  for  thick  and  thin  specimen,  respectively.  Here,  the  triaxiality  factor  was  defined  by  the 
following  equation: 

rp  j,  _  0\  +  02  + 

i  a  .  -  *  ’  ~  i/2 

l/4l(pl  -o 2)2  +(cr2  -(T3)2  +(cr3  -0\)2 


Test  Result 

The  Result  of  Uniaxial  Creep  Test 

Uniaxial  creep  tests  were  conducted  to  obtain  the  creep  properties  of  this  material  by  using 
smooth  bar  specimen  with  6  mm  in  diameter  and  30  mm  in  gauge  length.  Figure  3  shows  the 
relationship  between  the  minimum  creep  rate  and  stress.  From  this  figure,  the  exponent  in  Norton’s 
law  was  obtained  by  the  data  in  low  stress  level  corresponded  to  the  test  condition. 

Figure  4  shows  the  creep  rupture  strength  of  this  material. 

The  Result  of  Multiaxial  Creep  Test 

From  the  result  of  the  uniaxial  tests  and  the  result  of  metallurgical  life  assessment [1]  conducted 
by  the  interruption  of  the  test,  rupture  lives  of  multiaxial  creep  tests  were  predicted  to  be  longer  than 
initial  predicted  ones.  Therefore,  the  applied  load  conditions  were  changed  at  3140  hours  so  that  the 
stress  in  outer  surface  became  98MPa,  as  shown  below: 


2. 25Cr— IMo  HAZ 
620T: 


2.  25Cr— IMo  HAZ 
620°C 


£  =3.  81 X  10'H  a 


tr=1. 42X 101'  a 


10*  10'6  10‘5  .Iff4  Iff3 

Minimun  creep  rate  &  (mm/ram/h) 


102  103 
Rupture  time  tr(h) 


Fig. 3  Minimun  creep  rate  of  the  material  tested.  Fig.4  Creep  rupture  strength  of  the  material  tested 


(1)  Thick  hollow  cylinder  (2)  Thin  hollow  cylinder 

Fig.5  Appearance  of  crack  in  specimen  after  creep  rupture  test. 
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(1)  axial  load  F=30.7kN  and  internal  pressure  P=61MPa  for  thick  specimen 

(2)  axial  load  F=19.6kN  and  internal  pressure  P=24MPa  for  thin  specimen 

Total  creep  rupture  lives  were  as  follows: 

(1)  thick  specimen  :  tr=3279.4  hour 

(2)  thin  specimen  :  tr=3293.2  hour 

Figure  5  shows  the  appearance  of  the  crack  in  the  specimen  after  the  tests.  The  cracks  were 
located  at  the  middle  part  of  along  axial  direction  of  the  specimens.  . 

Result  of  Observation  of  Creep  Damage 

Figure  6  shows  the  result  of  SEM  observation  of  the  microstructure  of  a  longitudinal  near  the 
outer  surface  about  10mm  distant  from  the  rupture  location.  Creep  voids  were  observed  in  the  grain 
boundary.  Figure  7  shows  the  radial  distribution  of  creep  voids.  The  number  of  creep  voids  was 
measured  in  the  area  of  0.7mm2.  Both  in  the  thick  and  the  thin  specimens,  the  number  of  creep 
voids  on  the  outer  surface  was  more  than  that  in  inner  surface.  The  ratio  of  the  number  of  creep 
voids  on  the  inner  surface  to  that  on  the  outer  surface  was  about  0.1  for  the  thick  specimen,  and  was 
about  0.4  in  the  thin  specimen. 

Figure  8  shows  the  relationship  between  the  number  of  creep  voids  and  the  angles  of  grain 
boundary  against  axial  direction  of  the  specimen.  The  angles  of  the  grain  boundaries  with  creep 
voids  were  measured  in  the  area  of  1.5mm2  on  the  outer  and  the  inner  surface.  The  grain  boundary 
with  the  angle  of  0  degree  was  vertical  to  hoop  stress,  and  the  grain  boundary  with  the  angle  of  90 
degree  was  vertical  to  axial  stress.  The  creep  voids  at  triple  points  of  grain  boundary  were  counted 
separately.  In  the  outer  surface,  many  creep  voids  were  observed  in  the  grain  boundary  with  the 
angle  of  around  0  degree  and  90  degree,  and  fewer  voids  were  detected  in  the  grain  boundary  with 
the  angle  of  45  degree.  In  the  inner  surface,  many  creep  voids  were  observed  in  the  grain  boundary 
with  the  around  angle  of  0  degree.  This  would  be  caused  by  the  difference  in  stress  state;  that  is,  the 
stress  state  was  almost  equibiaxial  in  outer  surface  and  the  two  main  principle  stresses  acted 
vertically  to  each  grain  boundary  with  the  angle  of  0  and  90  degree.  On  the  other  hand,  in  the  inner 
surface,  the  hoop  stress  mainly  governed  the  stress  state. 


Fig.6  SEM  observation  result  of  creep  voids 


Number  of  creep  voids  Void  density  (/mm2) 
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(1)  Thick  hollow  cylider  '  (2) Thin  hollow  cylinder 


Fig.7  Voids  density  distribution 


Angle  of  grain  boundary  (deg)  junction 
(1)  Outer  surface 


Angle  of  grain  boundary  (deg)  junction 
(2)  Inner  surface 


Fig.  8  Relationship  between  number  of  creep  voids  and  angle  of  grain  boundary 


Evaluation  of  Creep  Damage 
Evaluation  Procedure. 

Multiaxial  creep  tests  were  evaluated  by  several  multiaxial  creep  strength  evaluation  procedures, 
as  shown  below: 

®  Maximum  principal  stress(MPS) 

(2)  Mises  equivalent  stress 
(D  Huddleston  equivalent  stress[3] 


°HU 


=  ° Mises  exP 


\‘ 

0.24 

CT1+o-2+a3  1 

^a12+a22+cT32 

@  Hayhurst  equivalent  stress141 

a  ha  =  0.0  i  +  (1  -  ct)oMises ,  a  =  0.48 
(5)  Ductility  exhaustion  method  [2](DEM) 
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Dc -is-, 


Ef  sff)IT.F. 

ec :  equivalent  creep  strain  rate 


£/o :  uniaxial  creep  ductility  (minimum  creep  stain  rate  x  rupture  time) 


Results  of  Evaluation 

Figure  9  shows  the  comparison  of  predicted  creep  damage  distribution  by  several  methods  with 
the  measured  creep  void  density  ratio  for  thick  specimen.  Here,  it  was  assumed  that  the  creep  voids 
distribution  of  this  location  were  represented  that  of  secondary  creep  period  and  the  creep  void 
density  V  was  a  linear  for  creep  damage  Dc  during  secondary  creep  period. 

V  =  bDc  =b~  =  ;  here  a,  b,  n  are  constant 

tr  aon 

Creep  void  density  ratio  VfVD  and  creep  damage  ratio  Dc/Dc0  based  on  the  outer  surface  were 
derived  as  follows: 


V_ 

Vo 


Dc 

Dc0 


;  here  suffix  o  shows  the  outer  surface 


Therefore,  the  creep  void  density  ratio  was  expected  to  correspond  to  the  creep  damage  ratio 
calculated  by  creep  evaluation  methods  and  primary  and  secondary  creep  stress  distribution. 


Actual  rupture  life 


•  Void  density  ratio 

Maximun  principal  stress 
™"  ■—  Mises  eqivalent  stress 

- Ductility  exhaustion  method 

- —  Huddleston  eqivalent  stress 

- —  Hayhurst  eqivalent  stress 


MPS 
Mises 
DEM 
Huddleston! 
Hayhurst 


14  16  18 

radius  r  (mm) 


Fig.9  The  comparison  of  predicted  creep  damage 
distribution  by  several  method  and  measured 
creep  voids  density  ratio 
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(2)  Thin  hollow  cylinder 
Fig.  10  Prediction  of  creep  rupture  life 

( )  shows  the  predicted  crack  initiation  site; 

O:  Outer  surface,  I:  Inner  surface 
M:  Inside  of  specimen 
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From  Fig.9,  the  results  of  the  evaluation  by  the  maximum  principal  stress  and  the  ductility 
exhaustion  method  revealed  the  same  tendency  as  the  creep  voids  density.  The  results  of  other 
evaluation  methods  have  different  tendency  from  the  test  result. 

Figure  10  shows  the  result  of  the  prediction  of  creep  rupture  lives  by  the  multiaxial  creep 
evaluation  procedures  shown  above.  All  the  results  were  near  the  actual  rupture  life,  but,  except  for 
the  maximum  principal  stress,  predicted  crack  initiation  site  were  at  inner  surface. 

Thp  Study  nn  Multiaxial  Creep  Equivalent  Stress  Considering  The  Hydrostatic  Stress, 

As  shown  in  Fig.9,  it  could  be  seen  that  all  multiaxial  creep  evaluation  methods  could  not  predict 
the  creep  damage  distribution  correctly.  The  result  of  maximum  principal  stress  was  the  nearest  to 
the  actual  creep  damage  distribution,  but  could  not  predict  the  quantitative  damage  ratio  of  inner 
and  outer  surface.  Therefore,  new  equivalent  stress  for  multiaxial  creep  evaluation  was  studied 
based  Hayhurst  equivalent  stress,  which  was  a  liner  summation  of  maximum  principal  stress,  Mises 
equivalent  stress  and  hydrostatic  Stress. 

Original  Hayhurst  equivalent  stress  is  expressed  next  formula. 

°HA  “acrl  +PaMises  +  Y&H  J  CC  +  P+Y=1,  Oh  =0l+02+02 

The  values  of  the  constant  a ,  0 ,  r  were  obtained  to  optimize  the  predicted  creep  damage 
distribution  for  creep  void  density  ratio  in  thick  specimen.  As  a  result,  it  was  obtained  that  a  =0.29, 
0  =0.22,  T  =0.49.  It  suggest  that  the  hydrostatic  stress  is  dominant  to  evaluate  the  intergranular 
creep  fracture  under  the  multiaxial  stress.  Figure  11  shows  the  comparison  of  predicted  creep 
damage  distribution  by  this  method  and  creep  void  density  ratio.  Predicted  creep  damage 
distribution  in  thick  specimen  corresponded  with  the  creep  voids  density  naturally,  even  in  thin 
specimen,  it  was  improved  than  maximum  principal  stress. 

But,  on  the  other  hand,  predicted  life  is  1440hour  for  thick  specimen,  which  is  excessive  shorter 
than  actual  rupture  life.  Although  it  can  considered  that  the  predicted  life  shows  crack  initiation  life 


Fig.  11  The  comparison  of  predicted  creep  damage  distribution  by  proposed  method  and  measured 
creep  voids  density  ratio. 
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and  remain  life  shows  crack  propagation  life,  so  as  to  discuss  that,  it  is  necessary  to  clear  the  creep 
crack  initiation  life  under  the  multiaxial  stress  state,  further. 


Conclusion 

Creep  tests  of  2.25Cr-lMo  steel  hollow  cylindrical  specimens  heat-treated  to  simulated  coarse 
grain  in  heat  affected  zone  were  conducted  under  the  condition  of  combined  axial  load  and  internal 
pressure.  And  then,  Creep  damage  evaluation  procedure  under  multiaxial  stress  condition  was 
studied  by  comparing  the  creep  voids  density  distribution  and  predicted  creep  damage  distribution. 
The  results  obtained  are  summarized  as  follows; 

(1)  The  predicted  damage  distribution  by  multiaxial  creep  evaluation  methods  such  as  Mises, 
Huddleston  and  Hayhurst  equivalent  stress  have  different  tendency  from  the  actual  creep 
damage  distribution.  Only  the  results  of  maximum  principal  stress  rule  and  the  ductility 
exhaustion  method  considering  the  effect  of  the  multiaxial  stress  state  have  same  tendency  as 
the  actual  creep  damage  distribution. 

(2)  Evaluation  method  by  the  next  equivalent  stress  could  predict  the  creep  damage  distribution 
correctly. 

Ora  =  ctox  +  poMises  +yoH  ,  a  =0.29, 0  =0.22, r  =0.49. 

This  equivalent  stress  suggests  that  the  hydrostatic  stress  is  dominant  to  evaluate  the 
intergranular  creep  fracture  under  the  multiaxial  stress. 
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Abstract 

Very  significant  irradiation-induced  creep  deformation  at  60°C  in  SUS  316  was  investigated 
both  theoretically  and  experimentally.  Calculation  based  on  the  theoretical  modeling  of  point  defect 
kinetics  under  stress  and  the  radiation-induced  plastic  deformation  has  been  performed.  This 
theoretical  study  revealed  the  transient  nature  of  the  conspicuous  radiation-induced  creep  caused  by 
the  high  flux  of  excessive  interstitial  atoms  in  the  earlier  stage  of  irradiation  at  60°C  where  the 
diffusivity  of  vacancies  is  very  low.  In  order  to  prove  the  transient  nature,  continuous  creep 
measurement  under  irradiation  is  inevitable  and  was  carried  out  using  17  MeV  proton  beam  from  the 
NRIM  cyclotron  and  the  in-beam  creep/fatigue  testing  apparatus.  Very  significant  creep  strain, 
much  larger  than  that  at  300°C,  and  continuously  decreasing  creep  rate  were  observed  at  60°C  in 
20%  cold- worked  SUS  316  stainless  steel  just  as  the  calculation  predicted.  It  was  concluded  that 
the  very  significant  creep  deformation  induced  by  irradiation  at  60°C  in  SUS  316  originates  from  the 
overwhelming  flux  of  excess  interstitial  atoms  induced  transiently  in  the  matrix  due  to  the  large 
imbalance  of  diffusivity  between  interstitial  and  vacancy  at  this  low  temperature. 

1.  Introduction 

Structural  materials  in  the  fusion  reactor  will  be  subjected  to  irradiation  by  energetic  particles 
at  temperatures  widely  ranging  from  liquid  He  temperature  to  above  1000°C.  High  temperature 
creep  and  fatigue  strength  have  been  the  major  concern  for  these  materials.  Additional  irradiation- 
induced  phenomena  such  as  the  irradiation  creep,  i.e.  significant  creep  deformation  which  appears 
only  under  irradiation  as  shown  for  pure  Ni  in  Fig.  1  [1],  and  the  void  swelling  are  considered  as 
important  but  mainly  in  the  medium  temperature  range  of  300  to  500°C.  Accumulation  of 
remarkable  creep  strain  was,  however,  observed  at  60°C  recently  in  the  pressurized  tube 
experiments  of  austenitic  stainless  steels  of  both  solution-annealed  and  cold-worked  condition 
irradiated  to  several  dpa  (the  number  of  atomic  displacement  per  lattice  atom)  in  the  ORR  reactor  at 
Oak  Ridge  National  Laboratory  [2].  The  observed  strain  was  several  times  larger  than  the 
irradiation  creep  strain  at  300  -  400°C,  that  is  already  larger  by  orders  of  magnitude  than  that  of  the 
thermally  activated  creep  at  these  temperatures.  This  significant  irradiation  creep  observed  at  60°C 
is  now  called  "low  temperature  irradiation  creep".  Although  the  major  components  of  the  fusion 
reactors  will  be  irradiated  at  rather  high  temperatures,  there  will  be  many  portions  which  suffer 
from  atomic  displacements  and  externally  applied  stress  at  rather  low  temperatures  around  60°C. 
Hence,  it  is  quite  important  to  clarify  its  cause  and  evaluate  its  expected  strain  for  the  development 
of  fusion  reactors. 
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Fig.  1  Irradiation  creep  and  thermal  creep  in  pure  Ni  at  350°C. 

Since  the  irradiation  creep  takes  place  only  during  the  irradiation  by  energetic  particles  and  the 
resultant  atomic  displacement  process,  it  is  quite  reasonable  to  search  for  its  cause  in  the  behavior 
of  point  defects  such  as  interstitial  atoms  and  vacancies  introduced  by  the  irradiation  into  the 
crystalline  material.  In  the  rather  low  temperature  range  around  60°C,  vacant  lattice  sites,  which 
has  a  high  migration  energy,  can  hardly  move  in  SUS  3 16,  while  interstitial  atoms  are  able  to  migrate 
very  actively  through  the  material  owing  to  its  low  migration  energy.  Since  the  radiation-induced 
deformation  is  caused  mainly  by  the  motion  of  interstitial  atom,  which  induces  a  very  strong  lattice 
distortion  and  a  consequent  intense  interaction  with  the  stress  field,  under  the  influence  of  the 
external  stress,  the  large  difference  in  diffusivity  between  the  two  kinds  of  point  defects  may 
introduce  a  very  significant  enhancement. 

In  this  study,  calculational  investigation  based  on  the  theoretical  modeling  of  point  defect 
kinetics  and  radiation-induced  deformation  has  been  performed  for  SUS  316  at  both  60  and  300°C. 
The  behavior  of  interstitial  atoms  and  vacancies  under  the  externally  applied  stress  is  simulated  by 
solving  the  rate  equation  in  the  form  of  simultaneous  differential  equations  of  point  defects  and  their 
agglomerates,  taking  the  stress  effect  into  account.  Major  radiation-induced  deformation 
mechanisms  are  also  included  in  the  calculation  process  so  that  all  of  them  are  competing  for  the 
point  defects  and  contributing  to  the  deformation.  Secondly,  continuous  measurement  of  creep 
strain  during  17  MeV  proton  irradiation  was  carried  out  for  SUS  316  at  both  300°C  and  60°C. 
Since  the  earlier  result  of  the  low  temperature  irradiation  creep  at  the  ORR/ORNL  was  obtained 
only  for  a  single  dpa  value  and  not  as  a  function  of  irradiation  time,  it  is  not  enough  for  the 
verification  of  theoretical  conclusion  as  has  been  realized  in  the  present  study. 

2.  Modeling  and  calculation  procedure 

The  present  simulation  of  radiation-induced  deformation  is  based  on  the  stress-affected 
kinetics  of  nucleation  and  growth  of  defect  agglomerates,  as  well  as  point  defect  absorption  by 
network  dislocations.  Simultaneous  differential  equations  are  numerically  solved  for  the  following 
defect  concentrations: 

(1)  single  interstitials  (Cj), 

(2)  single  vacancies  (Cv), 
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(3)  aligned  interstitial  loop  precursors  (C2iA)> 

(4)  non-aligned  interstitial  loop  precursors  (C  2iN)> 

(5)  growing  interstitial  loops  on  aligned  planes  (C  ha), 

(6)  those  on  non-aligned  planes  (C  hn), 

(7)  accumulated  net  interstitials  in  growing  aligned  loops  (C  nAi), 

(8)  those  in  growing  non-aligned  loops  (C  unO, 

(9)  net  interstitials  absorbed  by  aligned  network  dislocations  (C  <jAi), 

(10)  those  absorbed  by  non-aligned  network  dislocations  (CdNi)- 

SUS  316  stainless  steel  was  selected  for  the  sample  since  the  main  portion  of  ITER 
(International  Thermonuclear  Experimental  Reactor)  will  be  constructed  with  this  steel.  Point 
defect  migration  energies  for  SUS  316  were  taken  from  the  evaluation  by  Dimitrov  and  Dimitrov 
[3],  that  is,  0.92  eV  for  interstitials  and  1.15  eV  for  vacancies.  This  high  migration  energy  of 
interstitials  in  austenitic  stainless  steels  is  strongly  supported  by  studies  of  microstructure 
evolution  [4].  Important  parameter  values  used  in  the  numerical  calculation  are  listed  in  Table  1. 


Table  1 .  Parameter  values  used  in  the  calculation 


Parameter 

Value 

Defect  migration  energy 

interstitial 

0.92  eV 

vacancy 

1.15  eV 

Defect  migration  pre-exponent 

interstitial 

8.0  x  10w  nr/s 

vacancy 

1.4  x  10-6  m2/s 

Lattice  constant 

3.524  x  lO"10  m 

Atomic  volume 

1.1  x  10"29  m3 

Strength  of  Burgers  vector 

2.1  x  Ur10  MPa 

Young's  modulus 

2.6  X  10  5  MPa 

Shear  modulus 

1.0  x  105  MPa 

Poisson's  ratio 

0.3 

Dislocation  density 

solution  annealed 

3  x  10  12  m/nY 

cold  worked 

3  x  10  15  m/m3 

Defect  relocation  volume  (in  atomic  volume) 

interstitial 

+  1.4 

vacancy 

-0.46 

Difference  in  shear  modulus  between  defect  and  matrix 

interstitial 

-1.0  x  105  MPa 

vacancy 

0  MPa 

The  interstitial  absorption  bias  over  vacancy  (Zj)  and  its  stress-induced  component  (AZj)  for 
loops  and  network  dislocations  were  calculated  using  the  equations  given  by  Wolfer  and  Ashkin  [5] 
and  Heald  and  Speight  [6],  respectively.  As  for  a  vacancy  flux,  values  for  Zv  and  A Zv  given  by  refs. 
[5,6]  were  used  in  the  calculation,  but  unlike  A Zj,  A Zv  is  too  small  to  affect  the  radiation  induced 
deformation.  At  each  numerical  iteration  step,  the  loop  size  was  re-averaged  and  Zi  v  and  A Zi  v  were 
re-evaluated.  In  the  interstitial  loop  nucleation  process,  a  di-interstitial  was  provided  to  be  a 
precursor  and  its  formation  was  considered  to  be  affected  by  the  external  stress  following  the  SIPN 
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model  proposed  by  Brailsford  and  Bullough  [7]. 

In  the  present  study,  SIPN  (Stress-Induced  Preferential  Nucleation  of  interstitial  loops)  [7,8] 
and  loop  growth  driven  by  SIPA  (Stress-Induced  Preferred  Absorption  of  point  defects)  [6,9]  are 
taken  into  account,  as  well  as  PA  (SIPA  climb)  and  PAG  (glide  enabled  by  SIPA  climb) 
contributions  [10]  by  network  dislocations.  Also  included  was  TIC  (Transient  mode  of  I-Creep 
[11];  dislocation  glide  enabled  by  excess  interstitial  flux  caused  during  the  transient  point  kinetics) 
[12,13].  From  the  calculated  derivatives  of  defect  concentrations,  plastic  strain  rate  produced  by 
each  mechanism  was  evaluated  at  every  iteration  step  using  the  following  equations  ; 


(1)  PA  (SIPA  climb  creep  by  network  dislocations)  [10] 

*pa  “  }(dCdA ,/*  -  dCdNi/dO  (1) 

(2)  PAG  (dislocation  glide  induced  by  SIPA  climb)  [10] 

£pag  =  (4e^Lj/3b)(dCdJdt  -  dCdNi/df)  (2) 

(3)  SAIL  (SIPA  climb  creep  by  growing  interstitial  loops)  [6,9] 

*sail  -  T^iiAi^  -  dCilNi/dO  (3) 

(4)  SIPN  (creep  by  stress-induced  preferential  loop  nucleation)  [7,8] 

^SIPN  =  y(^2iA^  ”  ^2iN^)  (4) 

(5)  TIC  (transient  I-creep)  [12,13] 

®nc  =  (e-J(nL,)  /b)(dCiM/dt  +  2  dCdNi/d/)  (5) 


where  e  is  the  elastic  deflection  (a/E  ;  a  is  the  external  stress,  E  is  Young's  modulus),  Ld  is  the 
network  dislocation  density,  and  b  is  the  size  of  the  Burgers  vector.  The  damage  efficiency  used  for 
the  neutron  irradiation  was  0.3.  This  value  was  selected  because  the  in-reactor  creep  compliance  is 
about  0.3  times  that  for  the  light-ion  irradiation  creep  [14].  For  the  latter  case,  the  efficiency  is 
usually  regarded  as  close  to  unity  and  in  fact  the  calculation  with  the  efficiency  of  1  showed  a  very 
good  coincidence  with  the  experimental  data  including  temperature  dependence  [15].  In  the 
following,  a  nominal  dpa,  not  the  value  multiplied  by  the  damage  efficiency,  is  used  to  describe  the 
damage  and  the  damage  rate  unless  otherwise  indicated. 

3.  Results  and  discussion 

Fig.  2  shows  the  calculated  irradiation  creep  rate  as  a  function  of  time  at  60°C  and  300°C  for 
the  displacement  rates  of  10“6  and  10"8  dpa/s  in  the  solution-annealed  SUS  316  stainless  steel.  The 
major  mechanism  contributing  to  the  irradiation  creep  at  both  temperatures  is  SIPN.  As  for  the 
cold-worked  case,  the  major  mechanism  is  TIC.  Although  the  prevailing  mechanism  is  different 
between  the  two  conditions,  the  resultant  creep  strain  at  2  dpa  is  almost  the  same  as  shown  in  Fig. 
3.  This  result  and  the  one  that  irradiation  creep  strain  at  60°C  is  several  times  larger  than  that  at 
300°C  coincide  with  the  ORR/ORNL  in-reactor  result.  The  large  peaks  in  Fig.  2  reflect  the 
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Fig.  2  Calculated  transition  of  irradiation 
creep  rate  with  time  in  solution- 
annealed  SUS  316. 


Fig.  3  Calculated  creep  strain  at  60°C  and  300°C 
in  SUS  3 1 6  irradiated  to  2  dpa. 


transiently  excess  interstitial  flux  which  results  from  the  difference  in  diffusivity  between  interstitial 
atom  and  vacancy.  It  disappears  as  the  density  of  vacancies  in  the  matrix  increases  and  the  mutual 
reconbination  and  the  resultant  annihilation  of  both  point  defects  become  significant.  Ultimately,  a 
steady  state  creep  rate  can  be  attained,  as  shown  in  Fig.  2,  but  it  is  much  delayed  at  lower 
temperatures  such  as  60°C  to  the  order  of  ten  years.  The  calculation  also  indicates  that  the  steady 
state  creep  rate  is  higher  at  300°C  than  that  at  60°C. 

Since  the  nature  of  the  low  temperature  irradiation  creep  is  expected  to  be  transitional,  the 
single  dpa  data  of  ORR/ORNL  [2]  is  not  suitable  for  its  verification.  Continuous  measurement  of 
creep  strain  was  performed  using  specially  designed  in-beam  creep/fatigue  testing  apparatus 
connected  to  the  NRIM  compact  cyclotron  accelerator  [16,17].  In  advance  of  the  experiment,  the 
simulation  calculation  was  extended  to  the  same  irradiation  condition,  i.e.,  60°C  and  300°C,  300 
MPa,  1  x  10"7  dpa/s  and  for  20%  cold-worked  SUS  316.  Fig.  4  shows  the  calculated  irradiation 
creep  rate  as  a  function  of  irradiation  time,  in  other  words  accumulated  dpa,  at  both  temperatures. 
Even  at  300°C  the  transient  process  appears  in  the  early  stage  but  it  ceases  within  the  order  of  ten 
seconds.  In  contract,  the  transiently  high  creep  rate  lasts  nearly  one  year  at  60°C.  The  same 
calculation  gives  the  irradiation  creep  strain  development  with  the  irradiaiton  time,  shown  in  Fig.  5. 
The  transient  at  300°C  is  minute  and  the  creep  rate  is  practically  constant  at  2  x  10~10  s'1  from  the 
beginning  of  irradiation.  On  the  other  hand,  very  clear  and  significant  transient  behavior  can  be 
recognized  at  60°C  as  a  gradually  decreasing  creep  rate.  At  60°C  the  creep  rate  at  5-6  x  104  s  is 
about  5  x  10"9  s_1  which  is  more  than  order  of  magnitude  larger  than  at  300°C. 

The  tensile  creep  specimen  used  for  the  in-beam  experiment  was  SUS  316  (Cr;  16.79,  Ni: 
10.30,  Mn:  1.17,  Mo:  2.16,  C:  0.06,  Si:  0.68,  P:  0.027,  S:  0.001,  Fe:  balance,  in  wt.%)  and  in  a  thin 
sheet  shape  with  a  gauge  section  of  4  mm  wide,  10  mm  long  and  150  ^m  thick.  The  side-notch  at 
the  center  is  given  only  for  the  fatigue  experiments.  The  17  MeV  proton  beam  with  intensity  of  2 
ju  A/cm2  from  the  NRIM  cyclotron  produces  atomic  displacement  at  a  rate  of  about  1  x  10  7  dpa/s 
throughout  the  150  fim  thick  specimen  as  shown  in  Fig.  6.  The  temperature  of  specimen  was 
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Fig.  4  Calculated  irradiation  creep  rate  as  a 
function  of  time  at  60°C  and  300°C  in 
20%  cold-worked  SUS  316. 


Fig.5  Calculated  irradiation  creep  curves  of 
20%  cold-worked  SUS  316  at  60°C 
and  300°C. 


controlled  by  balancing  the  beam  heating  and  the  He  jet  cooling  for  60°C,  while  heated  He  jet  was 
used  for  300°C. 

Fig.  7  indicates  the  experimental  results  in  solid  line  and  the  calculated  ones  in  broken  line  for 
both  60°C  and  300°C.  At  300°C  weak  but  rather  prolonged  transient  stage  was  observed  in  the  in¬ 
beam  experiment.  It  diminished  at  about  5  x  104  s  and  the  creep  rate  became  constant  and  close  to 
the  calculated  value  of  2  x  Kf10  s-1.  The  main  cause  of  this  300°C  transient  seems  to  be  associated 
with  a  thermal  recovery,  although  the  exact  origin  is  not  clear  at  this  moment.  The  transient  stage  at 
60°C  is  far  more  significant,  and  the  creep  rate  at  5  x  104  s  is  an  order  of  magnitude  larger  than  that 
at  300°C  and  apparently  still  decreasing.  The  correspondence  between  the  experimental  and  the 
calculational  result  at  60°C  appears  to  be  fairly  good.  These  continuous  creep  measurements  at 
60°C  and  300°C  clearly  indicate  the  significant  irradiation  creep  at  low  temperatures  around  60°C 
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Fig.  6  Atomic  displacement  rate  in  SUS  3 1 6 
irradiated  with  1 7  MeV  protons. 


Fig.  7  Experimental  irradiation  creep  curves  of 
SUS  316  irradiatedat  60°C  and  300°C. 
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and  its  transient  nature.  The  good  coincidence  between  the  calculated  prediction  and  the  light-ion 
irradiation  experiments  strongly  suggests  that  the  low  temperature  irradiation  creep  at  60°C  in  SUS 
316  originates  in  the  kinetics  transient  of  point  defects  due  to  their  large  imbalance  in  diffusivity. 

4.  Conclusions 

Very  significant  irradiation-induced  creep  deformation  at  60°C  in  SUS  316  was  investigated 
both  theoretically  and  experimentally. 

(1)  Calculation  based  on  the  theoretical  modeling  of  point  defect  kinetics  under  stress  and  the 
radiation-induced  plastic  deformation  has  been  performed.  This  theoretical  study  revealed  that 
the  conspicuous  radiation-induced  creep  at  60°C  is  a  transient  phenomenon  and  it  results  from 
the  overwhelming  flux  of  excess  interstitial  atoms  in  the  earlier  stage  of  irradiation  at  this 
temperature  where  the  diffusivity  of  vacancy  is  far  lower  than  that  of  interstitial  atom. 

(2)  In  order  to  prove  the  transient  nature,  continuous  creep  measurement  under  irradiation  is 
inevitable  and  was  carried  out  using  17  MeV  proton  bean  from  the  NRIM  cyclotron  and  the  in¬ 
beam  creep/fatigue  testing  apparatus  at  1  x  10-7  dpa/s.  Very  significant  creep  strain,  much 
larger  than  that  at  300°C,  and  continuously  decreasing  creep  rate  were  observed  at  60°C  in  20% 
cold-worked  SUS  316  stainless  steel  just  as  the  calculation  predicted. 
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Abstract 

Although  high  temperature  deformations  of  dispersion  strengthening  alloys  and  short  fiber 
reinforced  metal  matrix  composites  have  been  studied  independently,  we  should  understand 
them  as  an  unified  form  of  that  of  inclusion  bearing  materials,  noticing  accommodation  of  misfit 
strains  between  matrix  and  inclusions.  The  present  study  reports  the  experimental  examination 
that  spherical-Al203-particle-dispersed  Al-matrix-composite  fabricated  through  pressurized 
casting  shows  different  deformation  modes  depending  on  the  strain  rate  with  the  respective 
accommodation  processes. 

1.  Introduction 

Dispersing  reinforcements  into  a  matrix  is  one  of  the  methods  of  strengthening  metallic 
materials  at  high  temperatures.  The  resultant  reinforced  materials  have  been  classified  into 
dispersion  strengthening  alloys  (DSAs)  [1]  and  metal  matrix  composites  (MMCs)  [2]  depending 
on  the  size  of  the  reinforcements  and  on  the  deformation  behaviors  at  high  temperatures.  The 
difference  in  the  deformation  behavior  arises  due  to  the  accommodation  processes  of  strain 
mismatch  between  the  matrix  and  the  reinforcements,  i.e.,  interfacial  accommodation  by 
interfacial  sliding  and  diffusion  [3,4]  for  the  former,  and  plastic  accommodation  by  the 
heterogeneous  flow  of  the  matrix  [5-7]  for  the  latter.  The  deformation  processes  can  be 
classified  into  three  modes  according  to  the  rate  of  interfacial  accommodation  by  interfacial 
sliding  and  diffusion,  they  are  (I)  deformation  under  complete  interfacial  accommodation,  (II) 
deformation  controlled  by  interfacial  accommodation,  and  (III)  deformation  controlled  by 
plastic  accommodation.  In  addition,  a  threshold  stress  exists  through  Orowan  or  void 
strengthening  mechanisms  [1].  There  has  been,  however,  no  report  of  one  material  showing 
deformation  behavior  with  the  two  accommodation  processes. 
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The  conventional  materials  has  not  been  analyzed  from  the  viewpoint  of  the 
accommodation  of  the  strain  mismatch  because  of,  for  DSAs,  fine  oxides  from  the  powder 
metallurgy  processes  and  low  volume  fraction  of  the  inclusions  or,  for  MMCs,  a  degradation 
which  is  debonding  between  the  matrix  and  the  inclusion  of  the  composites.  Both  the  fine  oxides 
and  the  degradation  results  in  high  value  of  apparent  stress  exponents  [1,  2]. 

The  present  authors  reported  a  quantitative  analysis  on  the  three  modes  of  accommodation 
with  an  experimental  verification  using  spherical-Al20, -particle-dispersed  Al-matrix-composite 
[8].  In  the  present  study,  we  propose  the  entire  stress-strain  rate  relation,  whose  lower  strain  rate 
region  corresponds  to  the  deformation  behavior  of  DSAs  and  higher  strain  rate  region 
corresponds  to  that  of  MMCs. 

2.  Experimental  Procedure 

Specimens  consisting  of  a  pure  A1  matrix  and  spherical  A1203  particles  of  10  um  diameter 
were  fabricated  by  pressurized  casting,  without  the  extrusion  process  which  causes  a  fracture  of 
the  reinforcements  or  the  powder  metallurgy  processes  which  introduce  fined  oxides  into  the 
material.  The  stress  through  the  pressurized  casting  was  150  MPa.  Figure  1  is  a  scanning 
electron  micrograph,  which  shows  the  spherical  A1:03  particles  are  not  fractured  and  well 
dispersed  through  the  pressurized  casting.  The  Specimens  of  monolithic  pure  A1  were  also 
fabricated  by  the  same  processes. 


The  strain  rates  were  measured  by  compression  tests  under  constant  stresses  at 
temperatures  more  than  two-thirds  the  melting  temperature  of  the  matrix.  The  uniaxial  load  was 
applied  to  the  cylinder  specimen  of  10  mm  in  length  and  6  mm  in  diameter. 

3.  Constitutive  equations  of  three  modes  of  deformation 
The  following  is  constitutive  equations  of  the  deformation  behavior  of  the  composites. 
First,  the  deformation  behavior  of  the  matrix — pure  A! — has  already  been  given  experimentally 
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as  [9] 


=  AZas 
E5 


Eq.  1 


where  A,  Dv  and  E  are  a  temperature- independent  constant,  the  volume  diffusion  coefficient  and 


Fig.  2:  Schematic  drawing  of  the  deformation  behavior  of  the 
composite  in  mode  I,  II,  and  III,  and  the  threshold  stress. 


Young’s  modulus  of  pure  Al,  respectively,  which  are  given  in  appendix.  Figure  2  shows  a 
schematic  drawing  of  the  deformation  behavior  of  the  composite. 

The  relation  between  stress  and  strain  rate  for  interfacial  accommodation  around  a 
spherical  inclusion  is  given  by  [10] 

i«!  =  B'§Ta’ 
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where  a  and  T  are  the  radius  of  the  inclusion  and  the  absolute  temperature,  respectively,  and  B 
and  are  a  theoretical  constant  and  the  interfacial  diffusion  coefficient,  respectively,  which  are 
given  in  appendix. 

When  the  strain  rate  of  the  composite  is  lower  than  that  for  interfacial  accommodation 
(mode  I),  the  strain  mismatch  is  accommodated  completely  by  diffusion,  and  the  inclusions 
support  no  external  load.  It  results  in  a  paradoxical  phenomenon — dispersion  weakening-even 
in  an  ideal  composite  free  of  material  degradation  such  as  interface  debonding.  The  strain  rate  in 
this  mode  is  given  by  [3,4] 

E,=  (l-  /r5eAI.  Eq.3 

where  /is  the  volume  fraction  of  the  inclusions. 

In  the  mode  where  the  strain  rate  is  higher  than  that  for  interfacial  accommodation  (mode 
III),  the  interfacial  accommodation  becomes  less  effective  than  the  plastic  accommodation 
which  achieved  via  a  heterogeneous  plastic  flow  of  the  matrix.  In  this  mode,  the  inclusions  can 
contribute  to  strengthening.  This  deformation  behavior  was  previously  roughly  analyzed  by  the 
shear-lag  model  [5]  and  the  constitutive  potential  method  [6],  and  recently  analyzed  rigorously 
using  micromechanics  [7].  The  strain  rate  in  mode  III  is  given  by  [6] 

f)geA i>  Eq.4 

where  g  is  about  4  for  the  case  of  spherical  inclusions  with  the  matrix  stress  exponent  of  5. 

In  the  transition  between  modes  I  and  III  (mode  II),  only  a  certain  portion  of  the  strain 
mismatch  around  the  inclusions  is  accommodated  completely  by  the  diffusion  and  the  sliding. 
Defining  the  portion  of  complete  accommodation  as  (1  -p),  we  obtain  the  following 
simultaneous  equations  for  the  strain  rate  in  this  mode, 

fep  =  /,®dif=  (1-  JpY^ai  •  Eq.5 

For  a  given  stress,  p  and  ep  are  given  by  Eq.  5.  Since  the  mechanisms  of  interfacial  and  plastic 
accommodations  are  independent  of  each  other,  the  strain  rate  in  mode  II  is  given  by 

£n=ep+en,  ,  Eq.6 

and  is  schematically  drawn  in  Fig.  1  by  a  bold  line.  This  mode  is  called  that  of  interfacial 
accommodation  control,  since  the  position  of  the  region  is  determined  by  the  strain  rate  for 
diffusional  accommodation. 

The  threshold  stress,  ath,  is  independent  of  the  above  modes,  and  calculated  by  the  average 
distance  between  the  inclusions.  Though  the  usual  DSAs  have  the  high  threshold  stress  because 
of  the  fine  oxides  produced  by  the  powder  metallurgy  processes,  the  present  specimens 
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fabricated  by  the  ingot  metallurgy  processes  is  expected  to  have  low  threshold  stress.  Replacing 
o  by  the  effective  stress,  aeff  =  a-ath,  in  the  above  equations,  we  obtain  the  stress-strain  rate 
relation  of  the  composite  for  the  entire  strain  rate  region. 

4.  Result  and  Discussion 

The  results  obtained  at  723  K  are  shown  in  Fig.  3  on  a  double-logarithmic  scale  of  stress 
a  and  strain  rate  e.  Figure  3  shows  that  under  low  stresses,  the  composite  is  weaker — shows  a 
higher  strain  rate — than  monolithic  pure  A1  even  though  the  reinforcements — A1203 
particles — are  dispersed,  while  under  high  stresses,  the  composite  is  a  stronger — shows  a  lower 
strain  rate — than  Al.  Equation  1  agrees  well  with  the  experimental  data  in  Fig.  3. 


Fig.  3:  Deformation  behavior  of  the  composite  (0)  and  the  monolithic  pure  Al 
(o)  at  723  K  and  theoretical  predictions  for  the  individual  mechanizms  (-  -),  for 
monolithic  pure  Al  ( — ),  for  the  prediction  of  the  composite  ( — ). 


Theoretical  predictions  in  §  3  are  plotted  together  with  the  experimental  data  at  723  K  in 
Fig.  3.  The  volume  fraction  and  diameter  of  the  reinforcements  are  assumed  to  be  0.2  and  6  pm, 
respectively,  and  the  other  constants  are  material  constants  listed  in  appendix.  Figure  3  shows 
that  the  composite  is  weaker  than  monolithic  pure  Al  in  mode  I  while  it  is  stronger  in  mode  III. 
The  position  of  the  transition — mode  II — is  determined  by  the  strain  rate  for  interfacial 
accommodation.  In  mode  II,  the  data  at  723  K  agree  well  with  Eq.  6. 

The  threshold  stress  observed  in  dispersion  strengthened  alloys  [1]  is  not  observed  in  the 
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present  experiment.  It  would  be  observed  if  we  were  to  measure  the  deformation  behavior  under 
significantly  lower  strain  rates.  On  the  other  hand,  MMCs  show  high  stress  exponents  during 
deformation  because  of  the  progress  of  interfacial  debonding  under  applied  tensile  stresses  [2]. 
In  this  experiment,  we  avoid  the  debonding  by  using  spherical  reinforcements  and  applying  a 
compression  load.  A  similar  behavior  of  plastic  accommodation  was  observed  only  in  a 
compression  test  of  W-fiber-reinforced  Ag-matrix  composite  [11].  If  we  can  observe  the 
threshold  stress  expected  in  lower  stress,  one  composite  shows  the  deformation  behavior  of  both 
materials  in  the  present  study. 


5.  Conclusion 

In  this  study,  we  established  the  experimental  condition  under  which  we  must  consider 
only  the  accommodation  between  the  matrix  and  the  reinforcements  in  an  ideal  composite  free 
of  debonding,  and  the  deformation  processes  can  be  classified  into  three  modes  according  to  the 
rate  of  interfacial  accommodation  by  interfacial  sliding  and  diffusion. 

(I)  When  the  strain  rate  of  the  composite  is  lower  than  that  for  interfacial  accommodation,  the 
strain  mismatch  is  accommodated  completely  by  diffusion  and  sliding,  and  the  composite  is 
weaker  than  monolithic  pure  Al. 

(II)  When  both  interfacial  and  plastic  accommodations  work  around  the  inclusions,  we  showed 
experimentally  that  under  low  stresses,  the  deformation  behavior  follows  Eq.  6. 

(III)  When  the  strain  rate  of  the  composite  is  higher  than  that  for  interfacial  accommodation,  the 
strain  mismatch  is  accommodated  by  plastic  flow  of  the  matrix,  and  the  composite  is  stronger 
than  monolithic  pure  Al. 

Appendix 

Material  constants  describing  the  deformation  behavior  of  monolithic  pure  Al  (Eq.  1)  are 
i4=1.25xl032  rrf2 ,  £>v= 1.7x1  O'4  cxp(-QJRT)  mV,  and  £=5.5xl010  Pa  at  723  K,  where  Q=  142 
kJmor1  is  the  activation  energy  of  volume  diffusion  and  R  =  8.32  J  mol'fC1  is  the  gas  constant. 

In  the  equation  of  the  interfacial  accommodation  rate  around  a  spherical  inclusion  (Eq.  2), 
A  is  given  by  1.8x10^  exp(-Q{/RT)  mV1,  where  Q=%6  kJmol'1  is  the  activation  energy  of 
interfacial  diffusion,  and  B  is  given  by  [12] 


5(1_v)  3ji26q| 

G'G(i  -  5v)  ^ 

2G(7-5v)  4k  \ 

G( 7-5v)  +  G  '(8  -  10v)^ 

K  m  Pa  \ 


where  G  ,  G,  v,  6,  Q,  and  k  are  the  shear  modulus  of  the  inclusions,  the  shear  modulus  of  the 
matrix,  the  poisson  ratio  of  the  matrix,  the  thickness  of  the  interface,  the  atomic  volume,  and 
Boltzmann’s  constant,  respectively,  and  the  following  values  are  adopted:  G*=163xl09  Pa, 
G=22xl09Pa  at  723  K,  v=0.33,  5=5.72xl010  m,  Q  =1.66xl0‘29m3and  /t=1.38xlQ-23  JK1. 
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Abstract 

The  true  activation  energies  revealed  after  the  incorporation  of  threshold  stress  for  plastic  flow  were 
compared  between  the  two  PM  superplastic  20%SiCp/2124  Al  composites  with  different 
reinforcement  sizes.  There  was  large  discrepancy  between  the  activation  energy  values,  though  the 
volume  fraction  of  SiC  was  same  for  the  two  composites.  The  composite  with  the  finer  reinforcement 
size  (3pm)  exhibited  much  larger  activation  energy  value  than  the  other  with  the  relatively  coarse  SiC 
particulates  (8pm).  This  difference  in  the  true  activation  energy  was  attributed  to  the  difference  in  the 
SiC/Al  interface  area  per  unit  volume  of  composite. 


1.  Introduction 

High-Strain-Rate  Superplasticity  (HSRS)  in  several  classes  of  materials  including  alloys,  metal 
matrix  composites  (MMCs)  and  mechanically-alloyed  materials  has  been  realized  through  recent 
advance  in  power-metallurgy  technology[l-12].  Among  the  many  HSR  superplastic  MMCs,  2124  Al 
composites  reinforced  by  either  SiCp  or  w  or  Si3N4  or  w  (p  and  w  denote  particulates  and  whisker 
respectively)  have  been  most  thoroughly  studied[l,  3,  4,  1 1,  12].  As  to  superplastic  deformation 
mechanism  for  MMCs,  it  is  well  established  that  grain  boundary  sliding  (GBS)  is  the  rate-controlling 
process.  A  consistent  problem,  however,  arises  in  the  analysis  of  true  activation  energies  for 
superplastic  flow,  Qt,  for  the  2124  Al  composites.  That  is,  the  activation  energy  value  is  significantly 
higher  than  that  for  grain  boundary  diffusion  or  lattice  diffusion  in  pure  aluminum  even  after  the 
incorporation  of  threshold  stress  into  the  analyses  of  superplastic  flow.  High  Qt  values  ranging  from 
300kJ/mole  to  as  much  as  ~640kJ/mole  have  been  reported  in  the  HSR  superplastic  2124A1 
composites  reinforced  by  either  particulate  or  whisker  form  of  reinforcement  whose  sizes  are  in  a 
range  between  0.2  and  3pm[l,  1 1-13]. 

The  main  objective  of  this  study  is  to  investigate  the  size  effect  of  SiC  particulates  on  the  true 
activation  energy  for  superplastic  flow  of  the  PM  20%SiCp/2124  Al  composites.  For  this  purpose,  the 
plastic-flow  characteristics  of  the  two  20%SiCp/composites  with  different  reinforcement  sizes  (  3pm 
and  8pm)  were  investigated  and  compared. 

2.  Experimental  procedures 

The  chemical  composition  of  the  matrix  of  the  composite  is  3.5%Cu-1.24%Mg-0.53%Mn- 
0.14%Fe-0.01%Zn-bal  Al  by  weigh  percent.  Atomized  powders  of  Al  particles  have  an  average  size 
of  approximately  20pm.  The  sizes  of  SiC  particulates  are  3pm  or  8pm.  The  Al  and  SiC  powders 
were  mechanically  stirred,  ultrasonically  mixed  in  an  alcoholic  solvent  and  then  dried  in  air.  The 
mixed  powders  were  first  cold  pressed  in  an  aluminum  can,  degassed  in  vacuum  and  then  hot- 
pressed  at  843K  with  a  pressure  of  90MPa  for  0.2  hour.  The  consolidated  billet  was  finally  extruded 
at  a  temperature  of  723K  with  an  extrusion  ratio  of  70:1.  Tensile  specimens  were  machined  from 
the  as-extruded  bar  to  have  a  gauge  length  of  5mm  and  a  gauge  diameter  of  with  the  tensile  axis  in 
parallel  to  the  extrusion  direction.  The  strain-rate-change  (SRC)  tests  were  conducted  on  a  screw¬ 
driving  testing  machine  controlled  by  a  computer  at  temperatures  between  723 -823  K  and  at  a 
nominal  strain  rates  between  ~10'V  and  -lO'V.  Elongation-to-failure  tests  were  carried  out  at 
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808K  as  a  function  of  strain  rate.  Microstructures  of  the  material  were  examined  using  optical 
microscopy.  DSC  tests  were  conducted  on  the  as-extruded  20%SiCp(p=3pm)2124  A1  composite  in  a 
~50mg  specimen  during  heating  at  a  rate  of  1  OK/min. 

3,  Results  and  discussion 

Figure  1  shows  the  optical  photographs  for  the  20%SiCp(p=3pm)/2124  A1  and 

20%SiCp(p=8pm)/2124  AI  composites.  Examination  of  each  microstructure  reveals  an  uniform 
distribution  of  particulate  SiC  on  the  equiaxed  grains  of  Al  matrix.  The  linear  intercept  grain  sizes 
were  estimated  to  be  2.4pm  and  4.8  pm  for  the  20%SiC  (p=3pm)/2124  Al  and 

20%SiCp(p=8pm)/2124  Al  composites,  respectively.  The  DSC  result  for  the  20%SiCp(p=3pm)/2124 
Al  composite  is  shown  in  figure  2.  Only  a  continuous  endothermic  peak  appeared  during  the 
heating  step.  No  sign  of  partial  melting  exists  before  the  matrix  melting.  The  incipient  melting 
temperature  determined  from  an  intercept  of  two  lines  indicated  on  the  peak  is  877K.  The  absence 
of  partial  melting  noted  in  the  present  DSC  result  is  in  agreement  with  the  DSC  study  on  the 
18%SiCp(p=3pm)/2124  Al  [12]  but  inconsistent  with  the  reports  by  Mabuchi  and  Higashi[13,  14] 
on  the  2u%Si3N4/2124  Al  composites  reinforced  by  particulates  or  whiskers  where  small  and  sharp 
peaks  representing  partial  melting  showed  up  in  the  temperature  range  between  784K  and  849K 
before  the  Al  matrix  starts  to  melt.  The  result  of  elongation-to-failure  tests  at  808K  is  given  in 

figure  3.  The  optimum  superplastic  strain  rates  for  the  20%SiCp(p=3pm)/2124  Al  and 

20%SiCp(p=8jLim)/2124  Al  composites  are  10'1  and  5x10 V,  respectively,  and  the  maximum  tensile 
elongations  associated  at  these  strain  rates  are  400%  and  220%,  respectively. 

The  relationship  between  flow  stress  and  strain  rate  is  given  in  figure  4  in  double  logarithmic 
coordinates  at  different  temperatures.  As  can  be  seen,  the  apparent  stress  exponent  is  not  constant  but 
increases  with  a  decrease  in  strain  rate  or  with  a  decrease  in  temperature.  The  temperature  dependence 
of  flow  stress  investigated  at  a  fixed  strain  rate  are  well  above  the  activation  energies  for  grain 
boundary  or  lattice  diffusion  in  aluminum,  such  that  existing  theories  for  high-temperature 
deformation  for  metallic  alloys  cannot  explain  these  high  activation  energies  as  they  stand.  When  the 
presence  of  threshold  stress  is  assumed,  the  plastic  flow  occurs  under  an  effective  stress,  a-a0,  where 
a0  is  threshold  stress  for  plastic  flow.  In  this  case,  the  deformation  rate  is  expressed  by  a  relationship 
of  the  form 


(i> 

where  B  is  the  material  constant,  n  is  the  true  stress  exponent,  E  is  the  Young’s  modulus,  D  is  the 
relevant  diffusivity,  p  is  the  grain-size  exponent  and  d  is  the  grain  size.  The  true  n  value  for  each 
temperature  was  determined  by  selecting  the  value  of  n  giving  the  best  linear  fit  to  the  datum  points  in 
the  plot  of  £i,n  vs.  or  on  the  double  linear  axes. 


(a)  (b) 


Figure  1  Optical  photographs  for  (a)  20%SiCp(p=3pm)/2124  Al  and  (b)  20%SiCp(p=8pm)/2124 
Al  composites. 
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Figure  2.  DSC  test  result  for  the  20%SiCp(p=3pm)/2124  A1  composite. 


Figure  3.  Elongation-to-failure  test  results  given  as  a  function  of  strain  rate  at  808K. 


The  data  for  both  composites  yield  the  best  linearity  for  each  temperature  when  n=2.5  is  adopted 
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except  the  two  highest  strain-rate  data  at  723K  for  the  20%SiCp(p=8pm)/2124  A1  composite.  This  is 
shown  in  figure  5.  The  fact  that  the  true  exponent  is  dose  to  2  or  3  represents  that  either  GBS  or 
solute  drag  creep  controls  the  plastic  flow.  One  of  simple  methods  to  provide  guiding  information  that 
helps  to  establish  the  value  of  true  stress  exponent  (whether  solute  drag  creep  or  GBS)  is  to 
investigate  the  dependence  of  grain  size  on  plastic  flow.  This  is  using  a  well  known  fact  that  solute 
drag  creep  is  independent  of  grain  size  whereas  GBS  is  dependent  of  grain  size[15].  Comparison  of 
the  strain  rate-stress  relation  [11]  indicates  that  the  composite  with  a  larger  grain  size  is  stronger  than 
that  with  a  smaller  grain  size. 


6  (MPa) 


(a) 


(b) 


Figure  4.  Strain  rate-stress  relationship  at  different  temperatures  (a)  20%SiCp(p=3pm)/2124  A1 
composite  (b)  20%SiCp(p=8pm)/2 124  A1  composite. 


This  nature  of  increasing  flow  stress  with  increase  in  grain  size  is  often  observed  when  the  plastic 
flow  is  controlled  by  GBS.  For  this  reason,  it  is  believed  that  the  rate-controlling  process  for  the  2124 
A1  composites  is  GBS. 

True  activation  energies  were  estimated  by  plotting  logarithmic  e  against  the  reciprocal  of  the 
absolute  temperature  at  a  constant  value  for  the  modulus-compensated  effective  stress.  The  plots 
given  in  figure  6.  The  data  for  the  HSR  superplastic  2124  A1  alloy[16]  are  also  plotted  for  comparison. 
As  can  be  seen,  the  data  for  the  2124  A1  alloy  show  Qt«QL  while  those  for  the  composites  show  the 
activation  energies  higher  than  QL.  It  is  interesting  to  note  that  the  value  of  Q{  for  the 
20%SiCp(p=3pm)/2124  A1  composite  is  significantly  higher  than  that  for  the  20%SiC  (p=8pm)/2124 
A1  composite,  even  though  the  volume  fraction  of  reinforcement  is  identical.  This  result  indicates  that 
the  Q{  value  for  the  2124  A1  composites  depends  on  the  reinforcement  size. 

There  are  several  speculations  in  literatures  on  the  high  Q,  for  the  HSR  superplastic  composites: 
(1)  load  transfer  coefficient  depending  on  temperature [17]  (2)  the  presence  of  liquid  phase  at  the 
interfaces  between  SiC  and  Ai  phases[13]  and  (3)  superplastic  flow  controlled  by  diffusion  along  the 
interfaces  between  SiC  and  Al  phases[18].  For  the  difference  in  activation  energy  to  be  assessed  in 
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terms  of  the  load  transfer  effect  proposed  by  Li  and  Langdon[17],  the  load  transfer  coefficient  should 
depend  on  the  size  of  reinforcement.  Li  and  Langdon[17]  explained  the  Qt  value  for  the  HSR 
superplastic  mechanically  alloyed  aluminum  alloys  that  is  significantly  lower  than  those  for  the  HSR 
superplastic  MMCs,  in  terms  of  the  load  transfer  effect  becoming  ineffective  when  the  reinforcement 
size  becomes  extremely  fine.  This  is  not,  however,  for  the  present  case  of  the  20%SiCp(p=8pm)/2124 
A1  composite  having  the  reinforcement  size  larger  than  that  of  the  20%SiCp(p=3pm)/2124  A1 
composite.  The  second  and  third  suggestions  may  be  related  to  the  area  of  SiC/Al  interfaces  in  a  given 
volume  of  composite.  Consideration  of  a  circumstance  that  one  8pm  sized  SiC  particle  (in  a  form  of 
perfect  sphere)  within  the  matrix  is  divided  into  multiple  3 pm-sized  particles  leads  to  admit  that  the 
area  for  the  20%SiCp  (p=8pm)/2124  A1  composite  corresponds  to  0.37  of  that  for  the 
20%SiC  (p=3pm)/2124  A1  composite.  This  much  of  area  is  identical  to  that  can  be  anticipated  from  a 
7.4%Sidp(p=3pm)/2124  A1  composite.  If  the  Al/SiC  interfaces  provide  the  site  for  partial  melting  due 
to  the  high  concentration  of  solute  atoms  as  argued  elsewhere  [13, 14],  the  volume  of  the  liquid  phase 
created  upon  partial  melting  would  increase  with  the  increase  in  the  area  of  SiC/Al  interfaces. 
Therefore,  it  is  possible  that  the  abnormally  faster  increase  in  strain  rate  with  temperature  observed  in 
the  20%SiC  (p=3  pm)/2 1 24  A1  composite(see  figure  6),  when  compared  with  the  case  for  the 
20%SiC  (p=8pm)/2124  A1  composite  with  the  lower  area  of  SiC/Al  interfaces,  is  due  to  the  larger 
increase  in  the  liquid  volume  upon  melting.  It  should  be  noted,  however,  that  no  sign  of  partial 
melting  was  detected  in  the  DSC  trace  for  the  20%SiCp(p=3pm)/2124  A1  composite(figure  2).  Let  us 
think  of  a  final  alternative. 


(a)  (b) 


Figure  5.  Threshold  stress  measurement  for  (a)  20%SiCp(p=3pm)/2124  A1  composite  (b) 
20%SiCp(p=8pm)/2124  A1  composite. 


If  the  high  Qt  is  due  to  the  high  activation  energy  for  diffusion  along  the  SiC/Al  interfaces  as  argued 
by  Mishra  et  al.[18],  the  Qt  value  may  depend  on  the  area  of  Al/SiC  interfaces.  For  example,  if  the 
interface  area  is  very  small  or  absent,  Qt  «QL  will  be  obtained.  If  it  is  sufficiently  abundant,  on  the 
other  hand,  Qt  may  be  resulted,  where  Qt  is  the  activation  energy  for  interface  diffusion  that  is 
anticipated  to  be  much  higher  than  QL.  This  speculation  allows  to  predict  that  the  composite  with  the 
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interface  area  between  these  two  extremes  will  have  the  Qt  value  between  QL  and  Q,  which  may  be 
the  case  for  the  20%SiCp(p=8pm)/2124  A1  composite. 


Figure  6.  True  activation  energy  measurement  for  the  two  2124  A1  composites  and  unreinforced 
2124  alloy. 


4.  Summary 

The  superplastic  deformation  behaviors  of  the  20%SiCp(p=3jum)/2124  AI  composite 
20%SiCp(p-8pm)/2124  Al  composite  were  investigated.  It  was  found  that  the  true  activation  energy 
value  for  the  20%SiC (p=3pm)/2124  Al  composite  is  higher  than  QL  (=180kJ/mol)  but  not  so  high  as 
that  for  the  20%SiCp(p-3pm)/2124  Al  composite(=390kJ/mol),  though  the  volume  fraction  of 
reinforcement  is  same.  This  difference  was  attributed  to  the  difference  in  the  SiC/Al  interface  area  in 
a  given  volume  of  composite. 
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Abstract 

The  mechanical  properties  in  two  commercial  Mg-AI-Zn  alloys  were  investigated  at 
elevated  temperatures.  The  alloys  were  examined  for  tensile  tests  and  then  characterized.  The 
deformation  mechanism  in  two  alloys  varied  w  ith  their  grain  sizes.  A  coarse-grained(>100 
ptm)  alloy  exhibited  a  strain  rate  sensitivity  of  -0.33,  and  fractured  with  significant 
development  of  necking.  On  the  other  hand,  liner-grained  alloys  with  grain  sizes  less  than  20 
ptm  exhibited  a  high  strain  rate  sensitivity  -  0.5,  and  failed  with  brittle  fracture  corresponding 
to  the  cavity  growth.  The  grain  size  dependence  on  the  tensile  properties  was  discussed  to 
apply  these  alloys  for  superplastic  forming. 


Introduction 

A  number  of  magnesium  alloys  exhibit  excellent  mechanical  properties,  such  as  high 
specific  strength  at  room  temperature  and  superplasticity  at  moderate  temperatures  [1,2].  In 
addition,  there  are  many  potential  opportunities  for  the  use  of  magnesium  alloys  in  motor 
vehicle  components  [].  This  is  a  consequence  not  only  of  magnesium's  relatively  low'  density, 
which  can  directly  and  substantially  reduce  vehicle  weight,  but  also  is  a  result  of  its  good 
damping  characteristics,  dimensional  stability,  machinability,  and  low  casting  costs.  These 
desirable  attributes  enable  magnesium  to  economically  replace  many  zinc  and  aluminum  die 
castings,  as  well  as  cast  iron  and  steel  components  and  assemblies  in  motor  vehicles  [3]. 
Despite  of  these  advantages,  however,  magnesium  alloys  normally  exhibit  limited  ductility  (~ 
7%).  In  order  to  exploit  the  benefits  of  magnesium  alloy,  it  is  important  to  develop 
secondary  processing  which  can  effectively  produce  complex  engineering  components 
directly  from  wrought  products.  Superplastic  forming  is  a  viable  technique  to  fabricate  a  hard- 
to-form  material  into  complex  shapes.  Superplasticity  in  magnesium  have  been  experimentally 
investigated  for  extruded  bars  [1,2,4].  Very  limited  data  are,  how'ever,  currently  available  for 
the  superplasticity  in  a  commercial  magnesium  sheet. 

High  tensile  ductilities  associated  with  superplasticity  occur  when  the  grain  size  is  small 
and  typically  less  than  -10  pm  [5].  These  fine-grained  materials  deform  principally  by  a 
grain  boundary  sliding  mechanism.  There  is  another  observation  of  large  tensile  elongations  in 
metals.  Class  I  solid  solutions  are  a  group  of  dilute  alloys  in  which  the  glide  segment  of  the 
glide/climb  dislocation  process  is  rate  controlling  because  solute  atoms  impede  dislocation 
motion.  This  group  of  alloys  is  of  interest  in  coarse-grained  conditions  at  elevated 
temperatures  because,  as  a  result  of  the  glide-controlled  creep  mechanism,  which  have  an 
intrinsically  high  strain  rate  sensitivity  of  about  m  -  0.33  and  therefore  should  exhibit  high 
elongations  of  over  about  200%  [6].  The  intrinsic  nature  of  the  high  strain  rate  sensitivity  is 
important  because  it  suggests  that  complex  thermomechanical  processing,  such  as  that  needed 
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for  fine-grained  superplastic  alloys,  is  unnecessary  in  Class  I  solid  solutions.  Recent 
investigations  have  shown  that  high  ductility  can  be  achieved  in  coarse-grained  solid  solution 
•alloys  [7-9],  In  this  study,  mechanical  properties  at  elevated  temperatures  have  been 
investigated  for  commercial  magnesium  alloys  with  various  grain  sizes.  From  the 
experimental  results,  AZ61  sheet  with  a  fine-grained  (—20  pm)  structure  was  experimentally 
fabricated  by  gas  pressure  forming. 


Experimental  Procedure 

The  materials  used  in  the  present  study  were  commercial  Mg-Al-Zn  alloys  (AZ31  and 
AZ61).  AZ31  was  received  as-rolled  sheet  with  a  thickness  of  1.5  mm.  AZ61  was  received 
as-extruded  in  the  form  of  a  sheet  with  a  thickness  of  2.5  mm.  The  average  grain  size,  d  (~ 
1 .74L;  L  is  the  linear  intercept  size),  of  the  as-received  AZ3 1  and  AZ61  sheet  were  measured 
to  130  and  17  pm,  respectively.  In  order  to  investigate  the  grain  size  effect,  a  finer-grained 
AZ31  was  prepared  by  a  hot  extrusion.  The  grain  size  of  the  extruded  AZ31  was  measured 
to  ~  5  pm.  Inspection  of  the  microstructure  by  an  optical  microscope  revealed  that  the  grains 
of  all  alloys  were  almost  equiaxed. 

Tensile  specimens,  machined  directly  from  the  extruded  or  rolled  sheets.  To  investigate 
the  mechanical  properties,  tensile  tests  were  carried  out  at  temperatures  ranging  from  573  to 
673  K  and  constant  strain  rates  from  lxl 0-5  to  lxl 0_1  s'1  in  air. 


Mechanical  Properties  at  Elevated  Temperatures 

Constitutive  equation  for  describing  deformation  mechanism  at  elevated  temperatures  is 
generally  expressed  as  [6], 

<■) 

where  e  is  the  strain  rate,  A  a  constant,  D0  the  pre-exponential  factor  for  diffusion,  a  the 
stress,  oq  the  threshold  stress,  G  the  shear  modulus,  n  the  stress  exponent  (-1  /»?),  d  the  grain 
size,  b  the  Burgers  vector,  p  the  grain  size  exponent,  R  the  gas  constant,  T  the  absolute 
temperature  and  0  the  activation  energy  which  is  dependent  on  the  rate  controlling  process. 
In  equation  (1),  three  variables  of/?,/?  and  O  are  noted  to  be  important  in  order  to  determine 
the  deformation  mechanism.  For  glide-controlled  dislocation  creep,  n  =  3,  with p  =  0  and  0  is 
equal  to  the  activation  energy  for  solute  diffusion  [10].  For  grain  boundary  sliding,  n  =  2, 
with/?  =  2  when  0  is  equal  to  the  activation  energy  for  lattice  diffusion  and  with p  =  3  when 
0  is  equal  to  the  activation  energy  for  grain  boundary  diffusion  [6], 

To  characterize  the  plastic  flow  behavior  in  AZ3 1,  the  true  stress  as  a  function  of  strain 
rate  (at  a  fixed  strain  of  0.1)  is  plotted  in  Fig.  1  (upper).  Data  indicate  that  the  flow  stress 
decreases  with  increasing  temperature.  The  flow  stress  of  the  coarse-grained  alloy  is 
essentially  higher  than  that  of  the  fine-grained  alloy  for  the  same  temperature.  It  is  noted  that 
the  strain  rate  sensitivity,  m  (m  =  77?),  for  the  coarse-grained  alloy  is  relatively  lower  (-0.33) 
than  that  for  the  fine-grained  alloy  (~0.5). 

The  elongation-to-failure,  sf,  as  a  function  of  strain  rate  for  AZ3 1  is  also  shown  in  Fig.  1 
(lower).  The  coarse-grained  alloy  exhibits  lower  values  of  efwith  lower  strain  rate  sensitivity 
corresponding  to  the  dislocation  creep  Inspection  of  the  appearance  of  the  fractured 
specimen  revealed  that  the  coarse-grained  alloy  failed  by  the  development  of  macroscopic 
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Fig.  1  Flow  stress  at  a  fixed  strain  of  0. 1  (upper)  and  elongation-to-failure(lower)  as  a  function 
of  strain  rate  in  a  coarse-  and  fine-grained  AZ31  at  elevated  temperatures. 


necking  suggesting  the  transgranuiar  fracture.  On  the  other  hand,  the  finer-grained  alloy 
failed  with  brittle  fracture  corresponding  to  the  intergranular  fracture. 

The  flow  stress  and  efin  AZ61  alloy  as  a  function  of  strain  rate  is  also  show  n  in  Fig.  2. 
The  strain  rate  sensitivity  exhibits  a  higher  value  of  -  0.5  corresponding  to  grain  boundary 
sliding  as  well  as  the  fine-grained  AZ31  show  n  in  Fig.  1.  The  ef  at  a  temperature  of  673  K 
exhibits  ~  150%  which  is  a  possible  ductility  for  superplastic  forming  at  a  strain  rate  of  10'3 
s-1. 

The  characteri sties  at  elevated  temperatures  in  the  present  AZ31  and  AZ61  magnesium  alloys 
are  summarized  in  Table  1.  The  activation  energy(Q)  in  the  coarse-grained  AZ3 1  is  close  to  the 
activation  energy  of  the  lattice  diffusion  in  magnesium  (Ql=135  kJ/mol  [11])  or  A1 
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STRAIN  RATE,  s" 


Fig.  2  Flow  stress  at  a  fixed  strain  of  0.  l(upper)  and  elongation-to-failure(lower) 
as  a  function  of  strain  rate  in  a  AZ61  at  elevated  temperatures. 


diffusion  in  Mg  (<2c=143  kJ/mol  [12]).  From  the  evidence  in  the  stress  exponent(//=3), 
the  grain  size  exponent(/?=0)  and  the  activation  energy,  the  dominant  deformation  mechanism 
in  the  coarse-grained  alloy  should  be  glide-controlled  dislocation  creep.  The  fine-grained 
AZ31  alloy  exhibits  n= 2,  p=2>  and  Q=~Qg  b  (the  activation  energy  of  the  gram  boundary 
diffusion  in  magnesium;  Qgh= 92  kJ/mol  [11]),  corresponding  to  the  grain  boundary  sliding 
accommodated  by  grain  boundary  diffusion.  The  AZ61  alloy  exhibits  n= 2,  p= 2  and 
corresponding  to  the  grain  boundary  sliding  accommodated  by  lattice  diffusion.  Experimental 
evidence  indicates  that  grain  boundary  sliding  occurs  easily  for  the  finer-grained  material.  It 
is,  however,  noted  that  large  elomgation  more  than  100%  can  be  obtained  for  the  coarse¬ 
grained  magnesium  by  dislocation  creep  mechanism. 
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Table  1  Characteristics  at  elevated  temperatures  in  the  present  AZ3 1  and  AZ61. 


Alloys 

Grain  Size  Temperature 
0<m)  (K) 

Strain  Rate 
(s-l) 

Stress 

Exponent 

r  nl 

Grain  Size 
Exponent 

M 

Activation 
Energy  [Q\ 
(kJ/mol) 

AZ31 

(rolled-sheet) 

130 

598-673 

10-5-  10-3 

3 

0 

127 

AZ61 

(extruded-sheet) 

17 

573-673 

IO-5  -  10-3 

2 

2 

143 

AZ31 

(extruded-bar) 

5 

573-623 

10 -4~  10  1 

2 

3 

96 

Superplastic  Forming 

Superplastic  forming  was  performed  for  a  commercial  AZ61  sheet.  The  sheet  was  formed 
with  Nh  gas  pressure  of  4  atm  at  a  temperature  of  723  K.  The  sheet  was  formed  in  a  shape  of 
semi -spherical  dome  as  well  as  the  other  conventional  superplastic  materials  as  shown  in 
Fig.  3.  It  was  taken  about  6  minutes  for  the  forming.  The  result  indicates  that  the  commercial 
magnesium  sheet  has  a  potential  for  superplastic  forming. 


Fig.  3  An  example  of  the  semi-spherical  dome  of  AZ61  fabricated  with  N2  gas  pressure. 


Summary 

Mechanical  properties  in  commercial  Mg-Al-Zn  alloys  were  investigated  at  elevated 
temperatures  for  the  secondary  processing  in  a  commercial  forming.  The  deformation 
mechanism  in  two  alloys  varied  with  their  grain  sizes.  A  coarse-grained(>100  pim)  alloy 
exhibited  a  strain  rate  sensitivity  of  -0.33,  and  fractured  with  significant  development  of 
necking.  On  the  other  hand,  finer-grained  alloys  with  grain  sizes  less  than  20  pim  exhibited  a 
high  strain  rate  sensitivity  -  0.5,  and  failed  with  brittle  fracture  corresponding  to  the 
intergranular  fracture.  Large  elongatio-to-failure(>100%)  was,  however,  obtained  for  both 
alloys  suggesting  the  possibility  of  secondary  processing. 
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Abstract 

The  effect  of  dopant  addition  on  the  superplastic  flow  and  tensile  elongation  in  TZP  was 
examined.  Zr02-3mol%Y203-1.0mol%Ge02-0.5mol%Nd203(TZP-lGe-lNd)  exhibits  higher  tensile 
elongations  of  more  than  600%  at  1400°C  and  lower  flow  stresses  than  TZP(Zr02-3mol%Y203). 
This  reduction  in  flow  stress  is  mainly  caused  by  the  codoping  of  Ge02  with  other  elements.  The 
peak  temperature  for  the  nominal  elongation  decrease  is  shown  by  TZP-lGe-INd,  it  is  suggested 
that  the  reason  for  the  maximum  elongation  with  respect  to  temperature  is  caused  by  the  reduction 
in  flow  stress  of  Ge02  and  that  of  restricted  ductility  at  high  temperatures  due  to  Nd2Q3. 


Introduction 

Tetragonal  zirconia  polycrystals  (TZP)  are  known  to  exhibit  superplasticity  at 
high-temperatures[l].  There  have  been  numerous  studies  on  superplastic  behavior  of  TZP, 
especially  yttria-stabilized  TZP  (Y-TZP).  The  high  tensile  ductility  in  TZP  is  explained  by  grain 
size  stability  during  high  temperature  deformation  [2].  Superplastic  properties  such  as  flow  stress, 
strain  rate  and  deformation  temperature  have  been  improved  for  future  practical  use  in  industry. 

Tsurui  et  al.  reported  a  unique  kind  of  superplastic  characteristics  in  Ti02-doped  Y-TZP.  This 
material  exhibits  higher  grain  growth  when  compared  with  Y-TZP,  and  in  spite  of  this  disadvantage, 
Ti02-doped  Y-TZP  shows  improved  ductility  at  lower  temperatures,  together  with  a  stress  reduction 
at  all  temperatures.  Kondo  et  al  developed  a  new  analysis  to  describe  the  superplastic  behavior  of 
TZP  and  Ti02  doped  TZP[3].  Their  analysis  revealed  that  the  tensile  ductility  in  TZP  and 
Ti02-doped  TZP  is  maximized  at  an  optimum  temperature  which  is  dependent  on  the  diffusivity  of 
the  material.  Recently,  Mimurada  et.al  obtained  further  improved  superplasticity  in  Ge  doped  TZP. 
Ge  doped  TZP  exhibits  longer  elongation  than  2.5Y-TZP  throughout  the  temperature  range.  The 
addition  of  such  dopants  is  thought  to  affect  the  diffusion  characteristics  which  improve 
superplasticity. 

In  the  present  study,  we  studied  codoped  TZP  to  investigate  the  effect  of  codopants  that 
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have  different  ionic  radii  and  ionic  charges  on  the  superplastic  flow  of  Y-TZP  doped  with  Ge  and 
Nd  ions.  A  novel  interpretation  about  the  effect  of  dopants  will  be  presented  for  the  tensile 
ductilities  in  TZPs. 


Experimental  Procedures 

The  chemical  compositions  of  the  materials  prepared  in  this  study  were  Zr02-3mol%Y203 
(3Y-TZP),  ZrO2-2.5mol%Y2O3-0.5mol%Nd2O3  (TZP-INd),  and  Zr02-3mol%Y203-lmol%Ge02- 
0.5  mol%Nd203  (TZP-lGe-INd).  Zr02  powders  (Tosoh.Inc,TZ-2.5Y  and  TZ-3Y)  were  mixed  with 
the  suitable  amount  of  Ge02  and  Nd203  powders  (Rare  Metallic  ,6N  for  Ge02,  3N  for  Nd203)  by  a 
ball-milling  method  for  24h  and  dried  in  Ar  atmosphere.  Subsequently,  the  powders  were  uniaxially 
pressed  under  a  pressure  of  33MPa  and  then  cold-isostatically  pressed  (CIP)  at  lOOMPa.  The  green 
bodies  were  sintered  for  2h  in  air  at  1200°C  for  TZP-lGe,  1300°C  for  TZP-lGe-INdand  ,  and 
1400°C  for  3Y-TZP  and  TZP-INd.  Some  of  the  sintered  bodies  were  further  annealed  at  1500°C 
for  a  period  from  2  to  4h. 

Tensile  test  specimens  with  a  gauge  of  13mm  and  a  cross  sectional  area  of  2  X  2mm  were  cut 
and  ground  from  the  sintered  or  annealed  bodies.  High-temperature  tensile  tests  were  conducted  for 
3Y-TZP,  TZP-INd,  TZP-lGe-INd  in  air  for  a  temperature  at  1300  to  1500°C  at  an  initial  strain  rate 
of  1.3  X 10  s  with  a  tensile  machine  (Shimazu  AG-5000C).  Microstructure  analysis  was  carried 
out  with  a  scanning  electron  microscope  (SEM,  JEOL  JSM-5200)  for  the  as  sintered  and  the 
annealed  samples  that  were  polished  and  thermally  etched.  The  average  grain  size  was  measured 
directly  from  SEM  micrographs  by  the  linear  intercept  method.  Phase  identification  was  made  for 
all  the  materials  by  XRD  analysis. 

Result 

(1)  High-temperature  tensile  test 

Fig.  1  shows  stress  strain  curves  obtained  for  Zr02-2.5mol%Y203  (2.5Y-TZP)  [4],  3Y-TZP, 
Zr02-2.5mol%Y203-lmol%Ge02  (TZP-lGe)[5],  TZP-INd,  TZP-lGe-INd  at  1300(a),  1400(b)  and 
1500°C(c). 

In  these  high-temperature  tensile  tests,  the  strain  rate  decreases  with  increasing  strain  because 
these  tests  are  conducted  at  constant  cross  head  speed.  The  flow  stress  is  influenced  by  the  change 
in  strain  rate  and  grain  growth  during  deformation.  In  Fig.  1(c),  at  1500°C,  the  flow  stress  for 
2.5Y-TZP  and  3Y-TZP  is  almost  flat  or  decreasing  with  increasing  strain.  On  the  other  hand,  the 
flow  stress  for  TZP-lGe  and  TZP-lGe-INd  are  increasing  with  increasing  strain.  It  implies  that  the 
grain  growth  of  these  materials  is  enhanced  by  Ge02  addition.  In  Fig.  1  (a)-(c),  the  stress  strain 
curves  of  2.5Y-TZP  and  3Y-TZP  do  not  show  significant  difference  in  flow  stress  and  elongation  to 
failure  showing  similar  superplastic  characteristics. 

The  results  of  Fig.l  are  rearranged  in  Fig.2  in  terms  of  elongation  to  failure  as  a  function  of 
testing  temperature.  Fig.  2  also  shows  Ca  and,  or  Ti  doped  TZP,  we  discuss  about  Ca  and,  or  Ti 
doped  TZP  as  follows.  In  Fig.  2,  the  elongation  of  TZP-INd  is  smaller  than  that  of  2.5Y-TZP,  on  the 
contrary,  the  elongation  of  TZP-lGe  is  higher  than  2.5Y-TZP.  Therefore  Ge02  addition  is  preferable 
and  that  the  addition  at  Nd203  is  not  preferable  for  superplastic  elongation  under  the  tensile  test 
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Nominal  Strain(%) 


Fig.  1  Flow  stress-nominal  strain  of 
2.5Y-TZP,  3Y-TZP,  TZP-1  Ge 
TZP-INd  and  TZP-lGe-INd  at 
a)1300°C,  b)1400°C  andc)1500°C. 


conditions.  We  also  investigated  the 
superplastic  behavior  of  co-doped  TZP.  The 
most  remarkable  characteristic  in  this  material 
is  the  temperature  dependence  of  the 
elongations. 

An  elongation  greater  than  600%  was  obtained 
at  1400 °C,  while  smaller  elongations  were 
observed  at  1300 °C  and  1500 °C.  We  will 
discuss  these  points  in  the  later  part  of  this 
paper. 

(2)  Flow  stress 

As  can  be  seen  in  Fig.3,  the  flow 
stress  at  10%  decreases  with  increasing 
temperature  in  all  of  the  materials  examined. 

This  tendency  in  flow  stress  is  considered 
to  reflect  the  fact  that  the  superplastic 
deformation  is  controlled  by  diffusion.  The 
flow  stress  of  TZP-INd  is  not  so  different 


Nominal  Strain(%) 


Nominal  Strain/% 


Temperature/°C 


Fig.  2  Temperature  dependence  of 
nominal  elongation  to  failure  in  2.5Y-TZP, 
3Y-TZP,  TZP-lGe,  TZP-INd  and  TZP-lGe-INd. 
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from  2.5Y-TZP  and  3Y-TZP.  Thus,  Nd203  addition  is  not  so  effective  in  decreasing  the  flow  stress 
in  TZP.  On  the  other  hand,  the  flow  stress  of  TZP-lGe  and  TZP-lGe-INd  are  considerably  lower 
than  that  of  2.5Y-TZP,  3  Y-TZP  and  TZP-INd.  In  these  results,  Ge02  has  the  effect  of  decreasing 
flow  stresses  in  TZP  even  if  doped  with  Nd203.  However,  it  is  difficult  to  explain  the  different 
tendencies  of  the  temperature  dependent  elongation  characteristics  between  TZP-lGe  and 
TZPIGe-INd  in  terms  of  flow  stress  only.  There  must  be  other  causes  that  have  to  be  taken  into 
consideration. 

(3)  Microstructure  analysis 

XRD  analysis  was  performed  to  identify  the  state  of  Ge02  and  Nd203  in  2.5Y-TZP.  It  is 
important  to  know  this  because  the  presence  of  secondary  phases  would  influence  superplastic 
behavior.  Fig.  4  shows  XRD  profiles  observed  in  2.5Y-TZP,  TZP-INd,  TZP-lGe,  and 
TZP-lGe-INd.  The  profile  of  each  material  suggests  that  the  material  consists  of  a  single  tetragonal 
phase.  Thus  the  dopants  are  thought  to  be  in  solution  within  Zr02.  This  result  is  consistent  with  the 
reported  solid  solubility  of  Ge02  and  Nd203  in  Zr02[5,6,7].  It  is  important  to  know  the  effect  of 
dopant  on  grain  growth  behavior  in  TZP  because  the  flow  stress  in  TZP  is  very  sensitive  to  the 
change  in  average  grain  size.  Mimurada  et  al.  reported  that  GeC>2  addition  into  Y-TZP  enhances 
static  grain  growth  as  well  as  dynamic  grain  growth[5].  However,  there  are  no  reports  available  for 
the  effect  of  Nd203  addition  on  grain  growth  in  Y-TZP.  Therefore,  we  examined  the  static  grain 
growth  behavior  in  TZP-INd  by  using  SEM  observation. 

Fig.  5  shows  the  grain  size  of  the  as-sintered  specimen  and  those  annealed  at  1500°C  from  2  to 
4  hours.  In  these  results,  Nd203  addition  into  TZP  does  not  suppress  grain  growth. 


Discussion 

As  can  be  seen  in  Fig.  3,  Ge  addition  into  TZP  has  a  drastic  effect,  decreasing  the  flow  stress[6], 
while  the  flow  stress  of  TZP-INd  is  almost  the  same  as  that  of  2.5Y-TZP  and  3Y-TZP.  TZP-lGe 


Temperature/5C 


Fig.  3  Temperature  dependence 
of  10%  flow  stress  in  2.5Y-TZP, 

3 Y-TZP,  TZP-lGe,  TZP-INd  and  TZP-lGe-INd. 
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Fig.  4  Intensity  profiles  of  XRD 
in  2.5Y-TZP,  TZP-INd, 
TZP-lGe  and  TZP-lGe-INd. 
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sintered  at  1200°C,  it  is  lower  than  3Y-TZP  and  TZP-INd.  It  is  suggested  that  Ge  may  enhance 
diffusion,  decreasing  the  flow  stress  and  suppressing  cavity  creation.  The  temperature  dependence 
of  10%  flow  stress  of  TZP-lGe-INd  indicates  the  fact  that  Ge  has  the  effect  of  decreasing  the  flow 
stress  in  TZP  even  if  it  was  doped  with  Nd203.  Thus,  we  conclude  that  the  dopant  that  makes  flow 
stress  lower  would  be  effective  when  doped  with  other  elements. 

As  shown  in  Fig.2,  Ge  has  the  effect  of  improving  nominal  strain,  while  Nd  deteriorates 
nominal  strain.  We  doped  Ge  and  Nd  to  confirm  the  effect  of  each  dopant  on  flow  stress  and 
elongation.  However,  TZP-lGe-INd  shows  improved  superplasticity  that  shows  a  maximum 
elongation  with  respect  to  temperature. 

The  characteristics  of  the  temperature  dependent  elongation  in  TZP-lGe-INd  is  that  the 
maximum  elongation  is  at  1400°C  followed  by  a  reduction  in  elongation  at  higher  temperatures. 
Before  arguing  the  origin  of  these  characteristics,  we  are  going  to  discuss  on  the  effect  of  each 
dopant.  The  addition  of  tetravalent  elements,  Ge4+,  into  Y-TZP  results  in  improved  iductility  within 
the  temperature  range  tested.  This  would  be  due  to  the  reduction  in  flow  stress.  Nominal  elongations 
in  TZP-INd  that  contains  Nd3+  cations  become  lower  at  all  temperatures  when  compared  to 
2.5Y-TZP  or  3Y-TZP.  Flow  stresses  in  2.5Y-TZP  and  TZP-INd  are  not  so  different  from  each  other 
when  compared  with  the  specimens  of  the  same  grain  size  in  our  observation.  It  indicates  that  the 
Nd3+  ion  is  not  so  effective  in  altering  the  diffusion  related  to  deformation.  Therefore,  the 
deterioration  in  elongation  would  not  be  from  the  suppression  in  the  accommodation  process  but 
from  cavity  nucleation  and  growth. 

This  may  the  case  for  TZP-INd,  which  exhibits  lower  ductility  in  spite  of  its  refined  grain 
structure.  It  is  notable  that  the  elongation  of  TZP-INd  is  more  restricted  at  higher  temperatures.  It 
indicates  the  fact  that  the  effect  of  Nd3+  becomes  dominant  at  higher  temperatures  in  these  materials. 

Furthermore,  these  results  suggest  a  novel  view  for  superplastic  elongation.  If  there  is  only 
the  effect  of  Nd3+  in  TZP,  the  nominal  elongation  would  decrease.  If  there  are  both  effects  of 
decreasing  flow  stress  by  Ge4+,  and  Nd3+,  the  elongation  would  increase  further  than  the  material 
doped  with  Ge4+  only  as  observed  in  TZP-lGe-INd  at  1400°C.  In  other  words,  the  presence  of 


2.5Y-TZP  and  TZP-INd.  of  3Y-TZP  TZP-lGe-ICa, 

,  TZP-lGe-lTi,  and  TZP-lGe-INb. 
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Nd3*  is  favorable  for  elongations  in  certain  cases. 

We  discussed  about  improved  superplastic  flow  caused  by  the  reciplocal  action  of  decreasing 
flow  stress  and  increasing  nominal  strain.  Fig.6  shows  stress-strain  curves  of  3Y-TZP,  Zr02-3mol% 
Y203-lmol%  Ge02  -lmol%CaO  (TZP-lGe-ICa),  Zr02-3mol%Y203-lmol%  Ge02-lmoI%TiO 
(TZP-lGe-lTi),  Zr02-  3mol%Y203-lmol%  GeO2-0.5mol%Nb2O5(TZP-lGe-lNb).  Oka  et.al  also 
reported  the  effect  of  improved  superplasticity  by  codoping  for  Ca  and  Ti  in  3Y-TZP[8].  As  shown 
in  Fig.  6,  all  of  the  co-doped  TZP  show  increasing  strain  and  decreasing  flow  stress  greater  than 
3Y-TZP.  In  the  case  of  TZP-2Ca-2Ti,  Ca  and  Ti  are  also  known  to  segragate  to  the  grain 
boundary[8].  It  is  suggested  that  co-doped  elements  change  the  grain  boundary  properties,  which 
influence  grain  growth  or  cavity  creation.  It  implies  that  co-doping  itself  has  the  effect  of  improving 
superplastic  flow. 

The  mechanism  of  elongation  and  the  effect  of  co-doping  elements  has  not  been  elucidated  yet, 
thus  the  analysis  of  cavity,  grain  boundary  and  grain  growth  behavior  are  necessary  in  order  to 
understand  the  effect  of  codoping.  Studying  similar  and  different  ionic  charged  elements  in 
co-doped  TZP  and  further  investigation  on  the  state  of  the  grain  boundary  is  required  to  understand 
the  effect  of  these  co-doping  elements. 

Conclusion 

Superplastic  behavior  in  3Y-TZP,  2.5Y-TZP-lNd,  3Y-TZP-lGe-lNd  was  studied  by 
high-temperature  tensile  tests  and  X-ray  diffraction.  The  following  conclusion  are  obtained. 

1)  Ge02  has  the  effect  of  decreasing  flow  stress  for  TZP  even  if  it  is  doped  with  Nd203 

2)  Superplastic  elongation  of  more  than  600%  was  obtained  in  TZP-lGe-INd  at  1400°C. 

3)  The  peak  in  elongation  to  failure  in  TZP-lGe-INd  at  1400°C  is  considered  to  be  caused 
by  Ge  which  has  the  effect  of  decreasing  flow  stress  and  Nd  that  has  the  effect  of 
decreasing  nominal  elongation. 
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Abstract  Superplasticity  was  demonstrated  in  Fe-28Al-2Ti  and  Fe-28Al-4Ti  (in  atomic  percent) 
alloys  at  600  to  750°C  (0.48  to  0.56Tm  where  Tm  is  the  absolute  melting  temperature  of  Fe3Al). 
The  starting  micro  structure  of  the  materials  contains  30-50  micron  grains  that  are  considered  as  large 
grains  compared  to  conventional  below  10  micron  grain  sizes  for  fine  grain  superplasticity.  Optical 
microscope  analysis  shows  that  the  grains  were  elongated  after  about  100%  superplastic 
deformation.  Larger  deformation  resulted  in  a  DRX  microstructure.  New  and  finer  grains  appeared 
after  large  superplastic  deformation.  Maximum  strain  rate  sensitivity  index  (m  value)  was  found  to  be 
around  0.3,  nevertheless  large  elongation  was  also  observed  when  m  value  is  lower  than  0.2.  The 
superplastic  deformation  mechanism  is  suggested  to  be  related  with  DRX  and  DRV  in  such  ordered 
intermetallics. 

INTRODUCTION 


Superplasticity  has  been  extensively  studied  in  metals  and  alloys  [1].  However,  few  studies  have  been 
carried  out  in  ordered  intermetallics  [2-5].  It  is  well  known  that  superplasticity  appears  in  fine¬ 
grained  metals  and  alloys.  In  fine-grained  materials  grainboundary  sliding  (GBS)  will  readily  occur  at 
high  temperature  and  low  strain  rate.  This  is  considered  as  the  main  reason  for  superplasticity  in  fine¬ 
grained  materials.  Fine  grain  superplasticity  has  also  been  demonstrated  in  Ni-based[2,3]  and  Ti- 
based  intermetallics[4,5].  It  was  found  that  GBS  is  the  main  factor  which  contribute  to  the 
superplasticity,  nevertheless  intragrain  dislocation  activity  was  also  observed  in  Ni3Al  based 
intermetallics[3].  Superplasticity  in  a  Fe-28Al-2Ti  alloy  was  reported  to  occur  in  a  temperature  range 
of  800  to  900°C[6].  Maximum  elongation  was  over  600%[7].  Interestingly,  superplasticity  in  this 
alloy  was  observed  in  large  grained  conditions.  Initial  grain  size  was  about  100pm,  after  superplastic 
deformation,  the  large  grains  were  broken  and  finer  grains  appeared.  A  continuous  recrystallization 
process  was  suggested  in  this  alloy  upon  OM  and  TEM  observation  results  [7],  It  is  well  known  that 
grain  size  will  greatly  affect  the  tensile  properties  of  a  material  both  at  high  and  room  temperatures. 
So  that  present  research  is  aimed  at  the  high  temperature  tensile  properties  of  Fe3Al  based  alloys 
which  have  finer  grain  sizes. 
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EXPERIMENTAL  PROCEDURE 

Alloys  with  compositions  of  Fe-28Al-2Ti  and  Fe-28Al-4Ti  (all  in  atomic  percent)  were  prepared  by 
arc  melting  under  argon  using  commercially  pure  iron,  aluminum  and  titanium.  The  alloy  buttons 
were  remelted  three  times  to  improve  their  homogeneity  and  were  then  drop  casted  into  <J)20  rods. 
After  homogenizing  for  24  hours  at  1000°C,  these  rods  were  hot  rolled  to  about  2.2mm  sheets  at 
900°C~1000°C.  To  get  finer  grain  sizes,  Fe-28Al-2Ti  sheets  were  rolled  at  700°C  from  2.2mm  to 
1mm  thickness  while  Fe-28Al-4Ti  sheets  were  rolled  at  800°C  from  2.2mm  to  1mm  sheets  (For  4Ti 
alloy,  rolling  at  700°C  was  found  to  be  unsuccessful.). Tensile  specimens  were  cut  from  these  sheets 
using  a  spark  machine.  The  gauge  size  of  tensile  specimens  is  4.4x1. 0x8mm. 

Tensile  tests  were  conducted  on  a  SHIMADZU  AG-100  kNA  test  machine  at  600-750°C  (0.48- 
0.54Tm,  where  Tm  is  the  melting  temperature  of  Fe3Al)  under  an  initial  strain  rates  of  1.25x1  CV1 
and  2.5xl0*V\  Optical  microscopic  observation  was  made  with  a  Nephot-II  microscope.  Samples 
were  etched  in  a  solution  of  8parts  ethanol  +  4parts  HN03+lpart  HC1. 

RESULTS  AND  DISCUSSION 

1,  Flow  behavior  and  tensile  properties 

Fig.  1  shows  the  superplastically  deformed  Fe-28Al-2Ti  specimens.  At  600°C,  deformation  seems 
quite  uniform.  There  are  no  necks  along  the  specimen  including  the  fracture  tip  area.  With 
temperature  increasing,  necking  appears.  The  necks  of  the  specimen  deformed  at  700°C  is  sharper 
than  that  of  deformed  at  650° C.  Similar  phenomenon  was  also  observed  in  the  Fe-28Al-4Ti  alloy  but 
in  a  temperature  range  of  650°C  to  750°C. 

Typical  true  stress-true  strain  curves  of  the  two  alloys  were  shown  in  Fig. 2  and  Fig.3.  The  flow 
stresses  are  sensitively  dependent  on  temperatures.  More  over,  it  is  worthy  to  note  that  the  flow 
stress  is  much  high  than  that  in  fine  grained  materials.  For  Fe-28Al-2Ti  alloy  under  a  initial  strain  rate 
of  1.25xl0‘4/s,  strong  hardening  was  observed  when  deformed  at  600°C.  At  650°C,  hardening  was 
compensated  by  softening  after  about  20%  deformation.  A  sound  balance  of  hardening  and 

softening  appears  when  the  specimen 
is  deformed  at  700°C.  Maximum 
elongation  was  also  observed  at  700 
°C,  which  is  362%.  For  Fe-28Al-4Ti 
alloys,  such  phenomenon  appears  at 
temperatures  of  50  degrees  higher. 
Tensile  properties  of  the  two  alloys 
are  shown  in  Table  1.  From  this  table 
it  is  clear  that  both  alloys  exhibit 
superplastic  deformation  behavior  in 
the  studied  temperature  and 
strain  rate  range.  The  elongation 
increases  with  increasing  of 


before  deformation 


600°C/1.25xl(rVs  5-102% 


20mm 


650°C/1 .25x1 0-7s  8=295% 


700SC/1 .25x1  O^/s  5=362% 


Fig.  1  Superplasticity  in  Fe3Al  alloys  at  low  temperatures. 
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True  Strain 


Fig.2  True  stress-true  strain  curves  of  Fe-28Al-2Ti  alloy  at  different  temperatures. 


True  strain 


Fig. 3  True  stress-true  strain  curves  of  Fe-28Al-4Ti  alloy  at  different  temperatures. 

temperature.  From  the  maximum  flow  stresses,  m  values  for  Fe-28Al-2Ti  are  calculated  to  be  0.188, 
0.291,  0.311  for  600°C,  650°C  and  700°C  respectively.  For  Fe-28Al-4Ti,  m  values  are  calculated  to 
be  0.189,  0.279  for  700°C  and  750°C  respectively. 

Take  1813K(1540°C)  as  the  melting  temperature  of  Fe3Al  alloys  [8],  600°C-750°C  temperature 
range  is  about  0.48  to  0.56Tm.  Such  temperature  range  was  considered  as  low  temperature 
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range  for  superplasticity[9-l  1].  Viscous  gliding  of  dislocations  was  supposed  to  be  responsible  for 
the  superplasticity  phenomena  [9].  In  case  of  viscous  gliding  of  dislocations,  m  value  should  be  about 
0.33.  Present  results  shows  that  m  value  changes  with  temperatures  and  superplastic  deformation 
was  observed  even  when  m  value  is  lower  than  0.2.  Therefore,  the  dislocation  viscous  gliding 
mechanism  is  not  enough  to  explain  present  results.  More  research  is  needed  to  explain  such 
phenomenon. 

Table  1  Tensile  properties  of  Fe-28Al-2Ti  and  Fe-28Al-4Ti  alloys  at  different 
temperatures  and  strain  rates 


Alloy 

composition 

Temperature  (°C) 

Strain 
rate (1/s) 

Maximum  flow 
stress (Mpa) 

Elongation (%) 

600 

1.  25xl0"7s 

320.3 

102 

2.  5xlO"Vs 

365 

Fe-28Al-2Ti 

650 

1.  25xl0"Vs 

295 

2.  5xl0_,/s 

124 

700 

1.  25xl0'7s 

124.  1 

362 

2.  5xl0"7s 

154 

263 

1.  25x10"7s 

316 

98 

675 

1.  25x10‘7s 

278.8 

700 

1.  25x10"7s 

217.8 

175 

Fe-28Al-4Ti 

2.  5xl0"7s 

248.3 

156 

725 

1.  25xl0"7s 

171.6 

250 

750 

1.  25xl0'7s 

312.5 

■MH 

316 

2,  Microstructure 

The  starting  microstructures  of  these  two  alloys  were  shown  in  Fig.4  (a)  and  (b).  With  intercept 
method  the  grain  sizes  of  Fe-28Al-2Ti  and  Fe-28Al-4Ti  were  measured  to  be  about  32  and  47pm 


Fig.4  Optical  microstructures  of  Fe-28Al-2Ti  (a)  and  Fe-28Al-4Ti  (b)  alloys  before  deformation. 
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Fig.  5  Optical  microstructures  of  Fe-28Al-4Ti 
alloy  deformed  under  a  strain  rate  of  1.25x1 0'4/s 
at  different  temperatures,  (a)  deformed  at  650° 
C,  s-98%,  (b)  deformed  at  700°C,  s=175%,  (c) 
deformed  at  750°C,  6=312.5%. 


respectively.  Both  micro  structures  are  consisted  of  eqiaxed  grains.  These  grain  sizes  are  finer  than 
that  in  earlier  report  [6,7]  but  are  still  much  larger  than  the  grain  sizes  in  conventional  fine  grain 
superplastic  materials  where  the  grain  sizes  are  generally  below  10pm.  Therefore,  GBS  model  is  not 
applicable  in  this  situation. 

Change  of  microstructure  with  deformation  is  shown  in  Fig.  5.  From  this  figure  it  can  be  seen  that 
deformation  at  650°C  resulted  in  an  elongated  grain  structure.  Very  small  serration  appears  in  the 
grain  boundaries.  This  phenomena  becomes  more  pronounced  when  the  specimen  was  deformed  at 
700°C.  Deformation  at  750°C  resulted  in  a  different  microstructure.  New  and  finer  grains  appeared 
in  the  specimen.  Measured  grain  size  is  about  23  pm  which  is  about  half  of  the  original  grain  size.  The 
grain  size  refinement  was  also  observed  in  Fe-28AL-2Ti  alloy  at  850°C  when  the  original  grain  size 
is  about  100pm[6].  Upon  OM  and  TEM  observation,  it  is  suggested  that  such  refinement  was 
introduce  by  a  continuous  recovery  and  recrystallization  process.  During  superlastic  deformation  an 
unstable  subgrain  network  forms  and  these  subboundaries  absorb  gliding  dislocations  and  transform 
into  low  and  high  angle  grain  boundaries.  A  dislocation  glide  and  climb  process  accommodated  by 
subboundary  sliding,  migrating  and  rotating,  allows  the  superplastic  flow  to  proceed[7]. 

For  fine  grain  superplasticity,  finer  grain  structure  results  in  lower  temperature  and  higher  stain  rate 
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superplasticity.  Low  temperature  superplasticity  has  been  demonstrated  in  alloys  with  extremely  fine 
grain  structure  (grain  size  is  about  lpm)[9].  In  present  research  it  is  clear  that  the  starting  grain  size 
is  much  larger  than  that  needed  for  grain  boundary  sliding.  Considering  the  initial  large  grain  size  and 
high  flow  stress  as  well  as  finer  grain  size  after  deformation,  it  may  be  assumed  that  inner  grain 
dislocation  movement  has  played  an  important  role  in  the  early  time  of  deformation  process  while 
DRV  and  DRX  have  taken  place  in  the  late  time  of  the  deformation. 

conclusions 

Low  temperature  Superplasticity  was  demonstrated  in  Fe-28Al-2Ti  and  Fe-28Al-4Ti  alloys  at  a 
temperature  range  of  600-75  0°C.  After  superplastic  deformation,  initial  large  grains  changed  to 
elongated  grains  or  recrystallized  grains.  The  superplastic  deformation  mechanism  is  suggested  to  be 
related  with  DRX  and  DRV  in  such  ordered  intermetallics. 
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Abstract 

Deformation  behavior  of  the  7475  aluminum  alloy  was  studied  in  temperature  range  T=623-793K  by 
compression  test.  It  has  been  shown  that  the  7475  alloy  exhibits  a  threshold  behavior.  Analysis  in 
terms  of  threshold  stress  has  shown  that  there  are  two  characteristic  modes  of  deformation  behavior 
in  the  power-law  regime  in  the  examined  temperature  range.  At  normalized  strain  rate 
8RT/DiGb<1.6*1013  mol'1  the  value  of  the  stress  exponent,  n,  is  equal  4,  and  at  normalized  strain  rate 
sRT/DiGb>1.6-1013  mol"1  the  value  of  the  stress  exponent,  n,  is  equal  6.  Value  of  activation  energy  is 
close  to  that  for  lattice  self-diffusion  in  pure  aluminum  at  temperatures  above  763K  and  close  to  the 
value  of  pipe  diffusion  at  T<723K.  Deformation  behavior  of  the  7475  alloy  was  interpreted  in  terms 
of  transition  from  low  temperature  climb  to  high  temperature  one.  Two  types  of  temperature 
dependence  of  threshold  stress  was  observed  in  the  examined  temperature  region.  Strong 
temperature  dependence  with  the  energy  term,  Qo=T30  kJ/mol  was  revealed  at  T=743-793K.  At 
T=673-743K  the  dependence  with  Q0=  42  kJ/mol  was  found.  The  role  of  second  phase  dissolution  in 
threshold  behavior  of  the  alloy  is  considered. 


1  Introduction 


Deformation  behavior  of  high  strength  7XXX  Al-alloys  was  extensively  studied  in  the  past  in  the  low 
temperature  range  where  precipitations  of  r|-phase  on  aging  take  place  and  the  high  creep  resistance 
of  these  alloys  is  caused  by  the  interaction  between  fine  particles  and  dislocations.  By  contrast,  no 
investigation  has  yet  been  conducted  to  study  the  deformation  behavior  of  Al-Zn-Mg  alloys  with 
coarse  grain  structure  in  high  temperature  range  where  dissolution  of  reinforced  phase  occurs  and  a 
transition  in  the  mechanisms  controlling  the  plastic  deformation  is  expected.  Numerous  authors 
[1,2,3]  paid  a  great  attention  to  examination  of  superplasticity  in  these  aluminum  alloys  with  fine 
grain  structure  at  high  temperatures. 


The  purpose  of  this  paper  is  two-fold.  Firstly,  to  report  the  data  of  a  detailed  examination  of 
deformation  behavior  of  modified  7475  aluminum  alloy  with  Zr  additives  over  a  wide  temperature 
range.  Secondly,  careful  inspection  of  these  experimental  data  will  be  perform  to  reveal  the  role  of 
secondary  phases  in  deformation  behavior  of  the  alloy  and  to  examine  the  operating  deformation 
mechanisms. 
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2  Experimental  procedure 

The  modified  7475  aluminum  alloy  was  used  in  the  present  study.  The  chemical  composition  (in 
wt%)  of  the  alloy  is  6.4%Zn,  2.46%Mg,  1.77%Cu,  0.23%Cr,  0.16%Zr,  0.03%Si,  0.04%Fe, 
0.03%Mn  and  the  balance  is  Al.  The  alloy  was  initially  produced  by  semicontinuous  casting  by 
Kaiser  Aluminum  and  was  homogenized  at  768K  for  20h.  Initial  microstructure  of  alloy  consisted  of 
lamella  type  grains  with  size  1-10  mm  in  longitudinal  direction  and  about  50  -  100  fim  in  transverse 
direction  and  bands  of  essentially  equiaxed  grains  with  size  from  50  to  100  jun.  Both  bands  and 
lamellas  were  located  in  parallel  to  the  ingot  axes.  Compression  specimens  of  a  diameter  10  mm  and 
a  height  12  mm  were  machined  from  the  ingot.  Compression  tests  were  conducted  in  air  at 

temperatures  between  673  K  and  793  K  at  various  strain  rates  from  10"5  to  10’2  s"1  using  a  screw- 
driven  Schenck  machine.  In  addition,  strain  rate  change  tests  were  performed.  The  deformation  relief 
was  investigated  using  a  JSM-840  SEM.  The  thin  foils  were  examined  with  a  JEOL-2000EX  TEM 
utilizing  a  double-tilt  stage.  Samples  for  SEM  and  TEM  observation  were  electropolished  in  a 
solution  of  30%  HNO3  and  70%  methanol  at  25V  and  243K.  Samples  for  surface  observation  at 
high  temperatures  were  plated  by  platinum.  The  threshold  stress  and  creep  parameters  were 
determined  by  methods  described  in  detail  in  [4-10].  Note  that  the  deformation  behavior  of  material 
was  analyzed  only  in  the  stable  stage  (ss)  of  plastic  flow,  when  ass(8)=const.  In  this  case,  the 
deformation  under  active  loading  can  be  treated  in  the  same  way  as  creep  [4]. 


3  Experimental  results 

3.1  Deformation  behavior  of  7475  Al  alloy 

Flow  stresses.  The  typical  true  stress-strain  curves  in  the  temperature  range  from  623  K  to  793  K 

c  1  9  1 

and  strain  rates  from  10  J  s  to  10  z  s"1  are  presented  in  Fig.  1.  Two  different  temperature  regions 
distinguished  by  a  shape  of  curves  are  revealed.  At  T=763-793K  and  e=10"5-10“4  s'1  the  peak  stress 
is  observed  in  the  initial  stage  of  plastic  deformation  (epeak=2-4%).  During  subsequent  deformation  a 
gradual  softening  takes  place.  A  decrease  in  flow  stress  by  at  least  one  and  half  times  is  observed 
after  8^=40-50%.  At  lower  temperatures  (T=673K-723K)  the  minor  peak  stress  was  revealed.  The 
stable  stage  of  plastic  flow  is  reached  after  strains  ess-15-25%  and  values  sss  are  diminished  with 
decreasing  temperature  in  this  region.  Note,  that  further  temperature  decrease  leads  to  peak  stress 
disappearance  and  the  stable  stage  of  plastic  flow  is  attained  after  8=  3-5%. 

The  analyze  of  the  effect  of  the  strain  rate  ess  and  temperature  on  the  flow  stress  in  the  stable 
stage  was  performed  by  the  a-s  plot  drown  on  double  logarithmic  scale  (Fig.  2).  It  is  seen  that  in 
both  revealed  temperature  intervals  the  cr-e  dependence  obeys  the  power  law  [5-7]: 

(l> 

where  8  is  the  strain  rate,  a  is  the  flow  stress,  Qa  is  the  activation  energy  for  plastic  deformation,  R  is 
the  gas  constant  per  mole  and  T  is  the  absolute  temperature.  A  and  na  are  coefficients.  The  flow 
stress  exponent  na=dlog(e)/dIog(a)  strongly  depends  on  temperature  and  increases  from  na~  4-5  to 
na~  7-9  with  transition  from  the  high  temperature  interval  (T=763-793K)  to  the  lower  one  (T=673- 
723K). 
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Fig.  1  (left)  True  stress-strain  curves  of  the  AA  7475  at  various  temperatures. 

Fig.  2  (right)  The  stable  state  strain  rate  as  function  of  the  stable  state  stress  of  the  AA  7475.  Closed 
and  open  symbols  indicate  the  data  obtained  from  the  strain  rate  change  test  and  uninterrupted  test, 
respectively. 


Activation  energy  for  plastic  deformation.  The  Eq.l  was  used  to  determine  the  apparent 
activation  energy  for  plastic  deformation  by  plotting  the  stable  stage  flow  stresses  vs  the  reciprocal 

temperatures  in  semi-logarithmic  scale  and 
taking  the  slope  of  tangent  to  be  Q/Rn 
(Fig.  3).  Two  temperature  intervals  could 
be  distinguished  in  this  figure.  In  range 
T=723-  793K  the  slope  is  equal  to  5.5  K'1 
and  values,  Qa,  lie  in  interval  196- 
233  kJ/mol.  These  values  of  Qa  are  much 
higher  than  the  activation  energy  for  lattice 
self-diffusion  in  A1  (Qi=142  kJ/mol  [8]).  At 
lower  temperatures  (T=673  to  723K)  the 
slope  was  found  about  2.1  K'1,  that  led  to 
Qa=120-152  kJ/mol. 

3.2  Deformation  relief 

1.2  1.4  1.6 

1000/T  K'1  In  temperature  region  T=673-723K  the 

dislocation  sliding  is  essentially  uniform 
(Fig.  4a).  The  distribution  of  slip  lines  is 
Fig.  3.  Shear  modulus  -  compensated  stable  largely  homogeneous  within  the  grain 
state  flow  stress  vs  inverse  of  temperature  and  interior.  At  the  same  time,  slip  features  vary 
values  of  activation  energy  for  deformation.  from  one  grain  to  another.  In  some  grains 

wavy  slip  lines  attributed  to  the  cross-slip 
are  observed  and  straight  slip  features  are  revealed  inside  other  grains.  One  operating  dislocation 
glide  system  is  in  dominant  in  most  grains. 
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Fig.  4.  Deformation  relief  of  the  AA  7475  (e=15%,  z=\0~4  s’1):  (a)  T=723K,  (b)  T=793K. 


At  higher  temperatures  (T=  763K-  793K)  the  dislocation  slip  is  non-homogeneous.  The  multiple 
cross-slip  is  the  main  deformation  mechanism.  Slip  lines  are  grouped  in  slip  bands  (Fig.  4b). 


3.3  TEM  observations 

The  inspection  of  TEM  micrographs  reveals  the  following  features  and  findings. 

(a)  Strong  temperature  influence  on  phase  composition  of  the  7475  alloy  was  revealed.  At  T  <  723K 
two  types  of  secondary  phase  particles  are  observed  (Fig. 5. a)  both  in  grain  interior  and  in  vicinity  of 
grain  boundaries.  Distribution  of  coarse  precipitate  particles  with  size  0.4-0. 5  pm  is  not  uniform. 
Clusters  of  these  precipitations  are  observed  in  some  grains.  Dispersoids  with  size  less  than  0. 1  pm 
are  distributed  essentially  uniform.  Most  likely  that  these  particles  are  intermetallic  dispersoids  of 
Al3Cr  and  Al3Zr  phases.  Temperature  increase  above  723  K  leads  to  gradual  dissolution  of  coarse 
precipitate  particles  and  does  not  significant  effect  volume  fraction  of  nanoscale  particles.  At  T=763- 
793K  coarse  particles  of  the  reinforcement  phase  does  not  observed. 

(b)  An  extensive  interaction  between  lattice  dislocations  and  secondary  phase  particles  is  observed  at 
all  examined  temperatures  (Fig. 5).  It  is  seen,  that  the  dislocations  are  attached  to  precipitate  particles 


Fig.  5.  TEM  micrographs  of  the  AA  7475  after  deformation:  (a)  T=723K,  e=10‘4  s'1,  8=70%, 
(b)  T=763K,  8=1  O’4  s’1,  8=50%. 
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as  well  as  to  dispersoids  of  transition  metals  and  tangled.  Particles  play  a  role  of  obstacles  for 
dislocation  glide.  In  some  areas  of  grains  the  lattice  dislocations  are  captured  by  dispersoids.  At 
T>763K  weak  interaction  between  lattice  dislocations  and  dispersoids  takes  place.  Dissolution  of 
precipitations  enhances  dislocation  mobility  and  yields  more  uniform  dislocation  distribution  inside 
grains. 

(c)  Extensive  occurrence  of  dislocation  climb  is  evident  from  observation  of  helicoidal  dislocations 
[11]  at  T>763K  (Fig.  5.b). 

4  Analysis  and  Discussion 

4.1  Analysis  in  terms  of  threshold  stress 

The  deformation  behavior  of  the  7475  aluminum  alloy  with  initial  coarse  grain  structure  is  very 
complicated  and  can  not  be  interpreted  in  terms  of  the  creep  transition  from  class  II  (metal  class)  to 
class  I  (alloy  class)  as  deformation  behavior  of  other  solid-solution  aluminum  alloys  [4,7,9].  In 
contrast,  the  7475  alloy  demonstrates  relatively  high  values  of  apparent  activation  energy  for  plastic 
deformation  at  high  temperatures  and  there  is  a  great  gap  between  the  stress  exponents  n=4.3  at 
T=793K  and  the  value  n=8.7  at  lower  temperature  T=673K.  It  is  seen  from  TEM  observations  that 
interaction  between  dislocations  and  dispersoids  plays  an  important  role  in  plastic  deformation  of  the 
7475  alloy.  Threshold  stress,  ath,  caused  by  the  presence  of  secondary  phase  particles  may  exist  and, 
consequently,  deformation  behavior  of  the  7475  A1  alloy  resembles  that  of  dispersion-strengthened 
alloys  [7,9]. 

As  a  result,  the  deformation  is  driven  by  the  effective  stress  aefF=oath,  and  not  by  the  applied  stress 
a.  In  this  case,  the  deformation  behavior  can  be  described  by  a  rate  equation  in  the  form  [3,6,9]: 

8=A'{£^i)  m 

In  examining  the  possibility  of  threshold  stress  in  the  7475  A1  alloy  the  data  were  plotted  as  e1/n  vs  a 
on  a  double  linear  scale.  A  value  of  Gth  at  each  temperature  was  estimated  by  extrapolation  of  this 
plot  to  zero:  Gth^  a  (e1/n  — »  0)  [6,9].  The  coefficient  n  was  chosen  to  obtain  the  s1/n-a  dependence 
approximated  linearly  with  the  maximum  regression  coefficient.  The  results  of  the  best  linear  fit 
between  e1/n  and  a  at  some  temperatures  from  lower  and  high  temperature  intervals  are  represented 
in  Fig.  6  a  and  b,  respectively.  It  is  evident  that  in  the  temperature  interval  from  673  to  723K  the 
threshold  stresses  are  relatively  high.  The  values  ath  reach  30-50%  from  applied  stresses  a^. 

The  temperature  dependence  of  threshold  stresses  is  not  monotone  (Fig.  6c).  Values  Gth  drop  sharply 
from  19  to  1.8  MPa  with  increasing  temperature  from  673  to  793K.  At  T=793K  threshold  stresses 
normalized  to  cM  hardly  exceed  10-15%  even  at  8=1  O'5  s'1.  Such  a  decrease  of  threshold  stresses 
cannot  be  accounted  for  by  the  temperature  dependence  of  the  shear  modulus.  As  it  was 
demonstrated  for  dispersion-strengthened  alloys,  a  threshold  stress  can  be  described  by  the  relation 
[3,9]: 


(3) 
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Fig.  6.  (a)-(b)  plot  of  s1/n  vs  osa  for  determination  of  ath  at  various  testing  temperatures; 

(c)  temperature  dependencies  of  Oth  and  n  values;  (d)  plot  of  cWG  vs  1000/T  showing  the 
temperature  dependence  of  <Jth. 


where  B0  is  a  constant  and  Qc  is  an  energy  term.  Fig.  6.d  in  which  ao/G  is  plotted  vs  1/T  confirms 
the  validity  of  Eq.  3.  to  the  results  of  the  present  investigation.  It  is  seen,  that  the  strong  temperature 
dependence  with  the  energy  term,  Q0=  130  kJ/mol  is  revealed  at  T=743-793K.  At  lower 
temperatures  (T~673-743K)  the  weak  dependence  of  cVG  on  1/T  with  Q0=42  kJ/mol  was  obtained. 

Also  it  is  important  to  note  that  the  coefficient  n  obtained  from  this  plotting  is  equal  to  4  in  the  high 
temperature  interval  and  from  5  to  6  at  lower  temperatures  (Fig.  6. a  to  c). 


4.2  Deformation  behavior 

Using  the  datum  points  (Fig.  2.),  Fig.7  shows  a  double  logarithmic  plot  of  the  normalized  strain  rate, 
eRT/(DiGb),  against  the  normalized  effective  stress,  (a-ath)/G.  It  is  seen  that  deformation  behavior  of 
the  7475  alloy  obeys  the  power  law  and  almost  all  experimental  points  lie  below  the  Sherby-Burke 
criterion,  representing  the  breakdown  of  power  law  creep  [4,10].  At  the  same  time  there  are  two 
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different  slopes  of  the  dependence.  At  normalized 
effective  stress  bellow  1.2-1  O'3  ,  there  is  a  line  with 
slope  of  n=3.8  and  at  higher  stresses  n=6.4.  These 
values  of  stress  exponent  are  closed  to  n=4  and  n=6 
which  were  found  by  calculation  of  threshold  stresses 
and,  consequently,  it  is  possible  to  consider  the 
region  of  lower  temperatures  where  deformation 
behavior  is  controlled  by  pipe-diffusion  with 
increasing  stress  exponent  to  (n+2). 

Activation  analysis  supports  this  approach  to 
description  of  deformation  behavior  of  the  7475 
alloy.  The  true  activation  energy  was  calculated 

m  __  fn  -  " 

log  [(a-crth)/G]  according  to  the  plot  represented  in  Fig.  8  as  146 

kJ/mol  in  temperature  interval  763-793  K  (Fig.  9). 

Fig.  7.  Dependence  of  normalized  strain 

rate  on  normalized  effective  stress.  The  activation  energy  tends  to  decrease  down  to 

76  kJ/mol  with  temperature  reduction  from  673K  to 
723K.  Determined  values  of  Qc  are  in  a  very  good  agreement  with  values  of  activation  energies  of 
lattice  self-diffusion  (Qi=142  kJ/mol)  and  pipe  diffusion  (Qc=82  kJ/mol)  in  pure  aluminum, 
respectively  [8], 


4.3  Interpretation  of  deformation  behavior 

Analysis  of  deformation  behavior  has  shown  that  the  7475  alloy  exhibits  two  characteristic  modes  of 
behavior  in  the  power-law  creep  regime.  First,  in  the  temperature  interval  763-793K  the  values  of 
activation  energy  and  the  stress  exponent  are  in  consistent  with  plastic  deformation  controlling  by 
high  temperature  climb.  Processes  of  dislocation  rearrangement  occur  at  these  temperatures,  easily. 
Multiple  dislocation  cross-slip  is  a  main  deformation  mechanism.  The  small  values  of  threshold 
stresses  were  found  in  this  region.  In  addition,  the  energy  term  Q0  =130  kJ/mol  was  determined  as  a 
value  closed  to  the  activation  energy  for  lattice  self-diffusion  in  Al.  It  can  be  explained  in  terms  of  the 


Fig.  8  (left).  Shear  modulus  -  compensated  effective  stress  vs  inverse  of  temperature. 
Fig.  9  (right).  Temperature  dependence  of  activation  energy  for  deformation. 
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small  contact  between  a  dislocation  and  a  particle,  when  the  dislocation  overcomes  the  particle  by  a 
manner  of  general  climb  [3].  Second,  at  T=673-763K  the  transition  from  high  temperature  climb  to 
low  temperature  one  takes  place  with  temperature  decrease.  It  reduces  dislocation  mobility  caused 
by  climb.  Concurrently  single  dislocation  slip  becomes  in  dominant  and  cross-slip  is  hampered.  It 
decreases  the  ability  of  lattice  dislocations  to  surmount  obstacles  by-pass.  It  is  possible  to  presume 
that  the  change  of  controlling  deformation  mechanism  is  the  main  reason  yielding  strong  increase  of 
threshold  stress  with  temperature  decrease  at  T-673-723K.  It  means  that  the  characteristics  of 
dislocation  climb  influence  interaction  mechanism  between  lattice  dislocations  and  dispersoids  and 
determine  threshold  behavior  of  the  material. 

Another  reason  for  observing  strong  temperature  dependence  of  threshold  stress  in  range  T=673- 
763K  is  associated  with  dissolution  of  the  secondary  ri-phase,  since  solvus  of  this  phase  is  located 
near  723K  [12].  Strong  decrease  of  dispersoid  volume  fraction  due  to  disappearance  of  r|-phase  at 
temperatures  above  the  solvus  temperature  may  give  a  significant  contribution  to  the  threshold  stress 
drop. 


5  Conclusions 

1.  The  deformation  behavior  of  the  modified  7475  aluminum  alloy  was  investigated  at  temperatures 
from  673  to  793K  and  could  be  described  in  terms  of  power  law  at  all  examined  temperatures. 

2.  The  7475  alloy  demonstrates  threshold  behavior.  Strong  temperature  dependence  with  the 
energy  term,  Qo=130  kJ/mol  was  revealed  at  T=743-793K.  At  lower  temperatures  (T=673- 
743 K)  the  weak  temperature  dependence  with  Q0=  42  kJ/mol  was  found. 

3.  By  incorporating  a  threshold  stress  into  the  deformation  behavior  analysis,  it  was  shown  that  the 
value  of  the  stress  exponent,  n,  is  6.4  at  normalized  effective  stresses  higher  than  1.2-1  O'3,  and 
n=3.8  at  lower  normalized  effective  stresses. 

4.  The  true  activation  energy  for  plastic  deformation,  Qc,  decreases  from  value  -146  kJ/mol  at 
T=793K  to  -76  kJ/mol  at  T=673K.  These  values  match  values  of  activation  energy  for  lattice 
self-diffusion  (142  kJ/mol)  and  pipe  diffusion  (82  kJ/mol)  in  aluminum  with  excellent  accuracy. 

5.  The  transition  from  climb  controlling  by  lattice  diffusion  to  climb  controlling  by  pipe  diffusion  is 
accompanied  by  a  change  in  the  temperature  dependence  of  threshold  stress. 
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Abstract 


Superplastic  behavior  of  a  fine-grained  magnesium  alloy,  ZK61,  was  investigated  at  about  half 
the  absolute  melting  point.  The  material  was  produced  by  powder  metallurgy.  The  tensile  test 
revealed  that  the  material  exhibited  superplasticity.  The  maximum  elongation  of  659%  was  obtained 
at  473  K  and  lxl O'3  s-1.  Furthermore,  it  was  noted  that  a  large  elongation  of  283%  was  attained  at  a 
high  strain  rate  of  lxlO"2  s"1.  The  optimum  superplastic  strain  rate  in  the  present  alloy  was  faster 
than  that  in  some  conventional  magnesium  alloys,  that  were  shown  to  exhibit  superplasticity  at  low 
temperatures.  It  was  suggested  that  the  small  grain  size  increased  the  optimum  superplastic  flow  in 
the  present  alloy. 


Introduction 

Recently  there  has  been  a  significant  increase  in  the  use  of  magnesium  as  a  structural  material. 
This  is  a  consequence  not  only  of  magnesium's  relatively  low  density  but  also  of  its  good  damping 
characteristics,  dimensional  stability,  machinability  and  low  casting  costs.  Despite  these 
advantages,  however,  magnesium  alloys  normally  exhibit  low  ductility  near  the  room  temperature, 
because  of  the  h.c.p.  structure,  In  order  to  exploit  the  benefits  of  magnesium  alloy,  it  is  important 
to  develop  secondary  processing  which  can  effectively  produce  complex  engineering  components. 
Superplastic  forming  is  a  viable  technique  to  fabricate  hard-to-form  materials  into  complex  shapes. 

The  conventional  superplasticity  in  pseudo  single  phase  alloys  is  observed  at  relatively  low 
strain  rates  of  <10'3  s"1  and  at  temperatures  of  ~0.8  Tm,  where  Tm  is  the  melting  point  of  the 
material.  Experimental  evidence  suggests  that  a  reduction  in  grain  size  will  increase  the  strain  rate 
and/or  decrease  the  temperature  for  optimum  superplastic  flow  [1].  It  has  been  demonstrated  that  a 
powder  metallurgy  (P/M)  process  can  give  rise  to  a  smaller  grain  size,  compared  to  an  ingot 
metallurgy  (I/M)  process  [2],  Therefore  P/M  metals  likely  show  superplastic  behavior  at  higher 
strain  rates  and/or  lower  temperatures  than  I/M  metals.  Especially,  it  is  beneficial  to  exhibit  high- 
strain-rate  superplasticity  (e  >  lxlO'2  s'1)  at  low  temperatures  in  magnesium  alloys.  Since 
magnesium  is  susceptible  to  surface  oxidation  at  high  temperatures.  Recently,  it  was  demonstrated 
that  the  high- strain-rate  superplasticity  was  obtained  even  at  low  temperatures  in  extremely  fine¬ 
grained  alloys  [3,4].  However,  high- strain-rate  superplasticity  in  magnesium-based  materials  has 
been  observed  only  at  relatively  high  temperatures  [2,  5-12], 

In  the  present  study,  superplastic  behavior  of  a  pseudo  single  phase  magnesium  alloy,  ZK61, 
was  investigated  at  about  half  the  absolute  melting  point.  The  material  was  produced  by  the  P/M 
route,  and  had  a  fine  grain  size  of  —  500  nm,  It  is  demonstrated  that  the  P/M  ZK61  alloy  can  behave 
in  a  superplastic  manner  at  a  high  strain  rate  of  lxlO’2  s‘!  albeit  at  the  low  temperature. 
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Experimental  procedure 

The  material  used  in  the  present  study  was  a  P/M  ZK61  (Mg-6wt.%Zn-0.8wt.%Zr)  magnesium 
alloy.  The  P/M  ZK61  alloy  was  processed  with  rapidly  solidified  powders.  The  powders  were 
sintered  at  523  K  at  a  pressure  of  235  MPa  in  vacuum.  The  sintered  billets  were  extruded  at  523  K 
with  a  reduction  ratio  of  100  :  1.  The  grain  sizes,  d  (=  1.741;  L  is  the  linear  intercept  size),  were 
measured  from  a  transmission  electron  micrograph.  Micro  structures  of  the  P/M  ZK61  are  shown  in 
Fig.  1  The  grains  were  equiaxed  with  a  fine  grain  size  of  -500  nm. 

Tensile  specimens,  machined  directly  from  the  extruded  bars,  had  tensile  axes  parallel  to  the 
extruded  direction  The  specimens  had  a  gauge  length  of  5  mm  and  a  gauge  diameter  of  2.5  mm. 
Tensile  tests  were  carried  out  at  temperatures  ranging  from  448  to  498  K  and  at  constant  strain  rates 
from  1x10°  to  lxlO’1  s-1  in  air.  The  testing  temperature  is  equivalent  to  the  homologous 
temperatures  ranging  from  0.49  to  0.55  T„h  where  Tm  is  908  K  for  ZK61  [13]. 


Fig.  1.  Typical  TEM  microstructures  of  the  P/M  ZK61  alloy, 
(a)  The  longitudinal  section,  (b)  The  transverse  section. 
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Results  and  Discussion 

The  variation  in  flow  stress  as  a  function  of  strain  rate  is  plotted  in  Fig.  2  for  P/M  ZK61.  The 
flow  stress  for  each  strain  rate  was  determined  at  a  small  strain  of  0.1.  The  flow  stress  decreased 
with  temperature,  and  increased  with  strain  rate  in  a  typical  sigmoidal  curve,  as  has  been  previously 
observed  for  superplastic  materials  [14,15].  The  strain  rate  sensitivity  exponent,  m,  which  was 
estimated  from  the  slope  of  the  curve,  exhibited  a  maximum  value  of  0.5  in  the  intermediate  strain 
rate  range.  This  high  w-value  of  0.5  is  indicative  that  the  dominant  deformation  process  is  grain 
boundary  sliding  [15].  This  was  confirmed  from  an  scanning  electron  microscopic  observation  of 
surface  appearance,  which  showed  direct  evidence  for  grain  boundary  sliding  as  shown  in  Fig.  3. 
Low  wi-value  in  the  low  strain  rate  range  is  often  observed  in  superplastic  materials.  Such  values 
have  been  associated  with  the  existence  of  a  threshold  stress  [16], 


Fig.  2.  The  variation  in  flow  stress  as  a  function  of  strain  rate  in  P/M  ZK61  alloy. 


Fig.  3.  The  surface  appearance  of  deformed  specimen  fractured  at  473  K  and  lxl O’3  s*1. 

Tensile  direction  is  horizontal. 


366 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


The  variation  in  elongation-to-failure  as  a  function  of  strain  rate  is  plotted  in  Fig.  4  for  P/M 
ZK61.  The  maximum  elongation  of  659%  was  obtained  at  473  K  and  lxlO-3  s_1.  However,  it  is 
noted  that  a  large  elongation  of  283%  was  also  attained  at  473  K  at  a  high  strain  rate  of  lxl 0“2  s"1. 
It  was  found  that  the  high-strain-rate  superplasticity  was  attained  albeit  at  low  temperatures  of  ~ 
0.5  Tm. 

Fractured  specimens  deformed  at  473  K  are  shown  in  Figure  5.  It  is  clearly  observed  that  the 
deformed  specimens  are  fairly  uniform  with  no  visible  necking  over  the  strain  rates  of  lxl  O'4  s-1. 


Fig.  4.  The  variation  in  elongation-to-failure  as  a  function  of  strain  rate  in  P/M  ZK61. 


P/M  ZK61 


UNDEFORMED 

e  =  lxlO'1  s'1 
estXlO^s'1 
e  =  1x1  O'3  s'1 
s  =  1x10-4s_1 
esIxIO'Ss-1 

20  mm 


Fig.  5.  Fractured  specimens  deformed  at  strain  rates  from  lxlO'5  to  lxlO-1  s’1  at  473  K. 
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The  data  for  superplastic  magnesium-based  materials  at  low  temperatures  of  -  0.5  Tm  [1,17-21] 
is  listed  in  Table  1 .  The  optimum  superplastic  strain  rate  in  the  present  alloy  was  faster  than  that 
in  some  conventional  magnesium-based  materials.  It  appears  that  the  optimum  strain  rate  increases 
with  decreasing  grain  size.  It  is  suggested  that  the  high-strain-rate  superplasticity  at  low 
temperatures  in  the  present  alloy  is  attributed  to  the  very  small  grain  size  of  -  500  nm. 


Table  1 .  Superplastic  behavior  at  low  temperatures  in  magnesium-based  materials. 


Material 

ef,% 

r,K 

TITm 

£  ,  S’1 

d ,  pm 

Ref. 

MA8 

>250 

453 

0.49 

5x1  O'4 

0.3 

[17] 

EA55 

450 

473 

0.51 

lxlO'4 

- 

[IB] 

AZ91 

661 

473 

0.51 

6x1  O'5 

1.0 

[19] 

ZK60 

348 

473 

0.51 

lxlO'4 

3.4 

[20] 

ZK60 

444 

473 

0.51 

2.6xlCT6 

6.5 

[1] 

ZK60/SiC/17p 

350 

463 

0.50 

4x1 0‘3 

1.7 

[21] 

ZK61 

283 

473 

0.51 

lxlO'2 

0.5 

This  work 

ZK61 

659 

473 

0.51 

lxlO"3 

0.5 

This  work 

Tm  is  924  K,  which  is  the  melting  point  of  pure  magnesium  [22], 


Summary 

Superplasticity  was  found  in  a  fine-grained  (~  500  nm)  magnesium  alloy  ZK61,  that  was 
processed  by  powder  metallurgy  route,  albeit  at  a  low  temperature  of  -  0.5  Tm.  Although  the 
maximum  elongation  was  obtained  at  473  K  and  lxlO-3  s'1,  large  elongation  of  283%  was  also 
attained  at  a  high  strain  rate  of  lxlO’2  s“l.  The  optimum  superplastic  strain  rate  in  the  present  alloy 
was  faster  than  that  in  some  conventional  magnesium-based  materials,  that  were  shown  to  exhibit 
superplasticity  at  -  0.5  Tm.  This  may  be  attributed  to  the  very  small  grain  size. 
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Abs  tract:  p-Si3N4  whisker  reinforced  aluminum  composites  was  fabricated  by  squeeze  casting  and  an  effect  of 
thermomechanical  processing  and  Mg  on  the  High  Strain  Rate  Superplasticity  (HSRS)  were  investigated.  The 
p-Si3N4w/Al-0Mg  composite  produced  about  200%  elongation  at  the  strain  rate  of  about  0.1  (1/s)  and  the  m  value 
of  0.47  at  903-913K.  Thep-Si3N4w/Al-0Mg  has  the  liquid  temperature  of  913K  so  that  the  HSRS  could  produce 
without  any  liquid  phases  and  melting  temperature  of  the  p-Si3N4/Al-0Mg  alloy  composites  and  the  optimum 
temperature  of  the  composite  at  which  maximum  total  elongation  is  obtained  decreases  according  to  magnesium 
content,  and  TEM  observation  indicates  that  Thep-Si3N4w/Al-Mg  have  a  fine  grain  of  about  2~3  pm  and  that  the 
whisker  does  no  react  with  Mg  at  the  interfaces  in  the  case  of  the(3-Si3N4w/Al-0Mg  and  thep-Si3N4w/Al-3Mg. 

INTRODUCTION 

High  strain  rate  superplasticity  (HSRS)  in  ceramic  whisker  or  particulate  reinforced  aluminum 
alloy  composites  is  expected  to  offer  an  efficiently  near-net  shape  forming  technique  to  automobile, 
aerospace,  and  even  semi-conductor  industries,  since  the  HSRS  composites  usually  exhibit  a  total 
elongation  of  250-600%  at  a  high  strain  rate  of  about  0.1-10  s_1  [1-11] . 

It  is  thought  that  primary  deformation  mechanism  of  the  HSRS  is  grain  boundary  sliding  since 
the  composites  have  the  fine  grain  size  of  3-0.8 pm.  The  HSRS  of  the  composites  usually 
manifests  at  above  or  just  below  the  solid  temperature  of  the  matrix  and  microanalysis  of  the 
composites  detects  segregation  of  Mg  or  Cu  at  interfaces  between  the  aluminum  alloys  and 
reinforcements  which  decreases  melting  temperature  of  the  matrix  near  interfaces.  Therefore,  it  is 
pointed  out  that  an  interfacial  sliding  with  a  partially  liquid  phase  might  contribute  to  the  HSRS  as 
an  accommodation  mechanism[12-15].  But,  deformation  mechanism  of  the  HSRS  has  not  yet 
been  understood  entirely. 

The  purpose  of  this  study  is  to  make  clear  an  effect  of  thermomechanical  processing  and 
magnesium  on  the  a  HSRS  in  a  P-&3N4  whisker  reinforced  99.99%  pure  aluminum  composite 

fabricated  by  squeeze  casting.  In  addition,  superplastic  deformation  mechanism  of  the  composite 
are  also  discussed. 
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EXPERIMENTAL  PROCEDURE 

The  reinforcement  materials  used  was  p-Si3N4  whisker  which  had  a  diameter  of  about  l|nm  and 
length  of  10~30|tm  The  whisker  preform  was  fabricated  by  a  water  absorbed  method.  The  f>- 
Si3N4  whiskers  contain  N:38wt%,  O:0.53wt%,  Fe:70ppm,  Ca:90ppm,  Al:20ppm  and  Y:0.35wt%. 
The  pure  aluminum  has  a  chemical  composition  of  Si:2ppm,  Fe:10ppm,  Cu:lppm  and  Al:  99.9987 
wt%.  Amount  of  magnesium(99.99%  purity)  to  add  into  pure  aluminum  were  selected  to  0,  3  and 
4.5wt%(Al-0Mg,  Al-3Mg  and  Al-4.5Mg  are  expressed,  respectively).  The  preform  and  the 
aluminum-Mg  matrix  were  heated  up  to  1073  K  and  the  mold  was  kept  at  973  K.  Then,  the 
molten  99.99%  pure  aluminum  was  infiltrated  into  the  P-Si3N4  whisker  preform  under  the  pressure 
of  about  1000  Pa  .  The  volume  fraction  of  the  p-Si3N4  whisker  in  the  composite  became  Vf=0.30 
after  the  infiltration. 

Thermomechanical  processing,  including  extrusion  alone  and  extrusion-hot  rolling,  were  used 
to  produce  a  fine  microstructure.  The  p-Si3N4w/Al-0Mg  composite  before  hot  rolling  was 
extruded  with  the  extrusion  ratio  of  100  at  823  K,  although  in  the  case  of  p-Si3N4w/Al~0Mg,  (5- 
Si3N4/Al-3Mg  and  P-Si3N4/Al-4.5Mg  composites  extruded  only,  extrusion  temperature  selected  at 
873K  which  is  a  little  lower  than  that  in  the  case  of  extrusion-rolling.  Hot  rolling  was  carried  out 
at  913  K.  Thickness  reduction  per  pass  was  less  than  0.1  and  the  reheating  time  between  rolling 
passes  was  5  minutes.  The  final  thickness  of  the  hot-rolled  composite  was  about  0.35-0.75  mm. 
Tensile  specimens  with  a  3  mm  gage  width  and  a  5.5  mm  gage  length  were  made  in  the  case  of  hot- 
rolling  after  extrusion  processing  and  in  the  case  of  extrusion,  a  round  specimen  of  2.5mm  gage 
diameter  and  15mm  gage  length  was  used.  Specimens  were  pulled  at  873-913K  and  at  strain  rates 
ranging  from  1  x  10'3  to  1.5  s_1.  The  microstructure  and  fracture  surface  of  the  samples  were 
examined  by  TEM  and  SEM. 

RESULTS  AND  DISCUSSION 
SEM  microstructure  and  DSC  results 

Fig.  1  show  the  SEM  microstructure  of  the  P-Si3N4w/Al-3Mg  and  P-Si3N4w/Al-4.5Mg 

composites  extruded  after  squeeze  casting.  The  whiskers  are  dispersed  homogeneously  and  oriented 
to  extrusion  direction. 

DSC  results  indicates  that  pure  Al  alone  has  the  liquid  temperature  of  932.3K(659.3°C)  but  the 
liquid  temperature  of  P-Si3N4w/Al-0Mg  extruded  at  873K  becomes  920.7K(647.7°C)  as  p-Si3N4 

whisker  reacts  with  aluminum  so  as  to  create  aluminum  solid  solution  and  the  liquid  temperature  of 
P-Si3N4w/Al-3Mg  composite  extruded  are  different  from  that  of  as-cast  p-Si3N4w/Al  composites 
because  P-Si3N4  whisker  might  react  with  Mg  also  during  being  extruded  at  873K. 

HSRS  of  the  p-Si3N4w/Al-0Mg  composite  hot-rolled  after  extrusion 

Flow  stress  (a)  and  true  strain  rate  ©  in  a  superplastic  material  are  related  via  the  equation  where 
K  is  a  constant,  and  m  is  the  strain  rate  sensitivity  value.  The  m  value  of  a  superplastic  material 
is  normally  greater  than  0.3  because  a  high  m  value  is  expected  to  suppress  neck  formation  and 
leads  to  high  tensile  elongation.  The  relationship  between  the  flow  stress  and  the  strain  rate  of 


Total  elongation  (%)  Flow  stress  (M  Pa) 
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composites  extruded  only  after  squeeze  casting  . 


Strain  rate  (1/sec) 


Fig.  2  Superplastic  characteristics  of  the  p-Si3N4w/Al-0Mg  composite  and  pure  aluminum  extruded 

and  hot-rolled 


the  p-Si3N4w/Al-0Mg  composite  hot-rolled  after  extrusion  is  shown  in  Fig.  2  as  compared  with 
that  of  pure  aluminum  alone.  Flow  stress  of  the  p-Si3N4w/Al-0Mg  composite  increases  with 
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raising  strain  rate.  The  strain  rate  sensitivity  (m  value)  of  the  composite  pulled  at  903K  is  about 
0.47  in  strain  rate  region  from  0.02  s’1  up  tol  .5  s'1 .  And  the  composite  tested  at  888K  indicates  a 
m  value  of  0.35  in  the  strain  rate  range  from  0.1  to  0.8  s"1,  but  the  m  value  decreases  to  0.28  in 
the  same  strain  rate  range  in  the  case  of  the  testing  temperature  at  873K.  On  the  other  hand,  a  m 

value  of  the  pure  aluminum  alone  is  about  0.2  in  the  strain  rate  region  from  2x1  O'3  up  to  1.2  s"1  . 

The  results  indicate  clearly  that  the  p-Si3N4w/Al-0Mg  composite  fabricated  by  squeeze  casting  and 
processed  by  extrusion  and  hot-rolling  can  produce  HSRS,  although  superplasticity  does  not  occur 
in  the  pure  aluminum  alone  made  by  the  same  processing  as  that  of  the  composite. 

Tensile  elongation  of  the  p-Si3N4w/Al-0Mg  composite  and  the  pure  aluminum  alone  are 
shown  in  Fig.  2(b)  as  a  function  of  strain  rate.  The  maximum  tensile  elongation  of  about  200% 
in  the  p-Si3N4w  /Al-0Mg  composite  was  obtained  in  the  strain  rate  range  of  8xl0‘2  ~  lxl 0'1  s_1 

and  at  903K  (below  liquid  temperature).  However,  when  the  composite  pulled  at  888  and  873K, 
low  total  elongation  of  less  than  100%  is  shown.  What  is  important  in  the  p-Si3N4w/Al-0Mg 

composite  is  that  the  optimum  strain  rate  at  which  the  maximum  total  elongation  of  about  200%  is 
obtained  is  about  0.1  s'1*  which  is  almost  the  same  as  that  of  p-Si3N4w/6061  A1  composite  [4], 
The  result  indicates  that  fine  grain  size  is  the  predominant  factor  to  increase  optimum  strain  rate 
of  superplasticity  in  the  p-Si3N4w/Al-0Mg  composite.  In  strain  rate  range  of  higher  than  0.3  s'*, 
the  elongation  value  begins  to  decrease  although  the  m  value  still  keeps  more  than  0.3  [13],  A 
total  elongation  of  over  100%  is  obtained  in  a  wide  strain  rate  region  from  0.06  s"l  up  to  0.7  s"1. 
Effect  of  Mg  on  HSRS  of  the  p-Si3N4w/Al-Mg  composites  extruded  only 

Fig  3  shows  an  effect  of  testing  temperature  on  total  elongations  of  P-Si3N4wAl-0Mg,  p- 
Si3N4w/Al-3Mg  and  p-Si3N4w/Al-4.5Mg  composites  extruded  at  873K.  Flow  stresses  and  total 
elongations  of  these  composites  decrease  remarkably  from  solidus  temperature  of  those 
composites.  Fig  4  shows  effect  of  Mg  on  superplastic  characteristics  of  the  P-Si3N4w/Al-0Mg,  p- 
Si3N4w/Al-3Mg  and  p-Si3N4w/AM.5Mg  composites,  m  value  of  these  composites  indicates 
about  0.3  at  more  than  lO'^lO  V.  And  total  elongation  of  these  composites  becomes  about 
100%,  but  the  p-Si3N4w/Al-3Mg  shows  largest  elongation  among  those  composites. 


800  900  1000 

Testing  temperature(K) 


Fig.  3  Relationships  between  total  elongation  and  strain  rate  of  the  P-Si3N4w/Al-Mg 

composites  extruded 
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Several  possible  deformation  processes,  including  fine  grain  boundary  sliding,  interfacial  sliding  at 
liquid  phase,  and  dynamic  recrystallization,  are  expected  to  take  place  during  HSRS.  The  m  value 
of  0.47  in  the  composite  pulled  at  903K  indicates  that  the  observed  HSRS  phenomena  occurs 
predominantly  by  grain  boundary  sliding,  although  903K  is  close  to  the  melting  temperature  of  pure 
aluminium  matrix.  Melting  temperature  of  the  p~Si3N4w/pure  A1  composite  is  926. 3K  and  that 
of  the  pure  aluminium  alone  made  by  the  fabrication  processing  was  93  IK.  The  heat  flow  of  the  p- 
Si3N4w/pure  A1  composite  decreases  at  916.2K.  The  temperature  is  called  as  incipient  melting 

temperature.  Incipient  melting  might  indicate  that  partial  liquid  phase  appears  at  grain  boundaries 
and  at  interfaces  between  pure  aluminium  matrix  and  P-Si3N4  whiskers.  It  seems  to  be  possible 
that  p-Si3N4  whiskers  react  with  pure  aluminium  and  produce  AIN  and  Al-Si  solid  solution  at 

interfaces.  Al-Si  solid  solution  could  decrease  melting  point  at  interface  of  the  composite. 

Fig. 5  shows  TEM  microstructure  of  p-Si3N4w/Al-3Mg(a)  and  p-Si3N4w/Al-4.5Mg 
composites(b).  p-Si3N4w  /Al-3Mg  has  a  clean  interface  by  which  p-Si3N4w  might  not  react  with 
Mg.  But  it  is  thought  that  in  the  case  of  p-Si3N4w/Al-4.5Mg,  p-Si3N4  whisker  should  react  with 
magnesium  during  being  extruded  at  873K  so  that  the  total  elongation  of  the  composite  decrease  as 
compared  with  those  of  p-Si3N4w  /Al-OMg  and  p~Si3N4w  /Al-3Mg  composites. 


Fig.  4  Superplastic  characteristics  of  the  p-Si3N4w/Al-Mg  composites  extruded 

CONCLUSIONS 

Superplastic  characteristics  of  the  p-Si3N4w/ Al-OMg,  p-Si3N4w/Al-3Mg  and  p-Si3N4w/Al- 
4.5Mg  composite,  fabricated  by  squeeze  casting  before  hot-rolling  after  extrusion  and  extrusion 
alone,  were  investigated.  The  following  results  were  obtained: 
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(1)  The  P-Si3N4w/Al-0Mg  composite  exhibits  a  m  value  (strain  rate  sensitivity)  of  about  0.47 
and  a  total  elongation  of  about  200%  at  the  strain  rate  of  0.1  s”1  and  at  903K. 

(2)  The  p-Si3N4w  /Al-OMg  composite  has  a  grain  size  of  less  than  2  \im 

(3)  The  DSC  results  indicate  that  the  optimum  temperature  of  903K  at  which  maximum  total 
elongation  of  200%  is  obtained  is  below  the  melting  temperature  of  the  P-Si3N4w/Al-0Mg 
composite(926.3K). 

(4)  Tr\z  p-Si3N4w/AI-3Mg  indicates  maximum  total  elongation  as  compared  with  those  of  the 
Si3N4/Al-0Mg  and  the  p-Si3N4/Al-4.5Mg  composites  extruded  alone 

(5)  In  the  case  of  P-Si 3N4 w/ A1  -4 . 5 Mg,  p~Si3N4  whisker  reacts  with  magnesium  at  the  interface 
so  that  the  composite  becomes  lowest  total  elongation  less  than  100%. 
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Abstract 

In  order  to  determine  the  influence  of  alumina  on  the  superplasticity  of  yttria  stabilized  zirconia  (YSZ) 
in  the  solubility  limit  of  zirconia,  0.4  mol%  alumina  was  doped  to  3  mol%  yttria  stabilized  zirconia 
powders.  Improvements  for  both  superplastic  flow  and  elongation  to  failure  were  obtained  when 
compared  to  the  undoped  samples.  TEM  analysis,  using  HREM  combined  with  EDS  were  carried  out 
on  the  grain  boundary,  where  no  secondary  phases  were  observed  at  grain  boundary  triple  junctions 
and  on  the  grain  boundary.  However  both  aluminium  and  yttrium  ions  were  detected  at  the  grain 
boundary,  indicating  the  segregation  of  the  solute  ions  over  a  width  of  about  6  nm.  Aluminium  ions 
were  found  to  segregate  to  a  certain  extent  to  the  grain  boundary  with  the  rest  dissociating  in  the 
zirconia  matrix. 

Introduction 

Yttria  doped  tetragonal  zirconia  polycrystals  (TZP),  have  the  advantage  of  forming  very  refined 
microstructures  even  at  high  temperatures,  with  excellent  mechanical  properties  comparable  to  metal 
alloys1.  It  is  this  refined  microstructure  that  first  led  to  the  discovery  of  superplasticity  in  yttria  doped 
TZP  (Y-TZP)  ceramics2  and  has  shown  elongations  of  up  to  800%  at  1550°C  in  3  mol  %  Y-TZP3. 
Control  of  microstructure  and  type  of  dopant  addition  have  since  improved  the  superplastic  properties 
in  terms  of  deformation  temperature,  flow  stress  and  elongation  to  failure.  Such  examples  include  the 
addition  of  5  wt%  silica  to  2.5  mol%  yttria  doped  Y-TZP  to  form  a  secondary  amorphous  phase 
enhancing  the  strain  to  failure  up  to  1038%  at  1400°C4,5.  The  addition  of  5  wt  %  Ti02  to  2.5  Y-TZP6 
and  most  recently  that  of  lmol%  Ge02  doped  2.5  Y-TZP7  gave  improved  superplastic  flow  stresses 
and  tensile  elongations  in  single  phase  zirconias. 

The  stress-strain  rate  characteristics  of  TZP  ceramics  have  been  known  to  be  very  sensitive  to  trace 
impurities,  such  as  silicon  and  aluminium,  present  in  the  powders.  Recently  Sato  et  al8  have  analyzed 
the  superplastic  properties  of  3  Y-TZP  and  the  effect  of  alumina  doping  in  the  range  <0.005-0.95  wt% 
on  the  stress-strain  rate  characteristics,  which  changed  quite  notably  with  the  alumina  content.  Sato  et 
al  also  carried  out  HREM  and  EDS  analysis,  which  revealed  the  absence  of  any  grain  boundary  phase 
and  the  presence  of  only  yttrium  segregating  at  the  grain  boundary.  They  concluded  that  the  change  in 
stress  exponent  was  likely  caused  by  the  segregation  of  aluminum  ions  and  the  precipitation  of 
alumina  after  saturation  of  the  grain  boundaries.  On  the  other  hand  Sharif  et  al9  have  shown  the 
beneficial  effects  in  grain  growth  repression  and  reductions  in  flow  stresses  in  yttria  stabilized  cubic 
zirconia  by  the  addition  of  a  secondary  alumina  phase.  These  studies  have  not  considered  the 
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possibility  of  alumina  dissolution.  Lakiza  and  Lopato10  for  the  alumina-zrconia  system  the  solubility 
limit  of  alumina  in  zirconia  is  about  3  mol%.  It  is  very  likely  that  addition  of  alumina  within  this 
solubility  limit  may  influence  the  superplastic  characteritics  of  TZP  in  a  manner  similar  to  germanium 
and  titanium  oxide  doping.  This  study  focuses  on  the  effect  of  alumina  addition,  whether  in  solution  or 
segregating  at  the  grain  boundaries,  on  the  flow  stress  and  elongation.  The  grain  boundary 
characteristics  and  composition  will  also  be  determined  by  use  of  TEM  analysis. 

Experimental  Procedure 

3  mol%  Y-TZP  (3  Y-TZP)  powders  (average  diameter  of  25nm),  supplied  by  Tosoh  Co.  Ltd.  and 
A1203  powders  (average  diameter  of  0.1pm),  supplied  by  Taimei  Chemical  Co.  Ltd.  (TM-DAR)  were 
used  as  starting  materials.  0.4  mol%  (0.3  wt%)  alumina  was  added  to  3  mol%  Y-TZP  (3Y-0.4A1)  and 
ball  milled  in  a  polyurethane  container  using  ethanol  and  zirconia  balls  for  24  hours.  The  powders 
were  then  dried  in  argon,  sieved,  pressed  into  bars  at  33  MPa,  and  then  cold  isostatically  pressed  under 
a  pressure  of  100  MPa  in  a  rubber  tube.  The  green  compacts  of  both  compositions  were  sintered  in  air 
at  1400°C  for  2  hours.  The  density  of  the  sintered  bodies  was  measured  by  Archimedes  method.  High 
temperature  tensile  tests  specimens  with  an  approximate  cross  section  of  2.2x2.2mm3  and  a  gage 
length  of  13.4  mm  were  cut  out  from  the  sintered  bodies. 

The  tensile  tests  (SHIMAZU  AG-5000C)  were  carried  out  for  a  temperature  range  of  1300-1500°C. 
SEM  analysis  (JEOL  JSM-5200)  was  undertaken  for  the  as  sintered,  deformed  and  failed  tensile 
specimens  to  find  the  mean  grain  size  using  the  linear  intercept  method.  Transmission  electron 
microscope  specimens  (TEM)  were  prepared  by  mechanically  grinding  the  sintered  specimens  to  a 
thickness  of  about  0.1  mm.  These  were  further  thinned  to  50pm  using  a  dimple  grinder  with  1  pm 
diamond  paste.  Further  thinning  to  10pm  for  electron  transparency  was  carried  out  with  an  ion  miller. 
TEM  and  high-resolution  electron  microscopy  (HREM)  were  performed  with  a  Topcon  002BF  (200 
kV)  with  a  point  to  point  resolution  better  than  0.1 8nm.  Chemical  analysis  with  EDS  (energy 
dispersive  X-ray  spectroscopy)  was  carried  out  using  a  Noran  Voyager  system  in  the  Topcon  002B 
TEM  with  a  probe  size  of  less  than  lnm. 

Results 

Fig.  1  shows  the  bright  field  TEM  images  of  a)  3  Y-TZP  and  b)  3Y-0.4A1,  with  average  grain  sizes  of 


Fig.  1:  TEM  bright  field  images  of  a)  3  mol%  Y-TZP  and  b)  3  mol%  Y-TZP  doped  with  0.4  mol% 

ai2o3 
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Fig.  2:  HREM  images  of  the  grain  boundaries  for  a)  3  mol%  Y-TZP  and  b)  3  mol%  Y-TZP  doped 
with  0.4  mol%  A1203 


Fig.  3:  EDS  profiles  across  the  grain  boundaries  of  a)  3  mol%  Y-TZP  and  b)  3  mol%  Y-TZP  doped 
with  0.4  mol%  A1203 

0.38mm  and  0.41mm  respectively  in  the  as  sintered  state.  Both  compositions  were  fully  dense  (>99%) 
with  an  equiaxed  microstructure  and  no  coarse  grains.  No  secondary  phases  at  grain  boundaries  and 
triple  junctions  were  observed.  The  rectangles  depicted  in  both  figures  are  the  areas  where  HREM  and 
EDS  analysis  were  carried  out.  Fig.  2  shows  the  HREM  images  taken  at  the  grain  boundaries  for  a)  3 
Y-TZP  and  b)  3Y-0.4A1  in  the  as  sintered  state,  together  with  diffraction  patterns  of  the  grains  and  the 
areas  where  EDS  analysis  was  undertaken.  No  secondary  phase  is  present,  clearly  showing  the 
intersection  of  lattice  planes  at  the  grain  boundary. 

EDS  spectra  were  obtained  across  the  grain  boundary,  along  the  arrays  of  circles  indicated  by  Fig.  2. 
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Fig.  4:  Stress-strain  characteristics  of  3  mol%  Y-TZP 
and  3  mol%  Y-TZP  doped  with  0.4  mol%  A1203  at 
1400°C  (initial  strain  rate  of  1.2x10  V1) 


Fig.  5:  Flow  stress  characteristics  with 
respect  to  grain  size  (10%  true  strain)  at 


1400°C 


Temeprature  (°C) 


Fig.  6:  Flow  stresses  (10%  true  strain)  with 
respect  to  temperature  for  the  two  compositions 
(initial  strain  rate  of  1.2x10  V1) 


Temeprature  (°C) 


Fig.  7:  Elongation  to  failure  with  respect  to 
temperature  for  the  two  compositions 
(initial  strain  rate  of  1.2x10  V1) 


using  a  probe  size  of  0.5  nm.  The  intensity  ratio  profiles  across  the  grain  boundary  of  Y-Ka/Zr-Ka  and 
that  of  Al-Ka/Zr-Ka  are  shown  in  Fig.  3. In  both  cases  the  segregation  of  yttrium  ions  is  evident, 
spanning  a  width  of  6  nm.  In  the  case  of  3Y-0.4A1,  aluminium  ions  also  segregate  to  the  grain 
boundary,  again  with  a  thickness  of  6  nm. 

The  stress-strain  characteristics  of  the  two  compositions  with  an  initial  strain  rate  of  1.2x10  V1  at 
1400°C  are  shown  in  Fig.  4.  It  can  be  seen  that  the  small  addition  of  alumina  was  sufficient  to  reduce 
the  flow  stress  by  more  than  10  MPa  and  more  remarkably  increases  the  elongation  to  failure  by  more 
than  150%  nominal  elongation.  The  flow  stress  characteristics  with  respect  to  grain  size  taken  at  10% 
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true  strain  are  shown  in  Fig.  5.  The  slopes  of  the  two  materials  in  Fig.  5  are  nearly  the  same,  though  a 
reduction  in  flow  stress  even  for  the  same  grain  size  is  evident. 

The  flow  stresses  taken  at  10%  true  strain  are  presented  in  Fig.  6  for  the  two  compositions.  For  both 
samples  the  decrease  in  flow  stress  with  respect  to  temperature  is  evident.  The  sample  doped  with 
alumina  show  lower  flow  stresses  through  out  the  temperature  range.  Fig.  7  shows  the  temperature 
dependence  of  the  elongation  to  failure  for  the  two  compositions.  The  elongation  to  failure  of  3  Y-TZP 
increases  with  temperature  up  to  225%  at  1500°C,  while  3Y-0.4A1  shows  a  maximum  at  1400°C  of 
305%  after  which  it  decreases  with  increasing  temperature. 


Discussion 

Improved  superplasticity  in  zirconia  has  been  reported  for  alumina-composites8,  u,  however  the  effect 
of  small  amounts  of  alumina,  in  a  single  phase  tetragonal  zirconia  has  not  been  fully  understood.  The 
solubility  and  the  driving  force  for  segregation  of  aluminium  and  yttrium  ions  in  zirconia  can  be 
examined  in  terms  of  the  strain  energy  caused  by  solute  atoms  as  proposed  by  McLean12: 

E  =  2A7tKGrj2{r7  -r,)2 
1  4Gr,  +  3Kr2 

with  K  and  G  the  bulk  and  shear  modulus  of  the  matrix  respectively  and  r2  and  r2  the  effective  radii  of 
the  solvent  and  solute  ions.  From  the  above  equation  it  can  be  seen  that  the  strain  energy  is 
proportional  to  the  square  of  the  misfit  value  ( e  -  (r2_ri)/ri)-  The  misfit  value  of  aluminium  ions  in 
zirconia  is  about  0.23  and  that  of  yttrium  ions  in  zirconium  is  about  0.21.  When  e>0.4  segregation  will 
become  an  important  mechanism.  For  smaller  misfit  values  and  if  the  segregant  cation  has  a  valency 
that  is  different  from  the  bulk  (solvent)  cations  the  formation  of  charged  interfaces  becomes  an 
additional  force  for  segregation.  It  can  be  seen  that  in  this  case  both  cations  will  tend  to  segregate  to 
the  grain  boundary  due  to  the  difference  in  valency. 

Since  the  detection  limit  of  EDS  is  about  1  wt  %  it  is  very  difficult  to  argue  whether  aluminium  ions 
are  in  solution  in  the  zirconia  matrix.  The  average  number  of  atoms  per  unit  volume  was  estimated 
from  the  EDS  profiles  for  a  grain  boundary  thickness  of  about  6  nm  and  was  found  to  be  1.73xl021 
atoms/cm3  (the  cation  site  density  of  3  mol%  Y-TZP  is  2.97xl022  atoms/cm3).  The  experimental  value 
can  now  be  compared  to  the  hypothetical  case  where  all  the  aluminium  ions  segregate  across  the  grain 
boundary,  3  nm  into  the  adjacent  grains.  The  grains  are  treated  as  simple  spheres,  having  an  outer  shell 
with  a  thickness  of  3  nm.  The  number  of  atoms  present  in  the  grain  is  found  by  the  following 


expression: 


(2) 


d  is  the  grain  size,  py.tzp  the  density  of  3  mol%  Y-TZP,  N0  is  Avogadro’s  constant,  [A/203]  the  alumina 
content  in  weight  fraction  and  M  the  molecular  mass  of  alumina.  Thus  the  number  of  atoms  per  unit 
volume  found  near  the  grain  boundary  is  5.34xl021  atoms/cm3.  These  results  imply  that  for  this 
specific  grain  boundary  about  a  third  of  the  aluminium  ions  have  segregated  to  the  grain  boundary  over 
a  thickness  of  6  nm.  The  rest  of  the  grain  has  an  aluminium  concentration  of  about  1.63xl020 
atoms/cm3,  an  order  of  magnitude  lower  than  that  found  in  the  grain  boundary.  Clearly  segregation  and 
to  a  lesser  extent  dissociation  of  aluminium  ions  in  zirconia  is  occurring. 

By  doping  alumina  to  Y-TZP,  elongations  to  failures  were  improved  when  compared  to  the  undoped 
specimens.  This  was  only  achieved  at  lower  temperatures  up  to  1400°C,  where  a  peak  value  is 
observed.  Further  the  decrease  in  flow  stress  even  for  the  same  grain  size  indicates  an  improvement  in 
the  diffusive  accommodation  processes  required  for  superplastic  deformation.  This  trend  is  consistent 
with  the  data  reported  by  Sato  et  al9,  where  an  increase  in  alumina  doping  resulted  in  a  reduction  in 
stress  at  the  same  strain  rate.  Similar  elongation  to  failure  characteristics  as  a  function  of  temperature 
have  also  been  reported  by  Tsurui  et  al6  in  TZP  doped  with  5  wt%  titania  and  in  4  and  6  mol%  YSZ11. 
Kondo  et  al12  phenomenologically  interpreted  this  behavior  by  considering  that  the  elongation  is 


382 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


determined  by  the  balance  between  the  diffusive  accommodation  process  for  grain  boundary  sliding 
and  grain  growth.  Thus  the  type  and  amount  of  dopant  is  thought  to  influence  the  diffusive  properties 
which  control  the  accommodation  processes  and  the  temperature  dependent  elongation  characteristics 
(cavity  nucleation,  growth  and  fracture). 

Small  amounts  of  alumina  are  known  to  improve  the  sinterability  of  zirconia  powders15  and  to  affect 
the  ionic  conductivity  of  the  grain  boundaries,  with  optimal  conditions  at  1  wt%  alumina11, 16,  for  which 
no  major  changes  are  observed  in  the  grain  interior.  Such  results  suggest  that  the  diffusivity  of  oxygen 
at  the  grain  boundaries  is  affected  by  the  segregation  of  aluminium  ions,  while  those  of  the  grain 
interior  are  unaffected.  The  presence  of  oxygen  vacancies  is  thought  to  influence  the  diffusivity  of  the 
cations  in  fluorite  structures.  From  such  results  it  is  likely  that  the  grain  boundary  diffusive  (cation) 
properties  may  have  been  altered  by  the  addition  of  alumina  resulting  in  the  improved  superplastic 
properties. 

Conclusion 

The  effect  of  small  amounts  of  alumina  dopants  to  3  Y-TZP  were  examined  in  terms  of  its  superplastic 
and  grain  boundary  characteristics: 

1.  The  addition  of  0.4  mol%  alumina  to  3  Y-TZP  has  improved  both  flow  stresses  and  elongation  to 
failure  for  a  given  temperature  range. 

2.  No  amorphous  phases  at  grain  boundaries  or  triple  junctions  were  observed  for  3  Y-TZP  and  3Y- 
0.4A1. 

3.  Both  dopant  cations  were  found  to  segregate  to  the  grain  boundaries.  Dissociation  of  yttrium  ions  is 
observed,  while  that  of  aluminium  ions  is  expected. 
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Abstract 

TEM  observations  in  TZP-lGe  were  conducted,  which  has  improved  superplasticity  when  compared  to 
2.5Y-TZP.  The  TEM  analysis  consisted  of  high  resolution  electron  microscopy  (HREM)  and  energy 
dispersive  X-ray  spectroscopy  (EDS)  applied  to  grain  boundaries  in  TZP-lGe.  HREM  image  revealed  that 
there  are  no  amorphous  phases  at  multiple  junctions  or  at  grain  boundaries.  EDS  profiles  taken  from  the  grain 
boundaries  in  TZP-lGe  show  the  segregation  of  Ge4+  at  the  boundaries.  This  segregation  of  Ge4+  is 
considered  to  be  caused  by  the  relaxation  in  strain  energy.  Consequently,  the  flow  stress  reduction  in 
TZP-lGe  results  from  the  enhanced  difliisivity  which  controls  the  superplastic  deformation  by  the  presence 
of  Ge4+  in  zirconia.  The  comparison  of  the  flow  stress  in  Si4+,  Ge4+  or  Ti4+  doped  Y-TZP  suggests  that  the 
dopants  existing  inside  zirconia  grains  affect  the  flow  stress. 

Introduction 

Superplasticity  is  obtained  in  Y-TZP  (Yttria-stabilized  Tetragonal  Zirconia  Polycrystals)  which  has  a 
refined  grain  structure  and  grain-size  stability  at  high-temperature  tensile  test  [1-4].  Improvement  of 
supeiplastic  properties  is  desirable  for  practical  use  and  many  researchers  have  reported  as  to  improved 
properties  in  Y-TZP  by  means  of  adding  suitable  dopants  [5-10].  However,  the  relationship  between  the 
properties  of  dopant  and  the  effects  on  the  superplastic  behavior  has  not  been  clearly  understood  yet. 

High  resolution  electron  microscopy  (HREM)  and  energy  dispersive  X-ray  spectroscopy  (EDS)  are  the 
ideal  techniques  for  investigating  sub-nanoscale  structure  and  compositional  fluctuation[ll-13].  The 
objective  of  this  study  is  to  discuss  the  relationship  between  the  mechanical  properties  such  as  flow  stress  or 
ductility  and  the  phenomena  on  an  atomic  scale  such  as  diflusion,  segregation  or  bonding  state. 

Experimental  Procedures 

The  chemical  composition  of  the  material  prepared  in  the  present  study  was  Zr02-2.5  mol%Y2O3-1.0 
mol%  GeC>2  (TZP-lGe).  ZrC>2  powders  (Tosoh  Inc.,  TZ-2.5Y)  were  mixed  with  the  suitable  amount  of  GeC>2 
powders  (Rare  Metallic,  6N)  by  ball-milling  method  for  24  hours  and  dried  in  Ar  atmosphere.  Subsequently 
the  powders  were  uniaxially  pressed  under  a  pressure  of  33  MPa  and  then  cold-isostatically  pressed  (CIP)  at 
100  MPa.  The  green  bodies  of  TZP-lGe  were  sintered  for  2  hours  in  air  at  1300°C.  This  material  is  thought  to 
be  a  tetragonal  zirconia  solid  solution  under  the  current  sintering  condition  as  reported  in  our  previous  study. 
Specimens  for  TEM  observation  were  prepared  by  using  standard  techniques.  Specimens  were  mechanically 
ground  to  a  thickness  of  0.1  mm,  followed  by  dimpling  to  a  thickness  of  10  pm.  Consequently,  they  were 
thinned  to  electron  transparency  by  ion  milling  method  at  3-4  kV.  The  samples  were  examined  by  high 
resolution  electron  microscopy,  HERM,  and  energy  dispersive  X-ray  spectroscopy,  EDS,  with  a  Topcon 
002BF  (200kV)  field  emission  type  high  resolution  microscope  which  has  a  point  to  point  resolution  of  about 
0.17  nm.  EDS  analyses  were  performed  in  the  Topcon  002BF  by  using  Noran  Voyager  system  which 
possesses  probe  size  of  about  0.5  nm. 
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Results 


(1)  Improvement  of  superplastic  behavior  in 


TZP-lGe 

Superplasticity  in  TZP  is  enhanced  by  the 
addition  of  1  mol%  Ge02  [9].  Figure  1  is  the 
temperature  dependence  of  10%  flow  stress  and 
nominal  elongation  to  failure  of  both  materials, 
2.5 Y  TZP  [7]  and  TZP-lGe.  The  flow  stress  of 
TZP-lGe  is  much  lower  than  that  of  2.5Y-TZP. 
This  indicates  that  the  lmol%  GeCb  addition  into 
2.5Y-TZP  effectively  reduces  the  flow  stress. 
Furthermore,  Fig.  1  shows  the  enhanced 
elongation  in  TZP-lGe  within  the  temperature 
range.  To  discuss  the  effect  of  Ge02  addition  on 
superplastic  behavior,  it  is  necessary  to  determine 
the  state  of  Ge02  by  the  following  investigation. 


(2)  Grain  boundary  structure  in  TZP-lGe 

Figure  2  is  the  TEM  photograph  of  TZP-lGe.  Fig.  j  Temperature  dependence  of  flow  stress  and 

The  samples  observed  are  in  the  as-sintered  state.  elongation  to  failure  in  TZP-lGe  and  2.5Y-TZP  [7], 

This  figure  has  three  photographs.  The  left 

photograph  of  the  figure,  a),  shows  a  typical  HREM  image  of  the  grain  boundary  with  the  lattice  planes, 
diffraction  patterns,  and  where  EDS  analysis  was  carried  out  (the  spots  correspond  to  the  size  of  the  nano 
beam).  The  upper  right  photograph  of  the  figure  is  the  magnified  grain  boundary  image  within  an  area 
indicated  by  the  white  rectangle  in  the  left  HREM  image.  Lower  right  photograph  is  low-magnification 
bright-field  TEM  image  of  the  grains  and  the  boundary  investigated.  The  samples  were  fully  dense  having 
more  than  99%  of  relative  density  and  the  average  grain  size  is  about  0.4pm.  As  seen  in  Fig.  2  c),  the  grains 
are  facetted  with  straight  boundaries  and  sharp  triple  junctions  indicating  that  there  are  no  amorphous  pools  at 
multiple  junctions.  Figure  2  a)  is  the  image  of  the  <lTo>Ll  1  boundary  with  a  tilt  angle  of  51°  .  The 
magnified  image  of  the  boundary  in  Fig.  2  b)  shows  coincidence  site  lattice  (CSL)  boundary  and  no 
amorphous  phase  was  observed  in  the  boundary.  TEM  analysis  was  performed  on  the  other  boundary  and 
grains  directly  connected  to  each  other  at  the  boundary  without  any  amorphous  phase. 


(3)  Grain  boundary  EDS  analysis  in  TZP-lGe 


Figure  3  is  the  EDS  profile  of  TZP-lGe 
that  was  taken  from  the  boundary  with  the 

Table  1  Ionic  radii  [16]  and  misfit  values  of  cations 

electron  probe  size  of  about  0.5  nm 
indicated  by  the  white  circles  in  Fig.  2  a). 
The  profile  was  obtained  by  normalizing 
the  X-ray  intensity  for  each  element  using 
the  intensity  of  Zr-Ka  peak.  The  intensities 

Cation 

Zr^ 

Ge4+ 

ionic  radius  (A) 

0.84 

1.02 

0.68 

misfit  value,  s 

- 

0.21 

0.19 

of  Y  and  Ge  taken  from  grain  interior  were  not  so  different  from  the  expected  values  from  the  composition  of 
Y  and  Ge  as  zirconia  solid  solution.  On  the  other  hand,  these  elements  segregate  to  the  grain  boundary.  The 
intensity  of  Ge  at  the  boundary  is  about  4  times  larger  than  that  in  grain  interior  (the  enrichment  factor  of  Ge 
is  about  4),  whereas  the  amplitude  of  the  intensity  of  Y  was  about  2.5.  In  addition,  we  carried  out  EDS 
analysis  in  another  boundary  and  also  observed  the  segregation  of  Ge  at  boundary  and  the  enrichment  factor 
was  4. 

In  oxide  ceramics,  segregation  of  solute  ions  in  boundaries  has  two  effects:  one  is  the  strain  energy 
relaxation  and  the  other  is  the  electronic  charge  compensation  14].  McLean  has  proposed  an  evaluation  of  the 
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strain  energy  due  to  the  size  mismatch  between  matrix  and  solute  ions[15].  The  energy,  W,  is  expressed  as 
follows. 


w  lAriKGr^  -r2)2 
[lK  +  4G(rJr2)]  ’ 


(1) 


where  K  is  the  bulk  modulus  of  the  solute,  G  is  the  shear  modulus  of  the  solvent,  rj  and  are  the  ionic  radii 
of  solvent  and  solute  ions.  The  strain  energy  caused  by  the  solute  ions  is  proportional  to  the  square  of  the  size 
mismatch  or  misfit  value,  e ,  expressed  as  6  =(r/-o)/ry.  The  ionic  radii[16]  and  misfit  values  of  Y3+  and  Ge4+ 
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are  summarized  in  Table  1 .  When  the  segregating  solute 
ion  has  the  misfit  value  of  more  than  0.4,  the  strain 
energy  relaxation  is  dominant  and  the  effect  of  the 
electronic  charge  compensation  is  negligible.  Although 
Ge4+  has  a  value  of  0.19,  the  strain  energy  relaxation  is 
the  only  reason  for  segregation,  because  the  solvent  ion, 

Zr4+,  and  Ge4+  have  same  valency.  On  the  other  hand, 
these  two  effects  are  taken  into  account  in  the  case  of  Y3+. 

This  must  be  the  reason  for  the  difference  in  the  EDS 
profiles  ofGeandY. 

Discussion 

(1)  The  effect  of  dopants  on  the  flow  stress 

Solid  solubility  of  Ge02  into  Y-TZP  has  been 
reported  to  be  about  4  mol%  [18],  and  it  is  adequate  to 
think  TZP-lGe  as  a  t-Zr02  solid  solution,  as  reported  in 
our  previous  study  [9].  In  this  study,  we  observed  the 
segregation  of  Ge  ions  at  grain  boundaries  in  TZP-lGe 
by  EDS  analysis.  In  addition,  HREM  observation 
revealed  the  structures  of  grain  boundaries  and  multiple 
junctions.  There  were  no  amorphous  pools  at  multiple  junctions  and  amorphous  layers  in  grain  boundaries. 
Hence,  we  conclude  that  Ge  ions  doped  into  2.5Y-TZP  exist  in  the  Zr02  solid  solution  and  also  segregate  at 
grain  boundaries. 

At  first,  we  should  compare  the  superplastic  behavior  of  TZP-lGe  with  2. 5  Y-TZP  because  both  materials 
have  the  same  structure  without  glass  pool  and  amorphous  layers  at  boundaries,  and  they  are  thought  to 
deform  by  a  similar  mechanism.  As  illustrated  in  Fig.  4,  the  stress  in  TZP-lGe  is  much  lower  than  that  in 
2.5Y-TZP.  Although  this  reduction  must  be  due  to  the  enhancement  of  diflusivity  that  controls  the 
deformation,  it  is  difficult  to  determine  which  state  of  Ge,  solid  solution  or  segregation,  influences  the  flow 
stress  by  comparing  these  two  materials.  Due  to  these  reasons,  we  are  going  to  take  the  effect  of  two  more 
tetravalent  dopants,  Ti4+  and  Si4+,  into  consideration  in  addition  to  Ge4+.  The  amount  of  additives  for  each 
material  is  TZP-5wt%Ti02  [7]  and  TZP-5wt%Si02  [5].  The  solid  solubility  of  Ti02  into  Y-TZP  is  about 
15mol%,  while  the  solubility  of  Si02  is  almost  negligible  and  Si02  forms  glass  pool  at  multiple  junctions  as 
seen  in  TZP-5wt%  Si02.  Besides,  Si  segregates  at  Zr02  grain  boundaries  without  forming  secondary  phase. 
The  profile  of  Si  is  shown  in  Fig.  5.  Si02  addition  is  less  effective  for  decreasing  the  flow  stress  than  Ti02  and 
Ge02  addition  when  compared  with  the  same  grain  size  as  clearly  indicated  in  Fig.  4.  On  the  other  hand, 
5wt%  (7.7mol%)  T102  addition  attains  almost  the  equal  reduction  in  flow  stress  to  lmol%  Ge02. 
TZP-5wt%Ti02  consists  of  t-ZrCh  solid  solution  and  Ti  ions  segregate  at  boundaries  [19].  Thus,  the  reduction 
in  TZP-5wt%Ti02  would  be  made  in  the  same  way  as  TZP-lGe  by  the  enhancement  of  diffusion  processes 
that  control  deformation.  However,  GeCh  is  more  effective  on  this  process  than  Ti02  for  the  same  amount  of 
addition. 

The  above  comparison  brings  further 
questions.  One  is  “What  is  the  cause  for 
difference  in  stress  reduction  in  Ge  and  Ti 
addition?”,  and  the  other  is  “  Why  Si  is 
much  less  effective?”.  There  are  two 
possible  explanations  for  these  questions. 

The  former  is  an  assumption  that  the 
element  in  Zr02  solid  solution  affects  the 
flow  stress.  In  other  words,  superplastic 


Table  2  Ionic  radii  [16]  and  misfit  values  of  cations 


Cation 

s?1- 

Ti4+ 

Zr4+ 

ionic  radius  (A) 

0.40 

0.68 

0.74 

0.84 

misfit  value,  s 

0.52 

0.19 

0.12 

- 

DISTANCE  FROM  BOUNDARY  /nm 

Fig.  3  The  EDS  intensity  profiles  of 
Y  and  Ge  in  the  boundary. 
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deformation  in  Y-TZP  is  controlled  by  the  lattice 
diffusion  of  ions.  From  this  point  of  view,  the  poor 
effect  of  Si  on  flow  stress  is  understood  by  its  solubility. 
Table  2  shows  the  ionic  radii  and  misfit  values  of  the 
tetravalent  cations.  In  the  table,  Ge4+  has  a  larger  value 
of  0.19  than  that  of  0.12  for  Ti4+,  which  would  lead  to 
the  difference  in  their  solid  solubility  into  Y-TZP.  In 
terms  of  the  strain  energy,  W,  expressed  by  eq.  (1), 
distortion  by  the  presence  of  the  element  becomes  large 
for  larger  misfit  values.  This  may  be  connected  with 
the  different  effect  on  diffusivity  of  these  elements, 
Ge4+  and  Ti4+.  It  can  also  explain  the  poor  effect  of  Si 
addition  from  its  limit  of  solubility  into  Z1O2. 

Besides,  another  interpretation  for  the  phenomena 
is  also  possible.  The  latter  assumption  is  that  the 
element  segregating  at  grain  boundaries  does  have  the 
effect  on  the  flow  stress.  From  this  point  of  view,  the 
Fig.  4  A  log-log  plot  of  10%  flow  stress  as  composition  of  the  material  is  not  so  significant,  but  the 

a  function  of  grain  size  at  1400°C  at  a  strain  rate  of  content  at  grain  boundaries  is  really  important.  Though 

13  x  lO'V  in  each  material  [5 ,7,9].  precise  quantification  of  segregants  is  still  difficult  for 

the  time  being,  the  contents  of  Ge  and  Si  ion  at  grain 
boundary  cannot  explain  the  difference  in  their  effect. 
Then,  it  requests  the  reason  for  the  nature  of  the  element  itself,  which  is  difficult  just  by  comparing  the  ionic 
radius  or  valency. 

There  are  some  kind  of  clues  that  should  be  taken  into  account.  First  is  the  effect  of  these  elements  on 
the  grain  growth  behavior  of  Y-TZP.  It  was  reported  that  GeCb  or  Ti02  addition  enhances  the  grain  growth 
while  TZP-5wt%Si02  does  not  exhibit  the  enhancement  [5,7,9].  The  tendency  of  grain  growth  is  similar  to 
that  of  stress  reduction.  Chen  and  Chen  suggested  that  the  small  amount  of  dopant  addition  such  as  the  case  in 
this  study  affects  the  grain  growth  of  ZrC>2  grain  by  way  of  Zr  lattice  diffusion  [20].  It  may  indicate  that  the 
diffusion  of  deformation  process  and  that  of  grain  growth 
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are  identical.  Tsurui  et  al  reported  the  decrease  in  flow 
stress  and  activation  eneigy  for  deformation  by  TiC>2 
addition  with  increasing  the  amount  of  TiCb  at  least  until 
10wt%  (15mol%)  TiC>2  that  is  the  largest  Ti02  content 
examined.  These  results  suggest  that  the  deformation 
process  controlled  by  lattice  diffusion.  If  the  relationship 
is  not  proportional  between  the  content  of  Ti  in  ZrC>2 
grains  that  is  thought  to  be  the  same  as  HO2  content 
within  the  solubility  limit  and  the  content  of  Ti 
segregation  at  boundaries,  the  origin  of  stress  reduction 
might  be  revealed  by  this  comparison  because  Ti 
segregation  is  expected  to  saturate  at  a  certain  amount  of 
Ti02  addition  in  contrast  to  the  increase  of  T1O2  in  Zr02 
until  the  solid  solubility  of  15mol%.  It  is  also  expected 
for  GeCb  addition  to  decrease  the  flow  stress  until  about 
its  solubility  of  about  4%. 
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Fig.  5  The  EDS  intensity  profiles  of 
Y  and  Si  in  the  boundary. 
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Conclusion 

The  TEM  analysis  revealed  that  the  following  conclusions. 

1 .  Ge  ions  segregate  in  the  grain  boundaries  of  zirconia  grains.  The  amount  of  Ge  in  the  boundaries  are 
estimated  to  be  about  4  times  larger  than  that  in  zirconia  matrix. 

2.  The  stress  reduction  in  TZP- 1  Ge  is  attained  by  the  enhanced  diffusion  by  the  Ge  addtion. 

3.  The  compassion  of  the  dopant  effect  on  flow  stress  suggests  the  possibility  that  the  diffusion 
controlling  the  deformation  process  is  affected  by  the  dissolved  cations  into  zirconia  grains. 
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Abstract 

The  mechanical  behavior  at  high  temperature  of  a  duplex  stainless  steel  was  investigated  by  means 
of  strain-rate-change  tests  in  tension.  Analysis  of  the  stress-strain  rate  data  revealed  a  change  in  the 
behavior  of  the  material  at  about  950°C  which  is  attributed  to  the  presence  of  the  o  phase. 
However,  stress  exponents  of  about  5  and  2  were  observed  at  strain  rates  above  and  below  10"3  s’1 
respectively,  at  all  testing  temperatures.  These  results  suggest  a  change  in  the  mechanism 
controlling  deformation  from  slip  creep  to  grain  boundary  sliding,  GBS,  as  the  strain  rate  decreases. 
Contribution  of  GBS  to  deformation  was  associated  with  the  fine  microstructure  developed  by 
recrystallization  before  testing.  This  microstructure  consisted  of  colonies  of  austenite  grains  of  10 
to  15  pm  in  size  surrounded  by  a  ferrite  matrix  at  testing  temperatures  above  1000°C  or  by  a 
lamellar  microstructure  below  950°C.  Superplastic  behavior  of  the  material  at  low  stresses,  where 
n  »  2,  was  checked  by  monotonic  strain  rate  tests  at  900  and  1050°C  at  KT4  s'1.  The  importance  of 
GBS  in  this  case  was  corroborated  by  analysis  of  the  microstructure  and  the  texture  in  the  gage 
region.  The  grains  of  the  present  phases  are  intermixed  after  testing  in  the  superplastic  regime. 
This  is  due  to  grain  rearrangement  occurred  during  deformation  by  grain  boundary  sliding.  On  the 
other  hand,  only  minor  changes  in  the  texture  along  the  most  important  fibers  (0-fiber  and  a-fiber 
for  the  ferrite  and  the  £-fiber  for  the  austenite)  were  observed  between  the  undeformed  grip  region 
and  the  gage  region. 


Introduction 

Duplex  stainless  steels  have  been  used  in  many  diverse  fields  like  ship  construction  or  chemical 
industry.  The  large  applications  of  these  steels  are  related  to  their  excellent  resistance  to  corrosion 
and  stress-corrosion,  as  well  as  a  high  strength  combined  with  high  toughness  [1,2].  The  good 
mechanical  properties  of  these  steels  are  due  to  the  duplex  structure  of  ferrite  (8)  and  austenite  (y): 
in  one  part  the  ferrite  is  responsible  of  the  strength,  and  in  the  other,  the  austenite  ensures  the 
toughness  of  the  material  [3].  However,  the  embrittlement  due  to  the  precipitation  of  a  phase 
during  the  production  process  is  an  extremely  large  problem  from  the  practical  point  of  view  [3-4]. 

The  poor  workability  at  low  temperature  can  be  avoid  using  superplastic  forming  technology. 
The  existence  of  superplasticity  in  duplex  phase  stainless  steels  has  been  known  for  many  years  [5], 
As  a  fine-grained  microstructure  is  the  most  important  microstructural  feature  of  superplastic 
materials,  it  is  to  be  expected  that  superplastic  tendencies  would  be  enhanced  by  those  processing 
steps  which  provides  the  finest  microstructures  stable  at  the  deformation  temperature  [6].  Several 
distinct  thermomechanical  processing  techniques  have  been  used  in  order  to  develop  a  superplastic 
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microstructure  in  duplex  stainless  steels.  Such  process  consists  conventionally  in  hot  rolling  of  the 
material  in  the  temperature  range  of  1100-1300°C  followed  by  cold  rolling  to  50%  reduction  [7]. 
Elongations  greater  than  1000%  have  been  reported  in  duplex  steel  after  such  process  for 
deformation  temperatures  of  900°C-1 100°C  [8-11]. 

This  investigation  is  aimed  at  determination  of  deformation  conditions  under  which  a 
commercial  duplex  stainless  shows  superplastic  behavior.  It  includes  also  a  detailed 
microstructural  characterization,  including  texture,  of  the  changes  ocurring  during  deformation  to 
elucidate  the  mechanisms  that  take  place  during  deformation. 


Experimental  procedure 

The  duplex  stainless  steel  used  in  this  study  has  the  nominal  composition  (in  weight  %)  Fe-  22.5 
Cr-6.0  Ni-  3.0  Mo-  0.6  Si-  1.4  Mn.  This  material  was  supplied  by  Sumitomo  Metal  Industries  Ltd., 
Japan,  as  a  sheet  of  3  mm  in  thickness  prepared  by  hot  forging  ingots  and  further  cold  rolling 
deformation  of  about  50%. 

In  order  to  follow  the  microstructural  evolution  during  deformation,  the  material  was 
characterized  in  the  as-received  condition  and  after  tensile  tests  in  the  temperature  range  850  to 
1100°C.  The  phases  present  were  identified  by  X-ray  diffraction  using  Cu  Ka  radiation. 
Microstructural  observations  were  conducted  using  optical  microscopy.  The  microstructure  was 
developed  by  etching  the  polished  samples  with  a  solution  of  15  ml  HNO3  and  30  ml  HC1  on  the  8- 
ferrite/austenite  duplex  microstructure  and  with  a  solution  of  0.5  g  of  K2S2O5,  10  ml  of  HC1  and 
50  ml  H2O  when  the  ct  phase  was  present. 

Texture  measurements  were  carried  out  by  means  of  the  Schulz  reflection  method  in  the  as- 
received  material  and  after  deformation  at  1050°C.  Overlapping  of  diffraction  peaks  of  the  ct  phase 
with  some  of  the  peaks  of  the  8  and  y  phase  did  not  allow  to  extend  this  analysis  to  the  samples 
tested  at  temperatures  below  950°C.  Details  of  the  diffractometer  used  and  the  analysis  methods 
are  given  elsewhere  [12].  The  orientation  distribution  function,  ODF,  not  only  allows 
determination  of  the  different  texture  components,  but  also  calculation  of  the  volume  fraction,  Fv, 
associated  with  each  one.  In  this  work,  Fv  was  calculated  by  a  numerical  integration  method  from 
the  ODF  intensity  data  [13].  As  integration  limits  for  this  calculation,  orientations  10°  apart  from 
the  ideal  orientation  have  been  considered  to  belong  to  a  given  fiber. 

Mechanical  behavior  at  high  temperature  was  characterized  by  tensile  tests.  Tensile  samples 
with  a  rectangular  cross  section  of  3  x  5  mm  and  a  gage  length  of  20  mm  were  machined  parallel  to 
the  rolling  direction.  Tensile-strain-rate-change  tests  were  performed  at  strain  rates  ranging  from  3 
x  10"6  to  2  x  10'3  s'1  in  the  temperature  range  850  to  1100°C  under  a  protective  argon  atmosphere. 
Superplastic  behavior  of  the  material  was  characterized  by  monotonic  tensile  tests  at  10*4  s_1  at  900 
and  1050°C. 


Results  and  discussion 

Figure  1  shows  the  result  of  strain-rate-change  tests  at  high  temperatures  where  the  steady  state 
strain  rate,  8 ,  is  plotted  against  the  Young’s  modulus  compensated  flow  stress,  a/E,  in  a  log-log 
scale.  The  values  for  the  Young's  modulus  at  the  various  temperatures  were  extrapolated  from  data 
measured  for  a  duplex  stainless  steel  with  a  similar  composition  [14].  In  this  plot,  the  slope  of  the 
curves  corresponds  to  the  stress  exponent,  n.  At  all  testing  temperatures,  Figure  1  shows  stress 
exponents  of  about  5  and  2  at  strain  rates  above  and  below  10'3  s'1  respectively.  Furthermore,  a 
change  in  the  behavior  of  the  material  can  be  observed  at  about  950°C  since  the  data  points  for  this 
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temperature  and  at  1000°C  almost  coincide.  This  is  attributed  to  the  presence  of  the  a  phase,  a  hard 
phase,  at  testing  temperatures  below  950°C  as  confirmed  by  X-ray  diffraction. 

A  stress  exponent  of  about  5  indicates  that  slip  creep  is  the  dominant  deformation  mechanism  at 
high  strain  rates.  However,  low  values  of  n,  of  about  2-3,  are  observed  at  low  strain  rates.  Since  the 
steel  is  characterized  by  a  fine  grain  size  after  recrystallization  during  heating  at  testing  temperature, 
the  dominant  deformation  mechanism  must  correspond  to  grain  boundary  sliding,  GBS,  as  is 
commonly  accepted.  This  is  corroborated  by  the  results  obtained  from  two  elongation-to-failure 
tests  that  were  conducted  at  two  temperatures  at  a  strain  rate,  1  O'4  s'1,  where  n  was  about  2.  The 
temperatures  elected,  900  and  1050°C,  corresponded  to  deformation  in  the  three  phase  and  the  two 
phase  regions  respectively.  Elongations  to  failure  of  190  and  275%  where  obtained  at  900  and 
1050°C  respectively.  These  high  values  are  typical  of  superplastic  materials  where  flow  is 
controlled  by  GBS. 

The  activation  energy  for  plastic  flow,  Qc,  was  calculated  from  the  data  given  in  Fig.  1  Two 
different  values  of  Qc  were  obtained  as  a  function  of  the  temperature  range.  At  temperatures 
ranging  from  850  to  950°C,  Qc  was  equal  to  290  kJ/mol.  At  temperatures  ranging  from  1000  to 
1100°C,  Qc  was  equal  to  170  kJ/mol.  A  value  of  290  kJ/mol  is  close  to  that  obtained  for  the 
activation  energy  for  lattice  self-diffusion  of  Fe  in  Cr-Ni  austenitic  stainless  steels  and  high  alloy 
steels  [15].  On  the  other  hand,  an  activation  energy  of  170  kJ/mol  is  close  to  the  activation  energy 
for  grain  boundary  diffusion  for  a-iron  (174  kJ/mol)  and  y-iron  (167  kJ/mol)  [15].  It  is  worth 
noting  that  comparison  with  tracer  data  for  lattice  and  grain  boundary  diffusion  of  Fe  in  a  duplex 
stainless  steel  with  the  actual  composition  is  not  possible  since  these  data  are  not  available. 

Microstructural  examination  was  conducted  to  gain  information  about  the  changes  occurring 
during  superplastic  deformation.  The  as-received  coarse  8-7  microstructure,  with  island-like 
austenitic  grains  in  a  more  or  less  continuous  matrix  of  ferrite,  recrystallizes  during  heating  at 
temperatures  ranging  from  850  to  1100°C.  The  new  microstructure  consist  of  fine  ferritic  grains 
and  fine  austenitic  grains  of  10  to  15  pm  clustered  in  colonies.  For  temperatures  below  950°C  these 
colonies  are  surrounded  by  a  laminar  microstructure  as  shown  in  Fig.  2a  for  the  head  (grip  section 
where  deformation  did  not  occur)  of  a  sample  tested  at  900°C.  This  lamellar  structure  is  constituted 
by  particles  of  a  phase,  not  dissolved  by  the  etching  used,  new  austenite  grains  and  some  amount  of 
delta  ferrite  grains,  as  confirmed  by  X-ray  diffraction.  On  the  other  hand,  for  temperatures  above 
1000°C  a  binary  microduplex  microstructure  is  obtained  consisting  of  austenite  and  dark  etched 
ferrite  grains  as  shown  in  Fig  2(b)  for  the  head  of  a  sample  tested  at  1050°C. 

The  grouped  colonies  of  austenitic  grains  shown  in  Fig.  2a  and  b  decrease  in  size  after 
deformation  as  shown  in  Figs.  3a  and  b  for  the  gauge  length  of  samples  deformed  to  failure  at  900 
and  1050°C  respectively.  During  deformation  at  900°C,  the  lamellar  structure  present  at  the 
beginning  of  the  test  evolves  to  a  spherodized  structure.  On  the  other  hand,  the  grains  of  both 
phases  of  the  sample  tested  at  1050°C  are  intermixed  making  it  difficult  their  identification.  This 
grain  rearrangement  during  deformation  is  associated  with  the  mechanism  of  grain  boundary 
sliding. 

The  texture  analysis  by  means  of  ODF  showed  that  the  rolling  texture  components  were 
distributed  mainly  along  three  fibers:  0-fiber  (ND||<100>),  a-fiber  (RD||<110>),  £-fiber 
(ND||<1 10>),  where  RD  is  the  rolling  direction  and  ND  is  the  direction  parallel  to  the  sheet  normal 
[16].  The  volume  fraction  of  crystallites  belonging  to  each  fiber  was  calculated  from  the  ODF  and 
is  presented  in  Table  I  for  a  testing  temperatures  of  1050°C.  The  overlapping  of  the  diffraction 
peaks  of  a  with  those  of  a  and  y  hinders  the  study  at  testing  temperatures  below  950°C.  This  table 
also  includes,  as  reference,  the  values  resulting  of  the  integration  of  the  ODF  for  a  random  oriented 
material  between  the  same  limits  used  for  these  calculations.  The  recrystallization  occurring  during 
the  heating  period  before  testing  causes  a  decrease  in  the  volume  fraction  of  crystallites  belonging 
to  mean  fibers  and  an  increase  in  the  minor  components  of  both,  ferrite  and  austenite.  Therefore,  a 
similar  texture  is  reached  in  both  phases  after  annealing  at  1050°C.  Furthermore,  only  minor 
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changes  in  the  texture  of  both  phases  occurs  in  the  sample  which  was  deformed  290%.  These 
changes  consisted  mainly  in  a  slight  decrease  in  the  volume  fraction  of  the  components  of  each 
fiber,  of  1  to  2  %  for  the  austenite  and  1  to  4%  for  the  ferrite.  However,  a  weak  texture  is  still 
present  after  such  a  high  elongation  as  can  be  inferred  by  comparison  of  the  actual  values  with  those 
for  a  random  oriented  sample.  The  presence  of  this  texture  points  out  toward  the  contribution  to 
deformation  of  a  slip  creep  mechanism. 


Conclusions 

1.  High  n  values,  of  about  5,  at  all  temperatures  at  strain  rates  above  10‘3  s'1  were  observed.  At 
low  strain  rates,  n  values  from  2  to  3  at  all  testing  temperatures  were  observed.  A  change  in  the 
behavior  of  the  steel  is  observed  at  about  950°C  which  is  attributed  to  the  presence  of  the  a  phase. 

2.  At  high  strain  rates  the  dominant  deformation  mechanism  is  slip  creep  changing  to  grain 
boundary  sliding,  GBS,  at  strain  rates  below  10'3  s'1. 

3.  The  annealed  material  above  1000°C  has  a  fine  microduplex  microstructure  consisting  of 
austenite  and  ferrite  grains.  After  deformation  in  the  superplastic  regime  the  grains  of  both  phases 
are  intermixed  as  a  consequence  of  the  grain  rearrangement  associated  to  the  mechanism  of  GBS. 

4.  Texture  analysis  by  means  of  the  orientation  distribution  function  showed  similar  texture 
components  for  the  austenite  and  the  ferrite  after  annealing  at  1050°C.  The  evolution  of  these 
components  with  deformation  at  this  temperature  confirmed  the  importance  of  GBS  as  the  dominant 
deformation  mechanism. 
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TABLE  II  Volume  fraction  of  crystallites,  calculated  from  ODFs,  belonging  to  the  0-fiber,  a-fiber, 
and  C-fiber  in  the  as-received  material  and  after  testing  at  1050°C. 


0-fiber 

a-fiber 

C-fiber 

Ferrite 

As  received 

35% 

25% 

12% 

Sample's  head 

20% 

19% 

17% 

Deformed  at  10*4  s'1 

16% 

17% 

16% 

Austenite 

As  received 

11% 

15% 

24% 

Sample's  head 

17% 

19% 

16% 

Deformed  atlO"4  s’1 

15% 

20% 

14% 

Random  oriented 

11% 

15% 

12% 

Fig.  1.  Logarithm  strain-rate  vs.  logarithm  Young‘s  modulus-compensated  flow  stress  at  various 
temperatures. 
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Contribution  of  Tungsten  to  Microstructure  Stabilization  and 
Improvement  of  Creep  Resistance  in  Simple  9Cr-W  Steels 
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Abstract 

The  microstructural  evolution  during  creep  and  its  effect  on  creep  rate  have  been  investigated 
for  tempered  martensitic  9Cr-0.1C-(0,  1,  2,  4)W  steels.  Creep  tests  were  carried  out  at  550(823), 
600(873)  and  650  °C  (923  K)  for  up  to  15000  h  after  tempering  treatments.  During  creep,  the 
microstructural  evolution  such  as  the  recovery  of  excess  dislocations,  the  coarsening  of  M23C6 
carbides  and  laths  occurs  with  an  aid  of  creep  stress  and  strain.  In  the  high-W  steels  containing  2 
and  4%  W,  Fe2W  Laves  phase  precipitates  preferentially  at  prior  austenite  grain  boundaries  and  lath 
boundaries  during  creep.  The  coarsening  rate  of  Fe2W  is  much  larger  than  that  of  M23C6.  The 
fine  precipitation  of  Fe2W  contributes  to  a  decrease  in  creep  rate  in  the  transient  creep  region  but  the 
subsequent  coarsening  of  Fe2W  promotes  an  increase  in  creep  rate  in  the  acceleration  creep  region, 
resulting  in  only  a  small  effect  of  Fe2W  on  the  improvement  of  creep  rupture  life.  It  is  concluded 
that  W  contributes  to  the  improvement  of  creep  rupture  strength  of  9Cr  steels  substantially  through 
stabilizing  M23C6  carbides  and  hence  stabilizing  laths. 

1  Introduction 

Tempered  martensitic  9  -  12  Cr  steels  strengthened  by  W  have  become  of  much  interest  as 
advanced  heat  resistant  steels  with  sufficient  creep  rupture  strength  in  application  to  boiler  and 
turbine  of  ultra- supercritical  electric  power  plants  at  temperatures  higher  than  600  °C  (873  K)  [1]. 
These  steels  are  alloyed  with  many  elements,  such  as  C,  Cr,  W,  Mo,  V,  Nb,  N,  B,  etc.,  for  the 
improvement  of  creep  rupture  strength  but  the  main  alloying  constituents  are  C-Cr-W.  There  are 
very  important  differences  in  the  creep  deformation  behavior  of  various  classes  of  materials;  solid 
solution  alloys,  particle-hardened  alloys  and  so  on  [2].  This  implies  that  different  representation  of 
creep  and  creep  rate  curves  can  be  applied  to  different  classes  of  materials,  depending  on  specific 
mechanisms.  The  purpose  of  the  present  research  is  to  investigate  the  effect  of  microstructural 
evolution  during  creep  on  creep  rate  for  tempered  martensitic  9Cr  steels  containing  W. 

2  Experimental  Procedure 

Four  simple  9Cr-(0,  1,  2,  4)W-0.1C  steels  were  used.  The  chemical  compositions  of  the 
steels  are  given  in  Table  1.  Only  the  concentration  of  W  was  varied  from  0  to  4  wt%  in  the  steels. 
The  steel  rods  were  austenitized,  quenched  and  then  tempered  [3-5],  The  steels  except  for  the 
9Cr-4W  steel  were  100%  tempered  martensite,  while  the  9Cr-4W  steel  contained  10  volume  %  6  - 
ferrite.  The  tempered  martensitic  microstructure  consisted  of  laths  that  contained  a  high  density  of 
dislocations  and  fine  carbides  of  about  0.07  ii  m.  The  major  component  of  carbides  in  as  tempered 
condition  was  M23C6  in  each  steel.  Creep  tests  were  carried  out  at  550  (823),  600  (873)  and  650  °C 
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(923  K)  for  up  to  about  15000  h,  using  specimens  of  6  mm  in  gage  diameter  and  30  mm  in  gage 
length. 


Table  1  Chemical  compositions  of  steels  examined  (wt%) 


C 

Si 

P 

s 

0 

N 

9Cr 

0.104 

8.96 

- 

0.49 

0.30 

KivtTt  n 

0.003 

0.009 

0.001 

9Cr-lW 

0.101 

9.01 

0.99 

0.48 

0.29 

0.004 

0.011 

0.002 

9Cr-2W 

0.100 

8.92 

1.92 

0.48 

0.28 

0.003 

0.012 

0.002 

9Cr-4W 

0.101 

9.09 

3.93 

0.50 

0.29 

Sa 

0.002 

0.006 

0.002 

3  Experimental  Results  and  Discussion 

3.1  Creep  behavior  and  microstructural  evolution  during  creep 

Figure  1  shows  the  log-log  plots  of  the  creep  rate-time  and  creep  rate-strain  curves  for  the 
9Cr-lW,  9Cr-2W  and  9Cr-4W  steels  at  600  °C  and  137  MPa.  The  creep  curves  consist  of  the 
primary  or  transient  creep  region,  where  the  creep  rate  decreases  with  time,  and  of  the  tertiary  or 
acceleration  creep  region,  where  the  creep  rate  increases  with  time  after  reaching  a  minimum  creep 
rate.  In  the  initial  stage  of  creep,  the  creep  rates  are  not  largely  different  among  the  steels.  In  the 
high-W  steels,  such  as  the  9Cr-2W  and  9Cr-4W  steels,  the  decrease  in  creep  rate  with  time  becomes 
more  significant  at  long  times  above  about  10  h  in  the  transient  creep  region,  deviating  from  the 
extrapolated  lines  from  the  short-time  conditions  shown  by  the  dotted  lines.  This  causes  the 
longer  duration  of  transient  creep  and  the  retardation  of  the  beginning  of  acceleration  creep, 
resulting  in  lower  minimum  creep  rate.  The  significant  decrease  of  creep  rate  in  the  transient 
creep  region  in  the  9Cr-2W  and  9Cr-4W  steels  is  also  evident  from  the  creep  rate-strain  curves. 


Time  (h)  True  strain  (%) 

Fig.  1  (a)  Creep  rate-time  and  (b)  creep  rate-strain  curves  in  log-log  plots  for 

the  9Cr-lW,  9Cr-2W  and  9Cr-4W  steels  at  600  °C  and  137  MPa. 


During  creep,  the  recovery  of  excess  dislocations,  the  agglomeration  of  carbides  and  the 
coarsening  of  martensite  laths  occurred  [3-4].  The  precipitation  of  Fe2W  Laves  phase  also 
occurred  during  creep  in  the  high-W  steels,  the  9Cr-2W  and  9Cr-4W,  but  not  in  the  low-W  steels, 
the  9Cr  and  9Cr-lW.  The  significant  decrease  in  creep  rate  at  long  times  above  about  10  h  in  the 
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9Cr-2W  and  9Cr-4W  steels  (Fig.  1)  is  caused  by  the  fine  precipitation  of  Fe2W.  This  suggests  that 
the  precipitation  strengthening  by  fine  Fe2W  is  much  larger  than  the  solid  solution  strengthening  by 
the  dissolution  of  W  in  the  matrix.  In  austenitic  steels,  the  creep  rate  decreases  significantly  in  the 
transient  creep  region  by  the  precipitation  of  M23C6  during  creep  after  solution  annealing  and  the 
Johnson-Mehl  equation  with  the  time  exponent  n  =  2/3  provides  a  reasonable  approximation  for  the 
kinetics  of  precipitation  [6].  The  Vickers  hardness  of  the  present  9Cr-W  steels  decreases 
substantially  in  the  transient  creep  region  before  reaching  a  minimum  creep  rate,  indicating  that 
excess  dislocations  present  after  tempering  decreases  substantially  in  the  transient  creep  region  [3], 
On  the  other  hand,  the  coarsening  of  laths  occurs  mainly  in  the  acceleration  creep  region  after 
reaching  a  minimum  creep  rate.  The  present  results  suggest  that  the  transient  creep  is  a 
consequence  of  the  movement  and  annihilation  of  excess  dislocations  and  that  the  acceleration 
creep  is  a  consequence  of  gradual  loss  of  creep  strength  due  to  the  microstructural  evolution,  such 
as  the  agglomeration  of  carbides  and  the  coarsening  of  laths. 

3.2  Effect  of  fine  precipitation  and  subsequent  coarsening  of  Fe^  on  creep  rate 

Figures  2  and  3  show  the  semi-log  plots  of  the  creep  rate-strain  curves  for  the  9Cr  and  9Cr- 
4W  steels,  respectively.  In  the  9Cr  steel  (Fig. 2),  the  creep  rate  increases  linearly  with  strain  for  a 
wide  range  of  strain  in  the  acceleration  creep  region  after  reaching  a  minimum  creep  rate  at  about 
3%  strain,  except  for  the  high-temperature  and  low  stress  condition  (650  °C  and  20  MPa)  at  which 
the  strain  to  minimum  creep  rate  shifts  to  a  lower  value  of  2%  and  the  creep  rate  rapidly  increases 
just  after  reaching  a  minimum  creep  rate.  The  linear  acceleration  of  creep  rate  with  strain  has  been 
reported  for  several  Cr-Mo  steels  [7-9].  The  shape  of  the  creep  rate-strain  curves  of  the  9Cr-2W 
and  9Cr-4W  steels,  where  the  precipitation  of  Fe2W  Laves  phase  extensively  occurs  during  creep,  is 
quite  different  from  that  of  the  9Cr  and  9Cr-lW  steels,  where  no  precipitation  of  Fe2W  occurs.  In 
the  9Cr-4W  steel  at  550  °C  (Fig.3),  the  strain  to  minimum  creep  rate  shifts  to  higher  values  and  the 
shape  of  the  creep  rate-strain  curves  changes  from  a  sharp  V-shape  to  a  round  U-shape  with 
decreasing  stress  and  hence  increasing  test  duration.  This  is  also  observed  at  short  times  at  600  °C; 
in  the  stress  range  from  186  to  167  MPa.  However,  further  decrease  in  stress  at  600  °C  shifts  again 
the  strain  to  minimum  creep  rate  to  lower  values  and  changes  again  the  shape  of  the  creep  rate- 
strain  curves  to  a  sharp  V-shape.  At  650  °C,  the  round  U-shaped  curve  with  a  minimum  creep  rate 
at  a  large  strain,  which  is  observed  at  the  lowest  stress  and  longest  test  duration  at  550  °C,  is  seen 
only  at  the  highest  stress  of  137  MPa  and  the  shortest  test  duration.  Below  137  MPa,  the  strain  to 
minimum  creep  rate  shifts  to  lower  values  and  the  shape  of  the  creep  rate-strain  curves  changes  to  a 
V-shape.  With  decreasing  stress,  the  d In  side  in  the  acceleration  creep  region  after  reaching  a 


0  20  40  0  20  40 

True  strain  (%)  True  strain  (%) 


0  20  40 

True  strain  (%) 


Fig.2  Creep  rate-strain  curves  of  the  9Cr  steel  without  W  at  550,  600  and  650  °C. 


398 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


! 

9Cr-4W 

— 

- - 

>  600  °C 

C 

{Lee  0*C  ° 

O 

.  * 

°  AH 

■ 

aa<>. 

”■ . 

*  . 1 

r 

Wr 

0  186  MPa,  124  h 

A  167  MPa,  488  h 

O  147  MPa,  1964  h 
■  137  MPa,  3937  h 

: _ i _ 

_ 

o 


10" 


10 


15 


20 


>qo  o 


i - 

a 

0 

0 

i  o 

3  ▲ 

. A . 1 

o  : 

>  . 

ft**’: 

I  o  137  MPa,  60  h 
A  118  MPa,  296  h 
O  98  MPa,  1035  h 
■  78  MPa,  2301  h 
A  59  MPa,  6754  h 


15 


True  strain  (%)  True  strain  (%)  True  strain  (%) 

Fig.3  Creep  rate-strain  curves  of  the  9Cr-4W  steel  at  550,  600  and  650  °C. 


minimum  creep  rate  at  first  increases  but  then  decreases  again. 

The  coarsening  rate  of  the  Fe2W  Laves  phase  is  much  larger  than  that  of  M23C6  and  the 
density  of  Fe2W  is  much  lower  than  that  of  M23C6,  suggesting  that  the  M23C6  carbides  are  more 
effective  obstacles  for  stabilizing  the  lath  martensitic  microstructure  than  the  Fe2W.  The  TEM 
observations  show  sparse  distributions  of  coarsened  precipitates  of  the  Fe2W  Laves  phase  mainly  at 
prior  austenite  grain  boundaries  as  shown  in  Fig. 4.  The  precipitation  of  Fe2W  has  been  reported 
for  high-Cr  steels  containing  W  by  several  researchers  [10-12], 


Fig. 4  Microstructure  of  the  9Cr-4W  steel;  (a)  after  tempering,  (b)  after  creep  ruptured  at  600  °C, 
147  MPa,  1964  h  and  (c)  after  creep  ruptured  at  600  °C,  137  MPa,  3937  h. 

When  the  agglomeration  or  the  coarsening  rate  of  the  Fe2W  is  large  after  completing  the 
precipitation  of  fine  Fe^,  the  creep  rate  increases  due  to  loss  of  precipitation  strengthening,  as 
shown  by  the  line  B  in  Fig.  5.  The  effect  of  fine  precipitation  and  subsequent  coarsening  on  creep 
rate  shown  in  Fig.5  is  superimposed  in  the  creep  rate-strain  curves  in  Fig.6.  With  decreasing  stress 
and  hence  with  increasing  test  duration,  the  strain  to  minimum  creep  rate  shifts  at  first  to  higher 
values  and  then  to  lower  values  (Fig.3).  The  round  U-shape  creep  rate-strain  curves  appears  at 
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high  stress  and  short  time  conditions  at  which  the  significant  decrease  in  creep  rate  by  the  fine  Fe^ 
occurs  in  the  acceleration  creep  region  under  no  precipitation  of  Fe2W  (the  dotted  line),  as  shown  by 
the  line  ,4  in  Fig.  6.  Both  the  effect  of  fine  precipitation  on  the  decrease  in  minimum  creep  rate  and 
the  effect  of  subsequent  coarsening  on  the  acceleration  of  creep  rate  are  maximized  when  the 
maximum  decrease  in  creep  rate  by  fine  Fe2W  appears  at  a  minimum  creep  rate  under  no 
precipitation  of  Fe2W,  as  shown  by  the  line  B.  These  two  effects  become  reduced  at  further  low 
stresses  where  the  maximum  decrease  in  creep  rate  by  the  fine  Fe2W  appears  in  the  transient  creep 
region  under  no  precipitation  of  Fe2W,  as  shown  by  the  line  C. 

H— 

O 
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0 
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0 

0 
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Fig.5  Effects  of  precipitation  and  subsequent  Fig. 6  Effects  of  Fe2W  on  creep  rate-strain 
coarsening  of  Fe2W  on  creep  rate.  curves. 

3.3  Effect  of  Fe2W  precipitation  on  stress  dependence  of  minimum  creep  rate 

In  the  9Cr  and  9Cr-lW  steels,  the  stress  dependence  of  minimum  creep  rate  s  min  is 
approximately  described  by  a  power  law  of 

8  min  —  A  <7  ( 1 ) 

< 

The  value  of  the  stress  exponent  n  is  evaluated  to  be  about  5  and  7  for  the  9Cr  and  9Cr-lW  steels, 
respectively,  at  550,  600  and  650  °C.  On  the  other  hand,  the  minimum  creep  rate  could  not  be 
approximated  by  the  power  law  with  a  same  value  of  n  for  the  9Cr-2W  and  9Cr-4W  steels,  as 
shown  in  Fig. 7  for  the  9Cr-4W  steel.  In  the  9Cr-4W  steel,  the  minimum  creep  rate  is  described  by 
Eq.l  with  n  =  13  at  550  °C.  The  n  is  larger  at  600  °C  (n  =  15)  than  at  550  °C.  At  650  °C,  however, 
the  n  again  exhibits  a  small  value  and  decreases  with  decreasing  stress.  The  change  in  n  with 
temperature  in  the  9Cr-2W  and  9Cr-4W  steels  is  also  caused  by  the  effect  of  Fe2W  precipitation  on 
creep  rate,  as  shown  in  Fig.  8.  At  low  temperature  550  °C,  the  precipitation  rate  of  Fe2W  is  low 
and  hence  the  decrease  in  creep  rate  by  the  precipitation  of  Fe2W  is  small  in  the  transient  creep 
region.  With  increasing  temperature,  the  precipitation  rate  increases  and  hence  the  decrease  in 
creep  rate  by  the  precipitation  of  fine  Fe2W  is  larger  at  600  °C  than  at  550  °C,  causing  apparently 
larger  n  at  600  °C  than  at  550  °C.  Further  increase  in  temperature  to  650  °C  results  in  the  large 
coarsening  rate  of  Fe2W  and  the  decrease  in  creep  rate  by  the  precipitation  of  Fe^  becomes  less 
pronounced  with  decreasing  stress  and  increasing  test  duration,  as  described  in  the  previous  section. 
This  results  in  the  decrease  in  n  with  decreasing  stress  in  the  stress  range  examined. 
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Fig.  7  Stress  dependence  of  minimum  creep 
rate  for  the  9Cr-4W  steel. 


Effect  of  Fe2W  precipitation  on  the 
decrease  in  minimum  creep  rate. 


Fig.  8 

3.4  Effect  of  Fe^  precipitation  on  the  acceleration  of  creep  rate 


The  increase  in  creep  rate  with  strain,  dXns/ds ,  in  the  acceleration  creep  region  just  after 
reaching  a  minimum  creep  rate  was  evaluated  and  is  shown  in  Fig.  9  as  a  function  of  time  to  rupture 
for  the  9Cr  and  9Cr-4W  steels.  In  the  9Cr  steel,  the  dXns/ds  is  evaluated  to  be  12  -  15 
independent  of  stress  and  temperature,  except  for  the  high-temperature  and  low  stress  condition 
(650  C  and  20  MPa)  at  which  dXnsfds  —  19.  In  the  9Cr-lW,  the  dXns/ds  was  evaluated  to 
be  20  -  27  for  a  wide  stress  range  at  550,  600  and  650  °C.  Assuming  exponential  function  of  strain, 
the  creep  rate  is  described  by  [7] 


s  -  s o exp(  ns)  exp(  m s )  exp(  ds ) 
dXns/ds  —  n  +  m  +  d 


(2) 

(3) 


Fig-9  Acceleration  of  creep  rate  by  strain,  dXn  side ,  in  the  acceleration  creep  region 

for  the  9Cr  and  9Cr-4W  steels. 
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where  k0  is  the  initial  creep  rate,  n  the  stress  exponent  in  Eq.l,  m  the  microstructure  degradation 
and  d  the  other  parameter  associated  with  damage  such  creep  voids.  Because  the  microstructure 
observations  gave  no  evidence  of  any  formation  of  creep  voids  showing  the  development  of  creep 
damage,  the  parameter  d  in  Eqs.  2  and  3  is  neglected  and  the  acceleration  of  creep  rate  results  from 
the  parameters  n  and  m.  The  ti  and  the  m  correspond  to  the  acceleration  of  creep  rate  by  the 
increase  in  stress  due  to  a  decrease  in  cross  section  with  strain  at  constant  load  test  and  by  strength 
loss  due  to  microstructural  evolution,  respectively.  The  value  of  n  was  evaluated  to  be  about  5  and 
7  for  the  9Cr  and  9Cr-lW  steels,  respectively,  from  the  stress  dependence  of  minimum  creep  rate. 
Therefore,  we  obtain  m  =  1  -  10  and  13  -  20  for  the  9Cr  and  9Cr-lW  steels,  respectively.  Then,  a 
greater  part  of  the  acceleration  of  creep  rate  in  the  acceleration  creep  region  comes  from  the 
microstructural  evolution. 

In  the  9Cr-2W  and  9Cr-4W  steels,  the  coarsening  of  Fe2W  also  contributes  to  the  acceleration 
parameter  m.  This  results  in  larger  dlnkids  for  the  9Cr-2W  and  9Cr-4W  steels  than  for  the  9Cr 
and  9Cr-l  W  steels.  In  the  9Cr-4W  steel,  the  dXnkids  is  evaluated  to  be  about  20  or  less  at  short 
times  less  than  100  h  and  it  increases  with  increasing  test  duration  and  then  decreases  after  reaching 
the  maximum.  The  increase  in  din  kids  with  test  duration  shifts  to  shorter  times  with  increasing 
temperature,  reflecting  the  temperature  dependence  of  coarsening  rate  of  Fe2W. 

3.5  Effect  ofFe2W  precipitation  on  the  improvement  of  creep  rupture  time 

The  time  to  rupture  was  found  to  depend  on  the  acceleration  of  creep  rate  dXnkids  in  the 
acceleration  creep  region  as  well  as  the  minimum  creep  rate  k  min  and  is  described  by 

tr  =  1.5/(£min  •  dXnkids).  (4) 


The  same  relationship  was  also 
observed  in  austenitic  steels  [13]. 
Figure  10  shows  the  effect  of  Fe2W 
precipitation  on  the  decrease  in 
minimum  creep  rate,  k  min  /( k  min  )0, 
and  on  the  increase  in  acceleration  of 
creep  rate,  (din  k/ds)/  (d In  kids  )0, 
for  the  9Cr-2W  and  9Cr-4W  steels  at 
600  °C,  where  ( k  min  )o  and 

(dXnkfds)0  are  the  minimum  creep 
rate  and  the  acceleration  of  creep  rate 
under  the  condition  of  no 
precipitation  of  Fe2W.  The 
precipitation  of  Fe2W  effectively 
decreases  the  minimum  creep  rate 
due  to  fine  precipitation  in  the 
transient  creep  region  but  the  large 
coarsening  rate  of  the  Fe2W  also 
promotes  the  acceleration  of  creep 
rate  in  the  acceleration  creep  region. 
As  a  result,  the  effect  of  the 
precipitation  of  Fe2W  on  the 
extension  of  time  to  rupture,  tr/tr0,  is 
rather  small  less  than  factor  2  at  600 
°C  at  which  the  decrease  in  minimum 


Time  to  rupture  ( h ) 

Fig.  1 0  Effect  of  Fe2W  precipitation  on  the 
decrease  in  k  min  and  the  increase  in  din  kids 
and  tr  for  the  9Cr-2W  and  9Cr-4W  steel  at  600  °C. 
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creep  rate  by  the  precipitation  of  Fe2W  was  more  pronounced  than  at  550  and  650  °C. 

The  increase  in  time  to  rupture  with  increasing  W  concentration  is  closely  correlated  with  the 
less  pronounced  microstructural  evolution  during  creep  with  increasing  W  concentration.  The 
coarsening  rate  of  laths  decreases  with  increasing  W  concentration  of  the  steels,  which  is  correlated 
with  the  reduced  coarsening  rate  of  M23C6  carbides.  The  rate  of  Ostwald  ripening  of  M23C6 
carbides  was  described  by  a  combination  of  the  rate  equations  for  volume  diffusion  and  boundary 
diffusion  controlled  processes  [14]. 

4  Summary 

(1)  The  precipitation  of  Fe2W  Laves  phase  occurs  at  prior  austenite  grain  boundaries  and  lath 
boundaries  in  the  high-W  steels,  the  9Cr-2W  and  9Cr-4W,  during  creep  but  not  in  the  low-W 
steels,  the  9Cr  and  9Cr-lW.  The  coarsening  rate  of  Fe2W  is  much  larger  than  that  of  M23C6. 

(2)  In  the  transient  creep  region,  the  decrease  in  creep  rate  with  time  is  significant  in  the  9Cr-2W 
and  9Cr-4W  steels,  resulting  from  the  precipitation  strengthening  by  fine  Fe2W.  In  the 
acceleration  creep  region,  the  creep  rate  increases  linearly  with  strain  for  a  wide  range  of  strain. 
The  coarsening  of  Fe2W  increases  the  d\n  si ds  in  the  acceleration  creep  region. 

(3)  The  time  to  rupture  is  inversely  proportional  to  the  product  of  s  min  by  d\n  elds .  The  fine 
precipitation  of  Fe2W  effectively  decreases  the  s  min  but  the  subsequent  coarsening  of  Fe2W 
increases  the  dXnsIdsm  the  acceleration  creep  region.  As  a  result,  the  effect  of  the 
precipitation  of  Fe2W  on  the  extension  of  time  to  rupture  is  rather  small  less  than  factor  2. 

(4)  The  increase  in  time  to  rupture  with  increasing  W  concentration  is  correlated  with  the  less 
pronounced  microstructural  evolution  during  creep  with  increasing  W  concentration.  The 
coarsening  rate  of  laths  decreases  with  increasing  W  concentration  of  the  steels,  which  is 
correlated  with  the  coarsening  rate  of  M23C6  carbides. 
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ABSTRACT  Under  certain  service  conditions  for  some  creep  resistant  metallic  materials,  creep  at 
ambient  temperature  rather  than  high  temperature  is  of  concern.  The  room-temperature  creep 
behavior  of  a  high  strength  steel  has  been  investigated  for  five  heat  treatment  schedules.  The 
primary  creep  behavior  obeyed  a  logarithmic  creep  law  and  the  creep  mechanism  was  identified  as 
pure  dislocation  creep.  It  is  demonstrated  that  for  steels  of  similar  yield  strength  and  the  hardness 
after  heat  treatment,  the  creep  strain  was  significantly  lower  in  a  steel  quenched  at  210°C  in  molten 
salt  for  600  minutes  and  then  tempered.  The  decrease  in  creep  strain  is  mainly  attributed  to  the 
absence  of  ferrite,  the  refined  precipitate  distribution,  together  with  the  structural  uniformity  of  the 
tempered  martensite.  The  possible  influence  of  dislocations  on  the  creep  strain  is  discussed. 

1.  INTRODUCTION 

The  elevated-temperature  creep  deformation  of  engineering  materials  has  been  extensively  studied 
for  many  years  [1-4].  Unlike  the  high  temperature  case,  however,  low  temperature  creep,  especially 
at  room  temperature  (below  0.2  Tm  ),  is  not  perceived  to  be  a  significant  technical  problem. 
However,  a  large  number  of  alloys  have  been  shown  to  exhibit  appreciable  amounts  of  creep  at 
ambient  temperatures  including  titanium  [5,6],  aluminum  [7]  and  stainless  steel  [8].  Comprehensive 
mechanismtic  studies  of  the  time  dependent  deformation  of  high  strength  steels  at  room  temperature 
and  at  stresses  below  the  yield  strength,  however,  are  very  limited  in  number. 

It  is  well  known  that  room  temperature  creep  is  strongly  dependent  on  the  strength  and  hardness  of 
the  alloy  and  the  applied  stress  level  below  the  yield  strength  [9,10].  Creep  deformation  of  an  alloy 
is  unlikely  to  occur  in  case  of  a  high  strength  material  at  low  loads.  Significant,  and  desirable, 
changes  in  creep  properties  have  often  been  achieved  by  different  heat  treatments.  However,  further 
work  on  the  room  temperature  creep  behavior  for  steels  of  the  similar  strength  and  hardness  after 
heat  treatment  is  needed  to  determine  the  creep  rate  controlling  parameters.  The  purpose  of  this 
paper  is  to  present  the  results  of  room-temperature  creep  tests  performed  on  a  high  strength  steel  and 
to  outline  the  possible  influence  of  different  heat  treatments  on  the  creep  deformation  behaviour. 

2.  EXPERIMENTAL  PROCEDURES 

The  SAE  4340  steel  in  this  study  was  a  commercial  alloy  which  has  wide  industrial  applications. 
The  chemical  composition  is  given  in  Table  1 . 

Samples,  100mm  in  diameter,  were  forged,  annealed  and  cut  into  10mm  diameter  rods  for  tensile 
testing  or  1.2mmx3.0mmx25mm  specimens  for  room  temperature  creep  testing.  The  samples  were 
in  the  rough  machined  condition  when  received  and  were  finish  machined  after  full  heat  treatment. 
The  5  heat  treatment  schedules  are  shown  schematically  in  Fig.l 
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Tablet.  Chemical  composition  of  high  strength  steel  (wt%) 

c _ Si _ Mn _ Cr  Ni  Mo  P  S 

°*41  0-33  0.62  0.78  1.42  0.22  0.15  0.15 


Fig.  1  Schematic  diagrams  showing  the  different  heat  treatment  schedules 

The  room  temperature  creep  testing  was  conducted  on  a  R-100  creep  testing  machine  equipped  with 
extensometer  (The  precision  of  this  extensometer  is  ±0.2pm).  The  experimental  test  temperature 
was  17°C,  with  a  variation  of  less  than  2°C.  In  the  tests,  the  steel  samples  were  first  subjected  to 
10%  of  the  total  load  for  5min,  then  to  100%  of  the  total  load  (1/3g0  2  of  the  steel)  for  15min.  This  is 
the  starting  point  for  the  strain  measurements.  The  microstructures  were  observed  by  both  optical 
microscopy  and  thin  foil  electron  microscopy  using  an  H800  TEM.  * 
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3.  RESULTS  AND  DISCUSSION 

The  room  temperature  mechanical  properties  after  the  5  heat  treatment  schedules  are  summarized  in 
Table  2.  Typical  creep  curves  for  the  different  heat  treatments  are  shown  in  Fig.2.  These  curves  are 
typical  of  low  temperature  creep  for  high  strength  steels,  where  the  creep  rate  is  initially  rapid  and 
then  gradually  decreases  with  the  time.  However,  it  is  be  noted  that  the  effect  of  heat  treatment  on 
the  room  temperature  creep  strains  is  significant  even  though  similar  yield  strengths  and  hardnesses 
are  obtained  after  the  different  treatments  (see  Table  2).  The  best  creep  resistance  at  room 
temperature  is  for  S5.The  creep  strains  for  SI  are  significantly  higher  than  for  the  other  four  heat 
treatment  schedules. 


Table  2  Mechanical  properties  of  steel  after  the  different  heat  treatments 


Sample  number 

SI 

S2 

S3 

S4 

S5 

Corresponding  process  in  Fig.l 

Schedule  1 

Schedule  2 

Schedule  3 

Schedule  4 

Schedule  5 

Yield  strength  (MPa) 

1270+17 

1260125 

129518 

1280110 

1250128 

Hardness  (HRC) 

51.0±0.5 

51.510.4 

51.010.6 

51.510.2 

51.510.2 

To  determine  the  rate-controlling  process  in  the  primary  creep  stage  of  these  samples,  the  slope  of 
the  creep  curve  was  determined  at  given  strains  for  the  first  90  min.  of  the  creep  test.  The  curves 
shown  in  Fig. 3  indicate  a  linear  relationship  between  the  natural  logarithm  of  the  creep  rate  and  the 
creep  strain.  The  room  temperature  creep  rate  e' ,  decreases  with  increasing  strain  s,  according  to: 

lne'=-As  +  B  (1) 

where  A-Dh.  D=V/kT,  V  is  the  activation  volume,.  Thus,  V  is  constant  for  a  given  material  and 
temperature,  k  is  the  Boltzmann’s  constant  and  h  is  the  working-hardening  coefficient  [11,12]. 

B  is  determined  by  the  applied  stress  and  the  D  value  [12]. 

Integration  of  equation  (1)  yields  an  equation  for  the  creep  strain,  e  ,  and  creep  time,  t,  as  follows: 

s  =  BA'1  +  A'1  ln(At+AC)  (2) 

where  C  is  the  integration  parameter  from  derivation.  Thus,  the  creep  strain  at  room  temperature  vs 
creep  time  relationship  obeys  a  logarithmic  law.  The  creep  rate  under  these  conditions  is  controlled 
by  intersection  of  glide  dislocation  with  the  dislocation  forest,  or  by  the  movement  of  jogs  [11] 
Therefore,  the  creep  mechanism  governing  the  time  dependent  deformation  at  low  temperatures  and 
relatively  low  stresses  is  pure  dislocation  creep  [13]. As  the  dislocations  move  along  their  glide 
planes,  they  overcome  local  obstacles  with  the  aid  of  thermal  fluctuations.  The  paramater  A  depends 
on  the  distance  between  pinning  points,  the  diameter  of  the  obstacle  and  the  Burger’s  vector 
according  to  Seeger’s  theory  [12,14].  For  a  given  material  and  temperature  at  a  constant  stress,  a  In 
s'  vs  8  plot  is  linear  with  a  slope  of  A.  The  higher  creep  deformation  in  SI  is  is  considered  to  be  due 
to  an  increased  mobility  of  the  glide  dislocations  compared  to  that  for  the  other  heat  treatment 
schedules. 
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Fig.  2  Room  temperature  creep  curves  for  different  heat  treatment  schedules  and  an  applied  stress 
of  420MPa 

At  low  temperatures,  where  no  recovery  occurs,  the  creep  rate  is  controlled  by  dislocation  motion 
and  its  interaction  with  the  microstructure  [15-16].  The  microstructures  corresponding  to  the 
different  heat  treatment  schedules  are  given  in  Table  3.  When  the  creep  stress  is  below  the  yield 
strength,  dislocations  with  the  lowest  activation  energy  are  likely  to  move  a  certain  distance  upon 
the  initial  loading  and  they  then  become  immobilized  by  the  interaction  with  other  dislocations,  or 
with  obstacles  such  as  grain  boundaries  or  precipitates.  Creep  can  only  then  be  continued  by  the 
movement  of  dislocations  of  higher  activation  energy.  We  will  now  examine  the  effects  of  the 
different  heat  treatments  on  the  creep  behaviour  of  this  high  strength  steel.  Each  heat  treatment 
schedule  produced  a  different  microstructure.  Both  SI  and  S2  consist  of  ferrite  with  a  low  yield 
strength  and  tempered  martensite,  which  has  a  high  strength.  Any  microstructure  consisting  of  two 
phases  with  large  differences  in  deformability  would  promote  dislocation  slip  localization  which,  in 
itself,  gives  rise  to  enhanced  creep  [17].  Therefore,  the  creep  strains  for  SI  and  S2  are  higher  than 
for  the  other  three  heat  treatment  schedules.  Ferrite  causes  softening  during  the  primary  stage  of 
creep  and  increases  the  mobility  of  the  glide  dislocation.  However,  in  SI,  3%  lath  ferrite  is 
precipited  from  the  austenite  by  holding  at  680°C  for  3  min.  .during  the  quenching,  the  4%  massive 
and  undissolved  ferrite  in  S2  is  because  of  the  lower  austenitizing  temperature  of  780°C.  The 
slightly  higher  creep  strains  for  SI  than  for  S2  are  the  result  of  the  different  ferrite  morphologies. 
There  are  more  grain  boundaries  between  the  lath  ferrite  and  tempered  martensite  than  between  the 
massive  ferrite  and  the  tempered  martensite  to  cause  slip  dislocation  localization  or  inhomogeneous 
slip. 
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Creep  Strain,  x10‘4  mnVmm 


Fig.  3  Relationship  between  the  creep  rate  (log  scale)  and  creep  strain 

It  can  be  seen  from  Table  3  that  the  single  microstructure  (i.e., tempered  martensite)  for  S3  and  S4 
and  the  mixed  microstructure  (the  mixture  of  ferrite  and  tempered  martensite)  for  SI  and  S2  were 
obtained  after  different  heat  treatment  schedules.  Because  the  slip  homogeneity  is  more  likely  in  a 
single  phase  microstructure  than  otherwise  (such  as  the  mixed  microstructure),  and  the  “favorable” 
contribution  of  the  martensitic  structure  itself  [18],  the  creep  strains  of  S3  and  S4  were  lower  than 
that  of  SI  and  S2.  However,  the  creep  strains  measured  for  the  S4  were  lower  than  that  for  S3,  most 
likely  because  of  the  high  slip  homogeneity  due  to  the  more  homogenous  microstructure  obtained 
by  the  homogenizing  treatment  of  preheating  at  800°C  for  5  min  and  austenizing  at  a  higher 
temperature  (1200°C)  than  that  for  S3  (845°C).  The  attainment  of  a  more  homogenous 
microstructure  with  increasing  temperature  is  not  surprising  and  is  typically  observed,  since  the 
diffusion  of  carbon  and  alloying  elements  is  enhanced  at  higher  temperatures  and  eventually  a  more 
homogenous  composition  and  microstructure  is  formed.  S5  with  a  bainite  and  tempered  martensite 
microstructure,  has  the  lowest  creep  deformation.  Because  the  deformation  characteristics  of  the 
tempered  martensite  and  bainite  is  similar  [19]  by  the  treatment  at  200°C  below  the  Ms  for  600  min. 
(  see  schedule  5  in  Fig.  1  ),  the  slip  inhomogeneity  caused  by  the  mixture  of  ferrite  and  tempered 
martensite  can  be  avoided  in  this  dual-phase  microstructure.  Also,  the  fine  carbides  precipitated 
within  both  the  tempered  martensite  and  bainite,  can  act  as  obstacles  to  dislocation  slip  and  thus 
refine  the  slip  bands  through  refinement  of  the  substructure  of  a  matrix,  i.e.  a  similar  argument  to 
that  for  the  beneficial  effect  of  refining  the  grain  size  [17,20,21,22].  As  a  result,  S5  exhibits  the 
optimum  creep  resistance  at  room  temperature. 
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Table  3 

Microstructures  of  the  samples  after  the  5  different  heat  treatment  schedules 

Sample  number 

corresponding  process  in  Fig.l 

Microstructure 

SI 

Schedule  1 

4%  massive  ferrite  and  tempered  martensite 

S2 

Schedule  2 

3%  lath  ferrite  and  tempered  martensite 

S3 

Schedule  3 

tempered  martensite 

S4 

Schedule  4 

lath  tempered  martensite 

S5 

Schedule  5 

30%  bainite  and  tempered  martensite 

4.  CONCLUSIONS 


A  high  strength  steel  deformed  at  room  temperature  exhibited  significant  creep  at  stress  levels 
below  1/3  of  the  yield  strength.  The  transient  creep  in  the  high  strength  steel  obeys  a  logarithmic 
law,  and  dislocation  creep  is  identified  as  the  creep  mechanism.  This  room  temperature  creep 
behavior  has  been  related  to  the  heat  treatment  schedule.  Despite  similar  strengths  and  hardnesses 
after  each  heat  treatment  schedule,  the  lowest  creep  strains  are  obtained  in  a  steel  subjected  to  the 
following  heat  treatment:  lOmin.  at  845°C,  quenched  at  210°C  for  600  min.  in  a  molten  salt  and 
then  tempered  at  300°C  for  90  min.  This  creep  resistance  is  due  to  the  fine  carbides  in  both  the 
tempered  martensite  and  the  bainite,  and  the  absence  of  any  ferrite  which  can  lead  to  softening. 
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Abstract 

Microstructure  and  creep  deformation  behavior  were  investigated  in  martensitic  9%Cr-(0~4)%Cu 
steels,  and  the  strengthening  mechanism  by  Cu  was  discussed  in  terms  of  microstructural  change 
during  creep  deformation.  As -quenched  specimens  have  typical  lath-martensitic  structure.  Cu  addition 
gives  no  influence  on  the  morphology  of  martensite-laths,  but  austenite  grains  tend  to  be  refined  with 
increasing  the  Cu  content.  As  a  result  of  creep  testing  for  the  quenched  specimens  with  a  same  grain 
size,  it  was  found  that  minimum  creep  rate  is  greatly  lowered  and  rupture  time  are  prolonged  with 
increasing  the  Cu  content.  TEM  observations  of  a  creep-deformed  9%Cr-4%Cu  steel  revealed  that 
dislocations  attractively  interact  with  e-Cu  particles  within  laths,  and  also  lath  boundaries  are  pinned 
by  the  e-Cu  particles.  Through  these  interactions  between  dislocations  or  lath  boundaries  and  e-Cu 
particles,  recovery  in  martensitic  structure  is  greatly  retarded,  and  dislocation  density  is  kept  higher 
during  creep  deformation.  But  once  the  pinning  force  by  e-Cu  particles  falls  below  the  applied  stress, 
the  recovery  rapidly  proceeds  and  the  strain  rate  is  accelerated. 

1.  Introduction 

Recently,  many  kinds  of  martensitic  heat  resistant  steels  have  been  developed  and  applied  to 
power  plants  in  order  to  improve  the  power  generating  efficiency,  because  these  steels  have  excellent 
strength  properties  and  small  thermal  expansion  coefficient.  In  general,  these  steels  are  strengthened 
by  the  addition  of  W  or  Mo  with  a  small  amount  of  carbon.  This  strengthening  is  mainly  due  to  the 
precipitation  of  carbide  particles  into  martensite  matrix.  Thus  strength  of  the  steels  are  improved  with 
increasing  the  amount  of  carbide.  However,  the  strengthening  by  carbide  is  limited,  because  carbon 
content  can  not  be  increased  more  than  about  0.2%  owing  to  the  reduction  of  ductility  which  causes 
quenching  crack.  On  the  other  hand,  Cu  addition  is  very  effective  for  strengthening  of  martensitic 
steels.  Cu  bearing  martensitic  steels  can  be  greatly  strengthened  by  aging  treatment  after  quenching 
through  precipitation  of  fine  e-Cu  particles  within  martensite  matrix  [1],  although  the  as-quenched 
martensite  is  not  so  hardened  but  possesses  enough  ductility  not  to  cause  quenching  crack.  In 
addition,  Ostwald  growth  of  e-Cu  particles  is  much  slower  than  that  of  carbides  such  as  M3C  and 
M23C6.  This  is  a  comfortable  physical  nature  for  high  temperature  use.  For  the  purpose  of 
strengthening  of  martensitic  heat  resistant  steels  by  Cu  addition,  in  this  study,  microstructure  and 
creep  properties  of  Cu  bearing  9Cr  steels  were  investigated,  and  the  effect  of  e-Cu  particles  on  creep 
strength  was  discussed  in  terms  of  microstructural  change  during  the  creep  deformation. 

2.  Experimental  procedure 

Fe-9mass%Cr  alloys  containing  (0  ~~  4)mass%Cu  were  used.  In  the  base  steel  (9Cr-0Cu), 
2mass%Ni  was  also  added,  because  the  hardenability  of  Cu  free  9Cr  steel  is  insufficient  and  full 
martensitic  structure  can  not  be  obtained  even  by  water-quenching  after  solution  treatment.  Chemical 
compositions  of  these  steels  are  listed  in  Table  1.  Ingots  of  1.5kg  were  produced  by  induction 
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melting  in  Ar  gas  atmosphere,  hot-rolled  at  1273K  for  18ks,  homogenized  at  1523K  for  18ks,  and 
then  subjected  to  solution  treatment  at  1273K  followed  by  water-quenching.  Since  austenite  grains  in 
Fe-Cr-Cu  steel  are  refined  with  increasing  of  Cu  content  [2],  the  different  solution  treatment  condition 
was  adopted  for  each  specimen  in  order  to  make  the  grain  size  of  all  specimens  equal;  1273K-3.6ks 
for  the  base  and  lCu  steels,  1273K-7.2ks  for  2Cu  steel  and  1423K-3.6ks  for  4Cu  steel. 
Microstructures  were  examined  with  optical  and  transmission  electron  microscopes.  Creep  tests  were 
carried  out  under  a  condition  of  873K-140MPa  for  cylindric  test  pieces  of  <t>3x  10  mm  gauge 
dimension. 

Table  1  Chemical  compositions  of  steels  used.  (mass%) 


Cr 

Cu 

Ni 

Si 

Mn 

P 

S 

C 

N 

Fe 

Base 

8.88 

2.01 

0.02 

0.15 

0.005 

0.014 

0.005 

0.0097 

bal. 

9Cr-1Cu 

8.93 

1.03 

0.02 

0.17 

0.006 

0.014 

0.006 

0.0090 

bal. 

9Cr-2Cu 

8.94 

2.08 

0.02 

0.16 

0.007 

0.013 

0.006 

0.0102 

bal. 

9Cr-4Cu 

8.99 

4.19 

0.02 

0.16 

0.008 

0.013 

0.006 

0.0118 

bal. 

3.  Results  and  discussion 

3.1  Creep  deformation  behavior  in  9Cr-Cu  steels 

Fig.  1  represents  optical  (a)  and  transmission  electron  (b)  micrographs  of  9Cr-4Cu  steel  which 
was  water-quenched  after  the  solution  treatment  of  1273K-3.6ks.  These  photographs  reveal  that 
microstructure  of  the  as-quenched  specimen  is  typical  lath  martensite,  and  the  lath  structure  is  just 
similar  to  that  in  other  commercial  martensitic  steels.  There  was  no  difference  in  morphology  of  lath 
structure  among  the  specimens  with  various  Cu  content,  but  as  already  mentioned,  prior-austenite 
grain  size  tended  to  be  refined  with  increasing  Cu  content.  Since  creep  properties  of  martensitic  steels 
are  influenced  by  the  prior-austenite  grain  size,  it  is  controlled  to  about  80pm  in  all  specimens  by  the 
different  solution  treatments.  Fig.  2  shows  the  creep  curves  in  these  specimens  with  various  Cu 
content  under  the  condition  of  873K-140MPa.  Creep  strength  is  improved  by  the  Cu  addition  and  the 
rupture  time  is  prolonged  with  increasing  the  Cu  content.  Fig.  3  shows  the  relation  between  the 
minimum  strain  rate  and  the  Cu  content  for  the  creep  tests.  The  minimum  strain  rate  is  markedly 
reduced  with  increasing  the  Cu  content,  and  the  value  in  4Cu  steel  is  smaller  than  that  in  the  base  steel 
by  about  4  orders. 


Fig.l  Optical  (a)  and  transmission  electron  (b)  micrographs  of  9Cr-4Cu  steel. 
Water-quenched  after  solution  treatment  of  1273-3. 6ks. 
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Cu  content.  Fig. 3  Relation  between  minimum  strain  rate 

and  Cu  content  in  9Cr  steels. 

3.2  Microstructural  change  during  creep  deformation 

Fig.  4  shows  the  change  in  hardness  of  the  specimens  during  creep  deformation.  The  martensitic 
9Cr  steels  are  strengthened  mainly  through  dislocation  hardening  and  precipitation  hardening  by  Cu 
particles,  so  the  hardness  generally  corresponds  to  the  dislocation  density  and  the  mean  free  path  of 
dispersed  Cu  particles.  In  all  specimens,  the  hardness  abruptly  drops  at  the  early  stage  of  creep 
deformation,  and  then  gradually  softens  after  5.0ks  of  the  creep  deformation.  With  increasing  the  Cu 
content,  however,  the  hardness  is  kept  higher,  and  the  softening  rate  also  becomes  smaller.  This 
result  indicates  that,  in  the  high  Cu  steels,  the  dislocation  density  remains  higher  or  the  mean  free  path 
of  dispersed  Cu  particles  remains  finer  during  creep  deformation. 

Fig.  5  shows  the  microstructural  change  during  creep  deformation  in  the  base  steel  without  Cu 
particles.  The  lath  structure  is  barely  maintained  on  the  transition  region,  but  it  is  fully  collapsed  at  the 
steady  state  creep  region  and  the  subgrain  structure  is  formed,  where  dislocation  density  is  quite  low. 
Once  the  subgrain  structure  is  formed,  the  strain  rate  is  accelerated  and  this  leads  to  a  rupture  in  a 
short  time.  On  the  other  hand,  the  microstructural  change  in  the  4Cu  steel  is  shown  in  Fig.  6. 
Recovery  of  martensite  is  greatly  retarded  and  dislocation  density  remains  high  in  comparison  with  the 
case  of  base  steel,  and  lath  structure  is  maintained  even  after  rupture.  This  suppression  of  recovery  is 
due  to  the  dislocation  pinning  effect  by  Cu  particles  precipitated  within  laths  and  on  lath  boundaries. 
Fig.  7  represents  the  TEM  image  of  4Cu  steel  creep-deformed  to  0.1%  at  873K  showing  the 
interaction  between  Cu  particles  and  dislocations  within  a  lath.  Dislocations  vertically  sticks  to  Cu 
particles  and  dislocation  loops  can  not  be  observed  around  there.  This  means  that  the  interaction 
between  dislocations  and  Cu  particles  is  attractive  force.  Cu  particles  also  attractively  interact  with  lath 
boundaries,  and  suppress  the  migration  of  them  as  shown  in  Fig.  8.  These  pinning  effects  by  Cu 
particles  contribute  to  the  retardation  of  recovery  of  martensite. 

Fig.  9  shows  the  change  in  the  diameter  of  Cu  particles  and  the  mean  free  path  of  the  Cu 
particles;  X  calculated  by  the  Eq.  1  during  the  creep  deformation. 

X=(1.81  f  1/2-1.63)r . (1) 

where  f  and  r  denote  a  volume  fraction  and  a  radius  of  Cu  particles,  respectively.  The  value  of  f  was 
calculated  in  consideration  of  the  solubility  of  Cu  at  the  temperature.  Cu  particles  constantly  grow  on 
the  Ostwald  mechanism  with  no  relation  to  the  Cu  content.  The  Ostwald  growth  of  Cu  particles  results 
in  an  extension  of  X.  However,  it  should  be  noted  here  that,  X  is  markedly  extended  in  the  low  Cu 
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steels,  while  it  does  not  change  so  much  in  the  high  Cu  steels  because  of  their  high  volume  fraction  of 
Cu  particles. 


Fig. 5  Microstructural  change  during  the  creep  deformation  of  873K-140MPa  in  the  base  steel 


Key  Engineering  Materials  Vols.  171-174 


Fig. 6  Microstructural  change  during  the  creep  deformation  of  873K-140MPa  in  the  9Cr-4Cu  steel 


Lath  boundary 


Cu  particle 


Fig. 8  Microstructure  of  9Cr-lCu  steel  creep 
deformed  to  0.1%  at  873K  showing  the 
interaction  between  a  Cu  particle  and  a  lath 
boundary. 


Fig. 7  Microstructure  of  9Cr-4Cu  steel  creep- 
deformed  to  0.1%  at  873K  showing  the 
interaction  between  Cu  particles  and  dislocations 
within  a  lath. 
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Time ,  t/ks 


Fig. 9  Change  in  diameter  and  mean  free  path  of  Cu  particles 
during  the  creep  deformation  in  9Cr-Cu  steels. 

3.3  Change  in  pinning  force  by  Cu  particles  during  creep  deformation 

When  the  pinning  force  by  Cu  particles  is  larger  than  the  stress  given  to  a  dislocation,  the 
movement  of  dislocation  is  suppressed,  and  the  recovery  of  martensite  would  be  effectively  retarded. 
On  the  contrary,  when  the  pinning  force  becomes  smaller  than  the  stress,  dislocations  can  move 
easily,  so  that  the  recovery  is  accelerated.  Since  the  pinning  force  depends  on  the  mean  free  path  of 
dispersed  particles,  creep  deformation  behavior  changes  with  coarsening  of  the  particles.  In  general, 
the  pinning  force  by  dispersed  particles;  Ax  can  be  estimated  from  the  Eq.2  as  a  function  of  the  mean 
free  path  of  the  dispersed  particles;  X. 

Ax  =  aGb  /  X, . (2) 

The  a  is  a  constant  (=0.8  [3]).  Fig.  10  shows  the  change  in  the  pinning  force  by  Cu  particles  with 
the  creep  deformation  calculated  by  the  Eq.2  using  the  results  of  Fig. 9.  The  applied  shear  stress  of  the 
creep  tests  (to  =70MPa)  are  also  shown  by  the  gray  line.  The  pinning  force  is  reduced  with  creep 
deformation  in  all  specimens  owing  to  the  extension  of  X  through  the  Ostwald  growth  of  Cu  particles. 
In  the  lCu  and  2Cu  steels,  the  pinning  forces  fall  below  the  applied  stress  after  about  30ks  and  40ks 
deformation,  respectively.  These  times  well  correspond  with  the  starting  times  of  accelerate  creep  in 
each  steel  shown  in  Fig. 2.  On  the  other  hand,  in  the  4Cu  steel  where  the  accelerating  creep  region 
could  not  be  observed  clearly,  the  pinning  force  is  larger  than  the  applied  stress  at  all  times.  That  is, 
strain  rate  is  accelerated  by  the  reduction  of  pinning  force  by  Cu  particles  below  the  applied  stress. 
From  these  results,  it  is  concluded  that  the  increase  of  Cu  content  is  effective  for  strengthening  of  heat 
resistant  martensitic  steels  in  terms  of  keeping  the  mean  free  path  of  Cu  particles  small  and  making  the 
recovery  of  martensite  retard  during  creep  deformation. 
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Time ,  t/ks 

Fig.  10  Change  in  the  pinning  force  by  Cu  particles  with  the  creep  deformation. 

4.  Conclusion 

(1)  Creep  strength  is  improved  by  Cu  addition  and  fracture  time  is  prolonged  with  increasing  Cu 
content  in  9%Cr  martensitic  steels. 

(2)  During  creep  deformation,  dislocations  attractively  interact  with  e-Cu  particles  within  laths,  and 
lath  boundaries  are  also  pinned  by  e-Cu  particles.  These  pinning  effects  by  the  e-Cu  particles 
contribute  to  the  retardation  of  recovery  of  martensite. 

(3)  The  pinning  force  by  e-Cu  particles  is  reduced  with  creep  deformation  owing  to  the  extension  of 
mean  free  path  of  the  particles  through  the  Qstwald  growth.  But  once  the  pinning  force  falls  below 
the  applied  stress,  the  recovery  rapidly  proceeds  and  the  strain  rate  is  accelerated. 
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Abstract:  In  the  0.5Cr-0.5Mo-0.3V  steel  a  pronounced  effect  of  proof  stress  at  room  temperature 
on  the  creep  rupture  strength  (CRS)  in  105  hours  is  still  in  evidence  at  relatively  high  temperature 
up  to  575°C.  In  2.25Cr-lMo  steel  such  a  strong  favourable  effect  is  discernible  only  at  lower 
temperatures  up  to  about  525°C.  The  beneficial  effect  of  Mo  on  the  CRS  of  the  low  alloy  CrMoV 
steels  was  found  only  when  Mo  concentration  was  up  to  about  0.5%.  Further  increasing  of  CRS  is 
possible  by  raising  vanadium  content  up  to  stoichiometric  ratio  V:C.  The  precipitation 
strengthening  of  CrMoV  steels  is  ruled  by  V4C3  or  V(C,N)  while  in  CrMo  steels  Mo2C,  respectively 
Mo2C  and  O/C;*  are  the  principal  precipitation  strengthening  particles.  The  dimensional  stability  of 
particles  precipitating  in  CrMoV  steel  is  much  higher  than  those  in  CrMo  steel. 

INTRODUCTION 

The  purposeful  development  of  low  alloy  steels  for  elevated  temperature  started  early  after  the  First 
World  War,  when  some  steels  with  low  Mo  and  Cr  contents  were  developed  (1,  2).  Before  the 
Second  World  War  the  well-known  steel  2.25Cr-lMo  was  developed,  as  well  (5).  The  beneficial 
effect  of  vanadium  on  the  creep  resistance  of  steels  was  appreciated  later  than  that  of  molybdenum 
(3,  4).  The  tubes  and  pipes  of  the  steel  0.5%Mo-0.2%V  investigated  in  NPL  in  England  were  firstly 
installed  in  power  station  in  1940  (3-7). 

The  aim  of  the  presented  paper  is  to  outline  the  fundamental  strengthening  mechanisms  and 
degradation  processes  which  influence  the  creep  resistance  of  low  alloy  steels. 

STRENGTHENING  MECHANISMS 

The  most  potential  strengthening  mechanisms  operating  during  high  temperature  service  in  low 
alloy  steels  are  precipitation  strengthening  (PS)  and  solid  solution  strengthening  (SS)  as  the  effect 
of  the  dislocation  strengthening  is  usually  limited  to  short  time. 

Precipitation  strengthening 

When  assessing  how  the  dispersion  of  the  secondary  phases  affects  the  creep  properties  of  the  steel 
we  must  take  into  account  not  only  the  dispersion  characteristic  ascertained  immediately  after  heat 
treatment,  but  also  their  changes  caused  either  by  coarsening  of  the  particles  or  by  precipitation  of 
new  particles  during  creep  (8,  9,  12). 

The  best  measure  of  the  dispersion  of  particles  has  proved  to  be  their  mean  interparticle  spacing  l.  It 
is  calculated  as: 
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*  =  HNvd)-’-d(#  (1) 

where  Nv  is  the  number  of  particles  per  unit  volume,  and  d  is  the  mean  particle  diameter  (8,  9). 

Precipitation  strengthening  in  CrMoV  steels  is  predominately  effected  by  vanadium  carbide  or 
carbonitride  particles. 

It  was  found  that  when  interparticle  spacing  (IPS)  of  vanadium  carbide  decreases,  the  proof  stress  at 
room  temperature  increases  linearly.  An  increase  in  IPS  of  vanadium  carbide  from  60  to  180  nm 
reflects  in  lowering  proof  stress  from  600  to  275  MPa.  However,  the  creep  rupture  strength  at 
575°C  in  10,000  and  100,000  hours  (low  stress  region)  is  effected  by  IPS  of  vanadium  carbide  in 
more  complicated  way  (Fig.  1). 


05%Cr-Q5%Mo-03%V 

TS33  Rp02=27SMPo 
20(-  CSN  415 128.5  Rp  0.2* 363  MPa 
CSN415  t2a9  Rp0.2*  431  MPa 

300  400  500  600  700 

PROOF  STRESS  AT  20°C  jMPa] 


Fig.  1  Dependence  of  creep  rupture  strength  on  the  Fig.  2  Dependence  of  creep  rupture 
interparticle  spacing  in  (0.5Cr-0.5Mo-0.3V)  steel  strength  on  room  temperature  proof  stress 

in  low  alloy  CrMoV  steel 


The  beneficial  effect  of  decreasing  the  interparticle  spacing  has  been  observed  in  the  relatively 
narrow  interval  of  IPS  (from  120  to  70  nm).  The  relation  between  CRS  at  575°C  and  room 
temperature  yield  stress  is  very  similar  (Fig.  2)  and  for  the  proof  stress  raising  from  about  320  to 
550  MPa  the  substantial  increase  of  CRS  is  observed  (8-13).  In  accordance  with  this  finding,  steel 
0.5Cr-0.5Mo-0.3V  is  produced  in  two  grades  with  minimum  proof  stress  at  room  temperature  being 
363  MPa  and  431  MPa,  respectively  (Fig.  2,  Table  1).  This  steel  is  delivered  in  normalized  and 
tempered  condition  and  the  higher  proof  stress  should  be  obtained  due  to  higher  cooling  rate  from 
the  austenizing  temperature  but  not  due  to  lower  tempering  temperature. 

Another  way  how  to  improve  the  CRS  of  the  steel  0.5Cr-0.5Mo-0.3V  is  to  increase  vanadium 
content  up  to  the  stoichiometric  ratio  V:C.  The  effect  of  V:C  ratio  on  the  time  to  rupture  is  shown  in 
Fig.  3.  Due  to  increasing  V  content,  the  amount  of  V(C,N)  increases,  too  and  at  the  same  time  IPS 
decreases  and  cementite  practically  diminishes  at  the  expense  of  V(C,N)  (8,  10). 

The  stress  and  temperature  dependence  of  time  to  rupture  of  a  commercial  heat  containing  about 
0.7  V  is  shown  in  Fig.  4  (8,  10). 
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Table  1:  Comparison  of  CRS  of  low  alloy  CrMo  and  CrMoV  steels 


Steel 

Proof  stress  at  RT 

Creep  rupture  strength  in  105  h,  MPa 

MPa 

500°C 

520°C 

540°C 

560°C 

580°C 

600°C 

2.25Cr-lMo 

min.  265 

137 

107 

79 

59 

44 

- 

0.5Cr-0.5Mo-0.3V 

min.  355 

169 

131 

101 

78 

60 

45 

0.5Cr-0.5Mo-0.3V 

min.  430 

197 

157 

123 

93 

69 

inf.  51 

0.7Cr-0.5Mo-0.6V 

min.  370 

214 

166 

128 

99 

75 

55 

Precipitation  strengthening  in  CrMo  steels  is  chiefly  effected  by  Cr7C3  and  M02C.  The  effective  IPS 
teff  should  be  calculated  by  means  of  the  relation: 


1 


1 


1 


/■ 


(2) 


eff  ^  Cr7C3  ^  Mo2C 

where  &r7C3  and  4io2c  mean  IPS  of  Cr7C3  and  M02C,  respectively. 


The  data  shown  in  Table  1  confirm  that  steels  alloyed  with  vanadium  exert  better  creep  resistance 
than  chromium-molybdenum  steels. 
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Solid  solution  strengthening 

It  is  frequently  supposed  that  significant  solid  solution  strengthening  (SS)  of  ferritic  steels 
can  be  attained  due  to  increasing  Mo  and/or  W  contents  in  the  steel.  This  opinion  was  based  on 
experimental  results  performed  on  binary  Fe-Mo  alloys  (Fig.  5). 


Fig.  5  The  effect  of  Mo  content  on  the  creep  Fig.  6  The  effect  of  Mo  content  on  the  creep  rate 
rate  of  binary  Fe-Mo  alloys  of  low  alloy  steel  0. 12C-0.5Cr-0.3V 


It  was  found  that  in  Fe-Mo  binary  alloy  the  creep  rate  decreased  with  increasing  Mo  content  up 
to  8  wt.  %.  In  the  alloy  with  3  wt.%  Mo  the  creep  rate  decreased  about  100  times.  The  analysis  of 
the  effect  of  Mo  on  the  creep  rate  of  Fe-Mo  alloys  was  performed  with  respect  to  different  creep 
rates  in  ferromagnetic  and  paramagnetic  regions  (8)  using  creep  data  published  in  (14-19).  It  can  be 
expected  than  after  short  time  creep  test  (creep  rate  as  slow  as  10'7  s"1)  all  Mo  content  remains  in  the 
solid  solution.  On  the  contrary,  in  low  alloy  CrMoV  steels  containing  about  0.12  %C,  0.5  %Cr  and 
0.3  %V,  the  creep  resistance  raises  only  up  to  about  0.5  %  Mo  (Fig.  6).  Creep  rate  as  low  as  210" 
12  s'1  was  observed  at  temperature  550°C  and  60  MPa.  In  steels  with  more  then  0.5  %Mo  slight 
increasing  of  creep  rate  was  again  observed  (23).  Low  alloy  CrMoV  steels  containing  0.12C,  0.5Cr, 
0.3V  and  from  0  to  1.5  wt.%  Mo  have  been  tested  in  the  normalized  and  tempered  condition,  as 
well  as  in  the  state  N+T  and  annealed  further  600°C/5000h  (21).  After  annealing  decline  of  proof 
stress  as  well  as  CRS  was  observed  but  most  significant  decline  was  observed  in  the  steel 
containing  highest  Mo  content  (1.5  wt.%).  Similarly,  creep  rupture  strength  can  be  markedly 
improved  by  increasing  Mo  content  only  up  to  approximately  0.5  wt.%.  Higher  Mo  content  causes 
precipitation  of  Mo  rich  phases  (M02C  and  especially  MeC)  which  depletes  the  molybdenum 
content  of  the  solid  solution  and  in  this  way  decreases  the  CRS.  In  steel  with  Mo  content  about  1.5 
wt.%  precipitation  of  MeC  strongly  depletes  the  Mo  content  of  the  solid  solution  and  moreover  MeC 
precipitates  on  expense  of  fine  particles  of  vanadium  carbides  and  carbonitrides  and  leads  to  the 
dramatic  lowering  of  precipitation  strengthening  (21). 

Optimum  Mo  content  was  found  also  in  CrMoV  steels  with  higher  carbon  contents  (Fig.  7).  There  is 
no  reason  to  increase  Mo  content  over  0.5  wt.%  also  in  CrMoV  steels  with  carbon  content  up  to 
0.3  wt.%  (8,  21,  23,  24). 
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Fig.  7  The  effect  of  Mo  content  on  the  creep  rupture  of  CrMoV 
steels  for  tubes  and  pipes  (carbon  content  up  to  0.18  wt.%)  and 
forgings  (carbon  content  up  to  0.30  wt.%) 


The  decisive  role  of 
molybdenum  in  the  solid 
solution  was  pointed  out  by 
the  experiments  performed 
on  the  long  time  annealed 
material.  There  the  part  of 
Mo  content  was  drawn  out 
of  solid  solution  to 
precipitate  M02C  and/or 
MeC,  with  dramatic 
reducing  CRS,  especially 
in  steels  with  higher 
molybdenum  contents.  If 
we  realize  that  M$C 
precipitates  on  expense  of 
fine  vanadium  carbide 
particles,  lowering  of 
precipitation  strengthening 
is  inevitable. 


DEGRADATION  MECHANISMS 

Degradation  of  mechanical  properties  as  well  as  creep  strength  is  the  consequence  of  long  term  high 
temperature  service  when  micro  structural  changes  lead  to  decrease  of  precipitation  strengthening 
and/or  solid  solution  strengthening. 

One  of  the  most  effective  degradation  process  is  coarsening  of  secondary  phases  is  Qstwald 
ripening  that  results  in  increasing  the  mean  interparticle  spacing,  lowering  number  of  particles, 
while  the  total  amount  of  secondary  phases  (the  volume  fraction)  remains  constant. 

The  increase  of  mean  particle  diameter  during  coarsening  can  be  expressed  by  the  formula: 

d3  -  dg  =  Kd  •  t  (3) 

where  d  and  d0  are  particle  diameters  after  the  exposure  time  t  and  in  the  as  received  state  (t=0),  Kd 
is  the  temperature  dependent  coarsening  constant: 

Kd  =  K0  •  exp(-^r)  (4) 

where  Q  is  the  activation  energy  of  the  coarsening  process  and  R,  T  have  their  usual  meaning. 

Figure  8  comprises  the  coarsening  rate  of  carbides  or  carbonitrides  that  precipitate  in  low  alloy 
steels.  The  ratio  between  mentioned  Kd  values  determined  experimentally  after  creep  deformation  at 
600°C  was  expressed  as  follows  (8,  9,  13,  25): 

M7C3  :  Mo2C  :  V4C3  :  VCN(VN)  =  2200 : 44 : 18 : 1  (5) 

The  dimensional  stability  of  carbides  precipitating  in  the  2.25Cr-lMo  steel  is  much  lesser  than  the 
dimensional  stability  of  vanadium  carbonitride  in  the  0.5Cr-0.5Mo-0.3V  steel.  The  mean  coarsening 
rate  of  vanadium  carbonitride  at  575°C  is  comparable  to  that  of  Mo2C  at  490°C.  The  coarsening  rate 
of  Cr7C3  is  at  comparable  temperatures  about  50  times  higher  than  Kd  of  Mo2C.  Described 
differences  in  coarsening  rate  of  secondary  phases  precipitating  in  CrMo  and  CrMoV  steels  is  the 
reason  why  the  effect  of  proof  stress  at  room  temperature  of  CrMoV  steels  is  still  in  evidence  at 
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temperature  up  to  575°C.  On  the  contrary,  in  CrMo  steels  this  effect  is  limited  by  up  to  about 
525°C  -  see  Fig.  9  (8,  1 1,  12,  26) 


PROOF  STRESS  [MPa] 


Fig.  8  Temperature  dependence  of  coarsening  Fig.  9  Creep  rupture  strength  versus  proof 
constants  IQ  of  M7C3,  Mo2C,  V4C3  and  VCN(VN)  stress  in  0.5Cr-0.5Mo-0.3V  and  2.25Cr- 

lMo  steels 


MECHANISMS  OF  CREEP  DEFORMATION  AND  RUPTURE 

Two  distinct  domains  of  the  stress  dependence  of  creep  rate  and  time  to  rupture  have  been 
frequently  observed  in  the  case  of  precipitation  strengthened  low  alloy  and  modified  Cr  steels.  The 
logarithmic  plots  of  creep  rate  and  of  time  to  rupture  as  functions  of  stress  (Fig.  10)  consist  of  two 
linear  segments,  separating  the  data  into  low  stress  and  high  stress  regions.  The  breakpoints  aZ(T)  in 
the  stress  dependence  of  time  to  rupture  and  steady-state  creep  rate  coincide  with  each  other, 
indicating  that  the  change  in  mechanism  causing  the  transition  in  both  quantities  is  the  same  (8,  11, 
12,  26).  The  creep  rupture  data  have  been  analyzed  by  means  of  the  equation: 

tr  =A-a~"r  •  exp(~r)  (6) 


where  tr  is  time  to  rupture  [h];  a  means  applied  stress  [MPa];  nr  means  stress  exponent;  Qr  is  the 
apparent  activation  energy  [kJ'mol-1];  A  is  the  constant  and  R,  T  have  their  usual  meaning. 

This  equation  can  be  used  for  estimation  of  Qr  and  nr  separately  for  low  stress  and  high  stress 
domains.  The  stress  characterizing  the  transition  between  these  domains  (break  point  aZ(T))  was 
found  to  be  closely  related  to  the  critical  stress  aCTit,  which  can  be  expressed  as 


CO 


where  constant  A*  »  1;  G  is  the  shear  modulus;  b  is  the  length  of  Burgers  vector  and  l  is  the 
interparticle  spacing  of  secondary  phases. 
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STRESS  {MPa] 


Fig.  10  Stress  dependence  of  time  to  rupture  and 
steady  state  creep  rate  of  0.5Cr-0.5Mo-0.3V  steel 


The  temperature  dependence  of  oZ(j)  is 
mainly  effected  by  Ostwald  ripening  and  by 
additional  precipitation  of  new  particles 
during  the  creep  process.  In  low  alloy 
CrMoV  steel  it  was  observed  that  at  550°C 
crZ(T)  =  1.0026acrit,  while  at  600°C  gZ(d  = 
0.8713ccrit.  It  means  that  at  550°C  Ostwald 
ripening  is  negligible  (up  to  about  104  hours) 
while  at  600°C  increasing  IPS  is  more 
significant.  (8).  It  is  supposed  that  in  the  high 
stress  region  dislocations  can  overcome 
particles  of  secondary  phases  by  Orowan 
mechanism,  while  in  the  low  stress  domain 
dislocation  should  climb  over  particles  (8,  9, 
11,  12).  The  breakpoint  thus  corresponds  to 
Orowan  stress  that  is  necessary  for  bowing 
dislocations  between  particles. 

Creep  of  low  alloy  steel  is  characterized  by 
activation  energy  Q  and  the  stress  exponent 
n.  In  low  stress  domain  Q  about  320  kJmol*1 
and  n  about  5  can  be  expected.  In  high  stress 
domain  both  values  are  higher  -  Q  about 
480  kJmol'1  and  n  about  11. 

DISCUSSION 


The  superiority  of  the  creep  resistance  of  CrMoV  steels  over  the  2.25Cr-lMo  steel  can  be  easily 
demonstrated  by  the  comparison  of  wall  thickness  and  weight  of  pipes  and  tubes.  The  calculated 
results  for  pipeline  <j)245  mm  operating  at  540°C/13.8  MPa  and  superheating  tubes  <f>35  mm 
operating  at  570°C/16.2  MPa,  respectively,  are  shown  in  the  Table  2. 

Table  2:  Comparison  of  wall  thickness  and  weight  of  pipes  and  tubes  for  pipeline  and  superheaters, 


using  different  CrMoV  steels  and  2,25Cr-lMo  steel. 


Steel 

Proof  stress 
at  RT 

°C 

Tubes  and  pipes 

Temperature 

°C 

Pressure 

MPa 

Diameter 

mm 

Wall  thickness 

mm 

ns 

2.25Cr-lMo 

min.  265 

540 

13.8 

245 

36 

15728 

0.5Cr-0.5Mo-0.3V 

min.  355 

32 

14280 

0.5Cr-0.5Mo-0.3V* 

min.  430 

25 

11560 

0.7Cr-0.5Mo-0.6V 

min.  370 

24 

11135 

2.25Cr-lMo 

min.  265 

570 

16.2 

32 

8 

34550 

0.5Cr-0.5Mo-0.3V 

min.  355 

7 

31492 

0.7Cr-0.5Mo-0.6V 

min.  370 

5.6 

26601 

*  accelerated  cooling  from  austenitization  temperature 

The  weight  of  pipeline  and  superheater  was  calculated  on  the  assumption  that  the  length  of  pipeline 
is  85  m  and  superheater  5400  mm,  respectively. 
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Abstract 
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Fig.  1  Creep  rupture  curve  for  ASME-P92 
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Tungsten  containing  ferritic  creep 
resistant  steels  are  the  candidate  gjoo 
materials  for  Ultra-Super-Cretical  fossil  ^ 
power  plant  because  of  their  high  creep  £ 

tZ) 

rupture  strength.  But  the  strengthening 
mechanisms  by  tungsten  addition  have 
not  yet  been  completely  studied. 

In  this  report,  creep  rupture  time  and 
creep  strain  rate  measurement  decided 

the  optimum  tungsten  content  in  9  to  12%  chromium  ferritic  steels.  The  precipitation 
behavior  of  Laves  phase  and  the  precise  discussion  of  creep  strain  rate  analyses  explain  the 
contribution  of  Laves  phase  at  the  lath  boundary  and  the  contribution  of  tungsten  in  solid 
solution.  P92  contains  the  optimum  amount  of  tungsten  and  chromium,  1.8  mass%  and  9 
mass%  respectively  judging  from  the  creep  rupture  strength  point  of  view. 


1.  Introduction 


One  of  the  high  strength  9  %  chromium  ferritic  vreep  resistsnt  steel,  ASME-P92,  contains 
well  balanced  tungsten  and  molybdenum,  and  this  optimized  amount  of  tungsten  increases 
the  estimated  creep  rupture  strength  to  132  MPa  at  600  °C  for  100,000  hours.  Figure  1 
shows  the  stress-rupture  plot  for  ASME-P92. 

Nowadys,  some  advanced  research  activities  try  to  increase  the  creep  rupture  strength  and 
steam  oxidation  resistance  of  P92  by  tungsten  and  chromium  content  increase  [1,2].  These 
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new  research  activities'  alloy  designs  originate  in  the  chemical  composition  of  ASME-P92  in 
many  cases.  Therefore,  it  is  no  exaggeration  to  say  that  basic  concept  of  the  newly 
investigated  steels  is  possible  to  follow  the  alloy  design  concept  for  P92. 

More  than  1  mass%  tungsten  addition  obviously  increases  the  creep  rupture  strength  [3], 
but  the  details  of  the  strengthening  mechanism  by  high  tungsten  content  have  not  yet  been 
completely  studied  and  understood.  No  experimental  evidence  indicates  the  creep  rupture 
strength  increase  with  higher  tungsten  content  than  that  of  P92.  Effect  of  the  other  chemical 
composition  to  the  creep  properties  of  the  modified  steels  has  not  yet  been  also  methodically 
investigated.  Furthermore,  no  industrial  strengthening  method  has  been  established  to 
increase  the  creep  rupture  strength  of  ferritic  steels  other  than  much  tungsten  addition. 
Therefore,  precise  and  quantitative  research  on  the  strengthening  mechanisms  for  tungsten 
containing  ferritic  steels  contributes  the  development  of  the  new  creep  resistant  steel  with 
higher  creep  properties  at  higher  application  steam  conditions  than  those  for  P92. 

In  this  report,  optimum  tungsten  content  will  be  decided  by  the  investigation  of  9  to  12% 
chromium  steels  with  various  tungsten  content  and  by  the  discussion  of  strengthening 
mechanism  by  tungsten  and  analyses  of  the  measurements  of  creep  properties,  rupture  time 
and  strain  rate  measurements. 

2.  Experimental  procedure  and  the  specimens. 

High  frequency  induction  furnace  melted  the  8  specimens  in  vacuum  atmosphere  and  the 
each  molten  metal  was  cast  into  50  kg  ingot  specimen.  The  parent  steel  is  ASME-P92.  From 
the  steel  A  to  F  contain  up  to  3.0  mass%  tungsten.  Steel  G  contains  12  mass  %  chromium 
instead  of  9  mass%  of  P92  and  also  contains  0.7  mass%  nickel  in  order  to  avoid  the  delta 
ferrite  phase.  Steel  H  contains  11  mass%  chromium,  2.5  mass%  tungsten  and  1.5  mass% 
cobalt.  As  a  substitution  of  nickel,  cobalt  is  also  effective  to  obtain  the  full  martensitic 
structure  after  quenching  without  large  decrease  of  Acl  temperature. 


Table  1.  Chemical  compositions  of  the  specimens  in  comparison  with  P92  (mass%). 


Name 

C 

Si 

i 

Nb 

V 

B 

N 

A 

B 

Wfil 

IKfTl 

■gggj 

m 

0.076 

B 

- 

- 

0.066 

C 

- 

- 

0.069 

D 

IfeEl 

0.49 

2.00 

- 

- 

0.068 

E 

lijyfn 

9.3 

- 

- 

ISJJl 

0.069 

F 

iteB 

0.49 

2.95 

- 

0.077 

G 

0.048 

H 

□ 

mu 

!l3 

mu 

0.040 

P92 

1331 

0.070 

0.200 

0.050 

Table  1  lists  the  chemical  composition  of  each  specimen.  Ingot  specimens  were  normalized  at 
1200  °C  for  1  hour  in  the  electric  resistance  furnace,  and  hot  rolled  into  15  mm  thick  plate 
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specimens.  The  plate  specimens  were  normalized  at  between  1050  to  1100  °C  and  quenched 
in  air.  Tempering  at  between  750  to  780  °C  for  from  1  to  3  hours  attained  the  tempered  full 
matrtensitic  structure.  Acl  and  Ac3  transformation  temperature  confirmation  by  the 


Diratometry  decided  the  heat  treatment  conditions.  Creep  rupture  test  specimens  and  creep 
strain  rate  test  specimens  have  the  6mm  diameter  at  the  parallel  part  and  their  gage  lengths 


are  30  mm.  One  of  the  typical 

.  .  .  1000 

austenite  phase  stabilizing 
element,  nickel,  possibly 


decreases  the  creep  rupture  £ 
strength,  but  the  large  -  100 


deterioration  by  0.7  mass% 
nickel  addition  has  not  yet 


been  reported  [4]. 


Cl 

Q. 


< 


10 


3.  Experimental  results. 


0.1  1  10  100  1000  10000  100000 
•  Ru pture  Time  (h) 

Fig.2  Influence  of  tungsten  on  creep  rupture  strength  of  P92 


3.1  Creep  rupture  strength  dependence  of  P92  on  tungsten  and  chromium  content. 


Figure  2  indicates  the  creep 
rupture  properties  for  steel  A,  B, 
C,  D,  E  and  F.  Creep  rupture 
strength  increases  with  tungsten 
content  when  the  creep  exposure 
time  and  temperature  are 
relatively  short  and  high 
respectively.  But  if  the  tungsten 


content  is  higher  than  2  mass%, 

the  creep  rupture  strength  doesn't  increase  as  a  function  of  tungsten  content  any  more,  and 
possibly  decreases  with  tungsten  content  for  longer  exposure  time  than  thousand  hours 
because  of  the  sudden  creep  rupture  curves'  slope  change.  This  tendency  is  evidently 
confirmed  at  650 °C.  Therefore,  effect  of  tungsten  addition  to  the  creep  rupture  strength 


increase  saturates  with  2  mass%  tungsten. 

Figure  3  is  the  creep  rupture  property  for  steel  G.  This  steel  also  indicates  higher  tensile 
strength  than  that  of  P92  at  room  temperature  and  it  affects  the  creep  rupture  strength  for 
short  exposure  time.  But  steel  G  also  indicates  the  creep  rupture  strength  deterioration 
when  the  exposure  time  is  relatively  long  especially  at  600  and  650  °C.  The  increase  of 
tungsten  and  chromium  contents  results  in  the  instability  of  creep  rupture  properties  for  long 


430 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


exposure  time. 


creep  rupture  strength  of  steel  G  with  steel  H.  In  cases  of  steel  E,  F,  G  and  H,  increase  of 
tungsten  and  chromium  improves  the  tensile  properties.  Therefore  the  creep  rupture 
strengths  of  steel  E,  F,  G  and  H  are  high  for  short  tome  exposure,  but  they  decrease  after 
several  thousand  hours  creep  exposure  at  600  and  650  °C,  and  finally,  they  possibly  indicate 
almost  same  strength  as  PS2  indicates  if  the  exposure  time  is  longer  than  10,000  hours. 

Table  2  shows  the  tensile  properties  of  steel  H  in  comparison  with  those  of  P92. 


Table  2.  Representative  tensile  properties  of  steel  H  in  comparison  with  those  of  P92 


Steel 

Tensilt  strength 

Yield  strength 

vE0°C 

Elongation 

Readuction  Area  ratio 

Steel  H 

850  MPa 

650  MPa 

50  J 

25  % 

70  % 

ASME-P92 

700  MPa 

520  MPa 

150  J 

25  % 

70  % 

4.  Discussion 


4.1  Creep  rupture  strength  detrioration  at  600  and  650  °C  for  steel  E,  F,  G  and  H. 

Steel  E,  F,  G  and  H  consist  of  almost  same  chemical  compositions  other  than  tungsten  and 
chromium.  Furthermore,  the  heat  treatment  conditions  are  also  not  different  among  four  steels. 
Therefore  the  creep  rupture  strength  instability  derives  from  the  change  of  strengthening  factors 
from  the  parent  material,  P92.  MX  type  carbo-nitrides,  (Nb,V)(C,N),  affects  the  creep  properties 
in  almost  same  way  in  four  steels  as  in  P92.  Chromium  content  of  the  steel  affects  the 
constituents  of  M  for  M23C6  type  carbide.  But  the  stability  of  M23C6  does  not  look  so  strongly 
influenced  by  chromium  content  change  of  the  steel.  Chromium  content  difference  affects  the 
tungsten  amount  dissolved  in  the  M23C6  type  carbide.  If  the  chromium  atom  replace  the  tungsten 
atom  in  M23C6,  increase  of  chromium  content  in  the  steel  accelerates  the  Laves  phase 
precipitation.  Therefore  it  is  possible  to  say  that  chromium  content  increase  in  the  steel  has 
almost  same  effect  as  tungsten  content  increase. 

Tungsten  affects  the  creep  rupture  strength  through  solid  solution  strengthening  and  lath 
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structure  stabilizing.  The  former  effect 
depends  on  the  resolved  tungsten  in 
supersaturation.  The  latter  effect  depends 
on  the  precipitated  tungsten  amount  in 
Laves  phase,  inter-metallic  compound,  at 
the  lath  boundary.  Two  strengthening 
mechnisms  strictly  depends  on  the 
tungsten  precipitation  behavior,  and 
therefore  tungsten  content  in  the  steels. 
Various  amount  of  tungsten  in  the  steels 


1500 
1400 
1300 
o  1200 

V  1100 
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A 

Fig.  5  Experimmtal  quasi-  binary  phase  diagram  of  P92-W 


possibly  resulted  in  the  stability  differences  of 
creep  rupture  curves. 

Therefore,  the  precise  analyses  of  tungsten 
precipitation  behavior  clarify  the  reason  of 
unstable  creep  rupture  properties  for  steel  E,  F,  G 
and  H 


l.E+00  l.E+01  l.E+02  l.E+03  l.E+04  l.E+05 


4.2  Precipitation  behavior  of  Laves  phase  1.5 
and  M23C6  type  carbide.  1  1 .2 

CD 

3  0.9 

M23C6  type  carbide  resolves  into  austenite  %  0.6 
matrix  at  normalizing  temperature,  from  1050  «  0.3 

to  1100  °C  [5],  and  precipitates  mainly  during  |  0 

the  tempering.  On  the  other  hand,  Laves  phase  £  1-E+0°  1.E+01  1.E+02  1.E+03  i.e+04  1.E+05 

precipitate  only  during  the  creep  exposure  1.5 

because  of  its  low  resolution  temperature,  720  12 

5  0.9 

°C  in  case  of  P92.  Figure  5  is  the  quasi  binary  %  0  6 

phase  diagram  between  P92  and  tungsten  with  | 5  0.3 

o 

estimated  resolution  curves  for  Laves  phase  £  0 

l.E+00  l.E+01  l.E+02  l.E+03  l.E+04  l.E+05 

which  was  calculated  by  Thermo-Calc.  Phase  Aging  time  (h) 

Stability  experiment  at  austenitizing  Fig.  6  Tungsten  precipitation  behavior forP92 

temperature,  from  1000  to  1300  °C,  decides  the 

phase  boundaries  by  measurement  of  delta  ferrite  phase  ratio  of  various  tungsten  containing 
steels[6]. 

Figure  6  is  the  amount  of  tungsten  precipitation  as  a  function  of  aging  time  at  600,  650  and 
700  °C.  Quantitative  analysis  of  extracted  precipitates  from  matrix  revealed  the  tungsten 
precipitation  behavior.  Laves  phase  does  not  precipitate  at  the  beginning  of  aging.  Therefore, 
initial  precipitation  amount  of  tungsten  is  the  resolved  tungsten  amount  in  M23C6  type 
carbide.  During  the  aging,  tungsten  precipitation  amount  increases  with  the  time  and  X-ray 
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diffraction  qualitative  analysis  identified  the 
Laves  phase.  Therefore  figure  6  implies  the 
Laves  phase  precipitation  with  aging  time. 
Laves  phase  precipitates  all  the  time  at  600 
°C.  It  precipitates  and  saturates  after  about 
several  10,000  hours  or  1,000  hours  at  650 
and  700  °C.  After  saturation  of  precipitation, 
Laves  phase  will  coarsen  with  aging  time. 
Figure  7  is  also  the  precipitation  behavior  of 
tungsten,  iron  and  chromium  for  steel  H 
from  600  to  700  °C.  Creep  tests  were 
interrupted  at  1,  10,  100,  1000,  3000,  6000, 
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Fig.  7  Precipitation  behavior  of  W,  Cr,  Fe  in  steel  H 


10000  hours  for  all  temperatures  and  applied  *130  . . . . . . 1 . HI  1  Mil 

stresses  were  170  MPa  at  600  °C,  70  MPa  at  ;fl  2  0  "W  Hi:::  Z"  z::\  ZZ.."  _ 

650  °C  and  50  MPa  at  700  °C.  The  |  !  10  ,  -  ^ 

a  g  Tzujmm  m linn  mu  iiiiiiii  11111111 

precipitates  were  extracted  from  within  «  t  10  100  .1000.  10000  100000 

gage  length.  The  acceleration  of  Laves  Fig.  7  Precipitation  behavior  of  W,  Cr,  Fe  in  steel  H 
phase  precipitation  by  stress  also  affects  the 

precipitation  behavior[7],  but  fur  earlier  precipitation  of  tungsten  compared  with  those  of  P92 
was  observed  in  figure  7.  Especially,  at  650  °C,  tungsten  precipitation  saturated  completely 
after  1,000  hours  already.  Increase  of  temperature  also  accelerates  the  precipitation,  but  the 
equilibrium  precipitation  amount  decreases  with  the  temperature  according  to  the  phase 
diagram,  figure  5.  Therefore,  early  precipitation  of  Laves  phase  and  its  saturation  in  case  of 
creep  exposed  steel  H  at  650  °C  results  in  the  most  severe  loss  of  precipitation 
strengthening  effect  by  Laves  phase  and  solid  solution  strengthening  effect  of  supersaturated 
tungsten  in  matrix. 


Chromium  also  precipitates  in  the  same  way  as  tungsten  indicates.  But  its  precipitation 
amount  change  is  small  compared  with  that  of  tungsten  because  of  its  higher  resolution 
temperature.  Therefore,  tungsten  precipitation  supposedly  affects  more  largely  than 
chromium  affects. 


4.3  Analysis  of  creep  strain  and  strain  rate  curves  for  steel  H. 


Figure  8  is  the  creep  strain  rate  plot  against  the  normalized  strain  for  steel  H  at  600  °C. 
Each  curve  has  the  different  rupture  time.  High  applied  stress  test  specimen  ruptured  early 
time.  In  case  of  such  high  stress  test,  the  creep  strain  rate  deteriorates  with  the  strain 
during  the  transient  creep  stage.  The  creep  strain  rate  increases  with  the  strain  while  the 
accelerating  creep  stage.  The  decrease  of  creep  strain  rate  is  2  orders  of  magnitude  at  most. 
But  in  case  of  relative  low  applied  stress  test,  for  220  and  190  MPa,  creep  strain  rate 


Key  Engineering  Materials  Vols.  171-174 


433 


decrease  more  than  5  orders  of  magnitude 

during  the  transient  creep  stage,  and  at  the 

same  time  the  strain  of  transient  creep  stage  ]'\++°0l 

against  the  total  creep  strain  becomes  short.  ^  i  e+oi 

This  means  the  creep  resistance  increased  not  1E+0° 

2  I  E-01 

ordinarily  during  the  transient  creep  stage.  £  i  E-o2 

When  the  applied  stress  is  220  and  190  MPa  at  £  i  e-03 

1-E-04 

600  °C,  the  creep  rupture  strength  deteriorate  1  E_05 

largely.  According  to  the  Laves  phase 

precipitation  behavior  on  figure  7,  large 

decrease  of  creep  strain  rate  is  caused  by  F 

accelerated  Laves  phase  precipitation. 

Relative  low  applied  stress  test  also  indicate  the 

same  mannered  creep  strain  rate  behavior  at  i.e+03 

650  and  700  °C  in  Figure  9  and  figure  10  3  ]  |+oi 

respectively.  The  keen  deterioration  of  creep  ^  i.E+oo 
r  ®  1.E-01 

strain  rate  at  650  °C  reaches  about  6  or  7  2  i.e-02 


•  290  MPa 
a  250  MPa 
«  220  MPa 
*190  MPa 


Normalized  strain 

Fig.  8  Creep  strain  ratye  of  steel  H 


I.E+03 

1.E+02 

1.E+01 


I.E-02 

orders  of  magnitude.  Very  early  Laves  phase  g  ^&13U 

■h  1  .E-04  Fg 1 . - .  _  ... ,  ■  ,  1 0Q  MPa  f 

precipitation  at  650  °C  decreases  the  creep  w  i.e-05  f 

strain  rate  remarkably.  All  of  strain  rate  curves  1E“06  q  2  q  ^  q  g  q  i 

indicate  the  large  creep  strain  rate  deterioration  Normalized  strain 

during  the  transient  creep  stage  at  700  °C.  But  Fig.  9  creep  strain  rate  of  steel  H 

this  tendency  looks  saturate  if  the  applied 

stress  lower  than  70  MPa.  If  the  creep  strain  7oo°c 

rate  deterioration  is  large,  recover  of  creep  i.e+03  .  ---a 

strain  rate  is  also  large  and  the  recovering  rate  ~  1.E+02  | - 

seems  larger  than  those  of  high  stress  test  £  j  \ 

results.  Namely,  micro-structural  recovering  is  2  1E01  •  130  MPa 

possibly  accelerated  during  the  accelerating  g  1.E-02  *  7o°MpPa 

creep  stage  in  case  of  relatively  low  stress  test  w  1.E-03  ^  50  MRa 

results.  These  results  imply  the  effective  Laves  1E“04  Q  Q2  04  0  6  0.8  1 

phase  precipitation  strengthening  at  lath  strain 

boundaries  only  at  the  transient  creep  stage  and  Fig.  10  Creep  strain  rate  of  steel  H 

its  loss  in  early  time  by  coarsening.  This 

precipitation  satrengthening  is  supposedely  the  restriction  of  lath  structure  recovering  by 
pinning  of  lath  boundary  movement.  The  early  consumption  of  supersaturated  tungsten  in 
solid  solution  accelerates  the  recover  of  the  lath  structure  during  the  accelerating  creep 
stage,  then  the  recovering  ratio  of  creep  strain  curves  for  low  stress  creep  tests  become 
larger  than  those  of  high  stress  creep  tests. 
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Fig.  9  Creep  strain  rate  of  steel  H 
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Fig.  10  Creep  strain  rate  of  steel  H 
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4.4  Tungsten  precipitation  behavior  and  the  optimum  tungsten  content. 

Creep  rupture  strength  measurement,  creep  strain  measurement  and  precipitation 
behavior  explain  the  instable  creep  property  of  modified  P92  type  steels  with  higher  content 
of  tungsten  and  chromium  content.  Tungsten  precipitates  mainly  as  inter-metallic  compound, 
Laves  Phase,  during  the  creep  exposure.  Fine  Laves  phase  on  the  lath  boundary  restricts  the 
recover  of  lath  structure  at  the  very  beginning  of  the  precipitation.  But  if  the  tungsten 
content  in  the  steel  exceeds  2  mass%,  the  Laves  phase  precipitation  will  be  accelerated  and 
coarsen  in  short  time.  This  accelerated  Laves  phase  precipitation  consumes  resolved 
tungsten  in  supersaturation,  and  loses  the  precipitation  strengthening  effect  at  the  lath 
boundary,  lath  structure  recovering  restriction.  Therefore  the  recover  of  the  lath  structure 
becomes  much  faster  than  P92  and  only  the  solid  solution  strengthening  effect  in  equilibrium 
state  decides  the  long  time  creep  properties.  The  excess  chromium,  higher  than  9  %,  affects 
the  tungsten  precipitation  amount  through  the  change  of  M23C6  constituent. 

The  loss  of  solid  solution  strengthening  effect  does  not  independently  explain  the  creep 
rupture  strength  deterioration  at  600  and  650  °C  for  steel  G  and  H. 

Judging  from  the  experimental  results  and  discussion  above  mentioned,  optimum  chemical 
composition  design  is  similar  to  that  of  ASME-P92  at  least  the  chromium  and  tungsten 
content  concern,  2  mass%  tungsten  addition  with  9  mass%  chromium. 

5.  Conclusions 

5.1  Fe2W  type  Laves  phase  precipitates  mainly  during  the  creep  exposure.  Fine  Laves  phase 
on  the  lath  boundary  restricts  the  recover  of  lath  structure  at  the  very  beginning  of  the 
precipitation. 

5.2  Coarsening  of  Laves  phase  at  lath  boundary  and  consumption  of  supersaturated  tungsten 
in  solid  solution  lose  the  strengthening  factors  and  they  induces  the  large  decrease  of 
creep  rupture  strength  for  the  tungsten  or  chromium  content  increased  specimens,  steel 
G  and  H. 

5.3  High  test  temperature  accelerates  the  Laves  phase  precipitation,  but  the  tungsten 
solution  limit  is  also  increased.  Therefore,  most  severe  creep  rupture  strength  deterioration 
can  be  observed  at  650  °C  for  steel  H  and  G. 

5.4  In  case  of  P92,  Laves  phase  precipitation  continues  100,000  hours  all  the  time.  This 
continuous  precipitation  maintains  the  high  creep  rupture  strength. 

5.5  According  to  the  tungsten  precipitation  behavior,  optimum  tungsten  content  is  about  1.8 
mass%.  Higher  tungsten  content  than  2  mass%  accelerate  the  Laves  phase  precipitation  if 
the  chromium  content  stays  9%. 
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Abstract 

The  results  of  constant  load  creep  tests  on  quenched  and  tempered  9Cr-lMo  ferritic  steel  in 
the  temperature  range  773-873  K  and  in  the  stress  range  60-275  MPa  are  analysed  in  the  framework 
of  first  order  kinetics  for  transient  and  steady  state  creep.  The  strain-time  data  was  adequately 
described  by  the  Garofalo  relation;  e  =  e0  +  €T  [(1-  exp(-  r.t)]  +  es.t,  where  e0  is  the  initial  strain  at 
time  t  =  0,  ex  is  the  limiting  transient  creep  strain,  r  is  the  rate  of  exhaustion  of  transient  creep  and  es 
is  the  steady  state  creep  rate.  The  stress  dependences  of  es  and  r  exhibited  two  slope  behaviour.  The 
results  in  both  the  stress  regimes  obeyed  first  order  kinetics  for  transient  creep,  but  with  different 
values  of  p  =  15  and  4.1  for  low  and  high  stress  regimes  respectively,  where  P  is  a  constant  and  is  the 
ratio  of  initial  creep  rate  e{  to  es  (i.e.  e{  =  Ms)  Separate  master  creep  curves  relating  transient  and 
steady  state  creep  were  obtained  in  the  respective  stress  regimes.  Further,  analogous  to  Monkman- 
Grant  and  modified  Monkman-Grant  relationships,  the  relationship  between  es,  eT  and  time  for  onset 
of  steady  state  creep  tos  of  the  form  esa.tJeT  =  constant  was  found  to  be  valid;  the  value  of  a  was 
equal  to  unity. 

Introduction 

9Cr-lMo  ferritic  steel  is  an  important  candidate  material  for  tubings  and  thick  section  tube 
plates  in  the  steam  generator  of  liquid  metal  cooled  fast  breeder  reactors  (LMFBRs).  The  detailed 
investigations  on  creep,  fatigue  and  creep-fatigue  behaviour  of  this  steel  are  given  elsewhere  [1].  For 
the  sake  of  completeness,  the  results  pertaining  to  the  applied  stress  oa  and  temperature  dependences 
of  steady  state  creep  rate  es  of  quenched  and  tempered  9Cr-lMo  steel,  tested  in  the  temperature  range 
773-873  K  and  in  the  stress  range  60-275  MPa,  are  summarised  in  the  following.  The  study  [1,2] 
revealed  two  stress  regimes  and  they  were  characterised  by  different  values  of  stress  exponent  and 
apparent  activation  energy.  On  incorporating  the  effective  stress  in  Dorn  type  universal  relationship 
fores,  a  single  slope  behaviour  with  stress  exponent  of  ~  4  and  true  activation  energy  of  ~ 
250  kJ  mol"1  was  obtained.  Based  on  these  observations,  it  was  concluded  that  the  steady  state  creep 
deformation  in  both  stress  regimes  occurs  by  climb  controlled  process.  With  a  view  to  gaining  further 
insight,  the  transient  creep  data  obtained  in  both  stress  regimes  are  analysed  in  the  framework  of  first 
order  kinetic  theory  [3]  first  proposed  by  Webster,  Cox  and  Dorn  [4]  and  subsequently  developed  by 
Dorn,  Mukherjee  and  coworkers  [5,6]. 

It  is  generally  observed  that  upon  loading,  creep  rate  e  decreases  in  the  transient  stage  and 
approaches  a  steady  state  value.  The  major  and  important  substructure  change  that  takes  place  during 
transient  creep  is  the  rearrangement  of  dislocations  by  the  diffusion  controlled  dislocation  climb 
process.  Therefore  in  both  transient  and  steady  state,  creep  is  governed  by  climb  controlled  first  order 
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kinetic  process.  This  is  formulated  by  the  earlier  investigators  [4-6]  as  d(e-es)/dt  =  -  (e-es)/T,  where 
t  is  the  relaxation  time  for  rearrangement  of  dislocations  and  1/t  is  the  rate  constant  which  depends 
on  stress  and  temperature  in  same  way  as  does  es  (1/t  =  K.es,  K  =  constant).  It  was  shown  that 
integrating  twice  the  above  formulation  leads  to  the  well  known  Garofalo  [7]  strain-time  relation 

€  =  e0  +  eT  [1  -  exp(-  r.t)]  +  es.t ,  (1) 

where  e0  is  the  initial  strain  at  time  t  =  0,  eT  is  the  limiting  transient  creep  strain  and  r  is  the  rate  of 
exhaustion  of  transient  creep  and  further  r  is  the  same  as  rate  constant  1/t  when  transient  creep  obeys 
first  order  kinetics.  It  may  be  mentioned  that  the  empirical  equation  (1)  is  originally  formulated  by 
McVetty  [8]  and  later  confirmed  by  Garofalo  [7]  and  other  researchers  [9,10].  Another  important 
prediction  of  the  first  order  kinetic  approach  is  the  proportionality  between  the  initial  creep  rate  €•  and 
^  i.e.  e,  =  p  .es,  where  p  is  a  constant  >  1.  The  important  outcome  of  this  approach  is  the  universal 
creep  equation  of  the  form 

e-e0  =  (P-1)K  [l-exp(-K.es.t)L  (2) 

where  (P_  1)/K  —  €T.  It  is  emphasised  that  eT  is  a  constant,  since  p  and  K  are  constants.  Further, 
according  to  the  above  equation,  for  conditions  obeying  first  order  kinetics  and  for  a  constant  eT,  the 
different  creep  curves  obtained  for  a  combination  of  stress  and  temperature  fall  on  a  single  master 
creep  curve  when  the  data  is  plotted  as  (e  -  e0)  vs  es.t.  In  the  present  paper,  the  results  obtained  on 
9Cr-lMo  steel  in  both  the  stress  regimes  (i.e.  as  mentioned  earlier)  are  analysed  in  the  framework  of 
first  order  kinetics  for  transient  creep.  The  paper  also  discusses  the  influence  of  stress  and  temperature 
on  transient  creep  parameters  like  eT,  r  and  K.  Further,  along  with  Monkman-Grant  [1 1]  and  modified 
Monkman-Grant  [12]  relationships,  the  relation  involving  transient  creep  parameters  [13]  is  tested  for 
the  results  obtained  in  this  study. 

Analysis  of  experimental  data 

9Cr-lMo  steel  used  in  this  investigation  was  supplied  in  the  form  of  1000  mm  diameter  and 
300  mm  thick  forging  in  the  quenched  and  tempered  condition  (i.e.  1223  K/5  h,  water  quenched  and 
1 023  K/8  h,  air  cooled).  Constant  load  creep  tests  were  conducted  on  specimens  of  cylindrical 
geometry  with  50  mm  gauge  length  and  1 0  mm  gauge  diameter,  in  the  temperature  range  773-873  K 
and  in  the  stress  range  60-275  MPa.  The  details  regarding  material,  heat  treatments,  microstructures 
and  creep  testing  are  described  elsewhere  [1,2,14].  The  strain  (e)  -  time  (t)  data  are  analysed  following 
Eq.  (1).  The  initial  loading  strain  e0  and  eT  were  determined  from  the  normal  creep  curves.  Following 
Efr  (1),  r  was  evaluated  graphically  as  the  slope  of  In(l-A/ex)  vs  t  plots,  where  A  is  the  transient  creep 
component  of  total  strain  e  and  A  =  e-e0-es.t.  Further,  A  =  0  at  t  =  0  and  A  approaches  ex  at  t  =  tos, 
i.e.  the  time  for  the  onset  of  steady  state  creep  (since  Eq.  1  in  principle  predicts  steady  state  at  t  =  «>. 
€i  was  calculated  as  =  es  +  r.eT  which  follows  from  Eq.  (1)  and  p  was  evaluated  from  the 
logarithmic  plot  between  e]  and  es. 

Results  and  discussion 

For  test  conditions  that  obey  first  order  kinetics  for  transient  and  steady  state  creep, 
proportionality  is  observed  between  and  €s,  r  and  es,  and  as  a  consequence,  a  constant  eT  is 
obtained.  As  a  corollary,  different  creep  curves  with  a  constant  eT  fall  on  a  single  master  creep  curve 
according  to  Eq.  (2),  when  data  is  plotted  as  (e-e0)  vs  es.t.  Earlier  studies  on  pure  metals  and 
austenitic  stainless  steels  [5,6,13]  revealed  the  constancy  of  eT  and  the  unified  description  in  terms  of 
master  creep  curves.  In  contrast  to  this,  for  high  stress  results  obtained  in  this  study,  eT  increased  with 
decreasing  stress  and  accordingly  the  plots  of  (e-e0)  vs  es.t  (e.g.,  at  793  K  in  Fig.  1)  resulted  in 
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separate  curves.  It  can  be  seen  from  Fig.  1  that  with  decreasing  stress,  the  data  shifted  to  higher  values 
of  (e-e0)  in  the  transient  region,  whereas  in  steady  state  region  the  plots  at  different  stresses  yielded 
straight  and  parallel  lines.  On  the  other  hand,  the  low  stress  data  at  each  temperature  exhibited  a 
constant  eT  and  as  shown  in  Fig.  2  could  be  described  by  a  single  master  creep  curve. 

Our  attempt  to  understand  the  validity  of  the  relationship  e{  =  p.es  (p  =  constant)  for  the 
results  obtained  at  different  temperatures  is  shown  in  Fig.  3  as  logarithmic  plot  of  e{  and  €s.  After 
ignoring  the  data  in  the  transition  stress  regime,  it  is  noticed  that  the  results  fall  into  separate  regimes 
and  proportionality  constant  p  is  obtained  as  P  =  15  and  4.1  for  low  and  high  stress  regimes 
respectively.  An  important  observation  to  make  here  is  that  ei  shows  the  same  stress  dependences  as 
es  in  both  stress  regimes  at  all  temperatures.  The  observed  differences  in  p  values  reflect  the 
differences  in  the  development  of  steady  state  structure  from  the  initial  structure  in  the  respective  stress 
regimes.  It  may  be  recalled  [2]  that  the  two  exponent  behaviour  was  observed  when  log€s  were  plotted 
against  logaa.  In  Fig.  4,  both  loges  and  logr  are  plotted  against  log oa  for  the  results  obtained  at 
793  K  and  it  can  be  seen  that  in  the  high  stress  regime,  r  shows  a  higher  stress  dependence  compared 
to  es.  For  closer  oa  values  in  the  low  stress  region,  r  and  €s,  show  the  same  stress  dependences.  It  is 
important  to  note  that  unlike  smooth  transition  observed  in  loges  vs  logoa  plot,  the  variation  of  r  with 
aa  exhibited  discontinuity  in  the  transition  regime.  Earlier  studies  on  analysis  of  first  order  kinetics  for 
pure  metals  and  austenitic  stainless  steels  [4-6,13]  revealed  that  the  results  obeyed  the  relation 
r  =  K.es,  where  K  is  a  constant.  But  for  the  high  stress  data  obtained  in  this  study,  r  *  K.es  (Fig.  4) 
and  K  decreased  while  eT  increased  with  decrease  in  aa  resulting  in  constant  p,  since  P  =  1  +  K.€T. 

It  is  already  seen  in  Fig.  1  that  Eq.  (2)  failed  to  provide  the  unified  description  in  terms  of  a 
master  curve,  since  eT  and  K  varied  with  stress  and  temperature.  In  this  context,  it  is  interesting  to 
recall  the  relationship 

(esa.tos)/eT  =  Constant ,  (3) 

suggested  by  Phaniraj  et  al.  [13].  It  has  been  shown  by  them  that  the  value  of  a  is  equal  to  unity  for 
conditions  obeying  first  order  kinetics  and  accordingly  Eq.  (3)  takes  the  form 

(es.t0S)/eT  =  Constant  =  Cpc  .  (4) 

Further,  for  conditions  obeying  first  order  kinetics  (a  =  1),  they  introduced  a  parameter  p'  =  €s.t/ex 
>  o  (p'  =  0  at  t  =  0  and  p'  =  Cpc  at  tos)  and  reformulated  the  Garofalo  relation  [i.e.  Eq.  (1)]  in  terms 
of  p'  as 

e-e0  =  eT[l-  exp{-  p'(P-l)}  +  p’]  •  (5) 

Though  they  introduced  the  parameter  p',  they  plotted  (e-e0)  vs  €s.t  for  obtaining  master  creep  curves, 
since  ex  was  constant  for  their  results.  An  important  implication  of  Eq.  (5)  is  that  when  ex  varies  and 
for  conditions  obeying  first  order  kinetics,  i.e.  a  =  1,  a  plot  of  (e-e0)/ex  vs  p1  (i.e.  p'  =  es.t/ex  )  would 
result  in  a  master  creep  curve,  only  if  P  =  constant. 

The  results  at  different  temperatures  in  both  the  stress  regimes  were  found  to  obey  Eq.  (4)  with 
a  =  1  confirming  the  validity  of  first  order  kinetics  and  these  are  presented  in  the  later  part  of  this 
paper.  Our  attempts  to  obtain  master  creep  curves  described  by  Eq.  (5)  are  illustrated  in  Figs.  5  and 
6  for  high  and  low  stress  regimes  respectively.  Solid  line  in  these  figures  corresponds  to  the  theoretical 
curve  according  to  Eq.  (5)  with  p  —  4.1  and  15  for  high  and  low  stress  regimes  respectively.  It  is  seen 
that  irrespective  of  test  temperature,  the  results  yield  separate  master  curves,  one  for  high  stress  regime 
(Fig.  5)  and  another  for  low  stress  regime  (Fig.  6).  Both  these  master  curves  following  Eq.  (5)  are 
shown  in  Fig.  7.  The  first  observation  to  make  here  is  that  the  higher  value  of  P  =  15  observed  at  low 
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stresses  is  reflected  in  higher  values  of  (e-€0)/eT  in  the  transient  creep  region.  The  second  observation 
is  that  Eq.  (4)  is  valid  (i.e.  es.tos/eT  =  constant  ~  Cpc)  for  the  results  with  lower  value  of  Cpc  at  low 
stresses  and  the  onset  of  steady  state  is  indicated  by  the  vertical  arrows  in  Fig.  7. 

The  results  obtained  at  different  temperatures  obeyed  Eq.  (3),  Monkman-Grant  (MGR: 
€smtr=  constant)  and  modified  Monkman-Grant  (MMGR:esm't/ef=  constant  )  relationships.  The 
details  regarding  the  values  of  rupture  life  tr  and  strain  to  failure  ef  are  given  elsewhere  [14].  The 
validity  of  Eq.  (3)  along  with  MGR  and  MMGR  for  the  results  at  873  K  is  illustrated  typically  in  Fig. 
8,  the  values  of  ot,  m  and  m'  are  found  to  be  close  to  unity.  From  the  value  of  a  -  1,  we  show  the 
validity  of  Eq.  (4)  and  the  first  order  kinetics  for  9Cr-lMo  steel.  The  results  supporting  the  analogy 
between  Eq.  (4),  MGR  and  MMGR  are  in  agreement  with  those  reported  by  Phaniraj  et  al.  [13].  But 
the  interesting  observation  to  note  here  is  that  at  various  temperatures,  the  two  stress  regimes  with 
different  stress  exponents  are  manifested  as  separate  set  of  constant  values  of  transient  creep  constant 
Cpo  Monkman-Grant  constant  CMG  (CMG  =  es.tr)  and  modified  Monkman-Grant  constant  CMMG 
(^mmg  esV6f)  in  the  respective  stress  regimes.  CPG  was  found  to  be  0.35  and  1.35  in  the  low  and 
high  stress  regimes  respectively  (Fig.  8). 

It  is  observed  that  transient  and  steady  state  creep  are  related  by  a  single  master  creep  curve 
and  are  governed  by  a  first  order  kinetic  process.  The  different  stress  exponents  noticed  for  the  two 
stress  regimes  were  reflected  as  separate  master  creep  curves  with  different  values  of  p  and  transient 
creep  constant  Cpc.  Further,  the  differences  were  also  seen  in  the  behaviour  of  r  and  eT  in  the  two 
stress  regimes.  These  observations  suggest  that  though  creep  in  both  stress  regimes  is  governed  by 
dislocation  climb  controlled  first  order  process,  the  way  the  dislocation  structure  evolves  might  be 
different  in  the  respective  stress  regimes.  A  low  value  of  p  =4.1  observed  at  high  stresses  suggests 
that  the  steady  state  structure  is  closer  to  the  initial  structure,  whereas  at  low  stresses,  the  steady  state 
and  initial  structures  are  farther  apart  as  reflected  by  a  high  value  of  P  =  15.  The  results  imply  that  in 
these  stress  regimes  different  deformation  mechanisms  could  be  operative  right  from  the  beginning  of 
the  creep  test.  For  AISI  304  stainless  steel,  Phaniraj  et  al.  [13]  observed  separate  master  curves  with 
different  K  and  eT  values  in  the  two  stress  regimes  and  was  related  to  the  differences  in  dislocation 
substructures,  i.e.  cells  at  high  stresses  and  subgrains  at  low  stresses.  However,  it  is  important  to  recall 
that  they  obtained  a  single  value  of  P  for  both  the  stress  regimes.  The  different  p  values  observed  in 
this  study  further  support  the  explanation  put  forward  earlier  [1,2]  for  the  stress  dependence  of  es  that 
the  dislocation  climb  by-pass  around  particles  and  Orowan  bowing  are  the  dominant  deformation 
mechanisms  in  the  low  and  high  stress  regimes  respectively.  However,  at  high  stresses  bowing  of 
dislocations  around  particles  leaves  loops  that  generate  back  stress  and  at  some  stage  the  back  stress 
will  be  sufficient  to  prevent  further  bowing  of  dislocations  [15].  The  rate  of  creep  deformation  is  then 
determined  by  the  rate  at  which  the  loop  nearest  to  the  particle  climbs  over  and  gets  annihilated.  The 
annihilation  of  loop  allows  further  dislocation  bowing  to  form  another  loop  [1 5].  In  this  case  also  creep 
is  governed  by  climb  controlled  process.  Thus  creep  deformation  of  9Cr-lMo  steel  in  both  stress 
regimes  occurs  by  dislocation  climb  and  the  results  obey  first  order  kinetics. 

Conclusions 

The  following  principal  conclusions  can  be  drawn  from  the  present  investigation. 

1  The  results  in  the  temperature  range  773-873  K  and  in  the  stress  range  60-275  MPa  reveal  two 
stress  regimes  and  the  creep  data  follows  the  expression  (e-e0)/eT  =  [1-  exp{-  p'(P~  1)}  +  p'], 
where  p'  =  es.t/eT  >  0  is  regarded  as  a  parameter. 

2.  Results  in  both  the  stress  regimes  obey  first  order  kinetics  and  (e-e0)/eT  vs  p’  results  in  separate 
master  creep  curves,  one  for  low  stress  regime  with  P  =  15  and  another  for  high  stress  regime  with 
P  =  4.1. 
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3.  Similar  to  Monkman-Grant  and  modified  Monkman-Grant  relations,  the  results  obey  the 
relationship  between  transient  and  steady  state  creep  of  the  form  es.tos/eT  =  constant  -  Cpc,  with 
separate  values  of  Cpc  in  the  respective  stress  regimes. 
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Fig.  L  Plot  of  (e-€0)  vs  es.t  for  high  stress 
regime  at  793  K. 
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Fig.  2.  Plot  of  (e-e0)  vs  es.t  for  low  stress  regime 
at  793  K  yielding  a  single  master  curve. 
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Fig.  3.  Plot  of  initial  creep  rate  e{  against  steady 
state  creep  rate  es  showing  separate  p  values 
for  low  and  high  stress  regimes. 


Fig.  4.  Stress  dependence  of  rate  of  exhaustion  of 
transient  creep  r  and  steady  state  creep  rate  es  for 
results  at  793  K. 


Fig.  5.  Master  creep  curve  according  to  Eq.  (5)  Fig.  6.  Master  creep  curve  according  to  Eq.  (5) 

for  high  stress  regime  at  various  temperatures.  for  low  stress  regime. 
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p'  =  (4s.t)/€T 


Fig.  7.  Separate  master  creep  curves  for  low  and  high 
stress  regimes  with  P  =  15  and  4.1  for  the  respective 
regimes. 
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Fig.  8.  Analogy  of  Eq.  (4)  with  MGR  and  MMGR  for  tests  at  873  K  illustrating  separate 
values  of  Cpc  =  0.35  and  1.35  for  low  and  high  stress  regimes  respectively. 
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Abstract 

For  the  better  understanding  of  the  role  of  nitrogen  in  a  25Cr-20Ni-0.45Nb-0.2N  steel,  HR3C,  the 
creep  behavior  and  the  response  to  abrupt  stress  change  were  compared  with  those  of  a  Nb  and  N 
free  25Cr-20Ni  steel,  SUS310S,  and  the  effective  stress  level  of  HR3C  steel  was  examined  from  the 
stress  relaxation  curve  analysis.  It  was  found  that  the  combined  effect  of  a  small  amount  of  N  and 
trace  Nb  decreased  creep  rate  and  increased  creep  life  greatly,  and  the  instantaneous  plastic  strain 
was  not  discernible  in  HR3C  while  that  of  SUS301S  was  clearly  observed.  The  effective  stress  in 
total  flow  stress  was  found  to  be  about  1 5%.  From  these  results,  the  conclusion  was  drawn  that  the 
solution  nitrogen  in  HR3C  steel  forms  Cr-N  clusters  and  dislocations  drag  the  solute  atmosphere 
composed  of  Cr-N  clusters  behind  them. 

1.  Introduction 

The  20-25  Cr  series  steels  exhibit  higher  steam  oxidation  resistance  than  that  of  the  18Cr-8Ni 
series  steels,  however,  the  creep  strength  of  the  former  is  inferior  to  that  of  the  latter.  Based  on  this 
background,  an  attempt  has  been  made  to  improve  creep  strength  of  20-25Cr  series  steels.  Actually, 
HR3C  steel  is  an  improve  version  developed  from  a  25Cr-20Ni  series  steel  of  SUS310S.  The  basic 
concept  adopted  here  is  to  bring  about  the  stable  austenitic  structure  by  adding  0.2%  mass.  N 
instead  of  decreasing  Ni  contents  as  well  as  in  precipitation  strengthening  by  the  trace  addition  of 
Nb.  In  practice,  except  the  added  N  and  Nb,  the  chemical  composition  of  these  two  steels  is  much 
the  same,  however,  creep  strength  is  greatly  improved.  So  far  the  remarkable  increase  in  creep 
strength  is  ascribed  mainly  to  the  precipitation  strengthening,  however,  there  is  a  possibility  of 
contribution  from  chromium-nitrogen  clusters  to  solid  solution  strengthening,  which  inevitably 
increases  the  "inherent  creep  strength"  governing  creep  deformation  in  long  term  creep  region  [1]. 
Present  paper  will  compare  the  creep  characteristic  of  HR3C  with  that  of  SUS301S  and  throw  light 
on  the  contribution  from  chromium-nitrogen  clusters  to  solid  solution  strengthening  in  creep  of 
HR3C  steel. 


2.  Materials  and  Experimental  Procedures 


446 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


The  chemical  composition  of  HR3C  and  SUS310S  is  shown  in  Table  1.  Flat  specimens  used 
for  creep  tests  have  four  protrusions  in  both  ends  of  gage  section  to  place  an  extensometer  and  they 
were  electrospark  machined  from  as-received  tube.  The  gage  section  is  40  mm  in  length,  10  mm  in 
width  and  2  mm  in  thickness.  Creep  testing  was  carried  out  under  constant  load.  The  differential 
tests  were  conducted  using  an  electro  hydraulic  universal  tester  with  closed-loop  control  system. 
The  dimension  of  test  specimens  is  about  the  same  as  those  for  creep  tests.  The  spring  constant  of 
the  universal  tester  was  1.59  X 105  MPa  for  a  500  kgf  load  cell.  The  accuracy  of  extensometer  was 
better  than  1  micrometer.  The  temperature  and  stress  range  adopted  in  the  present  study  was  from 
923  K  to  973  K  and  254.9  to  343.2  MPa  for  HR3C  and  254.9  to  294.1  MPa  for  SUS310S. 


Table  1 .  Chemical  composition  of  tested  materials  (mass.%). 


HR3C 

Si 

0.4 

Mn 

1.2 

Ni 

20.0 

Cr 

25.0 

Nb 

0.45 

N 

0,2 

SUS310S 

1.6 

25.0 

- 

- 

3.  Experimental  Results 
3.1.  Creep  behavior 

Figures  1  and  2  are  the  examples  of  creep  curve  obtained  at  948  K  for  HR3C  and  SUS  30 IS 
steels,  respectively.  All  of  them  exhibit  normal  primary  creep,  which  is  convex  upward,  and  fail  to 
show  steady  state  creep.  This  is  because  all  creep  curves  were  obtained  under  constant  load.  It  is 
worth  to  note  that  the  creep  life  of  HR3C  is  about  100  times  longer  than  that  of  SUS310S  steel.  The 
results  are  not  shown  here  but  the  rupture  strain  of  the  former  was  about  6%  while  that  of  the  latter 
was  about  20  %. 


Time,  £/105s 

Fig.  1  The  creep  curve  of  HR3C  stainless  steel  at  948K 
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Strain  rate,  e  /s  True  strain. 
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Fig.  2  The  creep  curve  of  SUS310S  stainless  steel  at  948K. 
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Fig.  3  Relationship  between  strain  rate  and  true  strain  at  948K. 


Figure  3  shows  the  relation  between  logarithm  of  stain  rate  and  true  strain  tested  at  948  K. 
The  open  and  solid  marks  indicate  the  results  of  HR3C  and  SUS310S,  respectively.  It  is  seen  in  Fig. 
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3  that  the  relation  between  logarithm  of  strain  rate  and  true  strain  is  expressed  by  Eq.(l)  in  the 
region  of  tertiary  creep  except  a  final  stage  corresponding  to  the  onset  of  necking. 

In  £  =ln  £  0+£2  e  ,  (1) 

where  £  0  is  the  imaginary  initial  strain  rate  at  zero  strain  according  to  Eq.(l)  and  Q  is  the  slope  of 
the  line  in  Fig.  3.  The  magnitude  of  Q  of  HR3C  is  about  5  times  larger  than  that  of  SUS301S.  The 
temperature  and  stress  dependence  of  imaginary  strain  rate  was  expressed  in  the  form: 

l0=A0a0n°exp(-Q(/RD,  (2) 

where  n0  is  the  stress  exponent,  A0  is  the  constant,  a0is  the  initial  stress,  and  Q0  is  the  apparent 
activation  energy.  These  values  are  8.3,  4.64  X 1 0'10/s  and  330kJ/mol  in  this  order  for  HR3C,  and 
12.3,  6.42X10'9/s  and  478kJ/mol  for  SUS310S.  In  order  to  examine  the  validity  of  the  Eq.(l), 
calculated  strain  rates  from  Eq.(l)  were  compared  with  the  measured  values  and  it  was  ascertained 
that  the  calculated  values  agreed  well  wide  the  measured  values.  Minimum  creep  rate  is  generally 
employed  to  express  the  creep  characteristics  of  materials  so  that  the  temperature  and  stress 
dependence  of  minimum  creep  rates  was  also  formulated  similarly.  The  resultant  equation  is  as 
follows: 

£m=^;exp(-a/m  ©> 

where  n  is  the  stress  exponent,  Am  is  the  constant,  a0  is  the  initial  stress,  and  Qm  is  the  apparent 
activation  energy.  They  are  8.7, 1. 14  X 10*11  /s  and  315  kJ/mol  in  this  order  for  HR3C,  and  12.0,  3.55 
X10‘10/s  and  440kJ/mol  for  SUS310S.  Comparison  of  Eqs.  (2)  and  (3)  shows  that  the  stress 
exponent  and  activation  energy  for  imaginary  initial  creep  rate  are  much  the  same  as  those  for 
minimum  creep  rate. 

3.2.  Abrupt  stress  change 

When  dislocations  glide  viscously,  the  strain  increment  with  an  abrupt  stress  increase  is 
almost  equal  to  the  elastic  strain  corresponding  to  the  stress  increment.  On  the  other  hand,  when 
dislocations  glide  very  rapidly  until  they  encounter  their  glide  obstacles  (glide  in  a  free  flight 
fashion),  the  instantaneous  strain  increment  with  a  small  stress  increase  is  larger  than  that 
anticipated  from  elastic  strain.  Thereby,  to  examine  the  response  to  an  abrupt  stress  change  during 
creep  is  an  effective  measure  to  obtain  the  information  about  the  mode  of  dislocation  movement. 

Figure  4  shows  the  strain  increment  as  a  function  of  the  abrupt  stress  increment.  As  shown  in 
Fig.4,  the  strain  increment  changes  linearly  with  the  stress  increment  in  the  case  of  HR3C  while  it 
does  not  change  linearly  in  the  case  of  SUS301S.  Furthermore,  the  slope  of  strain  against  stress 
coincides  with  the  magnitude  anticipated  from  the  combined  Young’s  modulus  composed  of  the 
machine  stiffness  and  the  Young's  modulus  of  the  specimen.  It  is  in  contrast  to  this  in  the  case  of 
SUS310S  that  the  slope  of  strain  against  stress  is  larger  than  that  expected  from  the  combined 
young's  modulus,  and  that  the  elongation  is  lager  than  the  magnitude  anticipated  from  the  combined 
Young's  modulus.  This  clearly  indicates  that  the  dislocations  glide  viscously  in  HR3C  while  they 
travel  in  a  free  flight  manner  in  SUS310S. 


Stress  rela 
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3.3.  Stress  relaxation 

Figure  5  shows  the  stress  rates  of  HR3C  plotted  as  a  function  of  stress  during  stress  relaxation 
tested  at  948K  under  various  initial  stresses.  It  is  seen  that  the  stress  rate  is  approximately  linear  to 
stress  independently  of  initial  stress  levels.  As  shown  in  the  previous  section,  the  dislocations  glide 
in  a  Newtonian  viscous  manner  during  creep  of  the  HR3C  steel.  Under  this  circumstance,  the 
dislocation  velocity  is  proportional  to  the  effective  stress.  Assuming  that  the  mobile  dislocation 
density  and  the  internal  stress  remain  unchanged  during  the  early  stage  of  relaxation,  the  stress  rate 
(- d  a/dt)  is  expressed  as  follows  [  1  ] : 

-da/dt  =  <j)EcpmbB(o-o-X  (4) 

where  0  is  the  orientation  factor,  Ec  is  the  combined  Young's  modulus,  pm  is  the  mobile 
dislocation  density,  B  is  the  mobility  of  dislocations,  and  oi  is  the  internal  stress.  When  the 
assumption  is  valid,  the  internal  stress  level  can  be  determined  from  the  intercept  between 
horizontal  axis  and  the  linear  relation.  Thus  determined  internal  stress  is  given  in  the  Fig.  5  along 
with  the  corresponding  initial  stress.  Using  these  values,  it  was  found  that  the  fraction  of  internal 
stress  to  total  flow  stress  is  about  16.7  percent. 

4.  Discussion 

4.1.  Creep  life 

As  Table  1  shows,  the  chemical  composition  of  both  steels  is  about  the  same  except  a  small 
amount  of  N  and  Nb  added  exclusively  in  HR3C  steel.  The  amount  of  these  trace  elements  is  quite 
small,  however,  their  effect  on  creep  life  is  quite  large.  In  practice,  the  creep  life  of  HR3C  is 
increased  by  about  100  times  as  that  of  SUS310S. 

In  the  case  where  the  change  in  creep  rate  during  primary  creep  is  small,  namely  when  the 
creep  rate  is  approximately  expressed  by  Eq.(l)  over  an  entire  range  of  creep,  the  creep  life  is 
expressed  by  the  following  Eq.  (5). 

(5) 

According  to  Eq.  (5),  the  effect  of  trace  elements  can  be  divided  into  two  parts,  the  effect  on 
imaginary  initial  strain  rate  and  the  effect  on  the  magnitude  of  Q.  As  mentioned  previously,  the 
magnitude  of  Q  of  HR3C  is  about  5  times  as  large  as  that  of  SUS310S.  This  means  that  the  small 
amount  of  trace  elements  decreases  the  imaginary  initial  creep  rate  by  about  500  times  as  that  of 
SUS310S.  Such  remarkable  decrease  in  creep  rate  is  due  probably  to  the  production  of  fine 
precipitates  of  NbXN  in  the  matrix. 

4.2.  Stress  exponent 

The  stress  exponent  of  HR3C  is  about  8  while  that  of  SUS3 10S  is  about  12.  Among  these,  the 
stress  exponent  of  SUS310S  is  especially  larger  than  the  anticipated  values  for  single  phase  alloys. 
Actually,  Matsuo  et  al.[2]  reported  that  the  stress  exponent  of  5  for  17mass%  Cr-14  mass%  Ni 
stainless  steel  whose  interstitial  content  is  about  the  same  as  that  of  SUS310S  in  the  present  study. 
Furthermore,  one  naturally  anticipates  that  the  stress  exponent  of  HR3C  is  larger  than  that  of 
SUS310S  because  HR3C  contains  fine  precipitates,  however,  the  result  on  the  stress  exponent  is 
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reverse.  To  understand  the  unexpected  results,  the  strain  rate  range  was  examined  based  on  the 
criterion  proposed  by  Sherby-Burke[3],  who  have  shown  that  the  power  law  stress  region  breaks 
down  when  the  ratio  of  steady  creep  rare  divided  by  the  appropriate  diffusion  coefficient  reaches 
1013  /m2.  Above  this  value,  the  steady  state  creep  rate  becomes  greater  that  those  predicted  from  an 
extrapolation  of  intermediate  stress  range.  As  the  consequence,  the  stress  exponent  becomes  lager 
than  those  of  the  lower  stress  range.  Applying  the  criterion  for  power  law  breakdown  (PLB),  it  was 
found  that  the  strain  region  studied  by  Matsuo  et  al.  was  well  below  PLB,  however,  the  strain  rate 
region  for  SUS310S  was  nearly  equal  to  and  that  of  HR3C  was  just  below  PLB.  Thus,  the  reason 
for  the  relatively  large  stress  exponent  of  SUS310S  is  due  probably  to  the  higher  stress  region  than 
that  of  Matsuo  et  al. 

4.3.  Origin  of  dragging  stress 

It  was  made  clear  that  the  dislocations  in  HR3C  glide  viscously  although  they  glide  in  free 
flight  fashion  in  SUS301S.  In  this  section,  the  reason  for  the  viscous  motion  of  dislocations  in 
HR3C  will  be  discussed  hereafter.  For  the  first  of  all,  the  main  components  of  these  steels  are  Fe,  Cr 
and  Ni  and  only  a  small  amount  of  N  and  Nb  is  included  exclusively  in  HR3C.  It  is  well  established 
that  foreign  atoms  with  a  large  atomic  size  difference  to  a  solvent  atom  are  quite  effective  for  solid 
solution  hardening  at  elevated  temperatures,  and  W  and  Mo  are  typical  elements  for  solution 
hardening  of  heat  resistant  steels.  In  this  sense,  no  elements  effective  for  solid  solution  hardening 
are  included  as  a  main  component.  This  is  true  because  dislocations  in  SUS310S  glide  surely  in  a 
jerky  manner.  Apart  from  the  substitutional  elements,  a  nitrogen  atom  has  a  large  atomic  size 
difference  to  the  solvent  atom.  It  is  therefore  conceivable  that  nitrogen  atoms  interact  with  moving 
dislocations  due  to  an  elastic  interaction  and  extra  stress  is  needed  for  dislocations  to  drag  nitrogen 
atmosphere  around  them.  However,  single  dose  of  nitrogen  can  not  anticipate  so  much  of  the 
possible  hardening  effect  because  of  the  high  diffusivity  of  nitrogen  in  steel  at  elevated 
temperatures.  For  these  reasons,  the  precipitation  hardening  due  to  dispersed  fine  particles  and/or 
solution  hardening  due  to  substitutional-interstitial  atom  pair  are  the  candidates  to  explain  the 
remarkable  change  in  creep  rate  and  creep  life. 

As  mentioned  above,  the  atomic  size  difference  of  nickel  or  chromium  atom  is  so  small  that 
the  elastic  interaction  with  dislocations  can  not  be  expected.  However,  the  chemical  affinity  of 
nitrogen  to  chromium  is  relatively  strong  and  to  nickel  is  quite  small.  Therefore,  when  a  chromium 
atom  interacts  chemically  with  nitrogen  atom,  dislocations  have  to  drag  a  chromium-nitrogen  atom 
pair  (I-S  pair)  because  the  nitrogen  atom  clings  to  moving  dislocations  with  an  elastic  interaction.  In 
such  a  case,  the  velocity  of  dislocations  dragging  I-S  pairs  is  controlled  by  the  diffusivity  of 
substitutional  atoms,  which  is  much  slower  than  that  of  interstitial  atom.  Thereby  the  dragging  of  an 
I-S  atmosphere  may  contribute  to  the  solid  solution  hardening  at  elevated  temperatures. 

4.4.  Contribution  of  dragging  stress  to  flow  stress 

Microstructures  of  many  heat  resistant  steels  are  strengthened  by  various  mechanisms  and 
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they  are  not  thermally  stable.  Therefore,  heat  resistant  steels  lose  their  strength  as  the 
microstructures  become  deteriorated  during  the  long-term  service  and  finally  they  reach  the 
"inherent  creep  strength"  independent  of  time  [1].  From  this  viewpoint,  the  solid  solution  hardening, 
which  is  principally  independent  of  time  and  free  from  structural  degradation,  is  quite  important  to 
improve  "inherent  creep  strength". 

In  order  to  measure  the  effective  stress,  a  part  of  flow  stress  originated  in  solid  solution 
hardening  in  the  present  case,  the  various  methods  have  been  proposed  so  far.  These  methods  all 
assume  that  the  mobile  dislocation  density  and  internal  stress  or  deformation  structures  remain 
unchanged  during  the  measurements  of  effective  stress.  Therefore,  the  stress  relaxation  curve 
analysis  was  employed  in  the  present  study  because  the  time  necessary  for  the  measurements  of 
effective  stress  is  relatively  short  in  comparison  with  other  methods.  Actually,  the  time  needed  to 
measure  an  internal  stress  level  is  about  0.5  s  in  the  present  case.  As  shown  in  section  3.3,  the 
contribution  from  solid  solution  strengthening  to  total  flow  stress,  which  was  ascribable  to  the 
dragging  of  chromium-nitrogen  clusters,  was  a  noticeable  fraction  of  flow  stress  of  about  16.7%. 
In  practice,  the  numerical  calculation  [5]  shows  that  the  dragging  stress  depends  on  dislocation 
velocity  so  that  the  fraction  of  effective  stress  is  supposed  to  be  smaller  in  low  strain  rate  ranges, 
however,  the  contribution  from  the  solid  solution  strengthening  ascribable  to  chromium-nitrogen 
clusters  cannot  be  disregarded. 

5.  Summary 

To  make  clear  the  role  of  nitrogen  in  the  25Cr-20Ni  series  of  HR3C  steel  containing  N  and 
Nb,  creep  behavior  under  constant  load,  the  response  to  the  abrupt  stress  change  and  stress 
relaxation  behavior  were  compared  with  those  of  SUS310S,  a  20-25Cr-20Ni  series  steel  free  from 
N  and  Nb.  The  results  obtained  are  as  follows; 

(1)  Addition  of  0.2  mass  %  N  and  trace  element  of  Nb  increased  creep  life  by  a  factor  of  100  times 
and  decreased  the  imaginary  initial  strain  rate  by  about  500  times. 

(2)  Instantaneous  plastic  strain  was  observed  on  abrupt  stress  change  in  SUS310S  while  it  was 
absent  in  HR3C.  This  indicates  dislocations  travel  in  a  free  flight  manner  in  the  former  and  the 
effective  stress  of  the  latter  is  negligible. 

(3)  From  the  analysis  of  stress  relaxation  curve,  the  effective  stress  to  total  applied  stress  was  found 
to  be  about  16.7  %.  The  origin  of  effective  stress  was  ascribable  to  the  stress  needed  for 
dislocations  to  drag  the  solute  atmosphere  of  Cr-N  clusters  behind  them. 
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1  Synopsis 

There  is  a  world-wide  substantial  demand  to  increase  the  application  temperature  and  design 
stresses  of  advanced  creep  resistant  ferritic-martensitic  9-12%  Cr  steels  to  increase  the  efficiency 
of  thermal  power  plants.  These  alloys  show  during  service  conditions  pronounced  microstructural 
changes  in  the  aged  as  well  as  in  the  stressed  conditions.  Therefore  an  intensive  investigation  and 
modelling  of  the  microstructure  of  the  cast  steel  material  G-X12CrMoVWNbN10-l-l,  was 
applied  to  understand  the  mechanisms.  Hardness  tests,  optical  microscopy,  TEM  methods  and 
thermodynamic  equilibrium  phase  diagram  calculations  were  performed.  By  means  of  the  EFTEM 
(Energy  filtering  TEM)  method  a  quantification  of  the  precipitation  sequence  of  M23C6,  MX, 
Laves  Phase  and  Z  -  Phase  could  be  established  at  600°C  as  a  function  of  exposure  time. 

A  new  approach  ("Graz  Model")  was  proposed  for  the  improvement  of  the  creep  resistant  alloys  in 
terms  of  the  aJy  -  transformation  temperature  and  diffusion  behaviour  respectively,  which 
influence  the  microstructural  stability.  Both  were  found  as  important  influencing  factors. 

2  Introduction 

There  is  a  substantial  and  growing  interest  in  power  plants  with  relatively  high  process 
temperature  and/or  pressures  to  improve  the  thermal  efficiency  and  reduce  CO2  emissions. 
Materials  with  ferritic/martensitic  microstructures  (9-12%  Cr  steels)  are  preferred  because  of  their 
favourable  physical  properties  such  as  good  thermal  conductivity  and  low  coefficient  of  thermal 
expansion  coupled  with  higher  resistance  to  thermal  shock. 

In  Europe  mainly  in  the  European  research  action  COST  501  [1]  different  grades  of  advanced  9  to 
12  %  Cr  steels  containing  tungsten  and  molybdenum  were  developed  for  the  following  grades, 
E91 1  designed  for  tubes  and  pipes  and  similar  grades  for  forgings  and  G-X12  CrMoVNbN  10-1-1 
designed  for  castings. 

The  intention  of  this  paper  is  to  outline  the  basic  microstructural  changes  that  have  the  recently 
developed  9-12%  Cr  steels  in  common  using  the  results  gained  from  extensive  investigations  on  a 
tungsten  alloyed  modem  cast  steel  G-X12  CrMoWVNbN  10-1-1.  The  experimental  study  was 
performed  on  broken  creep  rupture  specimens  run  at  600°C  up  to  33000  h  and  a  material  in  the 
virgin  condition  with  a  final  heat  treatment  of  720°C  for  9h.  The  chemical  composition  of  G- 
X12  CrMoWVNbN  10-1-1  is  given  in  Table  1. 

3  Experimental  observations  during  long  term  exposure 

It  is  well-known  that  creep  resistant  materials,  mainly  type  9  to  12  %  chromium  steels,  show 
significant  changes  in  different  properties  and  behaviour  during  exposure  at  high  temperature.  In 
addition  these  changes  may  differ  whether  the  material  is  strained  during  exposure  or  merely  aged. 
Although  these  microstructural  changes  are  hardly  detectable  with  the  light  microscope,  hardness 
measurements  along  longitudinal  cross  sections  of  creep  samples  exposed  for  different  times  and 
temperatures  show  a  clear  drop  in  hardness  especially  in  the  strained  shank  sections.  From  that  it 
can  be  concluded,  that  microstructural  changes,  namely  a  precipitation  and  growth  of  particles  and 
a  rearrangement  of  dislocations  yielding  the  drop  in  hardness  predominately  in  the  strained  section 
of  the  exposed  materials. 
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3.1  Transmission  Electron  Microscopy  (TEM) 

To  reveal  these  microstructural  parameters  transmission  electron  microscopic  (TEM) 
investigations  had  to  be  performed  using  materials  in  the  "as  received"  condition  as  well  as  in 
different  exposed  or  exposed  and  strained  conditions  in  order  to  study  the  microstructural 
development  as  a  function  of  exposure  parameters.  TEM  studies  were  preferably  conducted  on 
thin  foils  to  reveal  interactions  between  precipitates  and  dislocation  structure.  Further  details  about 
technical  matters  are  given  in  [3] 

Figure  1  compares  the  TEM  bright  field  image  of  the  “as  received”  condition  (quenched  and 
tempered)  of  G-X12CrMoWVNbN  10-1-1  with  the  aged  and  crept  condition  (head  and  shank 
portion  of  creep  samples)  .  This  series  of  TEM  images  shows  clearly  that  drastic  microstructural 
changes  appear  in  the  sub-microstructure  of  these  materials  which  will  be  discussed  in  the 
following. 


Figure  1:  Typical  TEM  microstructure  of  material  G-X12  CrMoWVNbN  10-1-1,  left:  "as  received"  condition; 
middle :  aged  at  600°C ■  3341 Oh;  right:  crept  at  600°C,  33  41 Oh,  IIOMPa 


In  the  "as  received  condition"  very  fine  lath  boundaries  which  showed  in  the  TEM  bright  field 
image  a  high  dislocation  density  and  a  number  of  small  precipitates  relatively  continuously 
distributed  over  the  cross  section  was  detected.  Distinct  changes  in  the  microstructure  can  be 
noticed  as  a  function  of  ageing  and  creep  exposure.  Notable  growth  of  precipitates  can  be 
observed  as  well  as  recovery  of  the  martensitic  lath  structure  of  the  "as  received"  condition  to  a 
reordering  of  subgrains  and  growth  of  subgrains  as  a  result  of  creep  conditions  (temperature, 
strain/stress,  time).  It  is  also  obvious  that  the  aged  condition  shows  less  recovery  compared  to  the 
crept  condition. 

Special  emphasis  was  given  to  the  description  of  the  state  of  precipitates.  Detailed  investigations 
of  precipitates  were  necessary.  In  Figure  2  typical  examples  of  most  common  precipitates 
occurring  in  these  types  of  steels  are  shown.  They  can  be  identified  i.e.  using  their  EDX-spectra 
depicted  in  Figure  2.  Figure  2a  shows  the  typical  appearance  of  a  M23C6  carbide.  From  this  picture 
it  can  also  be  derived  that  M23C6  carbides  are  acting  as  obstacles  for  the  movement  of  subgrain 
boundaries.  In  Figure  2b  a  typical  Laves  Phase  particle  is  shown  which  appears  normally  on  both 
lath-  and  subgrain-  boundaries  or  in  the  centre  of  subgrains  in  the  exposed  material. 

Typical  MX  precipitates  are  smaller  than  M23C6  or  Laves  phase  (Figure  2c)  and  react  with 
dislocations.  In  the  lower  part  of  Figure  2  EDX-spectra  of  the  investigated  particles  are  shown  as 
well  as  the  composition  of  the  matrix  for  comparison. 

Using  the  methods  discussed  above,  only  single  precipitates  can  be  identified  definitely.  For  a 
better  identification  of  the  appearance  and  statistical  distribution  of  the  different  types  of 
precipitates  other  methods  must  be  used. 
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Figure  2;  TEM-micrographs  and  EDX-spectra  of  investigated  particles  in  G-X12  CrMoWVNbN  10-1-1;  a) 
M23C6  pinning  a  subgrain  boundary,  b)  Laves  Phase,  c)  fine  MX-particles 


3.2  The  EFTEM  method 

The  energy  filter  GIF  (Gatan  imaging  filter)  analyses  the  energy  spectra  of  inelastic  scattered 
electrons  crossing  the  sample.  It  allows  the  selection  of  an  energy  window  which  can  be  used  to 
establish  images.  A  special  advantage  of  this  energy  filter  is  that  a  two-dimensional  distribution  of 
the  chemical  elements  in  small  regions  of  the  substrate  is  represented  with  very  high  resolution 
(about  2  nm)  within  short  time  (seconds  to  minutes).  Detailed  information  about  the  applicability 
of  EFTEM  on  steels  can  be  taken  from  Ref.  [2,  3]. 
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Figure  3:  Example  for  an  EFTEM  investigation  of  a  test  piece  made  of  G-X12  CrMoWVNbN  10-1-1  after 
996h  ageing  at  600° C 


Figure  3  shows  an  example  of  EFTEM  images  of  a  test  piece  of  G-X12  CrMoVNbN  10-1-1 
exposed  for  996  hours  at  600°C.  In  addition  to  the  well-known  bright  field  image  which  is 
displayed  in  the  left-hand  comer  of  Figure  3,  EFTEM  images  including  the  distribution  of  iron, 
chromium,  molybdenum  and  vanadium  are  depicted.  Bright  areas  represent  the  respective 
element.  Since  these  images  are  a  result  of  the  electron  energy  loss  spectroscopy  and  not  gained 
by  optical  effects,  coherent  particles  are  visible  as  well  as  incoherent  particles.  By  selection  of 
chemical  elements  representative  of  a  precipitate  population  the  actual  state  of  precipitation  can  be 
made  visible  without  relying  on  orientation  effects  of  different  particles.  In  the  case  shown  in 
Figure  3  the  chromium  rich  particles  represent  M23C6  carbides,  the  molybdenum  or  tungsten  rich 
particles  Laves  Phase,  and  the  vanadium  rich  particles  the  MX  (VN)  precipitates.  Using  image 
analysis  the  respective  distribution  image  of  the  elements  can  be  used  to  quantify  the  distribution 
of  the  particle  size  of  any  specific  population  of  precipitates  that  occur  in  the  investigated  material 
as  long  as  they  differ  clearly  in  their  chemical  composition. 

4  Quantification  of  precipitates 

By  using  the  EFTEM  method  a  clear  distinction  between  the  different  populations  of  precipitates 
could  be  performed. 

Detailed  investigations  of  different  conditions  starting  with  the  "as  received"  condition  and  steps 
of  976,  5014  and  33410  hours  exposure  time  are  depicted  in  Figure  4.  Because  of  the  clear 
EFTEM  -  distinction  between  the  different  types  of  precipitates,  not  only  the  distribution  of  each 
single  precipitate  family  could  be  measured  but  also  the  development  of  the  distributions  as  a 
function  of  ageing  could  be  revealed. 

Generally  it  was  observed  that  the  measured  distributions  follow  mainly  a  log  normal  frequency 
curve  [4]. 
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Figure  4:  Distributions  of  M23C6,  VN,  and  Laves  phase  particles,  "as  received"  condition  and  aged  for 
976h ,  501 4h  and  33410  h  at  600°C  (material  G-X12  CrMoWVNbN  10-1-1) 


In  the  "as  received"  condition  only  M23C6  and  MX  (in  this  case  as  VN)  were  seen  to  be  present. 
After  976  hours  exposure  two  new  phases  were  noted,  Laves  Phase  in  a  statistical  distribution  and 
single  measurements  ofNb(CN)  precipitates.  It  is  clearly  seen  that  the  distribution  of  Laves  Phase 
and  M23C6  show  more  or  less  the  same  shape.  This  means  that  by  using  conventional  TEM 
technique  these  two  populations  can  be  easily  confused  up.  After  5.014  hours  a  limited  widening 
of  the  distribution  of  M23C6  could  be  recognised.  More  pronounced  is  the  growth  of  Laves  Phase 
precipitates  mainly  perceived  in  the  mean  value  but  also  in  the  width  of  the  distribution.  Single 
Laves  phase  precipitates  already  reach  a  size  of  about  400  nm.  After  33.000  hours  a  logarithmic 
normal  distribution  of  the  three  main  types  of  precipitates  could  be  apprehended  and  the  mean  size 
of  Laves  Phase  already  reached  approximately  300  to  350  nm  in  diameter. 

A  relatively  new  apprehension  in  the  precipitation  state  of  9-12%  Cr  steels  is  the  appearance  of  Z- 
Phase  [5].  The  Z-Phase  in  these  types  of  steels  contain  high  concentrations  of  chromium  and 
vanadium.  The  phase  occurred  in  the  EFTEM  element  distribution  images  both  in  the  Cr-  and  in 
the  V-distribution.  Thus  a  separation  from  Cr-rich  M23C6  carbides  and  V-rich  MX-particles  were 
easily  possible . 

The  chromium  and  vanadium  rich  Z-Phase  was  first  observed  after  121 18  h  creep  rupture  time  in 
the  shank  region  and  after  33.410  hours  creep  rupture  time  in  the  head  as  well  as  in  the  shank 
region  of  the  sample. 

From  the  results  of  Figure  4  it  can  be  derived  that  Laves  Phase  shows  a  monotonic  growth 
behaviour.  This  is  depicted  in  Figure  5:  The  growth  behaviour  of  Laves  Phase  can  be 
approximated  by  a  simple  cubic  growth  law  r(t)3  -  r0J  =  kt. 

However  for  M23C6  carbides  and  VN  especially  at  long  term  exposure  no  clear  growth  or 
enlarging  behaviour  could  be  observed.  On  the  contrary,  there  are  some  hints  that  the  appearance 
of  Z-Phase  might  influence  the  stability  of  the  Cr-rich  M23C6  carbides  but  mainly  that  of  V-rich 
VN. 
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Figure  5:  Boxplots  of  the  equivalent  particle  diameter  of  Laves  phase  after  different  ageing  periods  at 
600° C,  comparison  with  a  fit  curve  based  on  a  cubic  growth  law 
(material  G-X12  CrMoWVNbN  10-1-1) 

5  New  approaches  for  the  development  of  high  creep  resistant  martensitic  steels 

From  the  above  mentioned  observations  it  can  be  deduced  that  the  stability  of  the  microstructure 
might  be  the  main  influencing  factor  for  the  sustainability  of  creep  strength  under  long  time 
exposure:  The  higher  the  microstructure  stability  of  the  alloy  under  consideration,  the  higher  the 
creep  strength  under  long  term  exposure  can  be  foreseen. 

Therefor  thermodynamic  stability  calculations  of  the  microstructural  behaviour  of  different  alloys 
were  performed  by  the  authors  using  the  computer  programs  Thermo  Calc  [6]  and  Dictra  [7]. 

5.1  Stability  based  alloy  development  “Graz  Model” 

5.1.1  Influence  of  Transformation  Temperatures 

As  already  mentioned  above,  the  microstructural  stability  seems  to  be  one  of  the  most  important 
factors  influencing  the  long  term  creep  behaviour  of  modem  9-12%  Cr  steels.  The  experimental 
observations  of  test  alloys  investigated  in  the  European  research  program  COST  501  Round  II  and 
Round  III  showed  that  the  alloy  known  as  B2  [8]  (chemical  composition  see  Table  1)  showed  very 
good  creep  resistance  even  under  very  long  exposure  times  (>  40.000  h).  Microstructural 
investigations  using  TEM  depicted  high  dislocation  density  even  in  the  long  term  exposed 
condition. 

Through  an  investigation  of  the  possible  reasons  or  causes  for  this  condition  the  well  known 
homologous  temperature  concept  was  used.  The  homologous  service  temperature  depicts  the 
distance  between  the  service  temperature  and  the  transformation  temperature  (which  describes  the 
stability)  of  the  phase  in  which  the  service  occur.  The  body  centered  cubic  (bcc)  and 
ferritic/martensitic  phase  starts  to  decompose  at  Aei  and  is  fully  decomposed  at  Ae3.  These 
temperatures  were  used  as  a  stability  criterion.  Using  this  approach  the  creep  strengths  at  600  and 
650°C  of  different  alloys  investigated  in  the  COST  Round  III  and  other  representative  alloys  were 
plotted  in  relation  to  the  equilibrium  transformation  temperature  Aei.  Parameters  are  the  creep 
strengths  at  different  times  from  100  to  100.000  hours,  designated  as  Rm/ioo,  Rm/iooo  ex.. 

Figure  6  shows  a  good  coincidence  between  creep  strengths  at  600  and  calculated  equilibrium 
transformation  temperature  [9].  The  equilibrium  transformation  temperature  was  calculated  using 
Thermo  Calc.  The  ranking  of  this  temperature  was  verified  by  experimental  investigations.  The 
higher  the  transformation  temperature  the  higher  was  the  observed  creep  strength.  Also  it  could  be 
observed  that  the  difference  in  short  term  creep  behaviour  caused  by  different  annealing 
conditions  (i.e.  alloys  D  and  E)  disappear  after  long  term  creep  exposure. 
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In  a  more  detailed  approach  explained  in  [9]  the  Curie  Temperature  was  found  to  be  the  most 
important  factor  influencing  the  diffusion  controlled  micro  structural  stability. 


CREEP  STRENGTH  AT  600°C 


Rm/100 
"'n"-  Rm/1000 
^  Rm/10000 
R  m/30000 
Rm/1  OOOOO 


Figure  6:  Influence  of  the  equilibrium  transformation  temperature  Ae1  on  the  creep  strength 


Table  1:  Chemical  composition  of  the  investigated  material  G-X12CrMoWVNbN1 0-1-1  and  typical  values 
of  other  9-12%  Cr  steels  [1] 


C 

Cr 

Mo 

V 

W 

Nb 

B 

B2 

0.17 

9.34 

1.55 

0.27 

0.012 

0.063 

0.01 

E91 1 

0.12 

8.7 

0.97 

0.2 

0.96 

0.062 

NF616 

0.124 

9.07 

0.46 

0.19 

1.78 

0.063 

0.003 

P91 

0.096 

8.41 

0.93 

0.2 

0.065 

0.0005 

FI 

0.13 

10.18 

1.49 

0.2 

0.02 

0.06 

0.003 

El 

0.11 

11.1 

1.13 

0.2 

0.51 

0.06 

0.003 

E2 

0.13 

10.2 

1.1 

0.2 

0.9 

0.03 

CT  (G-X1 2CrMoWVNbN1 0-1  -1 ) 

0.13 

10.5 

1.03 

0.23 

1.01 

0.066 

C 

0.13 

10.6 

1.02 

0.21 

0.07 

D2 

0.12 

10.25 

0.32 

0.2 

1.81 

0.06 

X20 

0.2 

11 

0.85 

0.27 

More  accurate  calculations  can  be  carried  out  using  approaches  which  verify  details  like  the  actual 
chemical  composition  including  the  state  of  precipitates. 

The  precipitation,  growth  and  coarsening  of  precipitates  as  well  as  the  recovery  processes  of 
dislocations  are  principally  diffusion  controlled  processes.  In  the  case  of  precipitation  we  have 
mass  transport  of  alloying  elements  as  the  main  influencing  factor. 

5.1.2  Diffusion  parameters 

In  connection  with  a  mobility  data  base  the  computer  program  Thermo  Calc  allows  the  calculation 
of  diffusion  coefficients  (substitutional  and  interstitial)  of  different  alloys.  Figure  7  [10]  shows  the 
diffusion  coefficients  for  self  diffusion  (left)  and  the  diffusion  coefficients  for  chromium  in  ferrite 
(right)  for  three  alloys  P91,  NF616/P92  and  B2.  As  a  consequence  it  can  be  perceived  that,  as 
expected,  the  diffusion  in  the  high  creep  resistant  alloys  is  less  pronounced  than  in  the  lower  creep 
resistant  alloys.  A  clear  ranking  of  the  grades  P91,  NF616/P92  and  B2  is  apprehended.  By  using 
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this  approach  the  recognised  higher  microstructural  stability  of  the  higher  creep  resistant  alloys  is 
supported  by  the  low  diffusion  rates. 

THERMO-CALC  (98. 1.19:16. 3) :  Fe  Diffusion  THERMO-CALC  (98. 4.  8:16.10)  :Cr  Diffusion 


Figure  7:  Calculated  diffusion  coefficients  for  different  steel  grades:  a)  self  diffusion,  b)  diffusion  coefficient 
for  chromium  in  ferrite 

6  Conclusions 

On  the  material  G-X12CrMoWVNbN-10-l-l  it  has  been  shown  using  specimens  crept  up  to 
33410  h  at  600  °C  that  the  main  degradation  mechanism  is  the  coarsening  of  the  subgrain  structure 
accompanied  by  the  growth  and  coarsening  of  different  precipitates.  The  size  distributions  of 
M23C6-  and  VN-precipitates  as  well  as  of  the  Laves  phase  were  established  as  a  function  of  ageing 
time.  Once  these  precipitates  are  nucleated  their  impact  on  creep  strength  strongly  depends  on 
their  growth  and  coarsening  behaviour. 

To  retard  this  for  9-12%  Cr  steels  generic  mechanism,  a  new  concept  for  the  development  of 
optimised  9-12%  Cr  steels  were  derived  from  aspects  of  microstructure  stability.  Thermodynamic 
calculations  showed  that  a  selection  of  promising  alloy  composition  leading  to  the  same  kind  of 
precipitates  should  be  based  on  high  transformation  temperature  and  low  diffusibility  of  the  main 
alloying  elements. 
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Abstract 

Effects  of  solute  elements,  Mo,  Mn,  and  Cr,  on  the  creep  strength  were  examined  by  Fe-M-C 
(M=Mo,  Mn,  and  Cr)  and  Fe-C  alloys  in  view  of  M-C  atomic  pairs.  The  largest  strengthening  effect 
was  obtained  by  the  addition  of  Mo  to  the  Fe-C  alloy,  and  Mn,  and  Cr  showed  almost  the  same 
strengthening  effects  in  creep  tests  at  773K.  Measurements  of  instantaneous  elongation  and 
contraction  as  a  function  of  stress  change  revealed  the  existence  of  instantaneous  plastic  strain 
during  steady  state  creep  in  all  alloys.  This  indicates  that  the  steady  state  creep  is  controlled  by 
recovery  as  in  pure  metals.  For  all  alloys,  the  values  of  about  230GPa  were  obtained  as  the 
coefficient  of  strain  hardening  by  the  method  proposed  by  Ishida  and  McLean.  The  recovery  rate,  r, 
the  coefficient  of  strain  hardening,  h,  and  the  steady  state  creep  strain  rate,  e,  satisfied  the  Bailey- 
Orowan  relationship  in  all  alloys.  These  results  indicate  that  the  alloying  element  affects  mainly  the 
recovery  rate.  From  analysis  by  the  model  proposed  by  Sandstrom,  it  is  concluded  that  M-C  pair 
reduces  the  climb  velocity  of  dislocations  due  to  large  interaction  energies  with  dislocations.  The 
magnitude  of  the  reduction  can  be  estimated  from  the  binding  energy  between  M  and  C  atoms  and 
the  diffusion  coefficient  of  M  atom.  The  co-segregation  of  M  and  C  atoms  on  edge  dislocations  is 
predicted  by  thermodynamic  analysis,  and  it  is  pointed  out  that  this  may  result  in  the  apparent 
reduction  of  the  dislocation  climb  velocity  even  in  alloys  containing  very  limited  amount  of  alloying 
elements. 

1.  Introduction 

Kimura  et  al.  [1]  have  proposed  a  new  concept  of  inherent  creep  strength  as  a  determining  factor 
of  a  long  term  creep  strength  of  ferritic  steels.  From  the  analyses  of  NRIM  Creep  Data  Sheets,  they 
have  found  that  the  creep  strength  of  ferritic  steels  decreases  and  converges  to  the  same  strength 
level,  inherent  creep  strength,  by  losing  effects  of  precipitation  hardening,  work  hardening,  and  so 
on.  Here,  in  the  long  term  creep  region,  the  time  independent  factor  such  as  the  solid  solution 
strengthening  should  play  an  important  role.  We  have  examined  the  effect  of  solid  solution 
strengthening  due  to  minute  solute  elements  on  the  long  term  creep  strength  of  carbon  steels  from 
viewpoint  of  M-C  atomic  pairs  between  a  substitutional  solute  atom,  M  and  an  interstitial  solute 
atom,  C.  We  have  found  [2]  a  good  correlation  between  the  long  term  creep  strength  and  the 
concentrations  of  Mo-C  and  Mn-C  atomic  pairs  in  the  ferrite  matrix  estimated  by  thermodynamic 
calculations.  This  result  suggests  that  the  solid  solution  strengthening  due  to  M-C  atomic  pairs  plays 
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an  important  role  in  the  long-term  creep  tests  of  ferritic  steels.  Thus  it’s  necessary  to  optimize  the 
chemical  compositions  of  alloys  with  the  effect  of  M-C  atomic  pairs  in  order  to  improve  long-term 
creep  properties  of  ferritic  steels. 

The  strengthening  mechanism  due  to  solute  atoms  depends  on  the  creep  mechanism  of  alloys.  In 
the  case  of  pure  metals  where  the  glide  motion  of  dislocations  is  by  the  free-flight  process,  the  rate 
controlling  process  is  a  recovery  process  due  to  a  climb  of  edge  dislocations.  On  the  other  hand,  in 
some  kinds  of  solid  solution  alloys  [3],  a  viscous  glide  of  dislocations  is  the  rate  controlling  process 
of  creep  because  of  a  large  dragging  stress  due  to  solute  atmosphere.  In  the  case  of  Fe-2.1at%Mo 
alloy  [4],  it  has  been  reported  that  a  creep  rate  controlling  process  changes  from  the  pure  metal  type 
to  the  alloy  type  depending  on  the  applied  stress. 

In  the  case  of  ferritic  steels  containing  interstitial  solute  elements,  it  has  been  said  that  M-C 
and/or  M-N  pairs  have  a  strong  strengthening  effect.  Ishida  and  McLean  [5]  have  reported  that  Mn- 
N  atomic  pair  decreases  the  dislocation  climb  rate  in  Fe-Mn-N  alloys.  However  the  strengthening 
mechanisms  due  to  these  atomic  pairs  have  not  been  made  clear  and  the  quantitative  evaluations 
have  not  been  done  for  the  strengthening  effect  of  each  atomic  pair. 

In  this  study,  the  effect  of  solute  atoms  on  the  creep  properties  in  Fe-M-C  (M=Mo,  Mn,  Cr) 
ternary  systems  has  been  studied  from  viewpoint  of  M-C  atomic  pairs.  And  the  effect  of  each  M-C 
pair  has  been  evaluated  in  terms  of  binding  energy  of  M-C  pair  and  difrusivity  of  M  atom. 


2.  Experimental  procedure 

Table  1  Chemical  compositions  of  the  alloys  (at%)  used. 

Fe-M-C  (M=Mn,  Mo,  and  Cr)  alloys  and 
an  Fe-C  binary  alloy  were  prepared  from 
high  purity  metals,  99.97%Fe,  99.99%Mo, 

99.99%Mn,  and  99.99%Cr.  Ingots  were  hot- 
pressed  at  1373K  to  a  reduction  of  40%,  and 
cold-rolled  to  a  reduction  of  90%.  Creep 
specimens  with  a  gauge  length  of  30mm  and  S,P<0.0002,  N<0.0020 
a  diameter  of  6mm  were  machined  from 

rods  after  annealed  at  1523K  for  5h.  An  average  grain  size  of  specimens  was  about  0.5mm. 
Chemical  compositions  of  alloys  are  shown  in  Table  1.  The  creep  tests  were  performed  at  773K, 
and  973K  under  Ar  gas  atmosphere.  Since  there  was  large  difference  of  creep  strength  among 
specimens,  the  applied  stress  was  chosen  in  the  range  from  10  to  135MPa  so  that  the  steady  state 
creep  was  reached  within  200h.  The  sudden  stress  increment  test  proposed  by  Oikawa  et  al.  [3]  was 
carried  out  in  order  to  confirm  the  rate 


controlling  process.  In  this  method,  the  initial 
applied  stress  was  changed  by  cutting  wires 
holding  loads  at  the  both  ends  of  a  lever 
during  the  steady  state  creep.  The  recovery 
rate  was  measured  by  the  stress  decrement 
test  proposed  by  Mitra  and  McLean  [6]. 

3.  Results  and  Discussion 

3.1  Creep  curve 


Carbides  were  not  observed  in  optical 
micrographs  of  specimens  before  creep  tests. 
The  grain  growth  was  not  observed  during 


102  103  104  105  106 
Time,  t  /s 

Fig.  1  Time  dependence  of  creep  strain  rates  of  Fe-C, 
Fe-Mo-C,  Fe-Mn-C  and  Fe-Cr-C  alloys  at  773K. 
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creep  tests.  Figure  1  shows  results  of  creep  tests  at  773K.  All  specimens  showed  the  same  type  of 
creep  curves.  In  Fig.l,  the  strain  rate  (log  e)  linearly  decreases  with  creep  time  (log  t)  in  the 
transient  creep  stage,  which  is  a  characteristic  of  pure  metal  type  behavior.  Strain  rates  of  Fe-Mn-C 
and  Fe-Cr-C  alloys  are  roughly  the  same  under  42MPa.  Although  the  comparison  of  creep  rate 
among  alloys  is  impossible  because  of  different  applied  stresses,  Mo  is  the  most  effective 
strengthening  element  because  the  steady  state  creep  rate  of  the  Fe-Mo-C  alloy  under  135MPa  is 
similar  to  those  of  Fe-Mn-C  and  Fe-Cr-C  alloys  under  much  lower  stress  of  42MPa. 


3.2  Stress  change  tests 


The  rate  controlling  process  of  creep 
deformations  can  be  classified  into  two  types.  One 
is  a  recovery  process  due  to  a  climb  of  edge 
dislocations,  and  the  other  is  a  viscous  glide  of 
dislocations.  The  effect  of  solute  elements  on  the 
creep  behavior  varies  depending  on  the  rate 
controlling  process.  Then,  at  first,  it  is  necessary  to 
confirm  the  rate  controlling  process  in  the  creep 
behavior  of  each  alloy  in  order  to  evaluate 
quantitatively  the  effect  of  solute  atoms.  In  this 
study,  the  sudden  stress  increment  test  was  carried 

out  to  examine  the  rate  controlling  process. 

Figure  2  shows  an  example  of  the 
instantaneous  elongation  (AL+)  and  E 

contraction  (AL)  caused  by  the  sudden  §6‘ 

stress  change  by  Ag  in  the  Fe-Mo-C  alloy.  g  f4. 

Figure  3  shows  the  instantaneous  |  | 

elongation  and  contraction  as  a  function  of  J  l2 ' 

Ag  for  all  alloys.  For  all  alloys,  the  0* 
instantaneous  elongation  is  larger  than  the  0 

instantaneous  contraction  at  the  same  Ag,  8- 
suggesting  the  existence  of  instantaneous  I 

plastic  strain.  Thus,  it  is  concluded  that  the  s 

rate  controlling  process  of  creep  |  14- 

deformations  in  the  present  study  is  the 
recovery  process  due  to  the  climb  of  *  ^ 
dislocations  in  all  alloys.  ojj 

The  recovery  rate,  r,  is  measured  by 
means  of  the  stress  decrement  test.  When  3 
the  initial  stress  is  decreased  by  Ag,  an  contra 
incubation  period  (At)  is  observed  before  during 
the  start  of  deformation  with  a  strain  rate  C  and 
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Act-  8.1  MPa 


250  300 
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Fig.2  Examples  of  time-displacement  recordings  in 
stress  change  tests  during  creep  of  Fe-0.20at%Mo- 
0.030at%C  alloy  under  135MPa  at  773K. 
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F  ig.  3  Apparent  instantaneous  elongation,  AL+,  and 
contraction,  AL',  as  a  function  of  change  in  stress 
during  steady-state  creep  ofFe-C,  Fe-Mo-C,  Fe-Mn- 
C  and  Fe-Cr-C  alloys  at  773K. 


slower  than  the  previous  one  as  shown  in 

Fig.4.  Figure  5  shows  the  incubation  period  in  the  Fe-Mo-C  alloy  as  a  function  of  Ag.  The  recovery 
rate  is  determined  from  this  figure  according  to  the  method  proposed  by  Mitra  et  al  [6].  The 
recovery  rate  in  Fe-M-C  alloys  normalized  by  that  in  the  Fe-C  alloy  is  shown  in  Table  2.  For  all 
alloys,  the  normalized  recovery  rate  is  very  close  to  the  steady  state  creep  rate  normalized  by  that  of 
Fe-C  alloy.  From  results  of  the  stress  decrement  tests,  the  values  of  about  230GPa  are  obtained  for 
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all  alloys  as  the  work  hardening  coefficient,  h,  by 
the  method  proposed  by  Ishida  and  McLean  [5]. 
This  value  is  nearly  twice  as  large  as  that 
reported  by  Baird  et  al  [7].  From  present  analysis, 
it  is  clear  that  8,  r,  and  h  satisfy  the  Bailey- 
Orowan  equation,  e=r/h.  Thus,  it  is  concluded 
that  solute  atoms  affect  the  steady  state  creep  rate 
by  decreasing  the  recovery  rate. 

4.  Discussion 

4.1  Effect  of  substitutional  solute  elements,  M, 
and  M-C  atomic  pairs  on  the  climb  Rate  of  an 
edge  dislocation 

From  creep  tests  at  773K,  it  is  found  that 
Mo  addition  has  the  largest  strengthening  effect 
and  additions  of  Cr  and  Mn  have  similar  effects. 
Since  it  is  known  that  Cr  addition  has  only  a 
limited  strengthening  effect  in  the  absence  of 
interstitial  solute  elements,  the  observed 
strengthening  in  the  Fe-Cr-C  alloy  is  due  to  Cr-C 
atomic  pairs.  In  the  sudden  stress  increment  tests, 
the  instantaneous  plastic  strain  is  observed  in  all 
alloys,  suggesting  that  the  rate  controlling 
process  in  the  creep  deformation  is  the  recovery 
process  due  to  the  climb  of  edge  dislocations. 
Therefore  we  examine  effect  of  M  atoms,  and  M- 
C  atomic  pairs  on  the  recovery  rate  in  terms  of 
diffusivity  of  M  atom  and  binding  energy 
between  the  dislocation  and  M  atoms  and  M-C 
atomic  pairs. 

Sandstrom  [8]  have  derived  the  following 
equations  as  the  climb  rate  of  an  edge  dislocation 
in  an  alloy  containing  M  element. 


Fig.4  Examples  of  transient  behavior  after  stress 
changes  during  steady-state  creep  of  Fe-0.2Qat°/(Mo- 
0.03Gat°/dC  alloy  under  135MPaat  773K. 


Fig.  5  Recovery  time,  At,  as  a  function  of  stress 
decrement,  Ag,  in  Fe-0.20at%Mo-0.030at%C  alloy 
under  135MPa  at  773K. 
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where  Dv2  and  Dy1  are  vacancy  diffusivities  in  a  dislocation  core  and  outside  of  it.  a,  DFe,  b,  kB,  T, 
and  Rd  are  the  applied  stress,  the  self-diffusion  coefficient  of  a-Fe,  the  burger's  bector,  the 
Boltzman  constant,  temperature  in  kelvin,  and  an  average  diffusion  length,  respectively.  And  r0,  r,, 
Va,  Dm,  and  AE  are  burger’s  bector,  a  radius  of  the  dislocation  core,  a  size  of  the  adjacent  area  to  the 
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core,  the  atomic  volume  of  a-Fe,  impurity  diffusion  coefficients  of  M  atoms,  and  binding  energies 
between  an  edge  dislocation  and  M  atoms  or  M-C  atomic  pairs,  respectively. 

It’s  well  known  that  the  self-diffusion  coefficient  of  a-Fe  below  the  Curie  temperature 
(Tc=1043K)  decreases  anomalously  with  decreasing  temperature  [9].  For  the  self-diffusion 
coefficient  of  a-Fe  and  the  impurity  diffusion  coefficient  of  Cr  in  a-Fe,  we  evaluated  from  the 
equations  proposed  by  Jonsson  [10]  where  the  contribution  of  the  magnetic  transformation  is  taken 
into  consideration.  For  Mo  [11]  and  Mn  [12],  there  are  some  impurity  diffusivity  data  showing  that 
they  are  slower  than  the  self-diffusion  of  a-Fe  below  Tc,  but  it  is  not  well  established.  Thus,  we  use 
the  self-diffusion  coefficient  of  a-Fe  instead  of  the  impurity  diffusion  coefficients  of  Mo  and  Mn, 
and  the  results  will  be  compared  with  the  case  of  fast  diffuser,  Cr. 

The  ratio  of  the  climb  velocity  of  dislocations  in  pure  Fe  and  that  in  an  Fe-M-C  alloy  is  derived 
as, 


V  Fe 
Vmc 


ln(— )  +  ln(— )[1  +  — '  exp(  A^MC)] 
ri _ ro  Dm _ ktjT 

ln(— )  +  21n(— ) 
n  ro 


(2) 


The  binding  energy  between  an  M  atom  and  an  edge  dislocation  is  estimated  from  Eq.3 
representing  an  elastic  interaction  [13]  due  to  the  difference  of  atomic  radii  between  M  and  Fe 
atoms. 


A  Em  —  4rFCftF< 


|rM  -  rFe|  1  -  v 
rFe  3(1 -v) 


(3) 


where  u,  pFe,  rFe  >  and  rM  are  a  Poisson’s  ratio,  the  shear  modulus  of  Fe,  the  atomic  radius  of  Fe,  and 
that  of  M  atom,  respectively.  We  adopt  the  binding  energies  between  M  and  C  atoms  as  that  between 
M-C  pair  and  an  edge  dislocation,  and  the  binding  energies  are  estimated  from  thermodynamic 
parameters  by  Eq.4  based  on  the  Fermi-Dirac  distribution  [14]. 


Wij  =  ^Vexp(^)],  (4) 

p  kB  1 

where  wy,  z,  and  (3  are  Wagner’s  interaction  parameter  between  i  and  j  atoms,  a  coordination 
number,  and  a  constant,  respectively.  Since  reported  interaction  parameters  have  wide  ranges,  we 
calculate  the  climb  velocity  with  both  the  maximum  and  the  minimum  values  of  interaction 
parameters.  We  use  the  parameters  reported  by  Wada  [15,  16]  for  Mo-C  and  Cr-C  and  the  binding 
energy  reported  by  Abe  et  al.  [17]  for  Mn-C  as  the  maximum  values.  The  minimum  values  for  are 
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obtained  from  data  in  the  SSOL  [18-20]  database  of  the  Thermo-Calc  [21]  with  Eq.5, 
where  £jj,  y„  and  xj  are  an  interaction  coefficient  between  i  and  j  elements,  an  activity  coefficient  of  i, 
and  the  concentration  of  j  in  the  ferrite  phase,  respectively.  All  parameters  used  are  shown  in  Table 
3.  Table  4  shows  VFe/VMc  and  VFe/VM  for  each  M-C  atomic  pair  and  M  atom  at  773K  estimated 
from  Eq.3.  Although  VFe/VMc  depends  on  the  interaction  parameters  between  M  and  C  atoms, 
VFe/VMc  is  larger  than  VFe/VM  in  all  alloys.  The  Mo-C  atomic  pair  shows  the  strongest  effect  to 
reduce  the  climb  velocity.  The  results  of  present  calculations  are  consistent  with  the  results  of  creep 
tests  at  773K,  although  the  direct  comparison  of  creep  rate  among  alloys  is  difficult  because  of 
different  applied  stresses.  The  calculations  for  the  same  Fe-M-C  alloys  at  973K  explain  very  well 
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the  effect  of  alloying  element  on 
the  steady  state  creep  rate 
observed  in  creep  tests  at  973K 
under  lOMPa  [22]  (see  Table  5). 
Thus,  it  is  found  that  the  Mo-C 
atomic  pair  has  the  largest 
strengthening  effect  due  to  the 
large  binding  energy  between 
Mo  and  C  atoms,  and  the  slow 
diffusivity.  From  these 
considerations,  it  can  be 
concluded  that  the  effect  of  M-C 
pair  to  reduce  the  climb  rate  of 
dislocations  originates  from  the 
interaction  between  M-C  pairs 
and  dislocations,  and  the 
magnitude  of  the  reduction  can  be 
estimated  from  the  binding 
energy  between  M  and  C  atoms 
and  the  diffusivity  of  M  atom. 

4.2  Concentration  of  M-C  atomic 


Table  4  Effects  of  substitutional  solute  element,  M,  and  M-C  pair  on  the 
dislocation  climb  velocity  with  respect  to  the  pure  Fe  calculated  by  Eq.(3)  at 
773K  for  the  respective  applied  stresses. 


Substitutional 
solute  element,  M 

Stress, 
<t/M  Pa 

Steady-state  creep  rate 
in  the  present  tests, 

Calculated  climbing  velocity, 

_ VfJVw  vjvm 

Cr 

42 

0.18 

4.6- 1.5 

0.7 

Mn 

42 

0.20 

4.1-1. 1 

1.0 

Mo 

135 

0.44 

5.4- 1.1 

0.8 

£Fe:  The  steady-state  creep  rate  in  the  Fe-C  alloy  under  32MPa  at  773K. 


Table  5  Effects  of  substitutional  solute  element,  M,  and  M-C  pair  on  the 
dislocation  climb  velocity  with  respect  to  the  pure  Fe  calculated  by  Eq.(3)  at 
973K  under  10M Pa. 


Substitutional 
solute  element,  M 

Steady-state  creep  rate 
at  973 K,  lOMPa, 

£fJ  £mc 

Calculated  climbing  velocity, 

VfJ  Vmc  VfJ  Vu 

Cr 

2.5 

2.7  -  1.4 

1.0 

Mn 

16.7 

2.7  -  1.3 

1.2 

Mo 

125.0 

8.3  -  3.2 

2.7 

eFe:  The  steady-state  creep  rate  in  the  Fe-C  alloy  under  lOMPa  at  973K. 


pairs  and  M  atoms  in  the  ferrite 


The  maximum  C  solubility  in  the  ferrite  is  0.1at%C  (0.02mass%C)  at  the  A1  point  (1000K),  and 
it  decreases  with  decreasing  temperature.  The  C  solubility  decreases  drastically  with  additions  of 
Mo,  Mn,  and  Cr.  The  C  solubility  consequently  is  very  limited  at  the  test  temperature,  773K,  and 
carbides  form  in  equilibrium  with  the 


ferrite  matrix.  Table  6  shows  the 
chemical  compositions  of  the  ferrite 
matrix  and  the  volume  fraction  of 
carbide  at  773K  in  the  present  alloys 
calculated  by  the  Thermo-Calc.  The 
formation  of  carbides  is  expected  during 
creep  tests  from  the  calculation,. 
However,  it  seems  impossible  to  attain 
the  equilibrium  state  in  about  lOOh  [23], 
which  is  an  average  test  time  in  the 


present  study.  Thus,  the  effect  of  carbide  are  neglected  in  the  present  analyses. 

The  assumption  in  the  model  proposed  by  Sandstrom  is  that  atomic  pairs  are  trapped  at  jogs  on 
edge  dislocations.  It  corresponds  to  the  case  that  the  concentration  of  M-C  atomic  pairs  is  much 
larger  than  the  jog  density.  The  concentrations  of  M-C  atomic  pairs  are  estimated  from  the  ferrite 
compositions  in  Table  6  by  the  central  atoms  model  (CAM)  [24]  which  can  describe  atomic 
configurations  in  a  solid  solution.  The  calculated  concentrations  of  M-C  pairs  in  the  present  study 
ranges  from  1021  to  1023nf 3,  and  they  are  much  larger  than  the  jog  density,  1017-1019m*3,  measured 
by  Ishida  et  al.  [5]  under  similar  creep  conditions  (773K/6-15MPa)  in  Fe-Mn-N  alloys. 

The  solubilities  of  alloying  elements  in  the  ferrite  are  very  limited.  However  there  should  be 
solute  atom  segregation  on  dislocations  due  to  the  attractive  interaction  between  them.The  co¬ 
segregation  of  C  and  M  atoms  on  a  stationary  dislocation  can  be  estimated  from  the  following 
Langmuir-  McLean’s  equations. 
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Xc 

1  -  Xc 
Xm 

1-Xm 


. ,AEc  +  AEmcXm% 

-XcoexP(  ,  ^  h 

kB  1 

(6b) 

.AeS  +  AEmcX?, 

-XMOeXP(  ,  „  )> 

kB  1 

(6a) 

where  XCD,  XM°,  xco,  and  xM0  are  C,  and  M  concentrations  on  the  dislocation,  average 
concentrations  of  C,  and  M,  respectively,  and  AECD,  AEMD,  and  AEMC  are  binding  energies  between 
a  C  atom  and  an  edge  dislocation,  and  between  M  and  C  atoms,  respectively.  Figures  6,  and  7  show 
M,  and  C  concentrations  on  the  dislocation  in  Fe-0.1at%M-0.01at%C  alloys.  The  largest  co¬ 
segregation  is  observed  in  the  Fe-Mo-C  alloy,  and  the  degree  of  segregation  increases  with 
decreasing  temperature  in  all  alloys.  At  773K,  the  concentrations  of  C  and  Mo  amount  to  2at%  and 
4at%  on  the  dislocation,  respectively,  and  they  are  200  times  and  40  times  as  large  as  the  average 
concentrations  of  C  and  Mo,  respectively.  In  the  alloys  Fe-Mn-C  and  Fe-Cr-C,  the  co-segregation  is 
also  observed,  however,  the  degree  of  segregation  is  smaller  than  that  in  the  Fe-Mo-C  alloy  because 
of  smaller  binding  energies  between  a  M  atom  and  a  dislocation.  The  above  calculations  are 
performed  on  the  static  dislocations,  and  the  degree  of  segregation  is  expected  to  be  decreased  when 
the  dislocation  is  moving.  However  these  calculations  suggest  that  an  extremely  large  co¬ 
segregation  can  be  induced  even  in  dilute  alloys,  depending  on  conditions.  Such  segregation  is 
expected  to  accelerate  the  effect  of  M-C  atomic  pairs  to  reduce  the  climb  velocity  of  dislocation. 


Fig.  6  Temperature  dependence  of  carbon  co¬ 
segregation  on  the  edge  dislocation  in  the  Fe- 
0.01at%C-0.  lat%M  (M=Mo,  Mn  and  Cr)  alloys. 


Fig.  7  Temperature  dependence  of  co-segregation  of 
substitutional  solute  element,  M,  on  the  edge  dislocation 
in  the  Fe-0.01at%C-0.  lat%M  (M=Mo,  Mn  and  Cr)  alloys 


4.  Conclusion 

In  order  to  improve  the  long-term  creep  strength  of  the  ferritic  steels,  the  effect  of  M-C  atomic 
pairs  on  the  creep  properties  have  been  examined.  The  results  obtained  are  as  follows, 

1.  In  creep  tests  at  773K,  the  Mo  addition  shows  the  largest  strengthening  effect,  and  additions  of 
Mn  and  Cr  show  almost  the  same  effects. 

2.  The  results  of  the  sudden  stress  increment  tests  suggest  the  existence  of  instantaneous  plastic 
strain  in  all  alloys.  Thus,  it  is  concluded  that  the  rate  controlling  process  of  creep  deformations 
in  the  present  study  is  the  recovery  process  due  to  the  climb  of  dislocations. 

3.  From  the  stress  decrement  tests,  it  is  found  that  ratios  of  the  climb  velocities  are  similar  to  the 
ratios  of  the  steady  state  creep  rate.  This  suggests  that  M-C  atomic  pairs  reduce  the  steady  state 
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creep  rate  by  reducing  the  climb  velocity  of  dislocations. 

4.  From  analysis  by  the  model  proposed  by  Sandstrom,  it  is  concluded  that  M-C  pair  reduces  the 
climb  velocity  of  dislocations  due  to  large  interaction  energies  with  dislocations.  The  magnitude 
of  the  reduction  can  be  estimated  from  the  binding  energy  between  M  and  C  atoms  and  the 
diffusion  coefficient  of  M  atom. 

5.  The  co-segregation  of  M  and  C  atoms  on  edge  dislocations  is  predicted  by  thermodynamic 
analysis,  and  it  is  pointed  out  that  this  may  result  in  the  apparent  reduction  of  the  dislocation 
climb  velocity  even  in  alloys  containing  very  limited  amount  of  alloying  elements. 
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Acceleration  of  Fe2W  Precipitation  and  Its  Effect  on  Creep  Deformation 
Behavior  of  8.5Cr-2W-VNb  Steels  with  Si 
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Abstract 

The  effect  of  Si  on  the  precipitation  behavior  of  M*C6  and  Fe^  Laves  phase  during  creep  and 
on  the  creep  deformation  behavior  was  studied  on  8.5Cr-2W-VNb  steels  at  650°C  for  up  to  lOOOOh. 
During  creep  and  aging,  FejW  Laves  phase  precipitated  and  then  the  amount  and  the  mean  particle 
size  of  Fe^  precipitates  became  larger  with  increasing  Si  concentration,  while  the  amount  and  the 
mean  size  of  was  scarcely  changed  by  the  addition  of  Si.  It  was  cleared  that  Si-addition 
influence  more  strongly  on  the  precipitation  of  Fe2W  than  M^Cg.  The  creep  rupture  strength  of  the 
steels  increased  with  increasing  Si  concentration  at  high  stresses  and  short  rupture  times  less  than 
2000h,  while  it  had  a  maximum  at  0.3%  Si  and  then  decreased  with  increasing  Si  concentration  at  low 
stresses  and  long  rupture  times  longer  than  2000h.  The  decrease  of  creep  rate  in  the  acceleration  creep 
region  was  more  significant  by  Si-addition,  and  the  minimum  creep  rate  was  decreased  by  Si-addition 
at  all  stress  conditions.  The  change  in  creep  deformation  behavior  by  Si-addition  resulted  mainly  from 
the  change  in  precipitation  behavior  of  Fe^,  such  that  the  decrease  of  creep  rate  in  transient  creep 
region  is  more  significant  by  acceleration  of  FeiW  precipitating  on  the  lath  boundary  to  suppress  the 
recovery  of  the  lath  structure  and  that  the  extreme  increase  of  creep  rate  after  reaching  a  minimum 
creep  rate  and  the  decrease  of  duration  of  acceleration  creep  region  occurred  with  coarsening  of  Fe2W. 

1.  Introduction 

The  improvement  of  energy  efficiency  in  a  thermal  power  plant  is  indispensable  form  a 
viewpoint  of  the  environmental  protection  and  the  saving  fossil  fuel.  Nowadays,  the  plant  serviced  at 
600°C  is  practically  operated,  the  study  of  the  630°C  plant  using  new  steels,  NF616  and  HCM12A,  is 
performed.  In  the  future,  the  650°C  plant  should  be  established. 

High-Cr  ferritic  steels  are  selected  for  large  parts  as  if  main  steam  pipes  in  boiler  plants  from  a 
viewpoint  that  thermal  fatigue  property  is  better  than  austenitic  steels.  It  is  recognized  that  the 
maximum  allowable  temperature  determined  by  oxidation  resistance  is  630°C  in  case  of  ferritic  steels, 
so  it  is  necessary  to  improve  oxidation  resistance  for  use  at  650°C.  Si  is  the  effective  to  improve 
oxidation  resistance,  oxidation  rate  decrease  with  Si  concentration  IU1.  In  relation  to  the  influence  of 
Si-addition  on  creep  properties,  it  is  indicated  that  there  is  little  influence  on  creep  rupture  strength  by 
small  amount  of  Si  up  to  0.176%  P1.  But,  in  generally,  it  is  recognized  that  creep  rupture  strength  and 
toughness  decrease  by  Si-addition  [3,4,5,6]  because  coarsening  of  carbides  and  precipitation  of  Laves 
phase  are  accelerated  by  Si-addition.  So,  in  order  to  optimize  the  concentration  of  Si  from  a  viewpoint 
of  sufficient  creep  and  oxidation  resistance  in  650  °C  USC  boilers,  the  effect  of  Si  on  the  precipitation 
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behavior  during  creep  and  on  the  creep  deformation  behavior  was  investigated  in  this  study. 

2.  Experimental  Procedure 

In  this  study,  0. 14C-8.5Cr-2W-0.2V-0.05Nb  steel  was  selected  as  the  base  steel  so  that  there  is 
no  8-ferrite  phase  in  a  normalized  state  up  to  l%Si-addition.  Amount  of  Si  added  was  0.3,  0.5,  0.8%. 
17.5kg  ingots  of  these  steels  were  produced  by  vacuum  induction  melting.  Bars  with  20mm  in 
diameter  were  hot-forged  from  ingots  at  heating  temperature  of  1100°C.  All  steels  were  normalized  at 
1050°C  for  lh  followed  by  air  cooling  and  then  tempered  at  760°C  for  lh  followed  by  air  cooling. 
Chemical  compositions  and  Vickers  hardness  of  the  steel  rods  after  tempering  are  summarized  in 
Table  1.  Creep  tests  were  earned  out  at  650°C  for  up  to  about  10,000  h,  using  specimens  of  6mm  gage 
diameter  and  30mm  gage  length.  The  longitudinal  cross  section  of  the  specimens  was  observed 
metallographically  by  SEM  and  TEM.  Thermal  aging  was  also  performed  at  650  and  750°C  for 
3,000h. 


Table  1  Chemical  composition  and  Vickers  hardness 


C 

Si 

Cr 

W 

V 

Nb 

N 

A1 

P 

s 

Mn 

Hardness 

Base 

0.14 

0.01 

8.49 

1.93 

0.206 

0.047 

0.007 

0.008 

<0.001 

0.001 

<0.001 

215 

0.3Si 

0.14 

0.34 

8.47 

1.95 

0.204 

0.046 

0.007 

0.007 

<0.001 

0.001 

<0.001 

218 

0.5Si 

0.13 

0.52 

8.49 

1.93 

0.195 

0.045 

0.005 

0.008 

<0.001 

0.001 

<0.001 

223 

0.8Si 

0.13 

0.72 

8.42 

1.90 

0.195 

0.046 

0.006 

<0.001 

<0.001 

0.001 

<0.001 

229 

3.  Results  and  discussion 

3-1  Effect  of  Si  on  particle  size  and  amount  of  M23C6  and  FejW  in  thermal  aging 

Identification  of  precipitates  was  carried  out  by  X-ray  diffraction  of  electrolytically  extracted 
residues  of  steels  aged  at  650°C  and  750°C,  the  result  is  shown  in  Table  2.  After  tempering,  M23C6 
and  MX  were  present  in  each  steel.  In  case  of  750°C,  only  M23C6  and  MX  were  observed,  there  is  no 
change  from  tempered  state.  During  aging  at  650  °C,  Fe2W  Laves  phase  precipitate  from 
supersaturated  solid  solution,  it  was  not  observed  after  aging  for  lOOh.  Precipitation  of  Laves  phase 
was  observed  only  in  steels  added  with  Si  after  aging  for  300h,  not  in  the  base  steel. 


Table  2  Result  of  X-ray  diffraction  of  electrolytically  extracted  residues  of  aged  steels 


0.05Nb 


Base  :  0.14C-8.5Cr-2W-0.2V- 


Base  steel 

0.3%Si-steeI 

F”  0.5%Si-steeI 

1  0.8%Si-steel 

650°C 

750°C 

650°C 

750^ 

,  650°C 

750°C 

650°C 

750°C 

NT 

M,,C„  MX 

lOOh 

M„C„  MX 

300h 

m23c6 

MX 

M23c6 

MX 

M23C6 

MX 

Laves 

M23C6 

MX 

m23c6 

MX 

Laves 

m23c6 

MX 

M23Q 

MX 

Laves 

M23C6 

MX 

1000 

h 

M23c6 

MX 

Laves 

3000 

h 
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Laves  phase  precipitate,  there  is  no  influence  of  Si  on  particle  size  of  M23C6,  while  particle  size  of 
M23Q  become  larger  with  increasing  Si  concentration  after  aging  at  750  C  where  Laves  phase  did  not 
precipitate.  On  the  other  hand,  the  particle  size  of  Laves  phase  becomes  larger  with  increasing  Si 
concentration.  The  cause  of  coarsening  of  Laves  phase  by  addition  of  Si  may  be  the  increase  of  the 
precipitation  rate  and  the  precipitated  amount  of  Laves  phase  as  shown  in  Fig.2  because  number  of 
Laves  phase  precipitates  is  scarcely  changed. 

3-2  Creep  deformation  behavior 

Fig. 4  shows  a  relationship  between  stress  and  time  to  rupture  and  Fig.5  shows  the  effect  of  Si  on 
time  to  rupture.  The  creep  rupture  strength  increased  with  increasing  Si  concentration  at  high  stresses 
and  short  rupture  times  less  than  1,3 10  h,  while  it  had  a  maximum  at  0.3%  Si  and  then  decreased  with 
increasing  Si  concentration  at  low  stresses  and  long  rupture  times  longer  than  2,000h.  At  60.8MPa, 
rupture  times  of  steels  added  with  0.5%  and  0.8%-Si  become  extremely  shortened  in  comparison  with 
the  base-steel  and  the  0.3%Si-steel. 


Fig.5  The  effect  of  Si  on  the  rupture  time  F'g-6  Creep  rate  vs.  time  curves  at  650°C 
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In  order  to  determine  the  amount  of  Laves 
phase  and  M23C6  precipitates  after  aging  at 
650°Cfor  3000h,  chemical  analysis  of  extracted 
residues  were  performed.  There  was  little 
change  in  the  amount  of  M23C6  by  Si 
concentration,  while  the  effect  of  Si  on  the 
amount  of  Laves  phase  is  significantly 
recognized.  The  ratio  of  precipitated  amount 
determined  by  chemical  analysis  to  a 
equilibrium  precipitated  amount  that  is 
calculated  using  Thermo-calc  was  determined, 
this  ratio  is  defined  as  the  precipitation  rate  in 
this  study.  The  effect  of  Si  on  the  amount  and 
the  precipitation  rate  of  Laves  phase  is  shown 
in  Fig.l.  Both  the  precipitated  amount  and  the 
precipitation  rate  increases  with  Si 
concentration.  Especially  in  cases  of  the  steels 
with  0.5%  and  0.8%Si,  the  precipitation  of 
Laves  phase  from  supersaturated  solid  solution 
may  be  almost  finished  because  the 
precipitation  rate  reaches  almost  90%.  From  the 
above  results,  it  is  considered  that  precipitation 
of  Laves  phase  is  accelerated  by  Si-addition. 

SEM  micrographs  of  the  base-steel  and  the 
steel  added  with  0.8%-Si  aged  at  650°C  for 
3,000h  are  shown  in  Fig.2.  These  are  secondary 
electron  images  (SEI)  and  backscattered 
electron  images  (BSEI)  at  the  same  region. 
High  contrast  region  in  the  backscattered 
electron  image  is  inferred  to  be  Laves  phase. 
Precipitation  of  Laves  phase  is  mainly  observed 
on  the  grain  boundaries,  particle  size  of  the 
0.8Si-steel  is  larger  than  that  of  the  base-steel. 
Number  of  Laves  phase  precipitates  may  be 
scarcely  changed  between  the  base-steel  and 
0.8Si-steel. 

Fig.3  shows  the  result  of  mean  particle 
size  of  M^Cg  and  Laves  phase  after  aging  for 
3,000h.  Particle  size  of  after  aging  is 
larger  in  comparison  with  tempered  state. 
However,  at  650  °C  where  both  M23C6  and 
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Fig.  1  The  effect  of  Si  on  the  amount  of  Laves  phase 
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Fig.2  SEM  micrographs  after  aging  for  3000h  at  650°C 
(a),(b):base-steel,  (c),(d):0.8%Si-steel 
SEI :  secondary  electron  image 
BSEI :  backscattered  electron  image 
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Fig.3  The  effect  of  Si  on  the  particle  size 
of  precipitates 
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Fig.  6  shows  creep  rate  vs.  time  curves  of  the  base-steel,  the  0.3%Si-steel  and  the  0.8%Si-steel. 
All  most  of  these  curves  show  simple  creep  deformation  such  that  acceleration  creep  occurs  after 
reaching  a  minimum  creep  rate,  complex  creep  deformation  with  two  minima  of  creep  rate  is 
revognized  only  in  the  base  steel  crept  at  70.6MPa.  And  in  all  stress  conditions,  the  decrease  of  creep 
rate  in  transient  creep  region  is  more  significant  by  Si-addition.  At  stress  condition  higher  than 
80.4MPa,  minimum  creep  rate  becomes  smaller  and  duration  of  transient  creep  region  becomes  longer 
with  rupture  time  become  longer.  At  stress  lower  than  70.6MPa,  in  spite  of  minimum  creep  rate  of  the 
0.8Si-steel  is  smaller  than  that  of  the  base-steel,  rupture  time  of  the  0.8Si-steel  becomes  shorter  than 
the  base-steel. 

Creep  rate  vs.  strain  curves  at  stress  of  70.6MPa  is  shown  in  Fig.7.  From  this,  acceleration  of 
creep  rate  after  reaching  minimum  creep  rate  becomes  larger  by  Si-addition.  This  may  be  the  cause 
that  rupture  time  of  the  0.8Si-steel  becomes  shorter  than  the  base-steel  in  spite  of  minimum  creep  rate 
of  the  0.8Si-steeI  is  smaller  than  that  of  the  base-steel.  Here,  it  is  considered  that  the  duration  of 
acceleration  creep  region  after  reaching  a  minimum  creep  rate  became  shortened  by  Si-addition  at  low 
stresses.  The  relationship  between  duration  of  acceleration  creep  region  and  concentration  of  Si  is 
shown  in  Fig.  8.  From  this.  Only  a  little  influence  of  Si  on  the  duration  of  acceleration  creep  region  at 
stress  higher  than  70.6MPa,  while  the  duration  of  acceleration  creep  region  significantly  become 
shortened  with  increasing  Si  concentration  at  60.8MPa. 


Strain 


Fig.7  Creep  rate  vs.  strain  curves 
at  650°C  and  70.6MPa 


Fig.8  The  effect  of  Si  on  duration  of  transient 
and  acceleration  creep  region 


3.3  Precipitation  of  Laves  phase  and  microstructural  change  during  creep 

In  order  to  investigate  precipitation  behavior  and  changes  of  martensitic  structure  during  creep, 
creep  interruption  tests  were  carried  out  at  stress  of  70.6MPa  where  two  minima  of  creep  rate  was 
observed  in  the  base-steel.  At  650°C,  Si-addition  affects  more  strongly  precipitation  of  Laves  phase 
than  M^Cg  as  already  shown.  Changes  in  the  amount  of  Laves  phase  precipitates  were  determined  by 
the  ratio  of  X-ray  intensity  between  Laves  phase  and  M23C6.  The  result  is  shown  in  Fig.  9.  It  is 
confirmed  that  precipitation  of  Laves  phase  is  accelerated  by  Si-addition  and  that  amount  of  Laves 
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phase  precipitates  becomes  larger  with  increasing  Si  concentration  as  same  as  thermal  aging. 
Especially,  because  Laves  phase  did  not  precipitate  in  the  base-steel  without  Si  crept  for  360h  reaching 
the  first  minimum  of  creep  rate,  it  should  be  noted  that  precipitation  of  Laves  phase  mainly  occurs 
after  reaching  the  first  minimum.  It  is  considered  that  this  behavior  is  the  cause  that  the  base  steel 
shows  two  minima  of  creep  rate.  It  is  indicated  that  reducing  of  creep  strength  in  the  long-term  creep 
region  at  lower  stress  is  caused  by  a  depletion  of  solution  hardening  elements  as  if  W  in  the  ferrite 
matrix  with  precipitation  of  Laves  phase  [7].  It  is  considered  that  the  same  thinking  is  possible  after 
disappearing  the  precipitation  hardening  of  Laves  phase  by  coarsening  of  Laves  phase  precipitates  and 
that  extremely  shorting  of  rupture  time  in  the  high-Si  steels  at  lower  stress  is  caused  by  this  effect  in 
addition  to  the  weakening  by  coarsening  of  precipitates. 


Fig.  1 0  SEM  micrographs  of  the  0. 8%Si-steel  crept 
for  800h  at  650°C  and70.6Mpa 
SEI  secondary  electron  image 
BSEkbackscattered  elctron  image 


Fig.9  Change  in  amount  of  Laves  phase 
precipitates  during  creep  at  650°C  and  70.6Mpa 


The  example  of  distribution  of  Laves  phase  during  creep  is  shown  in  Fig.  10.  Laves  phase 
precipitated  during  creep  exit  on  both  grin  boundaries  and  lath  boundaries,  which  is  different  from 
thermal  aging  as  shown  in  Fig. 2. 

Fig.  1 1  shows  changes  of  martensitic  structure  during  creep  at  70.6MPa.  The  morphology  of  all 
steels  is  tempered  martensitic  structure  with  a  lot  of  dislocations  at  tempered  state.  After  creep  for 
360h  reaching  the  first  minimum  of  creep  rate  in  the  base  steel,  the  recovery  of  excess  dislocations  and 
the  coarsening  of  laths  occur  in  the  base  steel.  On  the  other  hand,  in  the  0.8Si-steel,  much  more 
precipitates  of  Laves  phase  precipitate  on  the  lath  boundary  and  the  recovery  of  martensitic  structure 
in  the  0.8 Si-steel  may  less  pronounced  than  the  base  steel.  Precipitating  of  many  precipitates 
recognized  as  Laves  phase  on  the  lath  boundary  suppress  the  recovery  of  martensitic  structure  and 
promote  the  decrease  of  creep  rate  in  the  transient  creep  region  because  Laves  phase  precipitating  on 
the  lath  boundary  has  effect  of  suppressing  the  recovery  of  martensitic  structure  as  shown  by 
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the  0.8Si  steel:  a)  as-tempered,  b)  ti=360h,  c)  ti=800h,  d)  tr=2434h 

Fig.ll  TEM  micrograps  of  as-tempered  and,  after  interrupted  and  ruptured  condition 

Yoshizawa  et  al.181.  After  creep  for  800h  reaching  the  minimum  creep  rate  in  the  base  steel  and  the 
0.8Si-steel,  the  recovery  of  martensitic  structure  and  the  coarsening  of  laths  progresses.  Coarsening  of 
precipitates  which  is  recognized  Laves  phase  as  the  above-mentioned  significantly  occurs  in  the  0.8Si- 
steel,  it  is  considered  that  the  effects  of  Laves  phase  precipitating  on  the  lath  boundary  to  suppress  the 
recovery  of  martensitic  structure  begin  disappearing.  In  the  0.3  Si-steel  which  shows  the  longest 
rupture  time,  the  recovery  of  martensitic  structure  is  much  slower  than  other  steels  and  then  the  lath 
structure  is  maintained  after  crept  for  1704h.  In  the  ruptured  state,  morphology  maybe  change  into  the 
cell  structure  in  the  base  steel  and  0.8 Si-steel,  but  the  lath  structure  is  still  maintained  in  the  0.3 Si-steel. 
From  these  results,  it  is  noted  that  the  0.3  Si-steel  shows  the  longest  rupture  time  because 
microstructural  stability  is  the  best.  And,  it  is  considered  that  microstructural  stability  of  the  0.3  Si-steel 
become  the  best  because  the  effect  of  precipitation  hardening  of  Laves  phase  and  the  recovery  of 
microstructure  with  coarsening  of  Laves  phase  precipitates  are  well  balanced  in  the  0.3  Si-steel. 

From  above  results,  the  change  in  creep  deformation  behavior  at  low  stresses  and  long  times  by 
the  addition  of  Si  resulted  mainly  from  the  change  in  precipitation  behavior  of  Fe2W. 

4.  Conclusion 

1)  Si-addition  accelerated  the  precipitation  of  Laves  phase  and  the  mean  particle  size  of  Laves  phase 
became  larger  with  increasing  Si  concentration.  But  the  effect  of  Si  on  precipitation  of  M23C6  was 
not  recognized  during  creep  and  thermal  aging  at  650°C  where  both  Laves  phase  and  M23C6 
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precipitate. 

2)  In  the  range  tested  in  this  study  up  to  10,000h,  the  creep  rupture  strength  of  the  steels  had  a 
maximum  at  0.3%  Si  at  low  stresses  and  long  rupture  times  longer  than  2000  h. 

3)  The  extremely  decrease  of  creep  rate  in  the  transient  creep  region  of  the  steels  added  with  Si  was 
caused  by  the  effects  of  Laves  phase  precipitating  on  the  lath  boundary  to  suppress  the  recovery  of 
martensitic  structure. 

4)  Microstructural  stability  of  the  0.3  Si-steel  became  the  best  because  the  effect  of  precipitation 
hardening  of  Laves  phase  and  the  recovery  of  microstructure  with  coarsening  of  Laves  phase 
precipitates  were  best  balanced  in  the  0.3 Si-steel. 

5)  The  change  in  creep  deformation  behavior  by  Si-addition  resulted  mainly  from  the  change  in 
precipitation  behavior  of  Fe2W,  such  that  the  decrease  of  creep  rate  in  transient  creep  region  is 
more  significant  by  acceleration  of  Fe2W  precipitating  on  the  lath  boundary  to  suppress  the 
recovery  of  the  lath  structure  and  that  the  extreme  increase  of  creep  rate  after  reaching  a  minimum 
creep  rate  and  the  decrease  of  duration  of  acceleration  creep  region  occurred  with  coarsening  of 
Fe^. 

Reference 

1)  H.Kutsumi,  N.Fujitsuna,  T.Itagaki  and  F. Abe  :  CAMP-ISIJ,  1 1(1998),  p.  1290 

2)  Y.Fukuda,  K.Tamura  and  K.  Suzuki  :  Pro.  Int.  Symp.  on  Plant  Aging  and  Life  Predictions  of 
Corrodible  Structures,  Sapporo(1995),  p.835 

3)  K.  Asakura,  T.Fujita  and  Y.Otsuguro  :  Report  of  the  123rd  Committee  on  Heat-Resisting  Materials 
and  Alloy,  26(1985),  p.247 

4)  YHosoi,  N.Wade,  S.Kunimitsu  and  T.Urita :  Tetsu-to-Hagane,  76(1990),  p.  1 1 16 

5)  “Modified  9Cr-lMo  Steel  Technical  Program  and  Data  Package  for  Use  in  ASME  Section  I 
and  HI  Design  Analyses”,  Oak  Ridge  National  Laboratory,  (1982),  p.195 

6)  Y.Hasegawa,  T.Muraki  and  M.Ohgami  :  Report  of  the  123rd  Committee  on  Heat-Resisting 
Materials  and  Alloy,  Japan  Society  for  the  Promotion  of  Science,  39(1998),  p.275 

7)  Y.Kadoya,  N.Nishimura,  B.F.Dyson  and  M.McLean  :  Proc.  7th  Int.  Conf.  Creep  and  Fracture  of 
Engineering  Materials  and  Structures,  TMS,  Irvine(1997),  p.343 

8)  M.Yoshizawa,  K.Miyata,  J.Senba  and  YSawaragi :  CAMP-ISU,  12(1999),  p.294 


e-mail :  fuj  ituna@nrim .  go.jp 


Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  477-482 
©  2000  Trans  Tech  Publications,  Switzerland 


Strengthening  Mechanisms  in  Heat-Resistant  Martensitic  9Cr  Steels 

K.  Iwanaga1,  T.  Tsuchiyama2  and  S.  Takaki2 

1  Graduate  Student,  Department  of  Materials  Physics  and  Chemistry,  Kyushu  University, 
6-10-1  Hakozaki,  Higashi-ku,  Fukuoka  812-8581,  Japan 

2  Graduate  School  of  Engineering,  Kyushu  University 

Keywords:  Heat-Resistant  Steel,  Martensite,  Creep  Strength,  Carbide  Forming  Element,  Solid 
Solution  Strengthening,  Carbide  Particle,  Recovery 


Abstract 

Strengthening  mechanisms  of  heat-resistant  martensitic  steels  were  discussed  in  terms  of 
microstructural  evolution  and  changes  in  hardness  during  creep  deformation.  In  carbon-free  9%Cr 
steels,  it  was  confirmed  that  the  Mo  or  W  addition  improves  creep  properties  of  martensite  through 
the  solid  solution  strengthening.  On  the  other  hand,  creep  tests  of  low-carbon  9%Cr  steels  revealed 
the  fact  that  carbide  particles  precipitated  along  lath  boundaries  markedly  contribute  to  the  retardation 
of  the  recovery  of  martensite,  and  this  leads  to  an  excellent  creep  properties.  The  addition  of  Mo  or 
W  to  the  low-carbon  steels  does  not  give  a  large  effect  to  the  retardation  of  recovery,  but  causes  a 
large  solid  solution  strengthening  in  the  materials  with  the  subgrain  structure,  which  has  been 
formed  in  the  latter  stage  of  creep  deformation. 

1.  Introduction 

Recently,  many  kinds  of  heat-resistant  martensitic  steels  have  been  developed  in  terms  of  alloy 
design  for  improving  power  generating  efficiency.  In  many  developed  steels,  carbide  forming 
elements  (Mo,  V  and  W)  are  added  to  improve  the  creep  property,  but  the  strengthening  mechanism 
has  not  been  cleared  because  these  elements  are  shared  between  martensite  matrix  and  carbide 
particles  to  contribute  the  strengthening  through  the  solid  solution  [1]  and  the  stabilizing  effect  to 
carbide  growth  [2],  respectively.  This  leads  to  the  difficulty  of  quantitative  evaluation  on  the 
improvement  of  the  creep  property  by  the  addition  of  carbide  forming  elements.  On  the  optimum 
alloy  design,  it  is  important  to  know  the  quantitative  contribution  of  alloying  elements  to  the 
strengthening  mechanisms  individually. 

In  this  study,  the  effect  of  solute  Mo  and  W  on  creep  deformation  behavior  was  previously 
investigated  in  carbon-free  9mass%  martensitic  steels,  and  then  discussed  by  comparing  the 
deformation  behaviors  among  many  kinds  of  low -carbon  9mass%Cr  martensitic  steels  with  or 
without  the  alloying  elements. 

2.  Experimental  procedure 

Fe-9mass%Cr-2mass%Ni  alloys  (carbon-free  steels)  and  Fe-9mass%Cr-0.1mass%C  alloys 
(low-carbon  steels)  with  or  without  0.5at%  of  Mo  or  W  were  used.  In  the  carbon-free  steels, 
2mass%  of  Ni  was  added  to  obtain  martensitic  structure.  Chemical  compositions  of  the  steels  used 
are  listed  in  Table  1.  Ingots  of  1.5kg  were  molten  in  vacuum,  homogenized  at  1473K  for  18ks, 
and  then  hot-rolled  at  1273K  to  15mm  thick  plates  (30%  reduction  in  thickness).  The  steel  plates 
were  solution-treated  at  1273K  for  1.8ks  and  then  oil-quenched  to  obtain  martensitic  structure.  After 
this  treatment,  the  specimens  were  tempered  at  923K  for  3.6ks  (QT  specimens).  Some  of 
carbon-free  martensitic  steels  were  subjected  to  the  recrystallization  treatment  ;  60%  cold  rolling 
followed  by  annealing  at  various  temperatures,  in  order  to  obtain  ferritic  structure  without 
dislocations(RC  specimens).  All  of  heat  treatments  were  performed  in  Ar  gas  atmosphere  to  avoid 
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the  surface  decarburization  of  the  steels. 

Creep  tests  were  carried  out  at  873K-138MPa.  The  tested  specimens  were  subjected  to  Vickers 
hardness  testing  at  room  temperature  under  the  load  of  9.8N  and  to  microstructure  observation. 
Microstructures  of  specimens  were  examined  with  transmission  electron  microscope  (TEM). 


Table  1  Chemical  compositions  of  the  steels  used  (mass%). 
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9Cr-0.1%C 

0.11 

— 

0.0072 

9Cr-0.1  %C-0.5at%Mo 

0.11 

— 

0.0096 

Mo  :0. 88(0.5 1at%) 

9Cr-0. 1  %C-0.5at%W 

0.11 

8.94 

— 

0.0087 

W  :1.53(0.47at%) 

others  Si<0.06  Mn<0.40  P<0.012  S<0.014 


3.  Results  and  discussion 

3.1  Strengthening  by  solute  Mo  or  W  in  carbon-free  9Cr  martensitic  steels 

Fig.l  shows  creep  curves  of  the  carbon-free  martensitic  steels  ;  9Cr(base  steel),  9Cr-0.5at%Mo 
and  9Cr-0. 5at% W  steels,  under  the  condition  of  873K-138MPa.  The  rupture  time  is  greatly 
prolonged  by  Mo  or  W  addition. 

Fig. 2  shows  TEM  micrographs  of  as-tempered  specimens  (before  creep  test)  and  crept  specimens 
to  the  steady  state  (e=0.  1)  in  these  steels.  In  the  as-tempered  specimens  (a)~(c),  lath-martensitic 
structure  is  kept  and  the  density  of  dislocations  is  not  reduced  so  much  even  after  the  tempering.  In 
the  crept  specimens  (a')-(c'),  however,  the  recovery  of  martensite  significantly  proceeds  after  the 
creep  deformation,  that  is,  the  lath-martensitic  structure  completely  disappears  and  changes  to 
subgrain  structure.  There  is  no  large  difference  in  the  subgrain  size  and  dislocation  density  among 
these  specimens  ((a'  )~(c* )).  These  results  indicate  that  the  addition  of  Mo  or  W  does  not  give  a  large 
influence  to  the  micros tructural  change  of  martensitic  steels  which  is  caused  during  the  creep 
deformation,  but  markedly  lowers  the  speed  of  dislocation  movement  (Fig.l). 

Fig. 3  shows  the  changes  in  hardness  during  the  creep  deformation  as  a  function  of  the  strain 
subjected  to  test  pieces.  In  all  steels,  hardness  abruptly  drops  at  the  early  stage  of  creep  deformation 
(^e=0. 1)  due  to  the  micros  tructural  change  shown  in  Fig.  2,  and  then  levels  off  at  a  constant  value, 
although  it  is  different  depending  on  the  kind  of  steels.  The  level-off  hardness  is  much  higher  in  Mo 
or  W  bearing  steels  than  the  base  steel,  and  the  difference  is  kept  to  the  rupture. 

Table2  represents  Vickers  hardness  of  the  test  pieces  with  creep  deformation  (e=0.  1)  and  the  RC 
specimens  with  ferritic  structure.  The  increment  of  hardness  by  the  addition  of  0.5at%  Mo  or  W  are 
also  shown  in  the  parenthesis.  The  hardness  increment  in  the  ferritic  steels  almost  correspond  to  the 
solid  solution  strengthening  by  Mo  or  W  in  the  test  pieces.  This  suggests  that  the  main 
creep-strengthening  by  Mo  or  W  addition  can  be  simply  explained  by  the  solid  solution 
strengthening  even  in  the  martensitic  steels  with  high  density  of  dislocations. 


crept  (e=0.  1 )  before  creep  test 
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Fig.3  Changes  in  hardness  during 
creep  deformation  in  carbon-free 
martensitic  steels. 


Table2  Vickers  hardness  of  carbon-free 
martensitic  steels  with  creep  deformation 

(8—0. 1)  and  recrystallized  ferritic  steels. 
The  values  in  the  parenthesises  are  the 
increment  of  hardness  by  the  addition  of 
0.5at%  of  Mo  or  W. 


specimen 

crept 

martensite 

recrystallized 

ferrite 

base  steel 

167 

125 

0.5at%Mo 

177(+10) 

141  (+16) 

0.5at%W 

178(+1 1) 

142(+17) 

3.2  Role  of  carbide  particles  on  creep  deformation  behavior  in  martensitic  steels 
Fig. 4  shows  creep  curves  of  the  low-carbon  steel  (9Cr-0.1C)  and  the  carbon-free  base  steel  (9Cr) 
under  the  condition  of  873K-138MPa.  Creep  strength  is  markedly  improved  in  the  low-carbon  steel. 

Fig. 5  shows  TEM  micrographs  of  as -tempered  specimens  (before  creep  test)  and  crept  specimens 
to  the  early  stage  of  acceleration  creep  (54ks)  in  the  low-carbon  steel.  In  the  as-tempered  specimen 
(a),  lath  martensitic  structure  is  kept  and  the  morphology  of  lath  is  quite  similar  to  that  in  the 
carbon-free  base  steel  (Fig.  2(a))  except  for  the  existence  of  carbide  particles  which  precipitate  along 
lath  boundaries.  Carbide  particles  were  identified  as  M23C6  and  their  size  is  about  80nm.  After  the 
creep  deformation  for  54ks,  the  morphology  of  lath  tends  to  be  changed  to  dislocation  cell  structure. 
Besides,  carbide  particles  grow  and  dislocation  density  is  lowered.  It  should  be  noted  that  the 
recovery  of  martensite  is  significantly  retarded  in  comparison  with  the  carbon-free  base  steel 
(Fig.2(a')).  This  means  that  carbide  particles  on  lath  boundaries  play  an  important  role  for 
suppressing  the  recovery  of  lath-martensitic  structure  and  this  leads  to  holding  the  dislocation  density 
high  [3]  [4], 


Fig.4  Creep  curves  of  low-carbon 
martensitic  steel  (9%Cr-0.1%C)  and 
carbon-free  martensitic  steel  (9%Cr). 


Fig. 5  TEM  micrographs  of  as-tempered 
specimen  (before  creep)  test  (a)  and  crept 
specimen  to  the  early  stage  of  acceleration  creep 
(54.0ks)  (b)  in  low-carbon  martensitic  steel. 
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Fig. 6  shows  the  changes  in  hardness  during  creep  deformation  as  a  function  of  strain  in  the 
low-carbon  steel  and  the  carbon-free  base  steel.  Due  to  the  retardation  of  recovery  by  carbide 
particles,  the  low-carbon  steel  undergoes  gradual  softening  , whereas  the  carbon-free  steel  does 
abrupt  softening  at  the  early  stage  of  creep  deformation.  Here,  the  comparison  of  softening  behavior 
between  Fig. 2  and  Fig.  6  demonstrates  that  the  contribution  of  carbide  particles  to  creep  strength  is 
substantially  different  from  that  of  alloying  elements  (Mo  or  W).  That  is,  carbide  particles  contribute 
to  the  improvement  of  creep  strength  through  the  retardation  of  recovery  of  lath-martensitic  structure. 


Fig.6  Changes  in  hardness  during  creep  deformation 
in  low-carbon  martensitic  steel  (9%Cr-0.1%C)  and 
carbon-free  martensitic  steel  (9%Cr). 

3.3  Strengthening  mechanism  in  Mo  or  W  bearing  low-carbon  martensitic  steels 
Fig. 7  shows  the  changes  in  hardness  during  creep  deformation  under  the  condition  of 
873K-138MPa  as  a  function  of  strain  in  the  low-carbon  steels  (9Cr-0. 1C)  with  or  without  0.5at%  of 
Mo  or  W.  In  all  over  the  strain  range,  the  hardness  of  crept  specimens  is  higher  in  Mo  or  W  bearing 
steels  than  in  the  plain  low-carbon  steel  (9Cr-0. 1C),  and  the  difference  is  kept  to  the  rupture. 
Besides,  the  increment  of  hardness  by  Mo  or  W  addition  well  correspond  to  the  solid  solution 
strengthenings  which  are  represented  in  Table2.  If  the  carbide  particles  were  stabilized  by  Mo  or  W 
addition,  the  retardation  of  recovery  should  be  more  intensified  in  the  Mo  or  W  bearing  steels. 
However,  the  softening  behavior  was  not  influenced  by  Mo  or  W  addition.  Hence  it  is  concluded 


Fig.7  Changes  in  hardness  during  creep  deformation  in 
low-carbon  martensitic  steels;  9%Cr-0.1%C,  9%Cr- 
0.1%C-0.5at%Mo  and  9%Cr-0.1%C-0.5at%W  steels. 
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that  the  addition  of  Mo  or  W  to  the  low -carbon  steels  does  not  give  a  effect  to  the  retardation  of 
recovery,  but  causes  a  large  solid  solution  strengthening  even  in  low -carbon  martensitic  steels  with  a 
high  density  of  dislocations. 

3.4  Strengthening  mechanisms  for  creep  deformation  in  heat-resistant  martensitic 
steels 

Fig. 8  illustrates  the  effects  of  strengthening  mechanisms  ;  solid-solution  strengthening  and  the 
retardation  of  recovery  produced  by  carbide  particles,  in  the  softening  behavior  during  creep 
deformation.  The  solute  alloying  element  (Mo  or  W)  raises  hardness  by  a  certain  value  through  the 
solid  solution  strengthening  (the  curve(l)).  On  the  other  hand,  carbide  particles  retard  the  recovery 
of  martensite  and  hold  the  dislocation  density  high,  thus  the  softening  curve  is  shifted  to  higher 
strain  region  (the  curve(2)).  In  the  Mo  or  W  bearing  low-carbon  steels,  the  addition  of  Mo  or  W 
does  not  affect  the  curve(2)  but  raises  the  level-off  hardness  through  solid  solution  strengthening. 
Therefore,  it  is  concluded  that  the  addition  of  Mo  or  W  to  low -carbon  martensitic  steels  contributes 
to  the  strengthening  of  ferritic  matrix  itself. 


strengthening  mechanisms  ;  solid-solution  strengthening 
and  retardation  of  recovery,  in  the  softening  behavior 
during  creep  deformation. 


4.  Conclusion 

(1)  In  carbon-free  steels.  Mo  or  W  addition  improves  creep  properties  through  the  solid-solution 
strengthening. 

(2)  Carbide  particles  markedly  retard  the  recovery  of  lath-matensitic  structure  during  creep 
deformation,  and  this  leads  to  a  great  improvement  of  creep  properties  in  low-carbon  steels. 

(3)  The  addition  of  Mo  or  W  to  the  low -carbon  steels  does  not  give  a  large  effect  to  the  retardation  of 
recovery,  but  causes  a  large  solid  solution  strengthening. 
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ABSTRACT 

Creep  deformation  behaviour  and  microstructural  change  have  been  investigated  on  9Cr-lMo- 
V-Nb  steel  (ASME  SA-213  T91)  in  order  to  understand  a  degradation  mechanism  at  the  elevated 
temperatures,  especially  at  the  long  term  condition.  Remarkable  decrease  in  creep  rupture  strength  at 
873K  and  923K  have  been  observed  at  the  long  term  region  longer  than  about  10,000h.  Under  the 
higher  stress  and  short  term  region,  homogeneous  progress  in  recovery  of  tempered  martensitic 
structure,  such  as  increase  in  lath  width  and  coarsening  of  subgrain,  has  been  observed.  However, 
remarkable  progress  in  such  recovery  of  the  micro  structure  has  been  observed  only  at  the  vicinity  of 
prior  austenite  grain  boundary  under  the  lower  stress  and  long  term  region.  It  has  been  found  that 
such  preferential  recovery  along  a  prior  austenite  grain  boundary  promotes  the  beginning  of  tertiary 
creep.  It  has  been  concluded  that  preferential  recovery  at  the  vicinity  of  prior  austenite  grain 
boundaiy  is  a  main  factor  of  degradation  during  long  term  creep  deformation. 

INTRODUCTION 

From  a  viewpoint  of  global  environment,  especially  to  suppress  a  CO2  emission,  there  is  a 
strong  demand  to  improve  the  energy  efficiency  of  electrical  power  plant.  Therefore,  a  lot  of  effort 
have  been  done  to  develop  a  new  high  strength  ferritic  creep  resistant  steel  which  is  used  for  large 
components  of  fossil  fired  power  plant  [1],[2].  Because  of  degradation  which  should  occur  during 
long  term  services  at  the  elevated  temperature  as  a  result  of  microstructural  change  [3],  improvement 
of  microstructural  stability  is  most  important  to  obtain  an  excellent  long  term  creep  strength.  9Cr- 
lMo-V-Nb  steel  is  recently  widely  used  in  modern  fossil  fired  power  plant  and  many  researches  on  a 
correlation  between  microstructure  and  creep  strength  have  been  reported  [4]-[8].  However,  most  of 
such  researches  were  conducted  on  relatively  short  term  creep  strength  property  up  to  about  10,000h. 

The  aim  of  present  study  is  to  understand  a  degradation  mechanism  of  9Cr-lMo-V-Nb  steel, 
especially  at  the  long  term  creep  condition.  Creep  deformation  behaviour  has  been  investigated  in 
conjunction  with  changes  in  microstructures  and  a  main  factor  of  degradation  during  long  term  creep 
deformation  has  been  discussed. 

EXPERIMENTAL  PROCEDURE 

9Cr-lMo-V-Nb  steel  (ASME  SA-213  T91)  [9]  has  been  used  in  this  study.  Chemical 
composition  and  heat  treatment  condition  of  the  steel  are  shown  in  Table  1.  Creep  specimen  with 
6mm  gauge  diameter  and  30mm  gauge  length  have  been  taken  from  boiler  and  heat  exchanger  tube 
with  about  8mm  wall  thickness.  Creep  tests  were  conducted  over  a  range  of  temperatures  from  823 
to  998K.  Creep  deformation  have  been  measured  using  by  an  extensometer  attached  to  the  gauge 
portion  of  specimen. 

Evaluation  of  creep  strength  and  prediction  of  long  term  creep  rupture  strength  were 
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performed  by  analysis  of  the  short  term  data  which  less  than  l,000h,  using  by  a  modified  6 
projection  method  [10].  Vickers  hardness  of  as  received  steel  and  creep  ruptured  specimens  were 
measured  under  load  of  98N.  Scanning  electron  microscope  and  transmission  electron  microscope 
were  used  for  the  observation  of  the  microstructures. 

Table  1.  Chemical  composition  (mass%)  and  heat  treatment  of  the  steel  studied. _ 

C  Si  Mn  P  S  Ni  Cr  Mo  Cu  V  Nb  A1  N 

0.09  0.29  0.35  0,009  0,002  0,28  8,70  0,90  0.032  0.22  0.072  0001  0,044 

_ Heat  treatment :  1323K/10min,  Air  cooling  +  1038K/30min.  Air  cooling _ 

RESULTS  AND  DISCUSSION 
Creep  strength  property 

Stress  vs.  time  to  rupture  curves  of  the  9Cr-lMo-V-Nb  steel  tested  over  a  range  of 
temperatures  from  823  to  998K  are  shown  in  Fig.  1.  Dotted  lines  are  predicted  rupture  life  from  the 
short  term  data  indicated  by  solid  symbols,  using  by  a  modified  6  projection  method  [10].  Good 
correspondence  between  experimental  data  and  the  predicted  curves  are  observed  in  the  short  term 
region  less  than  10,000h.  The  differences  of  predicted  curves  from  the  experimental  data,  however, 
increase  with  increase  in  time  to  rupture  in  the  long  term  region  more  than  10,000h  at  873  and  923K, 
since  the  stress  dependence  of  creep  rupture  life  decrease  abruptly.  With  decrease  in  applied  stress, 
creep  rupture  life  decrease  to  less  than  half  of  the  predicted  one.  Such  differences  between  the 
experimental  data  and  predicted  rupture  life  are  observed  at  the  stress  regions  lower  than  about  120 
and  70MPa  at  873  and  923K,  respectively. 

Rupture  elongation  is  plotted  against  the  time  to  rupture  and  shown  in  Fig.  2.  Although  the 
rupture  elongation  is  higher  than  25%  in  the  short  term  region  less  than  about  10,000h  over  a  range 
of  temperatures  from  823  to  998K,  tendency  to  decrease  with  increase  in  time  to  rupture  is  observed 
in  the  long  term  region  over  10,000h.  Such  decrease  in  rupture  elongation  at  the  long  term  region 
corresponds  to  abrupt  decrease  in  stress  dependence  of  the  rupture  life,  as  shown  in  Fig.  1 . 


Figure  1.  Stress  vs.  time  to  rupture  curves  of  the  9Cr-lMo-V-Nb  steel  tested  over  a  range  of 
temperatures  from  823  to  99 8K. 
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Vickers  hardness  of  the  as  received  steel  and  the  specimens  creep  ruptured  at  873,  923  and 
973K  are  plotted  against  the  time  to  rupture  and  shown  in  Fig.  3.  Hardness  of  the  as  received  steel  is 
HV235  and  that  of  the  creep  ruptured  specimens  decreases  with  increase  in  time  to  rupture  up  to 
about  10,000h.  Although  the  abrupt  decreases  in  creep  rupture  strength  and  rupture  elongation  is 
observed  in  the  long  term  region,  however,  no  significant  decrease  in  hardness  of  the  creep  ruptured 
specimens  are  observed  in  such  long  term  region,  and  even  a  tendency  to  increase  in  hardness  is 
observed  at  923 K. 


5 


Time  to  rupture  /  h 


Figure  2.  Rupture  elongation  of  the  9Cr-lMo-V-Nb  steel  tested  over  a  range  of  temperatures  from 
823  to  998K. 


Figure  3.  Changes  in  Vickers  hardness  of  the  9Cr-lMo-V-Nb  steel  with  increase  in  time  to  rupture  at 
873,  923  and  973K. 
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Creep  deformation  behaviour 

Creep  rate  vs.  time  curves  tested  over  a  range  of  stresses  from  100  to  200MPa  at  873K  are 
shown  in  Fig.  4.  Creep  deformation  consists  of  transient  and  acceleration  creep  stages  under  all  stress 
conditions.  Stress  dependence  of  the  minimum  creep  rate  is  about  4  orders  in  magnitude.  It  is 
significantly  larger  than  that  of  the  creep  rate  at  the  beginning  of  the  creep  deformation  which  is  about 
1  order  in  magnitude  at  t=0.1h.  On  the  other  hand,  stress  dependence  of  the  onset  time  of  tertiary 
creep  decreases  with  decrease  in  applied  stress. 

Creep  rate  vs.  true  strain  curves  tested  over  a  range  of  stresses  from  100  to  200MPa  at  873K 
are  shown  in  Fig.  5.  Under  the  higher  stress  conditions  from  140  to  200MPa,  minimum  creep  rate  is 
observed  at  the  strain  range  from  0.02  to  0.03.  Under  the  stress  conditions  lower  than  120MPa, 
however,  creep  rate  represent  minimum  value  at  the  small  strain  less  than  0.01 .  At  the  long  term  creep 
conditions  in  which  abrupt  decrease  in  creep  rupture  strength  is  observed,  consequently,  creep 
deformation  shift  from  transient  creep  stage  to  tertiary  one  at  the  relatively  small  strain  in  comparison 
with  that  at  the  higher  stress  and  short  term  creep  condition.  Abrupt  decrease  in  creep  rupture 
strength  and  rupture  elongation  at  the  long  term  creep  conditions  may  attribute  to  such  changes  in 
creep  deformation  behaviour  at  the  lower  stress  conditions. 

Microstructural  change 

SEM  micrographs  of  the  as  received  steel  and  the  specimens  creep  ruptured  at  873K-160,  120 
and  lOOMPa  are  shown  in  Fig.  6.  On  the  as  received  steel  (a),  precipitates  whose  size  is  about  0.1  fi  m 
are  observed  at  the  prior  austenite,  grain  boundaries,  and  similar  precipitates  in  size  and  fine 
precipitates  which  is  less  than  0. 1  ji  m  are  observed  within  grain.  Coarsening  of  precipitates  at  grain 
boundary  is  observed  on  the  specimen  ruptured  at  160MPa  (b),  and  the  ratio  of  the  grain  boundary 
covered  by  the  precipitates  is  larger  than  that  of  the  as  received  steel.  Increase  in  size  up  to  about  0.3 
ii  m  and  decrease  in  number  of  the  grain  boundary  precipitates  are  observed  on  the  steel  ruptured  at 
120MPa  (c),  and  deformed  precipitates  free  grain  boundary  is  also  observed.  Significantly  coarsened 
precipitates  whose  size  is  about  0.5 yum  are  observed  at  grain  boundary  of  the  steel  ruptured  at 
lOOMPa  (d),  however,  fine  precipitates  which  is  less  than  0. 1  fi  m  are  also  still  observed  within  grain. 


Figure  4.  Creep  rate  vs.  time  curves  of  the  9Cr-lMo-V-Nb  steel  at  873K-100~200MPa. 
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Figure  5.  Creep  rate  vs.  true  strain  curves  of  the  9Cr-lMo-V-Nb  steel  at  873K-100^200MPa. 


a)  As  received  b)  873K-160MPa:(  tr=971.2h 

c)  873K-120MPa,  tr=12,858.6h  d)  873K-100MPa,  tr=34,141.0h 


Figure  6.  SEM  micrographs  of  the  as  received  steel  and  the  steels  ruptured  at  873K-160,  120  and 
lOOMPa. 
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TEM  micrographs  of  the  same  steels  are  shown  in  Fig.  7  as  those  in  Fig.  6.  Tempered 
martensitic  microstructure  is  observed  on  the  as  received  steel  (a).  Dislocation  density  of  it  is  very 
high  and  the  lath  width  is  about  0.3/im.  Recovery  of  tempered  martensitic  microstructure,  such  as 
increases  in  lath  width  and  subgrain  size  is  observed  on  the  specimen  creep  ruptured  at  160MPa  (b). 
Size  of  coarsened  subgrains  is  more  than  1/zm.  The  specimen  creep  ruptured  at  120MPa  (c) 
represents  significant  progress  in  recovery  of  tempered  martensitic  microtructure.  Martensitic  lath 
structure  has  been  annihilated  by  recovery  during  creep  deformation. 

On  the  other  hand,  different  features  of  the  microtructure  from  those  of  the  above  creep 
ruptured  specimens  are  observed  on  the  specimen  creep  ruptured  at  the  lowest  stress  of  lOOMPa  (d). 
Significantly  recovered  region  is  observed  along  prior  austenite  grain  boundary,  however, 
microstructure  within  grain  is  still  fine  in  comparison  with  that  at  the  vicinity  of  grain  boundary. 
Although  a  time  to  rupture  of  the  specimen  crept  at  lOOMPa  (d)  is  about  three  times  longer  than  that 
of  the  specimen  crept  at  120MPa  (c),  subgrain  size  within  grain  of  the  former  specimen  which  is  less 
than  1  ii  m  is  smaller  than  that  of  the  latter  one.  Similar  heterogeneously  recovered  microstructure  is 
also  observed  on  the  specimen  creep  ruptured  at  923K-50MPa  whose  time  to  rupture  of  41425. 2h  is 
similar  to  that  of  the  specimen  crept  at  873K- lOOMPa.  Such  heterogeneous  progress  in  recovery  of 
the  microstructure  is  observed  only  for  the  specimens  creep  ruptured  at  the  lower  stress  conditions  in 
which  abrupt  decrease  in  creep  rupture  strength  is  observed.  It  should  be  a  reason  why  hardness  of 
the  creep  ruptured  specimen  does  not  decrease  in  the  long  term  region. 

Effect  of  heterogeneous  recovery 

Recovery  of  tempered  martensitic  micro  structure,  such  as  increase  in  lath  width  and  coarsening 
of  subgrain  progress  homogeneously  at  the  higher  stress  and  short  term  region.  At  the  lower  stress 
and  long  term  condition,  however,  such  microstructural  change  proceeds  heterogeneously,  since 
remarkable  progress  in  recovery  occurs  at  the  vicinity  of  prior  austenite  grain  boundary.  At  the  higher 
stress  condition,  changes  in  microstructure  occur  homogeneously  with  creep  deformation  and  creep 
rate  shows  minimum  value  at  relatively  high  strain  range  0.02  to  0.03.  On  the  other  hand,  preferential 
recovery  at  the  vicinity  of  prior  austenite  grain  boundary  at  the  lower  stress  condition  promotes  the 
onset  of  tertiary  creep  and,  consequently,  minimum  creep  rate  is  observed  at  the  smaller  strain  in 
comparison  with  that  at  the  higher  stress.  It  has  been  concluded  that  degradation  at  the  long  term 
region  is  caused  by  a  start  of  tertiary  creep  at  the  early  stage  due  to  preferential  recovery  occurred  at 
the  vicinity  of  prior  austenite  grain  boundary.  Remarkable  decrease  in  rupture  elongation  in  the  long 
term  region  is  also  caused  by  such  heterogeneous  recovery,  since  creep  deformation  is  mainly 
dependent  on  a  deformation  at  the  vicinity  of  prior  austenite  grain  boundary. 

There  are  two  possible  factors  which  cause  a  preferential  recovery  at  the  vicinity  of  prior 
austenite  grain  boundary  during  long  term  creep  deformation.  First  one  is  changes  in  precipitates, 
especially  along  prior  austenite  grain  boundary.  High  creep  strength  of  the  9Cr-lMo-V-Nb  steel  is 
obtained  by  very  fine  and  stable  MX  type  carbonitride  particles.  Coarsening  of  grain  boundary 
precipitate  may  affect  the  distribution  of  MX  particles  at  the  vicinity  of  grain  boundary.  At 
temperatures  less  than  about  900K,  decrease  in  Mo  content  in  solid  solution  of  ferrit  matrix  is  also 
caused  by  a  precipitation  of  Laves  phase  (Fe2Mo).  Since  Mo  is  effective  to  increase  in  creep  strength 
by  solid  solution  strengthening,  decrease  in  Mo  content  in  ferrite  matrix  is  possible  to  decrease  in 
creep  strength. 

Second  one  is  an  internal  stress  of  the  steel  itself.  A  certain  extent  of  internal  stress  is 
introduced  by  martensitic  transformation  and  that  is  distributed  nonuniformly.  An  extent  of  internal 
stress  at  the  vicinity  of  prior  austenite  grain  boundary  is  thought  to  be  higher  than  that  of  within  grain. 
Stress  is  important  factor  to  promote  recovery  of  tempered  martensitic  microstructure.  It  seems  that 
an  effect  of  higher  internal  stress  at  prior  austenite  grain  boundary  on  microstructural  change  may  be 
pronounced  in  the  long  term  region,  since  applied  stress  is  lower  than  that  in  the  short  term  region. 
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a)  As  received  b)  873K-160MPa,  tr=971.2h 

c)  873K-120MPa,  tr=12,858.6h  d)  873K-100MPa,  tr=34,141.0h 


Figure  7.  TEM  micrographs  of  the  as  received  steel  and  the  steels  ruptured  at  873K-160,  120  and 
lOOMPa. 
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To  develop  high  strength  ferritic  creep  resistant  steel,  it  is  important  to  retard  a  degradation  in 
the  long  term  region.  Consequently,  preferential  recovery  at  the  vicinity  of  prior  austenite  grain 
boundary  should  be  suppressed  and  the  mechanism  of  such  remarkable  recovery  should  be 
investigated  more  detail  in  the  future. 

CONCLUSIONS 

Long  term  creep  strength  properties  of  the  9Cr-lMo-V-Nb  steel  has  been  investigated  in 
conjunction  with  both  creep  deformation  and  changes  in  microstructure  and  the  following  results 
have  been  obtained. 

1)  At  the  long  term  region  more  than  about  10,000h,  abrupt  decreases  in  both  creep  rupture  strength 
and  rupture  elongation  were  observed. 

2)  Under  the  lower  stress  condition  in  which  creep  rupture  strength  shows  significant  decrease, 
transient  creep  stage  shift  to  tertiary  one  at  the  small  strain  of  less  than  0.01,  in  comparison  with 
those  of  more  than  0.02  at  the  higher  stress  condition. 

3)  Progress  in  recovery  of  the  tempered  martensitic  microstructure  during  creep  deformation  is 
homogeneous  at  the  short  term  region. 

4)  Under  the  lower  stress  condition,  recovery  of  microstructure  is  significantly  heterogeneous,  since 
it  proceeds  preferentially  at  the  vicinity  of  prior  austenite  grain  boundary. 

5)  Degradation  in  the  long  term  region  is  caused  by  a  preferential  recovery  along  prior  austenite 
grain  boundary  which  promotes  the  onset  of  tertiary  creep. 

6)  It  has  been  concluded  that  suppression  of  the  preferential  recovery  at  the  vicinity  of  prior  austenite 
grain  boundar  is  important  to  retard  a  degradation  and  to  maintain  high  creep  strength  during  long 
term  creep  deformation. 
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ABSTRACT 

A  new  attempt  has  been  demonstrated  using  carbon  free  Fe-Ni-Co  martensitic  alloys  strengthened 
by  Laves  phase  such  as  Fe2W  or  Fe2Mo  to  achieve  homogeneous  creep  deformation  at  high 
temperatures  under  low  stress  levels.  Creep  behavior  of  the  alloys  is  found  to  be  completely 
different  from  that  of  the  conventional  high-Cr  ferritic  steels.  The  alloys  exhibit  gradual  change 
in  the  creep  rate  with  strain  both  in  the  transient  and  acceleration  creep  regions,  and  give  a  larger 
strain  for  the  minimum  creep  rate.  In  these  alloys  the  creep  deformation  takes  place  very 
homogeneously  and  no  heterogeneous  creep  deformation  is  enhanced  even  at  low  stress  levels. 
The  minimum  creep  rates  of  the  Fe-Ni-Co  alloys  at  700°C  are  found  to  be  much  lower  than  that  of 
the  conventional  steel,  which  is  due  to  fine  dispersion  strengthening  useful  even  at  700°C  in  these 
alloys.  It  is  thus  concluded  that  the  Fe-Ni-Co  martensite  strengthened  by  Laves  phase  is  very 
useful  to  increase  the  creep  resistance  at  elevated  temperatures  over  650°C. 

Introduction 

High  Cr  ferritic  steels  such  as  9Cr-lMoVNb  steel  (ASME  SA335  P91)  have  successfully  been 
used  for  large  diameter  and  thick  section  boiler  components  such  as  main  steam  pipe  and  header  in 
super  critical  (SC)  boilers  in  fossil-fired  power  plants  [1].  Recent  trend  to  utilization  of  clean 
energy  leading  to  protection  of  global  environment  has  been  accelerating  application  of  ultra  super 
critical  (USC)  boilers,  which  are  operated  with  higher  efficiency  in  power  generation  than  in 
conventional  ones  and  thus  release  less  amount  of  carbon  dioxide  etc. [2,  3].  The  USC  boiler 
requires  heat  resistant  materials  with  improved  creep  rupture  strength  at  elevated  temperatures  over 
600°C,  because  of  increase  in  operating  temperature  and  pressure  of  the  steam  used.  The 
expected  goal  of  the  USC  boilers  is,  however,  now  considered  to  be  630°C  and  30MPa  [3],  which 
might  be  the  applicable  limit  of  the  conventional  ferritic  steels  regarding  creep  strength  and  steam- 
oxidation  resistance. 

The  high-Cr  ferritic  steels  for  USC  power  plants  are  basically  used  after  normalizing  and 
tempering  to  obtain  long-term  creep  rupture  strength  with  enough  toughness.  A  typical 
microstructure  of  the  steels  consists  of  lath-martensite  matrix  and  M23C6  (M;  Cr,  Fe,  Mo,  W  etc.) 
type  carbide  along  prior  austenite  grain  boundaries  and  lath  boundaries,  MX  (M;  V,  Nb,  etc.  and  X; 
C,  N)  type  carbonitride  inside  lath-martensite  grain.  The  addition  of  W  to  the  steels  enhances 
precipitation  of  intermetallic  phases  such  as  Laves  and  p  phases  mainly  along  prior  austenite  grain 
boundaries  and  lath  boundaries,  and  also  inside  grain  during  long-term  exposure  at  high 
temperatures. 

Creep  deformation  of  the  ferritic  steels  is  controlled  by  recovery  and  softening  process  of  the 
tempered  martensite  described  above,  which  strongly  depends  on  the  constitution  of  the 
microstructure  and  its  change  with  time  [4,  5].  To  achieve  long  term  stability  of  the  tempered 
martensite  is  considered  to  be  the  key  to  increase  the  creep  resistance  of  the  steels  at  elevated 
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temperatures  over  600°C.  It  is  also  noted  that  at  low  stress  levels  the  creep  deformation  of  the 
tempered  martensite  proceeds  heterogeneously  around  prior  austenite  grain  boundaries,  since  excess 
dislocations  inside  grain  are  hard  to  rearrange  via  ordinary  dislocation  motion  under  such  a  low 
stress  level  and  a  new  dislocation  generation  is  required  to  enhance  creep  deformation  elsewhere. 
Coarsening  of  grain  boundary  precipitates  such  as  M23C6  carbide  also  enhances  such  a 
heterogeneous  creep  deformation,  since  non-coherent  interfaces  between  precipitates  and  matrices 
are  likely  place  of  dislocation  generation  above. 

In  this  paper,  a  new  attempt  has  been  demonstrated  using  carbon  free  martensitic  alloys 
strengthened  by  intermetallic  phase  to  achieve  homogeneous  creep  deformation  at  high 
temperatures  under  low  stress  levels.  We  choose  Fe-Ni-Co  martensite  as  matrix  and  Laves  phase 
type  intermetallic  compound  such  as  Fe2W  or  Fe2Mo  as  precipitate  and  find  that  no  heterogeneous 
creep  deformation  takes  place  in  these  alloys. 

Experimental  procedure 

The  chemical  compositions  of  the  Fe-Ni-Co  alloys  used  in  this  study  are  given  in  Table  1. 
They  were  melted  as  17.5kg-ingots  in  a  vacuum  induction  furnace.  The  ingots  were  pressed  to 
40mm  square  billets,  and  then  hot  rolled  to  16mm  square  bars  after  heating  for  lh  at  1200°C. 
They  were  solution  treated  for  30min  at  1000°C.  Some  specimens  were  then  aged  for  10  to 
6000h  at  temperatures  between  500  and  800°C  to  examine  the  long-term  stability  of  the 
microstructure  of  the  alloys.  A  9Cr  ferritic  steel  denoted  by  the  base  steel  in  Table  1  was  also 
prepared  for  comparison.  It  was  normalized  for  1  h  at  1100°C  and  tempered  for  4  h  at  770°C. 
Creep  rupture  testing  was  conducted  at  the  temperatures  of  650  and  700°C  using  a  6mm  diameter  x 
30mm  gauge  length  tensile  specimen  as  solution  treated  condition.  Microstructures  of  the 
specimens  solution  treated  and  crept  were  observed  by  an  optical  microscope  and  a  transmission 
electron  microscope.  Precipitates  formed  after  long-term  aging  treatments  were  electrolytically 
extracted  as  residue  using  a  1%  tetramethyl  ammonium  chloride- 10%  acethyl  aceton-methanol 
solution.  The  extracted  residue  was  then  examined  by  X-ray  diffraction  and  chemical  analyses  to 
identify  the  precipitates. 


Table  1  Chemical  composition  of  the  alloys  used  (mass%). 
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RESULTS  AND  DISCUSSION 

Fig.l  shows  optical  micrographs  of  Fe-Ni-Co  alloys  with  5%Mo,  5%W  and  10%W  after 
solution  treatment  for  30min  at  1000°C.  It  is  seen  that  in  all  the  alloys  martensitic  single  phase 
matrix  with  neither  5-ferrite  nor  retained  austenite  phase  has  been  observed.  It  is  also  confirmed 
that  there  is  no  evidence  of  unexpected  precipitation  such  as  Laves  phase  during  the  solution 
treatment.  Prior  austenite  grain  size  of  each  alloy  measured  is  about  50pm. 


Key  Engineering  Materials  Vois.  171-174  493 


Fig.l  Optical  micrographs  of  Fe-12Ni-9Co  alloys  with  5%Mo,  5%W  and  10%W  after  solution 
treatment  for  30min  at  1000°C. 


Fig.2  shows  the  effect  of  Mo  and  W  addition 
on  the  transformation  temperatures  of  Ac],  A2  and 
Ms  measured  by  a  differential  scanning 
calorimetry  (DSC)  on  heating  and  cooling  with 
the  rates  of  10  K/min.  It  is  found  that  both  Acl 
and  A2  temperatures  are  not  much  affected  by  the 
kinds  and  amounts  of  alloying  elements,  while  the 
Ms  temperature  of  the  alloy  with  5%W  is  about 
100°C  higher  than  those  of  the  other  alloys. 

It  is  considered  that  the  Acl  and  A2  temperatures 
are  governed  mainly  by  Co  and  Ni,  and  the  Ms 
temperature  is  by  Mo  and  W  which  are  large  in 
atomic  size  compared  with  Fe,  Co  and  Ni. 

Fig.  3  shows  age-hardening  behavior  of  the 
alloys  with  (a)  5%  Mo  and  (b)  10%  W  on  aging  at 
500  to  800°C  for  up  to  6000h.  Initial  hardness 
of  both  alloys  is  in  a  same  level  of  about  HV330, 
which  may  be  due  to  the  similar  microstructure 
and  transformation  characteristics  of  these  two  alloys  as  shown  in  Figs.  1  and  2.  It  is  seen  that 
the  alloy  with  5%  Mo  is  markedly  hardened  by  aging  at  500  to  600°C  for  1  to  10  h,  although  the 
hardness  values  decrease  very  rapidly  with  increasing  aging  time.  This  alloy  still  exhibits  a 
slight  increase  in  hardness  by  aging  at  higher  temperatures  up  to  750°C  for  1  to  10  h,  but  a  decrease 
to  about  HV270  by  the  longer-term  aging.  The  alloy  with  10%  W  is  found  to  be  remarkably 
hardened  by  aging  at  all  the  temperatures  between  500  and  800°C  for  1  to  10  h.  This  alloy  is 
hardened  much  more  than  the  alloy  with  5%  Mo  even  at  higher  aging  temperatures  and  keeps  high 
hardness  value  of  about  HV300  after  aging  for  6000  h  at  650°C.  The  alloy  with  5%  W  exhibits 
the  similar  hardening  behavior  as  observed  in  the  alloy  with  10%  W,  although  the  initial  and 
maximum  values  in  hardness  are  much  lowered,  which  may  be  due  to  the  smaller  amount  of 
precipitation. 

Fig.4  shows  creep  curves  of  the  alloys  with  5%  Mo,  5%  W  and  10%  W  crept  at  650°C  with  the 
applied  stresses  of  200  and  120MPa.  It  is  seen  that  the  alloy  with  10%  W  exhibits  longest  creep 
life  among  the  alloys  at  200  MPa,  while  the  alloy  with  5%  Mo  does  at  120  MPa.  Fig.  5  shows 
the  creep  rate  vs.  time  curves  of  the  alloys  with  5%  Mo  and  1 0%  W  comparing  with  the  base  steel. 
It  is  seen  that  the  creep  curves  of  all  the  specimens  consist  of  a  transient  creep  region  and  a 
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Fig.4  Creep  curves  of  the  alloys  with  5%Mo,  5%W  and  10%W  crept  at  650°C 
with  the  applied  stresses  of  200  and  120MPa. 


subsequent  acceleration  creep  region,  which  have  been  observed  in  the  conventional  high  Cr  ferritic 
steels  [6].  Creep  rates  of  all  the  specimens  decrease  gradually  in  the  transient  creep  region  and 
reached  at  minimum  creep  rates,  and  then  turn  out  to  increase  with  time  in  the  acceleration  creep 
region.  It  is,  however,  noted  that  the  creep  behavior  of  the  present  Fe-Ni-Co  alloys  strengthened 
by  Laves  type  phase  is  completely  different  from  that  of  the  base  steel.  In  the  transient  creep 
region,  for  instance,  the  creep  rate  of  the  alloy  with  10%  W  decreases  with  time  and  then  tends  to 
stay  for  a  while,  before  it  decreases  again  until  reaching  the  minimum  creep  rate.  The  resultant 
minimum  creep  rate  of  the  alloy  crept  at  120  MPa  is  much  higher  than  that  obtained  for  the  base 
steel,  but  the  total  creep  lives  of  these  specimens  are  in  a  same  level.  This  is  because,  in  the 
acceleration  creep  region,  the  creep  rate  of  the  alloy  with  10%  W  increases  with  time  more  slowly 
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compared  with  that  of  the  base  steel  does.  10° 

Fig.  6  shows  the  creep  rate  vs.  strain 
curves  of  the  same  specimens  shown  in 
Fig.  5.  This  type  of  the  figure  is  very  101 
useful  to  understand  the  creep  deformation 
mechanism  involved.  It  is  seen  that  the 
base  steel  exhibits  steeper  decrease  of  the  ^  10'2 
creep  rate  with  strain  in  the  transient  creep  ^ 
region  and  steeper  increase  of  it  in  the  ^ 
acceleration  creep  region,  giving  the  g  10‘3 
smaller  strain  for  the  minimum  creep  rate  a 
at  which  the  acceleration  creep  starts,  g 
On  the  other  hand,  the  Fe-Ni-Co  alloys  V  10"4 
with  5%  Mo  and  10%  W  exhibit  gradual 
change  in  the  creep  rate  with  strain  both  in 
the  transient  and  acceleration  creep  10'5 

regions,  and  give  a  larger  strain  for  the 
minimum  creep  rate.  This  suggests  that 
in  the  Fe-Ni-Co  alloys  the  creep  10'6 

deformation  takes  place  very  10 3  10 2  10  1  10°  101  102  10  10 

homogeneously  both  in  the  transient  and  Time  (h) 

acceleration  creep  regions  and  no 

heterogeneous  creep  deformation  is  Fig.5  Creep  rate  vs.  time  curves  of  the  alloys  with 
enhanced  even  at  such  a  low  stress  level.  5%Mo  and  10%W  comparing  with  the  base 

Fig.  7  shows  extraction  replicas  taken  steel, 

from  the  alloys  with  5%  Mo  and  10%  W 


aged  for  10  to  1000  h  at  650°C.  The  precipitates 
identified  are  Fe2Mo  in  the  alloy  with  5%  Mo  and 
Fe2W  in  the  alloy  with  10%  W  by  X-ray  diffraction 
analysis  of  the  extracted  residue  and  by  a 
quantitative  EDX  spectroscopy  in  FE-TEM  for  all 
the  aging  conditions.  It  is  seen  that  fine 
precipitate  of  about  10  nm  in  size  inside  grain  is 
dominant  in  both  alloys  at  the  early  stage  of  aging. 
The  size  of  the  precipitates  in  the  alloy  with  10%  W 
is  smaller  than  that  in  the  alloy  with  5%  Mo  in  all 
the  aging  conditions.  The  precipitates  along  prior 
austenitic  grain  boundaries  and  also  block 
boundaries  are  coarsened  rapidly  in  the  alloy  with 
5%  Mo,  while  the  precipitates  inside  grain  stay 


fairly  small  even  after  aging  for  1000  h. 


Strain 


Fig.  8  shows  amount  of  the  extracted  residue 
taken  from  the  alloy  with  10%  W  aged  in  the  same 
conditions.  The  elements  identified  are  W,  Fe, 
Co  and  Ni,  which  are  all  the  constituent  element  for 


Fig. 6  Creep  rate  vs.  strain  curves  of  the 

base  steel  and  the  alloys  crept  at 
650°C  and  120MPa. 


Laves  phase.  The  amount  of  these  elements 

increases  with  increasing  aging  time.  Assuming  that  both  Co  and  Ni  substitute  for  Fe,  the 
composition  of  the  precipitates  is  determined  as  (Fe+Co+Ni)0  63_0  65,  which  is  in  a  good  agreement 
with  the  composition  of  the  Laves  phase,  Fe0  67W033  or  (Fe+Co+Ni)0  67W0.33. 

Fig.  9  shows  the  temperature  dependence  of  the  minimum  creep  rate  of  the  specimens  crept  at 
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mC 


200nm 


Fig- 7  Extraction  replicas  of  the  alloys  with  5%Mo  (a,  b,  c,  g,  h  and  I)  and  10%W  (d,  e,  f,  j,  k 

and  1)  aged  for  10  to  lOOOh  at  650°C.  (g)  to  (1)  are  higher  magnification  of  (a)  to  (f). 

650  and  700°C  with  the  applied  stress  of  120  MPa.  The  minimum  creep  rates  of  the  Fe-Ni-Co 
alloys  at  700°C  are  much  lower  than  that  of  the  base  steel,  while  they  are  quite  higher  at  650°C. 
This  means  that  the  creep  resistance  of  the  base  steel  decreases  very  much  at  higher  temperatures, 
but  those  of  the  Fe-Ni-Co  alloys  do  not. 

Fig.  10  shows  the  amount  of  the  extracted  residue  taken  from  the  specimens  aged  at  700°C  for 
1000  h  comparing  with  the  result  obtained  for  650°C.  It  is  seen  that  the  amount  of  the 
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Fig.  8 


Amount  of  the  extracted  residue 
with  aging  time  of  the  alloy  with 


10%W. 


Fig.9  Effect  of  temperature  on  the  minimum 
creep  rate  of  the  alloys  and  the  base 
steel. 


precipitates  of  the  alloys  aged  at  700°C  is 
in  a  same  level  as  observed  in  the 
specimens  aged  at  650°C.  This  means 
that  the  fine  dispersion  strengthening  is 
useful  even  at  700°C  in  these  alloys. 

It  is  thus  concluded  that  the  Fe-Ni-Co 
martensite  strengthened  by  Laves  phase 
is  very  useful  to  increase  the  creep 
resistance  at  elevated  temperatures  over 
650°C.  This  is  achieved  by  the 
homogeneous  creep  deformation  in  the 
Fe-Ni-Co  martensite  and  by  the  stability 
of  fine  dispersed  particles  at  high 
temperatures.  The  results  obtained  in 
this  study  involve  some  important 
guiding  principles  to  increase  the  creep 
resistance  of  the  ferritic  steels.  Further 
investigations  are  necessary  to  enhance 
the  homogeneous  creep  deformation  in 
the  ferritic  steels  and  to  increase  the 
creep  resistance  of  the  Fe-Ni-Co  alloys 
at  lower  temperatures. 


Fig .  1 0  Chemical  analysis  of  the  extracted  residue 

taken  from  the  alloys  aged  for  lOOOh. 


Conclusion 

A  new  attempt  has  been  demonstrated  using  carbon  free  Fe-Ni-Co  martensitic  alloys 
strengthened  by  Laves  phase  such  as  Fe2W  or  Fe2Mo  to  achieve  homogeneous  creep  deformation  at 
high  temperatures  under  low  stress  levels.  It  is  found  that  the  creep  behavior  of  the  Fe-Ni-Co 
alloys  is  completely  different  from  that  of  the  conventional  high-Cr  ferritic  steels.  The  Fe-Ni-Co 
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alloys  exhibit  gradual  change  in  the  creep  rate  with  strain  both  in  the  transient  and  acceleration 
creep  regions,  and  give  a  larger  strain  for  the  minimum  creep  rate.  This  suggests  that  in  the  Fe- 
Ni-Co  alloys  the  creep  deformation  takes  place  very  homogeneously  and  no  heterogeneous  creep 
deformation  is  enhanced  even  at  low  stress  levels.  The  minimum  creep  rates  of  the  Fe-Ni-Co 
alloys  at  700°C  are  much  lower  than  that  of  the  conventional  steel.  This  means  that  the  fine 
dispersion  strengthening  is  useful  even  at  700°C  in  these  alloys.  It  is  thus  concluded  that  the  Fe- 
Ni-Co  martensite  strengthened  by  Laves  phase  is  very  useful  to  increase  the  creep  resistance  at 
elevated  temperatures  over  650°C.  This  is  achieved  by  the  homogeneous  creep  deformation  in 
the  Fe-Ni-Co  martensite  and  by  the  stability  of  fine  dispersed  particles  at  high  temperatures. 
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Abstract 

In  this  paper,  precise  investigation  on  the  9  mass%  chromium  ferritic  steels  with  up  to  2  mass% 
molybdenum  or  4  mass%  tungsten  extracts  the  contribution  of  molybdenum  and  tungsten  to  the 
strengthening  mechanism.  The  creep  rupture  strengths  of  molybdenum  containing  steels  increase  with 
molybdenum  content  because  of  the  molybdenum  in  solid  solution  and  stabilized  MsCe  by  molybdenum. 
The  extended  transient  creep  stage  implies  the  effective  precipitation  strengthening  effect  of  the 
stabilizedMsCe.  Also,  estimated  creep  rupture  strength  increases  with  tungsten  content  increases  up  to 
2  mass%.  But  in  case  of  tungsten  containing  steels,  precipitation  of  Laves  phase  possibly  contributes  the 
lath  structure  stabilization.  The  resolution  temperature  difference  between  FeAV  type  Laves  phase  and 
Fe2Mo  type  Laves  phase  explains  the  difference  of  precipitation  strengthening  effects  for  molybdenum 
and  tungsten  containing  steels. 

1.  Introduction 

Molybdenum  and  tungsten  in  chromium  ferritic  heat  resistant  steels  improve  the  creep  rupture 
strength  at  high  temperature.  However  no  established  concept  describes  the  mechanism  of  creep 
rupture  strengthening  increase  owing  to  molybdenum  and  tungsten.  High  solid  solution  strengthening 
effect  of  molybdenum  and  tungsten  is  caused  by  both  the  small  values  of  diffusion  coefficients  and  the 
large  misfit  of  atomic  radius  between  the  resolved  atoms  and  that  of  base  matrix.  Stabilization  of  M23C6 
by  resolved  molybdenum  or  tungsten  in  the  carbide  is  also  one  of  the  explanations  for  the  high  creep 
resistance.  Furthermore,  Laves  phase  precipitation  strengthening  effect  at  the  lath  boundary  is  one  of 
the  lately  introduced  mechanisms  for  high  creep  rupture  strengths  of  the  steelsfl]. 

In  this  paper,  precise  experiments  and  discussions  on  the  9  mass%  chromium  ferritic  steels  with  up 
to  2  mass%  molybdenum  or  4  mass%  tungsten  and  without  niobium,  vanadium  and  nitrogen  tries  to 
elucidate  the  contribution  of  molybdenum  and  tungsten  from  the  both  point  of  views,  the  precipitation 
strengthening  by  MzjCg  or  Laves  phase  and  the  solid  solution  strengthening  effect. 

2.  Experimental  methods 
2.1  Test  specimens 

Test  specimens  studied  in  this  work  were  melted  in  a  high  frequency  induction  furnace  under  a 
vacuum  atmosphere,  and  cast  into  20  kg  ingot  moulds.  Hot-rolling  from  1200  °C  for  2  hours  holding  in 
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an  electric  resistance  furnace  produced  15  mm  thick  plate  specimens.  Heat  treatment,  normalizing  at 
1070  °C  for  60  minutes  followed  by  quenching  in  air  and  tempering  at  780  °C  for  60  minutes  followed  by 
air  cooling  achieved  the  tempered  full  martensitic  microstructure.  Selected  chemical  compositions  of  the 
steels  after  heat  treatment  is  listed  in  table  1.  Steel  A,  B  and  C  contain  molybdenum  aiming  at  the 
extraction  of  molybdenum  effect  on  the  creep  rupture  strength.  Steel  D,  E  and  F  contain  only  tungsten. 
These  6  steels  will  distinguish  the  strengthening  mechanism  of  9%  chromium  steel  with  molybdenum 
and  tungsten  eliminating  the  MX  type  carbonitiide  precipitation  effect. 


Table  1  Cl 

remical  compositions  oJ 

'the  steels  (mass%) 

Steel 

C 

Si 

Mn 

Cr 

Mo 

W 

N 

A 

0.101 

0.10 

0.49 

8.97 

0.01 

— 

0.0008 

B 

0.097 

0.10 

0.49 

8.93 

0.98 

— 

0.0007 

C 

0.093 

0.10 

0.49 

8.89 

2.02 

— 

0.0008 

D 

0.098 

0.09 

0.49 

8.90 

— 

1.00 

0.0008 

E 

0.081 

0.08 

0.48 

8.91 

— 

1.95 

0.0007 

F 

0.050 

0.07 

0.46 

8.95 

— 

3.95 

0.0008 

Figure  1  Optical  microstructures  of  test  steels  after  heat  treatment. 
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2.2  Experimental  Procedures 

Round-bar  specimens,  6  mm  in  parallel-part  diameter’  and  30  mm  in  gauge  length,  investigated  the 
creep  rupture  strength  and  the  strain  at  600  °,  650 0  and  700  °C  and  at  constant  load  from  20  to  150 
MPa 

Another  type  of  round-bar  specimen,  6  mm  in  parallel-part  diameter  and  32  mm  in  gauge  length, 
investigated  the  strength  hum  room  temperature  up  to  750  °C. 

Optical  microscope  confirmed  the  phase  structures.  TEM  observation  of  extracted  replica  identified 
the  precipitates  in  the  specimens  before  aging  and  aged  at  from  600  °  to  700  °C  for  1000  hours. 


3.  Results  and  Discussions 
3. 1  Microstructure 

Figure  1  shows  the  miaostmcture  of  test  steel  after  heat  treatment  The  specimens  miaosti’uctui-es 
of  steel  A  andB  of  molybdenum  containing  steel  were  tempered  frill  martensite,  but  that  of  the  steel  C 
was  dual  phase  consists  of  tempered  martensite  and  delta  ferrite.  Similarly,  the  miaostmctures  of  steel 
D  and  E  of  tungsten  containing  steel  were  tempered  full  martensite,  but  that  of  the  steel  F  was  almost 
delta  ferrite.  The  difference  of  the  microstructure  among  the  test  specimens  affected  the  creep  rupture 
strengths  of  the  steels  not  a  little. 


3.2  Mechanical  properties 

Figure  2  and  3  show  the  tensile  properties  from  room  temperature  to  high  temperature  for 
molybdenum  and  tungsten  containing  specimens.  In  case  of  molybdenum  containing  steels,  tensile 
properties  increase  as  a  function  of  molybdenum  for  all  test  temperature.  In  the  case  of  tungsten 
containing  steels,  tensile  properties  increase  also  as  a  function  of  tungsten  except  steel  F.  The  high  delta 
ferrite  area  ratio  decreased  the  tensile  properties  of  steel  F  for  all  temperature. 


Figure  3  Tensile  properties  for  steel  D,  E  and  F. 


Figure  4  and  5  show  the  applied  creep  stress  -  rupture  time  curves  for  molybdenum  and  tungsten 
containing  steels.  Molybdenum  and  tungsten  increase  the  creep  rupture  strength  for  all  temperatures. 
The  creep  rupture  strengths  of  the  molybdenum  containing  steels,  A,  B  and  C,  increase  with  the 
function  of  molybdenum  contents  of  the  steels  except  at  650P  and  700  °C  for  steel  C.  If  the  molybdenum 
content  exceeds  1  mass%,  the  creep  rupture  strength  increase  looks  to  be  in  saturation. 
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Tungsten  in  the  steels  increases  the  creep  rupture  strengths  for  relative  long  time  creep  exposure 
obviously.  The  creep  rupture  strength  increase  at  600  °C  looks  to  be  in  saturation. 

Tungsten  amount  in  solid  solution  is  supersaturated  when  the  creep  exposure  time  is  short. 
Therefore,  the  resolved  tungsten  in  early  creep  exposure  is  almost  the  same  amount  as  in  starting 
material  As  a  result  of  the  mixed  influences,  the  positive  effect  by  much  tungsten  addition  and  the 
negative  effect  by  high  delta-ferrite  area  ratio  of  the  steel  F,  the  same  chromium  contents  of  three  steels 
also  do  not  differentiate  the  MmCe  type  carbides  precipitation  behavior.  Consequently,  only  small  creep 
rupture  strength  differences  are  derived  from  the  supersaturated  tungsten  in  the  steels.  On  the  other’ 
hand,  large  difference  of  rupture  life  among  three  steels  can  only  be  explained  by  the  xrriaestructural 
changes  during  the  creep  exposure,  Laves  phase  precipitation  is  the  sole  dear’  miaestructural  change  in 
tungsten  containing  steels. 


Creep  rupture  time  [h] 

Figure  4  Creep  rupture  curves  for  steel  A,  B 
and  C. 

The  supersaturated  tungsten  amount  also 
decreases  during  the  creep,  but  the  effect  is 
negligible  flam  the  reason  above  mentioned. 
Therefore,  in  case  of  tungsten  containing  steels, 
Laves  phase  precipitation  at  the  lath  boundary 
extend  the  rupture  life,  and  this  fact  implies 
evident  stabili2ation  of  the  lath  structure.  Low  area 
ratio  of  tempered  martensitic  structure  in  the  steel 
F  restricted  the  Laves  phase  precipitation  at  the 
lath  boundary,  and  it  decreased  the  effect  of  4 
mass%  tungsten  addition. 

Figure  6  shows  the  creep  rupture  time  -  strain 
curves  at  600  °C  for*  molybdenum  containing  steels. 
The  applied  stress  is  100  MPa  for  all  the  curves. 
The  minimum  creep  rate  decreases  as  a  function  of 
molybdenum. 

The  increase  of  molybdenum  content  extends 
the  transient  creep  stage,  and  decreases  the 


Figure  5  Creep  rupture  curves  for  steel  D,  E 
andF. 


Figure  6  Relationship  between  creep  exposure 
time  and  creep  rate  at  600  °C  under 
lOOMPa. 
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minimum  creep  rate  at  the  same  time.  This  experimental  result  implies  the  increase  of  the  creep 
resistance,  the  increase  of  the  precipitation  strengthening  factor.  Laves  phase  precipitation 
strengthening  in  molybdenum  containing  steels  can  not  be  expected  as  tungsten  containing  steels 
indicated[2].  Therefore,  molybdenum  affected  the  sole  precipitation  strengthening  factor,  MbCg  type 
carbide  precipitation.  Molybdenum  can  be  one  of  the  constituents  of  M  in  MsCe,  thaefore  molybdenum 
possibly  restricted  the  coarsening  of  M23C6  at  lath  boundary.  But  the  detail  of  the  mechanism  must  be 
discussed  and  clarified  experimentally  in  a  further  work. 

Figure  7  shows  the  normalized  creep  strain  -  creep  rate  curves  at  600  °C  for  molybdenum  containing 
steels.  This  figure  confirms  the  extension  of  the  transient  creep  stage  by  molybdenum. 

Figure  8  is  the  creep  rate  -  normalized  creep  strain  curves  for  tungsten  containing  steels  at  600  °C. 
The  applied  stress  is  100  MPa  Increase  of  tungsten  content  extends  the  transient  creep  stage.  The 
observed  precipitation  strengthening  is  possibly  caused  by  the  fine  Laves  phase. 


0  0.25  0.5  0.75  1  0  0.25  0.5  0.75  1 

Creep  strain  (  e  / e  r)  Creep  strain  (  ate  r) 


Figure  7  Relationship  between  creep  strain  and  Figure  8  Relationship  between  creep  strain  and 
creep  rate  for  steel  A,  B  and  C.  creep  rate  for  steel  D,E  and  F. 

Generally,  the  creep  rupture  strength  of  tungsten  containing  steels  is  higha  than  that  of 
molybdenum  containing  steels.  The  comparison  of  the  creep  propaties  of  steel  B  and  E  whose 
microstructures  are  tempaed  full  martensite  confirmed  the  higher  creep  rupture  strength  of  steel  E 
than  that  of  steel  B.  Steel  B  and  E  contain  same  amount  of  molybdenum  or  tungsten  in  percent  of 
atomic.  Judging  from  the  experimental  results  in  this  report,  this  difference  of  creep  rupture  strength  is 
not  derived  from  the  difference  of  the  solid  solution  strengthening  effects  of  supasaturated 
molybdenum  or  tungsten,  but  derived  from  the  different  precipitation  effects.  Molybdenum  stabilizes 
the  MsCfi  type  carbide  by  molybdenum  resolution  into  MaCk  Tungsten  increases  the  precipitation 
density  throu^r  the  Laves  phase  precipitation  with  MsCs,  compared  with  in  case  of  molybdenum 
containing  steeL  Both  precipitates  stabilize  the  lath  structure  by  pinning  of  the  lath  boundary. 

Quantitative  comparison  of  precipitation  strengthening  effect  between  molybdenum  and  tungsten 
containing  steels  through  the  TEM  obsavation  of  thin  foil  gives  the  empirical  confirmation  to  the 
hypothesis. 

4.  Conclusions 

1)  The  creep  rupture  strengths  of  the  molybdenum  containing  steels  increase  as  a  function  of 
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molybdenum  content.  The  increase  of  molybdenum  content  extends  the  transient  creep  stage  and 
decreases  the  minimum  creep  rate.  This  phenomenon  implies  the  increase  of  the  precipitation 
strengthening  factor.  Therefore  molybdenum  supposedly  stabilizes  the  M23G;  and  restricts  the 
coarsening. 

2)  Tungsten  increases  the  creep  rupture  strengths  of  the  steels  for  long  time  creep  exposure.  Large 
difference  of  rupture  life  can  be  assumed  by  the  miciestructural  changes  during  the  creep  exposure, 
therefore  Fe2W  type  Laves  phase  precipitation  at  the  lath  boundary.  At  the  same  time,  we  also 
resolves  into  MsCe  and  stabilizes.  Both  precipitates  stabilize  the  lath  structure  together,  and 
resulted  in  the  higher  creep  rupture  strength  of  tungsten  containing  steel  compared  with  that  of 
molybdenum  steeL 
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Abstract 

Creep  properties  of  advanced  heat-resistant  martensitic  steels  with  the  compositions  of  0.08C-0.3Si- 
0.5Mn-9Cr-3.3W-(0/3)Pd-0.2V-0.05Nb-0.05N-Fe  (in  mass%)  have  been  studied  to  explore  the 
fundamental  guiding  principles  for  the  development  of  new  steels  with  improved  creep  strength  at 
higher  temperatures  over  650°C.  The  steel  with  3%Pd  exhibits  higher  creep  strength  than  that  of 
the  base  steel,  in  particular,  at  higher  temperatures.  The  microstructure  of  the  steel  with  Pd  is 
characterized  by  fine  precipitation  of  a  FePd  based  Llo  type  ordered  phase,  a"  phase.  The  a" 
phase  forms  in  the  tempered  martensitic  matrix,  a,  along  with  the  existing  phases  such  as  MX  (M; 
V,  Nb,  X;  C,  N)  carbonitride  and  M23C6  (M;  Cr,  Fe,  W)  carbide  after  normalizing  at  1100°C  and 
tempering  at  770°C.  A  detailed  TEM  observation  has  shown  that  the  a"  phase  precipitates  in  a 
plate-shaped  with  the  habit  plane  parallel  to  {001}  a  and  with  a  crystallographic  orientation 
relationship  with  the  matrix,  {001  }a  //  {001  }a"  and  <100>a  //  <1 10>a".  The  a"  phase  is  found  to 
be  a  most  effective  precipitate  to  increase  creep  resistance  of  the  steel  in  terms  of  the  inter-particle 
spacing  estimated.  The  a"  phase  is  stable  even  after  aging  at  700°C  and  hence  is  more  useful  at 
higher  temperatures.  It  is  thus  concluded  that  the  creep  resistance  of  the  ferritic  steels  can  be 
increased  farther  by  optimizing  the  combination  of  fine  precipitation  such  as  the  a"  phase  and  MX 
carbonitride. 


Introduction 

The  heat-resistant  ferritic  steels  developed  for  USC  power  plants  are  basically  used  after 
normalizing  and  tempering  to  obtain  long-term  creep  rupture  strength  with  enough  toughness  [1]. 
A  typical  microstructure  of  the  steels  consists  of  lath-martensite  matrix  and  M23C6  (M;  Cr,  Fe,  Mo, 
W  etc.)  type  carbides  along  prior  austenite  grain  boundaries  and  lath  boundaries,  MX  (M;  V,  Nb,  etc. 
and  X;  C,  N)  type  carbonitrides  inside  lath-martensite  grain  [2].  The  addition  of  W  to  the  steels 
enhances  precipitation  of  intermetaliic  phases  such  as  Laves  and  p  phases  mainly  along  prior 
austenite  grain  boundaries  and  lath  boundaries,  and  also  inside  grain  during  long-term  exposure  at 
high  temperatures  [2]. 

Creep  deformation  of  the  ferritic  steels  at  elevated  temperatures  over  600°C  is  controlled  by 
recovery  and  softening  process  of  the  tempered  martensite  described  above,  which  strongly  depends 
on  the  constitution  of  the  microstructure  and  its  change  with  time  [3].  Recently,  the  addition  of 
Pd  to  the  steels  is  found  to  increase  long-term  creep  resistance  at  elevated  temperatures,  in  particular, 
over  650°C  [4].  This  is  considered  due  to  fine  precipitation  of  FePd-based  Llo  type  ordered  phase 
(a")  in  martensitic  matrix,  which  is  stable  even  at  700°C. 

This  paper  describes  first  the  effect  of  Pd  on  the  microstructure  and  creep  properties  of  the  steels. 
Using  a  detailed  TEM  observation  the  homogeneous  precipitation  of  the  a"  phase  is  confirmed  in 
the  specimens  after  tempering  and  also  after  long-term  ageing  at  high  temperatures.  Fine 
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dispersion  of  the  a"  phase  is  found  to  enhance  the  creep  resistance  of  the  steels,  in  particular,  in  the 
transient  creep  region.  We  then  discuss  about  which  precipitate  is  most  effective  to  strengthening 
of  the  steel  according  to  evaluation  of  the  dispersion  strengthening  parameters  and  find  that  the  a" 
phase  is  most  effective. 


Experimental 

Model  steels  with  a  base  composition  of  0.08C-0.3Si-0.5Mn-9Cr-3.3W-0.2V-0.05Nb-0.05N-Fe 
(in  mass%)  and  with  1-3%  Pd  were  vacuum  induction  melted  and  processed  to  15  mm  square  bars 
by  hot-forging  and  hot-rolling.  They  were  normalized  for  0.5  h  at  1100°C  followed  by  air 
cooling,  and  tempered  for  4  h  at  770°C  for  creep  testing.  Some  of  the  specimens  were  aged  for 
1000  h  at  600,  650  and  700°C  to  examine  the  long-term  stability  of  the  a"  phase.  The 
microstructure  of  the  steels  was  examined  using  an  optical  microscopy  and  a  field  emission 
transmission  electron  microscopy  (FE-TEM;  Hitachi  HF-2000)  operated  at  200kV.  The  creep 
testing  was  performed  at  650°C  and  700°C  with  stresses  of  100,  120,  140  and  200  MPa. 


Results  and  discussion 

Fig.l  shows  optical  micrographs  of  the  steels  with  the  base  composition  and  with  1-3%  Pd  after 
normalization  at  1 100°C.  It  is  seen  that  in  the  base  steel  5-ferrite  remains  in  a  banded  appearance 
along  the  rolling  direction  in  between  martensitic  phase  matrix.  In  the  steels  with  1-3%  Pd, 
however,  fine  lath-martensitic  single  phase  matrix  with  no  5-ferrite  has  been  observed.  This  is 
confirmed  by  a  differential  scanning  calorimetric  (DSC)  measurement  of  the  specimens  on  cooling 
after  normalization,  which  gives  no  indication  of  the  exothermic  reaction  corresponding  to  the 
magnetic  transition  at  the  Curie  temperature  of  the  5-ferrite.  Pd  is  thus  considered  to  be  one  of 
the  effective  austenite-forming  elements  such  as  Co,  Ni  and  Cu. 


Fig.  1  Optical  micrographs  of  the  steels  with  the  base  composition  (a), 
l%Pd  (b),  2%Pd  (c)  and  3%Pd  (d). 
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Fig.2  shows  creep  curves  of  the  steels  with  the  base  composition  and  with  3%  Pd  crept  at  650°C 
with  the  stresses  of  140  and  100  MPa.  It  is  seen  that  the  steel  with  3%  Pd  exhibits  higher  creep 
resistance  and  longer  creep  lives  in  both  testing  conditions  than  those  of  the  base  steel.  Fig. 3 
shows  the  corresponding  creep  rate  vs.  time  curves  of  the  same  specimens  shown  in  Fig.2.  It  is 
seen  that  the  creep  curves  of  all  the  specimens  consist  of  a  transient  creep  region  and  a  subsequent 
acceleration  creep  region,  which  have  been  observed  in  the  conventional  high  Cr  ferritic  steels  [5]. 
The  initial  creep  rates  of  the  steel  with  3%  Pd  crept  at  both  stress  levels  are  lower  than  those  of  the 
base  steel.  The  creep  rate  of  the  steel  with  3%  Pd  decreases  more  with  time  than  that  of  the  base 
steel  in  the  transient  creep  region,  and  much  lowered  minimum  creep  rates  give  rise  to  at  longer 
period  of  time  in  both  testing  conditions.  The  creep  rate  then  turns  out  to  increase  with  time  in 
the  acceleration  creep  region  after  reaching  the  minimum  creep  rate.  The  resultant  creep  lives  of 
the  steel  with  3%  Pd  for  both  stress  levels  are  much  longer  than  those  of  the  base  steel. 


time  (h)  time  (h) 

Fig.2  Creep  curves  of  the  steels  with  the  base  Fig.3  Corresponding  creep  rate  vs.  time 
composition  and  with  3%  Pd.  curves  of  the  steels  shown  in  Fig.  2. 


Fig.  4  shows  stress  dependence  of  the  minimum  creep 
rate  obtained  for  the  steels  with  the  base  composition  and  ^  10-2 
with  1-3%  Pd  crept  at  650°C.  It  is  seen  that  with  g 
increasing  Pd  content  the  minimum  creep  rate  decreases  at  io 3 
all  the  stress  levels  tested.  This  means  that  the  addition  2 
of  Pd  to  the  steels  is  effective  to  increase  the  creep  8  io'4 
resistance  of  the  steels  and  its  effect  is  significant  even  for  g 
long-term  creep  testing  at  low  stress  levels.  | 10 

Fig.  5  shows  the  creep  curves  of  the  same  steels  crept  J  ^ 
at  650  and  700°C  with  120  MPa.  The  steel  with  3%Pd  10 
exhibits  large  decrease  in  the  creep  rate  in  the  transient  10-? 
creep  region,  resulting  in  the  lower  minimum  creep  rate.  80  90100stress  (MPa)  200 
It  is  noted  that  the  difference  in  the  minimum  creep  rate  5  '  tss  1 

between  two  steels  at  700°C  is  much  larger  than  that  at  Fig.4  Stress  dependence  of  the 
650°C.  This  means  that  the  addition  of  Pd  to  the  steels  minimum  creep  rate  of  the  steels. 
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Fig.5  Creep  rate  vs.  time  curves  of  the  steels 
crept  at  650  and  700°C  with  120  MPa. 


Fig.6  Corresponding  creep  rate  vs.  strain 
curves  of  the  steels  shown  in  Fig.  5. 


becomes  more  useful  at  higher  temperatures  to  increase  the  creep  resistance  of  the  steel. 

Fig.  6  shows  the  corresponding  creep  rate  vs.  creep  strain  curves  of  the  same  steels  shown  in 
Fig.5.  This  type  of  the  figure  is  sometimes  very  useful  to  understand  the  creep  deformation 
mechanism  involved.  The  parameters  to  be  considered  are  the  slopes  of  the  curve  in  both 
transient  and  acceleration  creep  regions  and  the  strain  giving  the  minimum  creep  rate.  The  steels 
with  3%Pd  exhibits  steeper  decrease  in  the  creep  rate  with  strain  in  the  transient  creep  region  and 
gives  the  smaller  strain  giving  the  minimum  creep  rate.  This  suggests  that  fine  dispersion  of  the 
a"  phase  reduces  much  the  creep  rate  in  the  transient  creep  region  but  enhances  to  some  extent  to 
start  the  acceleration  creep  maybe  due  to  the  heterogeneous  creep  deformation.  In  the 
acceleration  creep,  however,  increase  in  the  creep  rate  with  strain  of  the  steel  with  3%Pd  is  in  the 
same  level  as  that  of  the  base  steel.  This  clearly  means  that  in  the  acceleration  creep  region  the 
homogeneous  creep  deformation  is  dominant  and  no  further  acceleration  takes  place  as  observed  in 
the  case  of  9Cr-4W  steels  with  a  large  amount  of  Fe2W  type  Laves  phase  [6].  The  creep 
deformation  of  the  steel  with  the  a"  phase  is  therefore  considered  to  be  similar  to  that  of  the  steels 
with  MX  [7]. 

Fig.  7  shows  a  TEM  micrograph  of  the  steel  with  3%Pd  after  normalizing  and  tempering. 
The  microstructure  consists  of  a  typical  lath-martensite  matrix  with  M23C6  along  prior  austenite 
grain  boundaries  and  lath  boundaries,  and  MX  inside  lath-martensite  grain.  A  striking  feature  of 
this  microstructure  is  frequent  appearance  of  fine  precipitates  inside  lath-martensite  grain  as  shown 
in  Fig.  8(a).  These  precipitates  are  found  to  be  a  Ll0  type  ordered  phase,  the  a"  phase  which  is 
uniquely  confirmed  by  a  dark  field  image  by  taking  (100)  a"  reflection  [8].  In  this  figure  the  a" 
phase  forms  homogeneously  and  in  a  plate-shaped  with  a  crystallographic  orientation  relationship 
with  matrix,  {001  }a  //  {001  }a"  and  <100>a  //  <1 10>a".  This  particular  relationship  is  the  same  as 
those  observed  for  V4C3  precipitated  in  9Cr-l V  steel  [5]. 

Fig.  8  shows  TEM  micrographs  of  the  steels  with  3%  Pd  after  tempering  and  after  long-term 
aging  for  1000  h  at  600,  650  and  700°C.  It  is  seen  that  most  of  the  a"  phase  precipitate  during 
tempering  and  remain  in  the  same  size  and  shape  even  after  the  exposure  for  1000  h  at  700°C.  A 
small  amount  of  secondary  precipitation  of  the  cl"  phase  is  also  identified  in  all  the  specimens  aged, 
which  has  the  same  crystallographic  orientation  relationship  with  matrix  above. 
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m23c6 

Fig.9  Extraction  replicas  of  the  steel  with  3%  Pd  tempered  and  aged  for  1000  h  at  650°C 
showing  the  a"  phase  and  M23C6  (a),  MX  (b)  and  Laves  phase  (c). 


Fig.9  shows  extraction  replicas  taken  from  the  steel  with  3%  Pd  aged  for  1000  h  at  650°C. 
The  composition  of  each  precipitate  has  been  determined  using  a  quantitative  EDX  spectroscopy  in 
FE-TEM.  It  is  seen  that  the  a"  phase  is  characterized  by  a  thin-plate  shape  and  by  an  abundant 
amount.  It  is  also  noted  that  MX  seems  to  be  scarce  to  find  and  to  be  rather  large  in  size  as 
compared  with  the  a"  phase.  This  may  be  due  to  a  small  volume  fraction  of  the  MX  carbonitride 
in  the  steels.  M23C6  carbide  and  Laves  phase  are  found  to  be  in  a  blocky  shape,  although  some  of 
them  are  comparably  small  to  the  a"  phase. 

Fig.  10  shows  the  result  of  the  chemical 
analysis  of  the  extracted  residue  taken  from  ^8.0 
the  steels  tempered  and  aged  for  1000  h  at  ^  70 
600,  650  and  700°C.  In  this  figure  the  g 
elements  such  as  V  and  Nb  which  compose  S  6.0 
the  MX  carbonitride  are  not  depicted,  since  ^5.0 
they  are  all  in  same  levels,  that  is,  about 
0.15  %  for  V  and  about  0.05%  for  Nb,  ’53 
nevertheless  the  steels  with  or  without  Pd,  ^ 
and  the  specimens  tempered  or  aged.  The  ®  2.0 
extracted  residue  from  the  steel  with  3%  Pd  «  «  . 
after  tempering  consists  of  W,  Cr,  Fe,  Pd  and  ’g 
Mn,  while  one  from  the  base  steel  does  of  W,  w 
Cr  and  Fe,  which  are  the  major  constituents 
of  M23C6  carbide.  This  means  that  the  a" 
phase  forms  during  tempering  and  its  Fig.  10  Chemical  analysis  of  the  extracted  residue 
major  constituent  elements  are  Fe,  Pd  and  taken  from  the  steels  tempered  and  aged. 

Mn.  It  is  also  noted  that  after  aging  only  a 
small  amount  of  secondary  precipitation  of 

the  a"  phase  takes  place,  which  is  observed  in  the  TEM  micrographs  as  shown  in  Fig.  8  (c). 

Fig.  11  shows  a  TEM  micrograph  of  creep  deformation  structure  observed  in  the  specimen  with 
3%  Pd  interrupted  during  creep  testing  at  650°C  with  120  MPa  at  a  creep  strain  of  0.05  which 
corresponds  to  the  acceleration  creep  region.  It  is  seen  that  most  of  the  excess  dislocation  inside 
grains  disappears  and  rearrangement  of  sub  grain  structures  is  proceeding.  The  creep 
deformation  seems  to  be  enhanced  by  dislocation  generation  around  coarse  precipitates  such  as 
M23C6  and  Laves  phase  along  grain  boundary,  but  to  be  retarded  by  the  a"  phase  inside  grains. 


As  NT  600  °C  650  °C  700  °C 


Aging  temperature  ( °C  ) 
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To  evaluate  which  precipitate 
is  most  effective  to  increase 
the  creep  resistance  of  the 
steel,  the  dispersion 
strengthening  parameters  such 
as  particle  size,  volume 
fraction  and  the  inter-particle 
spacing  of  the  precipitates  in 
question  have  been  calculated 
based  on  the  fine  dispersion 
strengthening  of  the  steels  [9]. 

For  simplicity,  the  precipitates 
are  treated  as  VN  for  MX, 

FePd  for  a",  Cr23C6  for  M23C6 
and  Fe2W  for  Laves  phase, 
respectively.  The  volume 
fraction  of  each  precipitate  is 
evaluated  from  the  result 
obtained  for  the  extracted 
residue  taken  from  the  steel 
with  3%  Pd  aged  for  1000  h 
at  650°C  using  the  average 
particle  size  estimated  from 
TEM  observation.  It  is 
seen  that  the  a"  phase  is  a  most  effective  precipitate  in  terms  of  the  inter-particle  spacing,  although 
the  particle  size  is  rather  large  compared  with  that  of  MX.  This  is  due  to  a  large  volume  fraction 
of  the  a"  phase.  This  is  one  of  the  big  advantages  to  use  the  a"  phase  instead  of  MX,  since  the 
volume  fraction  of  the  MX  cannot  be  increased  much,  because  increase  of  V,  Nb  and  C  causes  MX 
formation  during  normalization  temperature,  resulting  in  non-coherent  precipitation. 


Table  1  Summary  of  the  dispersion  parameters  of  the  precipitates 


Name 

compo. 

structure 

Misfit 

param. 

(%) 

_ —  r  - c— -. 

Shape  &  size 

Coherent  size 

Site 

Volume 

fraction 

Inter¬ 

particle 

spacing 

Fine 

dispersion 

strengthening 

MX 

VN 

B1  (fee) 

+  0.55 

plate  50xl0nm 
(eq.  sphere  17nm) 
coherent  <  80nm 

inside  grain 

homogeneous 

0.0038 

200nm 

good 

a" 

FePd 

Ll0  (fet) 

-4.9 

plate  100x20nm 
(eq.  sphere  33nm) 
coherent  <  1  Onm 

inside  grain 

homogeneous 

0.0248 

150nm 

good 

M23c6 

Cr23C6 

D84  (fee) 

- 

blocky  <  50  nm 

inside  grain 
homogeneous 

0.0182 

268nm 

moderate 

blocky  >  lOOnm 

grain  boundary 
heterogeneous 

536nm 

none 

Laves 

Fe2W 

C14  (hex) 

- 

blocky  <  50  nm 

inside  grain 
homogeneous 

0.0205 

254nm 

moderate 

blocky  >  200nm 

grain  boundary 
heterogeneous 
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We  thus  conclude  that  the  a"  phase  is  a  most  effective  precipitate  to  increase  the  creep  resistance 
of  the  ferritic  steels  at  elevated  temperatures  over  650°C.  It  is  also  concluded  that  the  creep 
resistance  of  the  ferritic  steels  can  be  increased  further  by  optimizing  the  combination  of  fine 
precipitation  such  as  the  a"  phase  and  MX  carbonitride. 


Conclusion 

Creep  properties  of  advanced  heat-resistant  martensitic  steels  with  the  compositions  of  0.08C- 
0.3Si-0.5Mn-9Cr-3.3W-(0/3)Pd-0.2V-0.05Nb-0.05N-Fe  (in  mass%)  have  been  studied  to  explore 
the  fundamental  guiding  principles  for  the  development  of  new  steels  with  improved  creep  strength 
at  higher  temperatures  over  650°C.  The  steel  with  3%Pd  exhibits  higher  creep  strength  than  that 
of  the  base  steel,  in  particular,  at  higher  temperatures.  This  is  mainly  due  to  fine  precipitation  of 
a  FePd  based  Ll0  type  ordered  phase,  a"  phase.  The  a"  phase  forms  in  the  tempered  martensitic 
matrix,  a,  along  with  the  existing  phases  such  as  MX  (M;  V,  Nb,  X;  C,  N)  carbonitride  and  M23C6 
(M;  Cr,  Fe,  W)  carbide  after  normalizing  at  1100°C  and  tempering  at  770°C.  The  a"  phase  is 
found  to  precipitate  in  a  plate-shaped  with  the  habit  plane  parallel  to  {001}  a  and  with  a 
crystallographic  orientation  relationship  with  the  matrix,  (001  }a  //  {001  }a"  and  <100>a  //  <110>a", 
which  is  the  same  relation  as  observed  for  MX  in  9Cr  ferritic  steels.  The  a"  phase  is  found  to  be 
a  most  effective  precipitate  to  increase  creep  resistance  of  the  steel  in  terms  of  the  inter-particle 
spacing  estimated.  The  a"  phase  is  stable  even  after  aging  at  700°C  and  is  hence  more  useful  at 
higher  temperatures.  It  is  thus  concluded  that  the  creep  resistance  of  the  ferritic  steels  can  be 
increased  further  by  optimizing  the  combination  of  fine  precipitation  such  as  the  a"  phase  and  MX 
carbonitride. 
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Abstract 

The  microstructural  evolution  has  comprehensively  been  investigated  for  type  304H 
austenitic  stainless  steel  after  creep  rupture  testing  for  up  to  about  180,000  h  at  temperatures 
between  550  (823)  and  750  °C  (1023  K).  Fine  M23C6  carbides  and  o  phase  precipitated  in  the 
specimens  during  creep.  The  concentration  of  Cr  in  the  M23C6  carbides  increased  during  creep, 
while  that  of  Fe  decreased  and  they  reached  substantially  equilibrium  values  at  long  times  over  105 
h.  No  change  was  found  for  the  concentrations  of  Cr,  Fe  and  Ni  in  the  o  phase.  The  Vickers 
hardness  of  the  specimen  gauge  portion  decreased  with  time  after  reaching  a  maximum  at  short 
times  less  than  about  102  h,  while  it  had  a  tendency  of  increase  again  at  long  times  at  600  °C.  The 
creep  voids  formed  at  the  interface  between  the  precipitates  of  o  phase  on  grain  boundaries  and 
austenite  matrix  at  low  stresses  and  long  times. 

1  Introduction 

The  establishment  of  reliable  methods  for  evaluating  the  material  degradation  and  remaining 
life  has  earnestly  been  wished  for  the  high-temperature  components  being  operated  for  long 
duration  [1,2].  For  the  material  degradation  evaluation  based  on  microstructural  examinations,  it 
is  necessary  to  produce  precise  microstructures  by  suitable  etching  and  to  examine  quantitatively 
the  microstructural  changes  in  the  structures.  The  microstructural  evolution  during  thermal  aging 
under  no  stress  was  examined  by  Minami  et  al.  [3]  for  austenitic  stainless  steels,  304H,  316H,  321H 
and  347H  steels,  for  up  to  5xl04  h  at  temperatures  between  600  (873)  and  800  °C  (1073  K).  At 
present,  little  is  known  on  the  microstructural  evolution  during  long-term  creep  for  up  to  105  h  or 
more  for  the  steels.  In  the  present  research,  the  behavior  of  microstructural  evolution  during  creep 
has  comprehensively  been  investigated  for  type  304H  austenitic  stainless  steel  after  long-term  creep 
rupture  tests  for  up  to  1.8xl05  h,  using  specimens  tested  in  the  NRIM  Creep  Data  Sheet  Project  [4], 
Type  304H  steel  is  one  of  the  most  popular  austenitic  heat  resistant  steels.  A  number  of 
micrographs  for  type  304H  steel  were  recently  published  as  ‘Metallographic  Atlas  of  Long-Term 
Crept  Materials’  [5],  parallel  with  the  NRIM  Creep  Data  Sheets. 

2  Experimental  Procedure 

The  material  used  for  microstructural  examinations  was  the  heat  ABE  of  18Cr-8Ni  steel  (SUS 
304H  TB)  in  the  NRIM  Creep  Data  Sheet  No.4B  [6],  where  the  creep  rupture  data  were  presented 
for  nine  heats  of  18Cr-8Ni  steel.  The  chemical  compositions  of  the  steel  are  given  in  Table  1. 
The  creep  specimens,  having  a  geometry  of  6  mm  in  diameter  and  30  mm  in  gauge  length,  were 
taken  longitudinally  from  the  middle  of  wall  thickness  of  the  as-received  boiler  tube.  The  tube  had 
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a  size  of  50.8  mm  in  outer  diameter  and  8  mm  in  wall  thickness  and  was  already  solution  annealed. 
Creep  and  creep  rupture  tests  were  carried  out  for  up  to  about  180,000  h  at  temperatures  between 
550  (823)  and  750  °C  (1023  K).  The  longitudinal  cross-section  of  the  gauge  and  head  (or  grip) 
portions  of  the  specimens  was  observed  using  optical,  scanning  and  transmission  electron 
microscopes.  The  head  portion  can  be  regarded  as  unstressed  portion.  The  details  of  the 
experimental  procedure  are  described  elsewhere  [4], 


Table  1  Chemical  compositions  of  SUS304H  steel  examined  (wt%) 


c 

P 

S 

Ni 

Cr 

Mo 

Cu 

Ti 

A1 

B 

N 

0.07 

0.55 

1.46 

0.23 

0.006 

9.57 

18.95 

0.04 

0.07 

0.062 

0.014 

0.0018 

0.0278 

3  Experimental  Results  and  Discussion 
3.1  Microstructural  evolution  during  creep 

Figure  1  shows  the  stress  versus  time  to  rupture  data  for  the  heat  ABE  of  SUS304H  steel, 
where  the  solid  symbols  show  the  data  for  the  specimens  used  for  microstructural  examinations. 
The  solid  curves  are  drawn  on  the  based  of  the  time-temperature  parameter  method  of  Manson- 
Haferd  [6].  The  creep  fracture  modes  for  the  SUS304H  steel  are  divided  to  one  transgranular 
fracture  (denoted  by  T)  and  three  types  of  intergranular  fracture;  the  wedge-type  cracking  (W),  the 
creep  cavitation  associated  with  M23C6  carbides  at  grain  boundaries  (  C  )  and  the  o7  matrix 
interface  cracking  along  grain  boundaries  (cr).  The  present  results  suggest  that  the  creep  fracture 
modes  at  long  times  above  about  104  h  are  closely  connected  with  the  precipitation  behavior  of 
M23C6  carbides  and  cr  phase. 


10  io2  io3  io4  io5  io6 


Time  to  rupture  /  h 

Fig.  1  Stress  versus  time  to  rupture  for  the  heat  ABE  of  SUS304H  steel. 
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3.2  Change  in  size  of  M23C6  carbides  and  a  phase 

Figure  2  shows  the  optical  micro  structure  of  the  gauge  portion  after  creep  rupture  testing, 
including  105  h-microstructures.  Combining  with  the  results  of  time-temperature-precipitation 
(TTP)  diagram  shown  in  Fig.  3,  it  becomes  evident  that  only  the  M23C6  carbides  precipitate  in  the 
specimens  at  short  times  less  than  about  104  h  at  650  °C  but  that  both  the  M23C6  carbides  and  a 
phase  precipitate  at  long  times  above  about  104  h.  The  distributions  of  the  M23C6  carbides  cannot 
be  recognized  clearly  on  the  optical  micrographs,  because  of  their  small  size.  The  TEM 
micrographs  clearly  show  the  distributions  of  them  as  shown  in  Fig.4,  where  the  M23C6  carbides  are 
observed  in  the  form  of  cube-like  particles  in  Widmanstatten  distributions  in  the  matrix  and  in  the 
form  of  chain  of  enlarged  particles  along  grain  boundaries.  The  cr  phase  is  observed  in  the  form 
of  large  and  irregular  shapes  on  grain  boundaries  and  of  needles  in  the  matrix  on  the  optical 
micrographs  (Fig.2),  which  are  more  clearly  show  in  the  TEM  micrographs  in  Fig.4. 


Fig. 2  Change  in  optical  microstructure  of  specimen  gauge  portion 
for  SUS304H  steel  during  creep. 


Based  on  the  TEM  micrographs,  about  30  precipitate  particles  of  the  M23C6  were  selected  at 
random  in  each  specimen  for  the  size  measurement  and  the  average  value  of  them  in  the  specimen 
head  portion  was  plotted  in  Fig.  5  as  a  function  of  time.  The  length  of  long  side  of  the  cube-like 
M23C6  particles  was  measured  as  their  size  in  the  matrix,  while  the  length  in  longitudinal  direction 
of  the  enlarged  M23C6  particles  along  grain  boundaries  was  measured  as  their  size  on  grain 
boundaries.  In  the  initial  stage  of  precipitation  in  the  matrix,  the  size  of  M23C6  particles  is 
approximately  described  by  d  oc  tm ,  suggesting  diffusion-controlled  growth  of  the  M23C6  carbides 
from  supersaturated  solid  solution  [7].  The  slope  of  the  size-time  curves  decreases  at  long  times 
and  the  particle  size  reaches  to  about  0.05  -  0.07  jli  m  at  105  h  at  600  -  700  °C.  There  is  no  large 
difference  in  size  of  the  M23C6  at  long  times  among  the  different  temperatures.  For  the  M23C6 
carbides  on  grain  boundaries,  the  slope  of  the  size-time  curves  also  decreases  at  long  times  similar 
as  in  the  matrix,  although  the  size  is  much  larger  than  those  in  the  matrix. 
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Fig.4  TEM  microstructures;  (a)  matrix  in  the  specimen  ruptured  after  39560  h  at  650  °C  and  78 
MPa  and  (b)  near  grain  boundaries  in  the  specimen  ruptured  after  138880  h  at  600  °C  and  98  MPa. 


The  size,  area  fraction  and  number  density  of  the  a  phase  on  grain  boundaries  were 
measured  on  the  optical  micrographs  and  are  shown  in  Fig.  6  as  a  function  of  time.  Although  the 
o  phase  was  observed  to  have  irregular  shapes,  the  particle  was  assumed  to  be  a  sphere  having  the 
equal  volume  and  the  diameter  of  the  sphere  was  regarded  as  the  size  of  o  phase.  The  area 
fraction,  corresponding  to  the  amount  of  precipitated  a  phase,  is  much  larger  in  the  gauge  portion 
than  in  the  head  portion,  indicating  a  large  acceleration  effect  of  stress  and  or  strain  on  the  a 
phase  precipitation.  In  the  head  portion  under  no  stress,  the  number  of  o  phase  significantly 
increases  with  time,  while  the  size  increases  only  slightly.  In  the  gauge  portion  under  stress,  on  the 
other  hand,  the  number  of  o  phase  decreases  or  is  constant  with  time,  while  the  size  significantly 


Key  Engineering  Materials  Vols.  171-174 


517 


increases  with  time.  These  results  indicate  that  the  rate-determining  process  of  the  precipitation  of 
the  o  phase  on  grain  boundaries  is  mainly  the  nucleation  at  new  sites  in  the  head  portion  under  no 
stress.  However,  in  the  gauge  portion  under  stress,  the  nucleation  is  almost  completed  in  the  initial 
stage  of  precipitation  and  the  major  process  of  precipitation  is  the  growth.  The  available 
nucleation  sites  are  restricted  to  grain  boundaries  perpendicular  to  stress  direction  in  the  gauge 
portion,  while  all  grain  boundaries  are  available  for  the  nucleation  in  the  head  portion. 


Time  /h 


Fig.5  Mean  size  of  M23C6  carbides 
in  specimen  head  portion,  as  a 
function  of  time. 


Fig.6  Area  fraction,  number  density  and 
particle  size  of  o  phase  on  grain 
boundaries,  as  a  function  of  time. 


3.3  Change  in  chemical  composition  of  M23C6  carbides  and  cr  phase 

The  concentration  of  major  components  Cr  and  Fe  in  the  M23C6  carbides  were  measured  on 
extracted  replicas  by  EDX  in  SEM.  The  summation  of  the  concentrations  of  Cr  and  Fe  is  assumed 
to  be  100%.  The  results  are  shown  in  Fig.7  as  a  function  of  time.  At  650  °C,  the  concentration  of 
Cr  increases  from  72%  at  102  h  to  85%  at  105  h  in  the  specimen  head,  while  that  of  Fe  decreases 
from  28%  at  102  h  to  1 5%  at  105  h.  The  change  in  the  concentrations  of  Cr  and  Fe  with  time  shifts 
to  shorter  times  with  increasing  temperature,  suggesting  diffusion-controlled  process.  At  long 
times  over  105  h,  the  concentrations  of  Cr  and  Fe  in  the  M23C6  carbides  are  roughly  the  same,  about 
85%Cr  and  15%Fe,  among  the  different  temperatures  and  also  between  the  specimen  head  and 
gauge  portions,  suggesting  that  these  values  are  substantially  equilibrium  ones.  The  change  in  the 
concentrations  of  Cr  and  Fe  with  time  was  also  accelerated  under  stress. 
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Figure  8  shows  the  concentrations  of  Fe,  Cr  and  Ni  in  the  o  phase  on  grain  boundaries  as  a 
function  of  time.  The  concentrations  of  Fe,  Cr  and  Ni  are  evaluated  to  be  55  -  60,  38  -  42  and  1  - 
5%,  respectively,  from  the  initial  stage  of  precipitation  to  long  times  such  105  h  in  the  temperature 
range  between  550  and  750  °C,  indicating  no  change  in  concentration  with  time.  There  was  also 
no  difference  in  concentrations  between  the  specimen  head  and  gauge  portions.  The  present 
results  indicate  that  the  o  phase,  having  the  equilibrium  concentrations  of  Fe,  Cr  and  Ni, 
precipitate  from  the  initial  stage.  This  is  quite  different  from  the  remarkable  change  in 
concentrations  for  the  M23C6  carbides  during  creep  described  above.  Because  the  equilibrium 
concentration  of  Cr  in  the  M23C6  carbides  is  much  higher  than  the  concentration  of  Cr  in  the  matrix 
at  t  =  0,  it  is  considered  that  at  first  the  M23C6  carbides  precipitate  with  Cr  concentration  much  lower 
than  the  equilibrium  one  and  then  the  concentration  of  Cr  gradually  increases  toward  the 
equilibrium  one.  The  equilibrium  concentration  of  Cr  in  the  o  phase  is  also  higher  than  the 
concentration  of  Cr  in  the  matrix  but  much  lower  than  that  in  the  M23C6  carbides. 
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Fig.  7  Concentration  of  Cr  and  Fe  in 
M23C6  carbides,  as  a  function  of  time. 


3.4  Change  in  Vickers  hardness 
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Fig  .  8  Concentration  of  Fe,  Cr  and  Ni  in  o  phase 
on  grain  boundaries,  as  a  function  of  time. 
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Figure  9  shows  the  Vickers  hardness  of  the  specimen  head  and  gauge  portions,  as  a  function 
of  time.  The  Vickers  hardness  in  as-received  condition  was  160.  In  the  specimen  gauge  portion, 
the  Vickers  hardness  decreases  with  time  after  reaching  a  maximum  at  short  times  less  than  about 
102  h,  while  it  has  a  tendency  of  increase  again  at  long  times  at  low  temperature  600  °C.  The 
decrease  in  Vickers  hardness  with  time  results  from  a  recovery  of  excess  dislocations  produced  by 
loading  at  the  beginning  of  creep  test.  The  increase  in  Vickers  hardness  at  long  times  at  600  °C 
results  from  the  age  hardening  observed  in  the  specimen  head  portion.  The  Vickers  hardness  after 
the  same  test  duration  decreases  with  increasing  test  temperature  and  further  decreases  below  the 
initial  value  of  160  at  long  time  above  104  h  at  700  and  750  °C.  Thus  the  observed  change  in 
Vickers  hardness  with  time  results  from  the  hardening  due  to  production  of  excess  dislocations  by 
loading,  the  softening  due  to  recovery  of  excess  dislocations  and  the  age  hardening  during  creep. 
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Fig.  9  Vickers  hardness  of  specimen  head  and  gauge  portions,  as  a  function  of  time. 

3.5  Creep  void  formation  at  low  stresses  and  long  times 

The  creep  voids  were  observed  to  form  during  creep  at  low  stress  and  long  time  conditions. 
The  area  fraction  and  number  density  of  creep  voids  were  measured  on  the  SEM  micrographs,  after 
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Fig.  10  Area  fraction  and  number  density  of  creep  voids  as  a  function  of  t/tr. 
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interrupted  the  creep  tests  at  several  creep  strains.  The  development  of  creep  voids  during  creep  is 
shown  in  Fig.  10  as  a  function  of  time  normalized  by  time  to  rupture.  The  creep  voids  form  at  the 
later  stage  of  creep  substantially  above  t/tr  =  0.5  and  significantly  develop  just  before  creep-rupture 
above  t/tr  =  0.9.  The  creep  voids  were  observed  to  form  at  the  interface  between  the  precipitates 
of  a  phase  on  grain  boundaries  and  austenite  matrix,  reflecting  the  cr  /  matrix  interface  cracking 
along  grain  boundaries  shown  in  Fig.  1 . 

4  Summary 

(1)  In  the  specimen  head  portion  under  no  stress,  the  number  of  a  phase  significantly  increased 
with  time,  while  the  size  increased  only  slightly.  In  the  specimen  gauge  portion  under  stress, 
the  number  of  o  phase  decreased  or  constant  with  time,  while  the  size  significantly  increased 
with  time. 

(2)  The  concentration  of  Cr  increased  while  that  of  Fe  decreased  in  the  M23C6  carbides  during  creep 
and  they  reached  substantially  equilibrium  values  at  long  times  over  105  h.  On  the  other  hand, 
no  change  was  found  for  the  concentration  of  Cr,  Fe  and  Ni  in  the  o  phase. 

(3)  The  Vickers  hardness  of  the  specimen  gauge  portion  decreased  with  time  after  reaching  a 
maximum  at  short  times  less  than  about  102  h,  while  it  had  a  tendency  of  increase  again  at  long 
times  at  low  temperatures,  550  and  600  °C. 

(4)  At  low  stress  and  long  time  conditions,  the  creep  voids  significantly  developed  just  before 
creep-rupture  above  t/tr  =  0.9  at  the  interface  between  the  precipitates  of  o  phase  on  grain 
boundaries  and  austenite  matrix. 
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Abstract 

High  Cr  ferritic  heat  resisting  steels  are  now  recognized  to  be  the  most  potential  materials 
for  thermal  power  plants.  In  view  of  such  trend,  the  present  paper  investigates  the  creep  properties 
of  a  W  strengthened  llCr-0.4Mo-2W-CuVNb  steel  welded  joints.  Joints  were  prepared  by  using 
gas  tungsten  arc  (GTA)  welding  and  electron  beam  (EB)  welding.  In  order  to  simulate  the 
microstructure  of  heat  affected  zone  (HAZ),  a  technique  of  furnace  heating  was  adopted  with 
varying  peak-temperature.  Specimens  of  the  welded  joints  and  simulated  HAZ  were  subjected  to 
creep  tests  at  923K.  Most  of  the  joint  specimens  were  ruptured  at  their  HAZ,  and  inevitably  resulted 
in  certainly  shorter  creep  lives  of  welded  joints  than  those  of  the  base  metals.  The  comparison  of 
creep  properties  of  simulated  HAZ  specimens  showed  that  fine  grains  produced  by  heating  to 
around  Ac3  were  obviously  responsible  for  such  degradation  of  creep  strength  in  welded  joints.  The 
creep  lives  were  longer  for  EB  welded  joints  by  about  2  times  than  for  GTA  welded  joints.  For  GTA 
welded  joints  creep  rupture  was  always  located  on  the  higher  bevel  angle  sides.  From  these  results, 
it  is  considered  that  narrower  HAZ  width  with  lower  bevel  angles  surely  produce  higher  creep 
strength  of  joints.  The  EB  welded  joints,  however,  showed  relatively  brittle  fracture  in  the  fine¬ 
grained  HAZ  after  long-term  creep  tests. 


1.  Introduction 

On  an  increasing  demand  to  reduce  C02  emissions,  high  strength  ferritic  heat  resisting 
steels  of  9-12%Cr,  some  of  which  are  strengthened  by  W,  have  been  developed  with  a  view  to 
elevating  metal  temperatures  of  thermal  power  plants.  Even  for  these  steels,  however,  higher  metal 
temperatures  accelerate  their  creep  damages  especially  in  welded  joints,  and  sometimes  result  in 
serious  HAZ  cracks  [1].  Little  has  been  studied  concerning  the  creep  properties  of  the  welded  joints 
for  these  W  strengthened  9-12%Cr  steels  [2,  3]. 

National  Research  Institute  for  Metals  (NRIM)  is  now  conducting  a  research  project  to 
develop  new  heat  resisting  steel,  which  is  to  be  used  at  923K  for  350MPa  [4].  The  HAZ  cracks  are 
considered  to  be  one  of  the  serious  problems  for  realizing  such  steel.  In  the  present  study,  for  the 
first  step,  creep  tests  of  two  kinds  of  welded  joints  and  simulated  HAZ  specimens  for  a  W 
strengthened  llCr-0.4Mo-2W-CuVNb  steel  (HCM12A)  are  conducted.  Then  some  mechanisms  for 
the  degradation  of  creep  strength  in  HAZ  are  discussed  by  comparing  the  obtained  properties  of 
creep  with  corresponding  microstructures. 
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2.  Experimental  procedures 

2.1  Materials 

The  plate  selected  for  the  present  study  is  27mm  thick  llCr-0.4Mo-2W-CuVNb 
commercial  steel.  Its  chemical  composition  is  listed  in  Table  I.  The  normalized  condition  was 
1323K  for  100  minutes  then  air  cooled  and  the  tempered  condition  was  1043K  for  6  hours  then  air 
cooled. 


Table  I  Chemical  composition  for  the  present  steel. 


c 

Si 

Mn 

P 

S 

Cu 

Cr 

Mo 

W 

V 

Nb 

B 

N 

0.12 

0.28 

0.61 

0.018 

0.001 

0.97 

10.5 

0.36 

2.05 

0.21 

0.06 

0.003 

0.069 

2.2  Furnace  heating  to  simulate  HAZ  structures 

It  is  difficult  to  cut  the  specimens,  the  section  of  which  consists  of  homogenous 
microstructure,  from  the  HAZ  of  welded  joints.  Therefore,  in  order  to  simulate  the  microstructures 
of  HAZ  all  over  the  specimens,  furnace  heating  are  conducted  by  varying  peak  temperature  from 
1073  to  1473K.  After  the  furnace  heating  and  air  cooling,  post  weld  heat  treatment  (PWHT)  at 
101 3K  for  260min  was  conducted  then  furnace  cooled.  The  round-bar  specimens  of  6mm  in 
diameter  and  30mm  in  gage  length  were  machined  (Hereafter,  they  are  referred  to  as  “simulated 
HAZ”  specimens.).  Figure  1  illustrates  the  thermal  histories  of  simulated  HAZ  specimens. 

2.3  Welding 

In  order  to  get  information  of  the  effect  of  HAZ  geometry,  the  plates  were  welded  by  two 
processes,  i.e.  multi-layer  GTA  welding  with  single  bevel  groove  and  EB  welding.  Procedural  data 
of  welding  are  listed  in  Table  II  and  Table  III  for  GTA  and  EB,  respectively.  The  trial  filler  [5]  was 
fed  for  GTA  welding.  The  changes  of  temperatures  in  HAZ  during  welding  were  measured  for  GTA 
welding.  After  welding,  the  PWHT  at  1013K  for  260min  was  conducted  then  furnace  cooled. 
Figure  2  shows  the  cross  sectional  view  of  GTA  and  EB  welded  joints.  The  width  of  HAZ  was 
about  2.5mm  for  GTA  and  about  0.5mm  for  EB  welded  joints. 


EB  welded  joint 


Fig.  1  Conditions  of  heat  treatment  for  Fig.2  Cross-sectional  view  of  welded  joints, 

simulated  HAZ  and  PWHT. 
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The  test  specimens  with  18  x  5mm  cross  section  as  shown  in  Fig.3  were  cut  out  from  these  welded 
joints.  These  specimens  were  subjected  to  creep  tests  at  the  target  temperature  of  NRIM  project  of 


923K. 


Table  II  Procedure  of  GTA  welding. 


groove 

single  bevel  20“ 

welding  current 

200-250A 

arc  voltage 

10-10.5V 

welding  speed 

70— 90mm/min 

pre-heating 

>373K 

multi-layer 

33—37  pass 

Table  HI  Procedure  of  EB  welding 


accelerating  voltage 

70  kV 

beam  current 

400mA 

lens  current 

1.12A 

focal  length 

320mm 

welding  speed 

lOOcm/min 

Fig.3.  The  creep  test  specimen  for  welded  joints. 


3.  Results  and  discussions 

3.1  Mechanical  properties  of  simulated  HAZ  specimens 

Most  of  the  welded  joint  specimens  were  ruptured  at  their  HAZ  as  will  be  mentioned  in  the 
following  section.  Therefore,  in  order  to  clarify  the  relations  between  creep  properties  and  HAZ 
microstructures  and  to  obtain  the  creep  constitutive-formula  of  HAZ,  we  have  conducted  the  creep 
tests  of  simulated  HAZ  specimens.  In  the  present  heat  treatment  method  for  simulating  HAZ  shown 
in  Fig.l,  the  heating  rate  was  slower  than  that  of  actual  welding.  Figure  4  shows  the  distribution  of 
Vickers  hardness  in  the  GTA  welded  joint  and  the  measured  peak- temperatures  at  the  positions 
shown  by  arrows  during  GTA  welding.  The  Vickers  hardness  of  simulated  HAZ  specimens  were 
compared  with  that  of  GTA  welded  joints  in  Fig.4.  Because  the  hardness  of  simulated  HAZ  and 
GTA  joints  shows  nearly  the  same  value,  it  is  considered  that  the  HAZ  structure  was  well  simulated 
by  the  present  method.  We  measured  the  temperatures  of  Ac,  and  Ac3  at  the  present  heating  rate 
shown  in  Fig.l  by  differential  thermal  analysis  (DSC)  method.  Those  temperatures  were  about 
1093K  and  1193K,  respectively. 

Figure  5  shows  the  SEM  and  TEM  microstructures  before  creep  tests  of  the  base  metal  and 
simulated  HAZ  specimens  heated  to  nearly  Ac,  and  Ac3.  The  base  metal  has  the  lath  structure  with 
high  dislocation  density.  In  the  simulated  HAZ  specimen  heated  to  Ac,',  the  recovery  of  sub¬ 
structure  occurred  and  the  dislocation  density  was  decreased.  The  coarsening  of  precipitates  were 
observed  in  this  material.  The  prior  austenite  grain  size  decreased  with  increasing  peak-temperature 
from  Ac,  up  to  Ac3.  It  showed  the  minimum  value  of  about  lOpm  by  heating  to  around  Ac3,  while 
about  35pm  for  base  metal.  The  simulated  HAZ  specimen  heated  to  Ac3  has  the  fine-grained 
structure  with  high  dislocation  density.  The  coarsening  of  precipitates  were  also  observed  in  this 
material. 

The  relationship  between  creep  rupture  time  and  the  peak-temperature  in  simulated  HAZ 
heating  are  indicated  in  Fig.6.  The  Vickers  hardness  at  room  temperature  of  simulated  HAZ 
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specimens  before  creep  tests  is  also  shown  in  this  figure  as  a  function  of  peak-temperature.  The 
creep  rupture  time  shows  its  minimum  value  near  the  Ac3  temperature,  while  the  Vickers  hardness 
shows  its  minimum  value  near  the  Ac,  temperature.  The  changes  in  Vickers  hardness  as  a  peak- 
temperature  are  considered  to  depend  on  the  dislocation  density  as  explained  in  Fig.5.  The  creep 
rupture  time  of  the  specimen  heated  to  Ac,  was  about  a  half  of  that  for  the  base  metal  at  140MPa, 
while  it  showed  nearly  the  same  value  with  that  for  base  metal  at  lOOMPa.  The  heating  to  Ac, 
brings  the  recovery  of  dislocation  structure  and  coarsening  of  precipitates  to  the  material,  however, 
its  creep  strength  at  lower  stress  becomes  nearly  the  same  with  the  base  metal  because  the  recovery 


0  12  3  4 

Distance  from  bond  line  (mm) 


Fig.4.  Distribution  of  Vickers  hardness  of  GTA  welded  joint  and  that 
of  simulated  HAZ  specimens. 


Base  +  PWHT  1093K+PWHT  1223K+PWHT 


2  2^m  2mm 


Fig.5.  SEM  and  TEM  microstructures  of  the  simulated  HAZ  specimens 
for  1  lCr-0.4Mo-2W-CuVNb  steel. 
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also  occurs  in  the  base  metal  during  creep.  The  creep  rupture  time  for  the  specimen  heated  to 
around  Ac3  which  had  fine  grains  was  about  one  fifth  or  one  sixth  of  rupture  time  for  the  base  metal 
at  all  stress  levels.  From  the  present  results,  it  is  considered  that  the  fine  grains  produced  by  heating 
to  Ac3  are  responsible  for  the  degradation  of  creep  life  in  weldments. 


Peak  Temperature  (K) 


Fig.6.  Changes  of  creep  rupture  time  and  hardness  in  HAZ  for  llCr-0.4Mo-2W-CuVNb 
steel  as  a  function  of  peak-temperature. 

3.2  Creep  fracture  of  GTA  and  EB  welded  joints. 

The  width  and  geometry  of  HAZ  are  considered  to  be  significant  factors  to  affect  the  creep 
lives  and  fracture  modes  of  welded  joints.  Figure  7  shows  the  creep  rupture  times  of  the  GTA  and 
EB  welded  joints.  The  rupture  lives  of  welded  joints  lie  between  those  of  the  base  metals  and  those 
of  the  simulated  HAZ  specimens  heated  to  Ac3.  Creep  rupture  times  of  the  EB  welded  joints  are 
longer  than  that  of  the  GTA  welded  joints  by  about  2  times. 

The  macroscopic  creep  fracture  morphology  is  shown  in  Fig.8.  The  GTA  welded  joints 
were  fractured  in  HAZ  near  base  metal  (Type  IV)  for  110,  100  and  90MPa  at  923K.  The  single 
bevel  groove  is  used  for  the  present  GTA  welded  joint,  namely,  the  groove  angle  of  one  side  was  20 
degree  and  the  other  side  was  0  degree.  The  bevel  angle  of  creep  fractured  side  was  always  20 
degree.  It  is  reported  that  the  bevel  angle  lower  than  18  degree  was  better  for  creep  strength  on 
Mod.9Cr  steel  [6].  The  present  results  mean  that  the  low  bevel  angle  is  better  for  creep  life. 

The  EB  welded  joint  was  fractured  in  the  base  metal  for  llOMPa  and  the  rupture  time  was 
nearly  the  same  with  base  metal,  however,  it  was  fractured  in  HAZ  for  90MPa  and  the  rupture  time 
was  shorter  than  that  of  base  metal.  The  reason  why  the  creep  lives  of  the  EB  welded  joints  were 
longer  than  those  of  GTA  joints  may  be  due  to  a  mechanical  constraint  effect.  The  mechanical 
constraint  in  HAZ  was  larger  for  the  EB  welded  joints  because  of  the  narrower  HAZ  width.  The 
reduction  of  area  of  creep  fractured  surface  was  observed  for  GTA  welded  joints,  however,  the  EB 
welded  joints  were  broken  under  nearly  plane  strain  condition  at  90MPa.  Some  of  the  present 
authors  have  reported  that  increasing  mechanical  constraint  accelerated  the  creep  crack  growth  rate 
[7].  From  the  present  results,  it  was  confirmed  that  decreasing  the  width  of  HAZ  compared  to  the 
size  of  specimen  or  component  was  effective  to  prolong  the  creep  life,  however  the  brittle  Type  IV 
fracture  would  be  occurred  under  long-term  services. 
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Time  (h) 


Fig-7.  Relationship  between  creep  rupture  time  vs.  stress  for  simulated  HAZ  specimens 
heated  to  Ac3,  GTA  welded  joints,  EB  welded  joins  and  base  metals  for 
1 1  Cr-0.4Mo-2W -CuVNb  steel  at  923K. 


GTA  welded  joint 
IIOMPa,  923K,  tr=900h 


EB  welded  joint  i  omm 

90MPa,  923K,  tr  =  2900h 


Fig.  8.  Profiles  of  the  creep  fractured  specimens  for  GTA  and  EB  welded  joints. 


Fig.9.  Creep  voids  observed  in  the  fine-grained  HAZ  of  GTA  welded  joints 
crept  at  923 K  for  90MPa. 
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The  hardness  distribution  of  the  unbroken  side  of  crept  GTA  welded  joint  at  923K  for 
90MPa  was  also  plotted  in  Fig.4.  We  have  observed  the  microstructures  near  the  Vickers  marks  by 
SEM.  Several  creep  voids  were  observed  on  prior  austenite  grain  boundaries  in  the  fine-grained 
regions  for  both  welded  joints  as  shown  in  Fig.9.  It  is  considered  that  creep  fracture  of  GTA  and  EB 
welded  joints  is  accelerated  by  the  formation  of  creep  voids  in  the  fine-grained  HAZ  heated  to 
around  the  Ac3  temperature  for  the  present  creep  test  conditions. 


4.  Conclusions 

In  order  to  clarify  the  creep  properties  of  welded  joints  for  W  strengthened  llCr-0.4Mo 
steel,  the  creep  tests  up  to  3,000  hours  were  conducted  on  simulated  HAZ  specimens,  GTA  welded 
joints  and  EB  welded  joints.  The  relation  between  creep  strength  and  microstructure  of  HAZ  was 
discussed.  The  effect  of  width  and  angle  of  HAZ  in  welded  joints  were  also  investigated.  The 
results  are  summarized  as  follows; 

(1)  Hardness  showed  a  minimum  value  in  the  simulated  HAZ  specimen  heated  to  Ac,  temperature 
because  of  extensive  recovery  of  excess  dislocations.  The  long  time  creep  strength  of  the  specimen 
heated  to  Ac,,  however,  was  nearly  the  same  with  that  of  the  base  metal. 

(2)  Creep  rupture  time  showed  a  minimum  value  at  Ac3  temperature.  In  the  simulated  HAZ 
specimen  heated  to  Ac3,  the  grain  size  was  minimized  and  the  creep  life  was  about  one-fifth  of  base 
metal.  It  is  considered  that  the  fine  grains  produced  by  heating  to  Ac3  are  responsible  for  the 
degradation  of  creep  life  in  weldments. 

(3)  The  GTA  welded  joints  were  fractured  in  fine-grained  HAZ.  The  low  bevel  angle  is  considered 
to  be  better  for  creep  life. 

(4)  The  EB  welded  joints  that  had  narrow  HAZ  indicated  the  longer  creep  life  than  the  GTA  welded 
joints  by  about  2  times.  It  was  effective  to  decrease  the  HAZ  width  for  increasing  the  creep  life, 
however  the  brittle  Type  IV  fracture  was  occurred  in  the  EB  welded  joint  for  long-term  creep  test. 
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Abstract:  A  Gaussian  processes  computer  program  has  been  used  to  model  the  mechanical 
properties  of  polycrystalline  nickel-base  superalloys  as  a  function  of  their  chemical  composition 
and  heat  treatment.  The  models  are  able  to  reproduce  well-known  metallurgical  trends,  and  to 
estimate  the  behaviour  of  new  alloys.  On  this  basis,  several  new  creep-resistant  alloys  for  power 
plant  applications  have  been  proposed.  The  candidate  alloys  have  been  scrutinised  further  using 
phase  diagram  calculations  to  reveal  their  equilibrium  phase  constitutions.  This  design  process  has 
led  to  a  shortlist  of  alloys  on  the  basis  of  their  expected  properties,  microstructural  stability  and 
cost. 


INTRODUCTION 

In  future,  power  plant  for  electricity  generation  will,  for  thermodynamic  efficiency  and  ecological 
reasons,  operate  with  steam  temperatures  as  high  as  750  °C.  The  best  steels  are  currently  limited  to 
about  620  °C  for  such  applications  and  are  unlikely  to  extend  in  their  application  to  temperatures 
beyond  about  650  °C.  On  the  other  hand,  many  existing  polycrystalline  nickel-base  superalloys  of 
the  kind  used  in  the  aerospace  industry  could  easily  serve  the  purpose,  but  they  are  far  too 
expensive  to  be  used  in  large  scale  power  plant.  The  purpose  of  the  present  work  was  to  develop 
novel  nickel-base  superalloys  with  good  mechanical  properties  but  with  greatly  reduced  cost.  The 
typical  design  requirements  are  a  creep  rupture  stress  of  100  MPa  at  750  °C  over  100000  h.  To 
minimise  experimental  work,  we  have  used  a  Gaussian  processes  computer  modelling  technique  [1, 
2].  It  is  an  empirical  method  of  representing  complex,  multidimensional  patterns  in  experimental 
data  in  a  reliable  manner,  which  is  useful  in  the  design  of  new  alloys  [3,  4].  This  approach  has  been 
augmented  with  phase  diagram  modelling  [5]  to  help  formulate  heat  treatments  and  to  check  the 
expected  long-term  microstructure. 


MECHANICAL  PROPERTY  MODELLING  (“Tpros”  [6]) 

Modem  metallic  alloys  generally  have  complex  microstructures  and  may  contain  a  large  number  of 
alloying  elements.  Even  if  the  basic  metallurgy  is  understood,  the  human  brain  is  unable  to  explicitly 
visualise  the  role  of  the  many  interacting  variables  that  contribute  to  the  characteristics  of  the  alloy. 
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Gaussian  processes  are  statistical  tools  able  to  perform,  on  a  database,  a  multidimensional  non-linear 
regression  of  an  output  (in  our  case  a  mechanical  property)  as  a  function  of  many  different  inputs.  It 
can  then  be  used  to  make  predictions  on  a  set  of  previously  unknown  inputs.  The  general  theory 
about  Gaussian  processes,  and  examples  of  their  use  in  metallurgy,  can  be  found  in  references  [1,2], 
and  [3, 4],  respectively.  Basically,  to  make  a  prediction  on  a  set  of  inputs,  the  model  calculates  the 
most  probable  value  of  the  output  and  its  corresponding  distribution  (through  error  bars)  given  the 
whole  data  and  a  set  of  so-called  hyperparameters.  These  hyperparameters  are  optimised  during  the 
creation  of  the  model,  and  express  the  level  of  noise  in  the  database  and  the  lengthscales  on  which 
the  output  is  likely  to  vary  with  each  input.  They  allow  the  definition  of  smooth-varying  models 
that  do  not  “fit”  the  noise.  The  details  of  the  method  have  been  described  elsewhere  [1  -  4,  6]. 


The  databases  we  used  concerned  the  yield  stress,  Y,  and  the  creep  rupture  stress,  CRS,  of  several 
tens  of  different  commercial  and  experimental  polycrystalline  nickel-base  superalloys.  Table  1 
presents  the  inputs,  as  well  as  the  ranges,  of  the  data  used. 


Input 

Range  in  Y 
database 

Range  in  CRS 
database 

Input 

Range  in  Y 
database 

Range  in  CRS  1 
database  1 

Cr  (wt  %) 

5.7  -  30 

5.7  -  30 

Forged 

0  (no)  -  1  (yes) 

Co  (wt.  %) 

0-20 

0  -  20.1 

Cold  deformed 

- 

EiaSBKiSI 

Mo  (wt  %) 

0-14.5 

0  -  14.5 

tl  (h) 

0-8 

0-8  I 

W  (wt.  %) 

0-12 

0-12 

Tl  (°C) 

0  -  1235 

0  -  1235 

Ta  (wt.  %) 

0-9 

0-9 

t2(h) 

0-16 

0-16 

Nb  (wt.  %) 

0-6.5 

0-6 

T2  (°C) 

0-1100 

0-1100 

A1  (wt.  %) 

0-6.5 

0-6.5 

t3(h) 

0-50 

0-50 

Ti  (wt.  %) 

0-5 

0-5 

T3  (°C) 

0-870 

0-925 

Fe  (wt.  %) 

0  -  57.79 

0  -  57.79 

t4(h) 

0-24 

0-24 

Mn  (wt.  %) 

0-1.24 

0-1.25 

T4  (°C) 

0-760 

0-760 

Si  (wt.  %) 

0  -  2.35 

0  -  2.35 

■QggjM 

20-  1093 

500-  1149 

C  (wt  %) 

0.02  -  0.35 

0.02  -  0.35 

■shots 

- 

0.6721  -  4.7659 

B  (wt.  %) 

0-0.16 

0-0.16 

Output 

28-1310 

McMi.vajiiebil 

Zr  (wt  %) 

0-0.6 

0-1 

(Y,  MPa) 

(log  CRS,  MPa)  1 

Cu  (wt.  %) 

0  -  0.21 

0  -  0.56 

1 

N  (wt  %) 

0-0.017 

0-0.04 

Table  1  :  Inputs  and  outputs  ranges  in  the  yield 

S  (wt.  %) 

0  -  0.009 

0  -  0.05 

stress  and  in  the  creep  rupture  stress  databases. 

P  (wt.  %) 

0  -  0.006 

0-0.011 

V  (wt  %) 

0-1  j 

0-1 

In  Table  1,  the  heat  treatment  1,  defined  by  its  duration,  tl,  and  temperature,  Tl,  is  the  solutionising 
heat  treatment.  The  heat  treatment  2  refers  to  the  new  kind  of  “high  temperature”  precipitation  of 
coarse  cuboidal  y’  inclusions  (typically  around  1000-1100  °C).  Heat  treatments  3  and  4  refer  to  a 
first  and  second  classical  “low  temperature”  y’  precipitation  stages  (fine  and  hyperfine  inclusions). 
The  inputs  “ti”  and  “Ti”  are  set  to  0  if  the  heat  treatment  “i”  has  not  been  performed.  The  cooling 
conditions  following  heat  treatment  have  not  been  included  in  the  analysis  because  a  previous 
investigation  revealed  that  they  are  not  relevant,  largely  because  they  have  not  been  quantitatively 
reported  in  the  published  literature.  The  yield  stress  database  contained  642  experiments  and  the 
creep  rupture  stress  database  1816. 

Figure  1  shows  that  for  both  the  yield  stress  and  the  creep  rupture  stress  there  is  a  narrow 
dispersion  of  the  points  around  the  “x=y”  line  in  the  graph  reporting  the  predicted  versus  the 
measured  output  for  the  inputs  of  the  databases.  This  is  a  necessary  -but  not  sufficient-  indicator  of 
a  good  model. 
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Measured  yield  stress  (MPa)  Measured  log  CRS  (MPa) 

Figure  1:  Predicted  versus  measured  yield  stress  and  logarithm  of  creep  rupture  stress  for  the  inputs  of  the 
databases. 


The  ability  of  the  models  to  predict  and  reproduce  well-known  metallurgical  trends  in  cases  not 
present  in  the  databases  can  be  revealing.  For  this  purpose,  the  predicted  influence  of  solute 
elements  on  the  mechanical  properties  has  been  examined,  as  illustrated  in  figure  2. 

The  105  h  creep  rupture  stress  predictions  are  associated  with  large  error  bars  because  very  few 
measurements  of  the  database  exceed  104  h.  These  predictions  are  consequently  extrapolations 
outside  the  known  domain.  Aluminium  and  titanium  strengthen  nickel  alloys  at  all  temperatures 
through  the  precipitation  of  y’  particles  [7,  8].  The  larger  titanium  atom  (4%  bigger  than  Al)  is  found 
to  have  a  greater  effect  on  the  yield  strength.  This  is  also  consistent  with  the  fact  that  titanium 
increases  the  anti-phase  boundary  energy  of  the  y*  phase,  which  makes  it  more  difficult  for 
dislocations  to  cut  into  the  precipitates  [9,  10].  The  relative  importance  of  Al  and  Ti  is  reversed  for 
the  CRS,  probably  because  titanium  increases  the  y/f  misfit,  which  has  been  reported  to  be  harmful 
to  the  creep  resistance  [11].  However,  it  is  important  to  note  the  large  error  bars  associated  to  the 
predictions  in  this  domain. 

Tungsten  partitions  in  both  the  y  matrix  and  the  y’  precipitates,  and  acts  as  a  solid  solution 
strengthener  for  both  phases  [12,  13].  It  is  also  known  to  form  carbides  that  strengthen  grain 
boundaries.  It  is  not  surprising  that  it  enhances  both  the  yield  stress  and  the  creep  rupture  stress. 

An  example  where  the  model  is  able  to  predict  trends  in  data  that  have  not  been  included  in  its 
creation  are  presented  on  figure  3.  The  creep  model  is  able  to  reproduce  correctly  the  experimental 
data  for  an  Inconel  939  alloy  tested  at  870  °C  (data  from  [15]).  Other  trends  have  been  tested 
(influence  of  alloying  elements,  prediction  of  other  published  results...),  but  cannot  be  all  presented 
here.  Most  of  the  expected  trends  have  been  confirmed,  especially  the  role  of  individual  solute 
elements.  However,  almost  all  the  alloys  of  the  databases  are  commercial  materials  for  which  the 
heat  treatments  have  already  been  “optimised”.  This  means  that  there  is  a  very  limited  range  of  heat 
treatments  in  the  experimental  dataset.  Thus,  the  models  are  not  able  extrapolate  with  sufficient 
certainty  to  be  useful  in  the  study  of  novel  heat  treatments.  Nevertheless,  it  has  been  noticed  that 
including  heat  treatments  as  inputs  produces  better  predictions  than  without  them. 
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Figure  2:  Predicted  influence  of  Al,  Ti  and  W  on  the  room-temperature  yield  stress  and  creep  rupture  stress  of 
a  Ni-20Cr- lOCo-1  AJ-1TS-0.03C  wt.%  alloy  heat-treated  lh  at  1175  °C  +  8h  at  800  °C.  Error  bounds  are 
indicated  by  the  dotted  lines. 
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Figure  3:  Predicted  relation  between  the  creep  rupture  stress  and  the  lifetime  of  an  Inconel  939  alloy  at  870°C. 
Experimental  points  from  [151. 
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DESIGN  OF  NEW  ALLOYS 

The  above  models,  in  combination  with  a  knowledge  of  physical  metallurgy  and  pricing 
considerations,  have  been  used  to  design  new  creep-resistant  nickel-base  alloys  for  power-plant 
applications.  A  base  alloy  containing  15  to  20  wt%  Cr  is  necessary  to  cope  with  the  corrosive  steam 
atmosphere,  cobalt  being  avoided  because  of  its  high  price.  The  main  reinforcing  elements  in  nickel- 
base  alloys  are  A1  and  Ti  (f  fonners)[7,  8],  W,  Mo,  Ta  and  Nb  (y  and  f  strengthened)  [12  -  14], 
However,  only  Al,  Ti  and  W  have  been  chosen,  first  because  of  their  relatively  low  price  compared 
to  Mo,  Ta  and  Nb,  but  also  because  the  Gaussian  process  model  didn’t  infer  a  positive  influence  of 
the  latter  on  the  long-term  creep  rupture  stress  at  750  °C.  Carbon  must  be  included  to  form  carbides 
which  limit  grain  boundary  sliding. 

The  candidates  alloys  have  been  selected  on  the  basis  of  their  predicted  mechanical  properties,  and 
of  their  expected  microstructure  and  thermodynamic  stability. 

1)  Mechanical  properties 

The  750  °C,  105h  creep  rupture  stress  of  about  2000  alloys  with  different  combinations  of  Cr,  Al, 
Ti,  W  and  C  contents  has  been  predicted.  Selection  has  been  made  on  successive  criteria:  a  predicted 
minimum  CRS  above  the  design  requirement  of  100  MPa,  an  error  bar  smaller  than  100  MPa  and  a 
relative  error  bar  smaller  than  35%.  Amongst  the  remaining  alloys,  only  the  ones  with  the  highest 
CRS/price  ratio  have  been  kept,  the  “price”  estimation  being  based  on  a  list  of  the  relative  cost  of 
industrially  used  raw  elements  provided  by  INCO  Alloys  Ltd.. 

The  predicted  relation  between  the  creep  rupture  stress  at  750  °C  and  the  lifetime  of  one  of  these 
alloys*  is  presented  in  figure  4. 


Figure  4:  Predicted  stress-lifetime  relation  for  one  of  the  candidate  alloys  at  750  °C. 

The  evolution  of  the  yield  stress  of  this  alloy  with  temperature  has  also  been  predicted,  and  is 
presented  in  figure  5.  The  shape  of  this  curve  is  typical  of  a  f-strengthened  y  matrix.  The  peak 


*  This  work  being  part  of  an  industrial  project,  the  exact  compositions  of  the  candidate  alloys  are  confidential. 
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effect  results  from  the  competition  between  the  increasing  strength  of  the  y’  inclusions  up  to  about 
900  °C  [16]  and  the  softening  of  the  y  matrix  with  increasing  temperature. 


Figure  5:  Predicted  yield  strength  of  one  of  the  selected  alloys  as  a  function  of  temperature. 

2)  Thermodynamic  simulation  (“Thermocalc”  [5]) 

Figure  5  shows  the  calculated  relative  amounts  of  all  the  phases  expected  in  the  temperature  range 
750  -  1400  °C,  for  the  previously  selected  alloy  (Ni-Cr-W-Al-Ti-C).  It  can  be  noted  that  only  y,  y’ 
and  carbides  are  expected  at  service  temperature  (750  °C).  In  particular,  no  a,  it,  i\  nor  Laves 
phases,  which  can  be  harmful  to  the  creep  resistance,  are  expected. 

This  graph  also  gives  useful  information  for  the  processing  of  this  alloy:  it  should  be  melted  above 
1360  °C,  solidified  in  the  range  1360  -  1330  °C,  and  forged  in  the  range  1330  -  1070  °C,  in  the  y’- 
free  region,  to  avoid  cracking  and  a  too  high  flow  stress.  Then,  heat  treatment  could  consist  of  a 
solutionising  above  1070  °C,  and  of  one  or  two  y’  precipitation  ageings  below  1070  °C. 


Figure  5:  Calculated  relative  amounts  of  the  phases  expected  in  the  selected  alloy  in  the  range  750  -  1400  °C. 
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CONCLUSIONS 

A  Gaussian  processes  computer  modelling  technique  has  been  used  to  predict  the  yield  strength  and 
the  creep  rupture  stress  of  novel  nickel-base  superalloys  for  high-temperature  power-plant 
applications.  A  number  of  candidate  alloys  have  been  selected  on  the  basis  of  their  expected 
mechanical  properties,  and  of  their  equilibrium  phase  diagrams  at  high  temperatures.  Promising 
results  have  been  obtained. 

However,  further  modelling  is  necessary,  and  the  composition  of  the  alloys  should  be  refined,  taking 
into  account  both  metallurgical  concepts  and  industrial  requirements.  For  example,  the  alloys  should 
not  contain  too  much  A1  and  Ti,  since  they  are  likely  to  increase  the  flow  stress  through  f 
precipitation,  and  consequently  to  reduce  the  high  temperature  formability.  Small  amounts  of  boron 
and  silicon  should  be  added  to  ensure  a  good  grain  boundary  quality  and  weldability,  respectively. 
Finally,  it  will  be  necessary  to  predict  the  influence  of  other  elements  on  both  the  mechanical 
properties  and  the  phase  equilibria,  such  as  impurities  (P,  S...),  or  elements  (Fe)  whose  presence  can 
be  due  to  the  use  of  industrial  scrap  instead  of  pure  raw  materials. 
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ABSTRACT 

Creep  rupture  properties  of  alloy  625,  that  has  been  in  service  for  60,000  h  at  993  K,  have 
been  evaluated  between  923  and  1 173  K,  after  subjecting  the  service  exposed  material  to 
resolution  annealing  treatment  at  1433  K  for  one  hour.  The  isostress  and  Larson-Miller 
parameter  methods  were  employed  to  estimate  the  residual  life  of  the  service  exposed 
material.  Creep  rupture  strength  and  rupture  ductility  recovered  substantially  following 
re-solution  annealing.  The  variations  in  rupture  life  and  rupture  ductility  with  creep  test 
variables  have  been  rationalised  on  the  basis  of  the  microstructural  changes  that  occurred 
in  the  material. 

INTRODUCTION 

Nickel-base  superalloys  find  widespread  applications  in  aerospace  and  chemical 
industries.  The  choice  for  use  of  superalloys  in  chemical  industries  is  primarily  based  on 
a  good  combination  of  its  monotonic  yield  and  tensile  strength  properties,  good  creep 
properties,  excellent  fabricability,  weldability,  and  resistance  to  high  temperature 
oxidation  for  prolonged  exposures.  A  solid  solution  strengthened  nickel  base  superalloy, 
alloy  625  containing  58  wt%  (min.)  nickel,  20-23  wt%  chromium,  8-10  wt.% 
molybdenum,  5  wt.%  iron,  3.15-4.15  wt.%  niobium  and  0.1  wt.%  (max.)  carbon1  is  being 
used  as  tubes  in  heavy  water  plants  where  ammonia  is  cracked  into  nitrogen  and 
hydrogen.  During  normal  operation,  the  cracker  tubes  are  exposed  to  a  temperature  of 
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about  993  K  and  gas  pressure  of  14  MPa.  At  these  conditions,  the  cracker  tubes  undergo 
creep  deformation.  Although  the  original  design  life  of  the  tubes  was  100,000  hours,  some 
tubes  failed  after  about  60,000  hours  of  operation  necessitating  premature  replacement. 
Since  replacement  of  the  tubes  is  veiy  expensive,  studies  have  been  carried  out  to  extend 
the  life  of  the  service  exposed  tubes  through  rejuvenation  heat  treatments.  It  was 
established  that  a  re-solution  annealing  treatment  at  1433  K  for  one  hour  was  beneficial 
to  restore  the  tensile  properties.  The  yield  strength  of  the  material  decreased  from  927 
MPa  after  service  exposure  to  470  MPa  on  re-solution  annealing  as  compared  to  352  MPa 
for  the  virgin  material.  Similarly,  the  tensile  elongation  increased  from  6%  after  exposure 
to  55%  after  re-solution  treatment  compared  to  53%  obtained  for  the  virgin  material.  The 
present  investigation  is  focussed  on  assessing  the  creep  properties  of  the  re-solution 
annealed  tubes  in  the  temperature  range  923  to  1 173  K.  The  microstructural  changes  that 
occurred  in  the  alloy  during  stress-free  thermal  ageing  of  resolution  annealed  samples,  and 
creep  tested  samples  are  discussed  in  detail. 


EXPERIMENTAL  PROCEDURE 

One  of  the  cracker  tubes  that  failed  after  60,000  hours  of 
operation  was  used  in  the  present  investigation.  The  tube 
had  a  length  of  13.5  m  with  an  outside  diameter  of  88.9 
mm  and  wall  thickness  of  7.95  mm.  Figure  1  depicts  the 
schematic  view  of  the  cracker  tube  assembly. 
Rectangular  specimens  with  gauge  dimensions  of  25  mm 
length,  7  mm  width  and  4  mm  thickness  were  machined 
from  the  solution  annealed  tubes.  Two  series  of  creep 
rupture  tests,  named  as  series-I  and  series-II,  were 
carried  out  for  determining  the  residual  creep  properties. 
The  series-I  tests  were  isostress  tests  conducted  at  six 
different  temperatures  between  1023  and  1148  K  at 
intervals  of  25  K.  In  all  these  tests,  a  constant  stress 
level  equal  to  105  MPa  was  chosen,  and  the  test 
temperatures  were  higher  than  the  operating 
temperature  of  993  K.  The  series-II  tests  were 


Fig.  1 .  Schematic  view  of  the 
cracker  tube  assembly. 
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conducted  in  a  broad  range  of  temperatures  (923  to  1173  K)  and  stresses  (100  to  600 
MPa).  The  longest  rupture  time  in  the  present  investigation  was  about  32000  hours.  In 
order  to  characterise  the 
microstructural  changes  in  a 
systematic  way,  samples  were  aged 
separately  for  500  hours  at  different 
temperatures  in  the  range  of  923  to 
1173K. 

RESULTS  AND  DISCUSSION 
Rupture  Life 

Among  the  various  methods 
employed  for  estimating  residual 
creep  life  of  service  exposed 

components,  isostress  method  is 

considered  to  provide  realistic 

estimates  of  the  remnant  creep  life2. 

The  method  involves  conducting  a 

batch  of  creep  tests  at  temperatures 

greater  than  the  service  temperature 

and  stress  close  to  the  service  stress, 

and  then  extrapolating  the  rupture 

life-temperature  plot  to  the  service 

temperature.  On  the  other  hand,  a 

parametric  approach  is  often  employed  «  t.„  .. 

Fig.  3.  Variation  of  rupture  life  with  stress. 

to  predict  long-term  rupture  life  of 
virgin  materials  using  short-term  laboratory  data. 

The  design  temperature  and  stress  of  the  cracker  tubes  were  993  K  and  70  MPa 
respectively.  A  factor  of  safety  of  1 .5  was  assumed  in  the  design  taking  the  design  stress 
to  105  MPa.  An  isostress  plot  of  rupture  life  versus  temperature  (semi-log  plot)  of  the  re¬ 
solution  annealed  material  at  105  MPa  using  series-I  test  results  is  shown  in  Figure  2.  The 


Fig.  2.  An  isostress  plot  of  rupture  life  versus 
temperature  of  the  re-solution  annealed 
material  at  105  MPa. 
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rupture  life  increased  linearly  with  decrease  in  test  temperature.  Extrapolation  of  the 
statistically  fitted  straight  line  to  the  design  operating  temperature  of  993  K  gave  a 
residual  creep  rupture  life  of  about  250,  000  hours. 


Isothermal  plots  of  stress  versus 
rupture  life  (log-log  plot)  at  selected  test 
temperatures  using  series-II  test  data  are 
shown  in  Figure  3.  Although  the  test 
program  covered  several  temperatures  in 
the  range  of  923  to  1173  K,  data  is  not 
available  at  present  at  sufficient  stress 
levels  to  plot  the  isothermals  at  all  the 
test  temperatures.  Thus  Figure  3  shows 


LMP  =  T[20+log  tj 


Fig.  4.  Larson-Miller  parameter  plot. 
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isothermal  plots  at  973,  998  and  1123  K 
only.  These  isothermal  plots  are  linear  and 
are  parallel  to  one  another  with  a  slope  of 
-0.16.  Assuming  that  the  Monkman-Grant 
relationship  is  valid  for  this  material,  this 
slope  corresponds  to  a  creep  stress 
exponent  of  n=6  which  suggests  that  the 
rate  controlling  deformation  mechanism  is 
dislocation  creep. 

A  Larson-Miller  Parameter  (LMP) 
analysis  has  been  made  using  the  data 
obtained  from  series-I  and  series-II  tests. 

Figure  4  shows  the  variation  of  LMP  with 
stress  (semi-log  plot).  A  value  of  20  has 
been  used  for  the  constant  C  in  the  LMP  equation3  LMP  =  T[C+logtr]  where  tr  is  the 
rupture  life  and  T  is  the  temperature  in  K.  A  good  statistical  fit  in  the  form  a  =  5.861- 
0.0001557  LMP  has  been  obtained,  and  the  correlation  coefficient  R=0.97.  Using  Fig.4, 
a  rupture  life  of  69,000  hours  has  been  predicted  at  the  design  temperature  of  993  K  and 
stress  of  105  MPa.  This  value  is  however  lower  than  the  rupture  life  predicted  by  the  iso¬ 
stress  test  method  by  a  factor  of  almost  3.5. 


1050  1100 

Temperature,  K 


1150 


Fig.5.  Variation  of  isostress  ductility  with 
temperature. 
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_ _  I 

Rupture  ductility 

Figure  5  shows  the  variation  of  rupture  elongation  with  temperature  at  a  constant  stress 


of  105  MPa.  The  material  showed  very  good 
ductility  (20-70%)  at  temperatures  higher  than 
1 100  K;  ductility  increased  with  increasing  test 
temperature  above  1100  K.  At  temperatures 
below  1100  K,  rupture  ductility  varied  in  a 
narrow  range  of  10-20%  and  appeared  to 
increase  at  temperatures  below  1023  K. 
Analysis  of  the  rupture  ductility  data  at  various 
temperature  and  stress  levels  from  series-II 
tests  showed  that  below  1050  K,  the  ductility 
was  generally  around  20%  or  less  whereas  at 
temperatures  above  1050  K,  rupture  ductility 
was  rather  high. 

Precipitation  Behaviour 

Alloy  625  is  microstructurally  unstable  on 
prolonged  exposure  at  elevated  temperatures. 
Carbides  of  type  MC,  MeC,  M23C6,  and 
intermetallic  phases  of  the  type  y"  and  8, 
precipitate  in  this  alloy  depending  upon  the 
temperature  and  duration  of  ageing4,5,6,7,8,9,  y"  is 
a  metastable  phase  with  an  ordered  body 
centred  tetragonal  D022  crystal  structure  of 
Ni3(Nb,Ti?Al)  composition  and  is  observed  in 
Alloy  625  and  Alloy  718  after  elevated 
temperature  ageing4"9,10,11.  The  equilibrium 
intermetallic  precipitate  is  the  8-phase.  This 


Fig.  6.  8-phase  precipitates  after 

(a)  creep  tests  at  1098  K  for  300  h, 

(b)  ageing  at  1 173  K  for  500  h  and 

(c)  yM  precipitates  after  ageing  at 
973  K  for  500  h 
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niobium  rich  phase  is  incoherent,  orthorhombic  in  crystal  structure  and  precipitates 
typically  with  a  needle-like  morphology  on  ageing  at  high  temperatures. 

Microstructure  of  the  creep  tested,  and  aged  samples  were  studied  mainly  using 
scanning  electron  microscope  (SEM).  The  samples  were  given  electrolytic  etching  using 
chromic  acid  to  reveal  the  intermetallic  phases.  Below  1023  K,  there  was  no  evidence  of 
any  matrix  precipitation  and  only  grain  boundary  precipitates  were  observed.  Above  1023 
K,  profuse  precipitation  of  5-phase,  as  identified  by  its  acicular  morphology,  has  been 
observed  in  the  intragranular  regions.  Figure  6a  shows  8-phase  needles  within  the  grains 
and  carbides  along  the  boundaries  after  creep  testing  at  1098  K  for  300  hours.  At  still 
higher  temperatures,  there  was  an  increase  in  the  size  and  decrease  in  the  density  of  the 
acicular  precipitates.  Figures  6b  shows  the  8-phase  morphology  after  ageing  at  1 173  K. 
Energy  dispersive  analysis  of  x-rays  was  carried  out  on  the  needle  shaped  precipitates 
which  confirmed  that  these  are  indeed  rich  in  niobium  as  compared  to  the  matrix. 
Although  precipitates  were  not  observed  in  SEM  in  material  exposed  upto  1023  K,  it  is 
well  established  that  fine  precipitates  of  y"  form  in  this  material  at  temperatures  above 
873K  5,6 .  Transmission  Electron  Microscopy  (TEM)  carried  out  on  material  aged  at  973 
K  showed  y"  precipitates  with  typical  disc  shaped  morphology  as  shown  in  Fig.  6c.  It  is 
assumed  that  y"  precipitates  of  increasing  size  and  density  would  be  present  at  higher 
temperatures  although  extensive  TEM  studies  were  not  performed  at  other  ageing 
conditions. 

Non-destructive  studies  conducted  using  stress-strain  microprobe  to  investigate  the 
tensile  properties  and  hardness  of  this  material  aged  at  various  temperatures  showed  a 
non-monotonic  behaviour  with  a  peak  in  yield  strength,  tensile  strength,  and  hardness  at 
973  K12.  This  behaviour  is  consistent  with  the  published  literature.  The  peak  strength  and 
hardness  are  associated  with  the  precipitation  of  y"  phase7,810.  It  is  therefore  suggested 
that  the  strengthening  effect  of  y"  phase  is  responsible  for  the  lower  creep  ductility 
observed  below  1023  K.  Precipitation  and  growth  of  8  phase  results  in  loss  of  order 
strengthening  derived  from  y",  and  this  promotes  recovery  of  creep  ductility  at 
temperatures  above  1 100  K  as  was  observed  in  this  study.  As  regards  the  rupture  life  of 
the  material  is  concerned,  it  appears  that  coarsening  and  dissolution  of  8-phase  does  not 
have  an  adverse  effect  since  rupture  life  decreased  linearly  with  increase  in  test 
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temperature  without  any  change  in  slope.  But  in  the  range  of  temperatures  where  y"  phase 
forms,  this  precipitate  could  have  a  detrimental  effect  on  long  term  rupture  strength  and 
this  needs  to  be  confirmed  from  further  tests. 

CONCLUSIONS 

Resolution  annealing  treatment  was  found  to  be  beneficial  to  restore  the  creep  rupture 
strength  and  ductility  of  service  exposed  Alloy  625  tubes.  Isostress  method  predicted  a 
residual  rupture  life  of  about  250,000  hours  whereas  Larson-Miller  parametric  method 
predicted  a  value  lower  by  a  factor  of  3.5.  Rupture  ductility  was  very  low  at  temperatures 
below  1023  K.  Extensive  precipitation  of  8-phase  was  observed  at  temperatures  greater 
than  1023  K. 
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Abstract 

An  understanding  of  the  mechanisms  controlling  the  anisotropic  deformation  of  single 
crystal  superalloys  is  a  prerequisite  for  establishing  reliable  constitutive  laws  for 
engineering  design.  It  is  clear  that  the  anisotropy  in  creep  strength  cannot  be  explained  in 
terms  of  Schmid  law  concepts  and  the  operation  of  a  single  slip  system.  A  model,  that 
considers  the  simultaneous  operation  of  two  families  of  slip  systems, 
(ll  l)(lOl)  and  (lOO^Ol  l) ,  has  been  shown  to  describe  well:  (i)  an  extensive  database  of 

uniaxial  creep  curves  in  the  temperature  range  750  to  950°C,  (ii)  crystal  rotations  during 
creep  deformation,  (iii)  specimen  shape  changes  resulting  from  creep  deformation.  This 
paper  will  give  an  extension  of  the  model  to  account  for  time  dependent  deformation  in  a 
range  of  more  complex  loading  conditions. 


1.  Introduction 

The  increasing  demand  for  performance  and  efficiency  of  industrial  gas  turbines  has 
resulted  in  the  introduction  of  single  crystal  superalloys  as  blade  materials.  The  design  of 
an  industrial  gas  turbine  must  take  into  account  the  cost  of  the  components  during  their 
service  life,  and  control  of  costs  is  very  much  dependent  of  the  ability  to  predict  reliably 
the  service  life  of  a  component.  Continuum  damage  mechanics  (CDM)  has  proved  to  be  a 
useful  means  of  describing  the  high  temperature  deformation  of  engineering  alloys.  It  has 
its  origins  in  the  phenomenological  single  state  variable  model  of  Kachanov  [1],  and  has 
been  modified  by  various  workers  [2-5]. 

The  model  presented  in  this  paper  has  its  origins  from  the  CRISPEN  analysis  developed 
by  Ion.  Qt.  al  [4].  Two  state  variables  are  used  to  describe  the  plastic  creep  behaviour.  The 
first  of  these  variables,  //,  attempts  to  describe  the  redistribution  of  stress  between  the 
matrix  y  and  the  y  particles  of  a  superalloy.  The  second  is  a  damage  variable,  co, 
associated  with  the  strain-softening  arising  from  an  increase  in  the  density  of  mobile 
dislocations,  which  are  confined  to  the  y-phase  of  single  crystal  superalloy.  The 
constitutive  equations  can  be  expressed  as 

e  =  e0(l-S)(\  +  o)) 

S  =  e0H(l-S/S„) 

d)  =  Ce  (1) 

where  i(l  and  (  are  model  parameters  and  their  values  determine  the  shape  of  the 
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strain/time  trajectory.  The  stress/temperature  dependence  of  the  creep  strain  rate  has  been 
incorporated  into  the  model  parameters  (Pan.  et.  a\  [6]). 

This  paper  will  focus  on  the  predictions  of  a  generalised  CDM  model  for  cases  of 
complex  variable  loading  and  multiaxial  loading.  In  particular,  the  model  will  be  used  to 
determine  creep  curves,  stress-strain  response  at  some  constant  applied  strain  rate  for  the 
single  crystal  superalloy  CMSX4.  Also,  the  effect  of  changing  test  conditions  on  the 
strain-time  trajectory  will  be  addressed,  and  compared  model  predictions  with  strain  and 
time  hardening  theories. 

2.  Anisotropic  Slip-Formulation  for  Complex  Loading  Conditions 

Consider  a  specimen  of  a  single  crystal  superalloy  stressed  uniaxially  in  a  direction  T  = 
<hk!>  (see  Fig.  1).  The  applied  stress,  cr,  will  result  in  a  virtual  force /=  rb  that  will 
drive  a  dislocation’s  motion,  where  r  is  the  shear  stress  acting  on  the  slip  plane  and  b  the 
magnitude  of  the  Burger’s  vector.  Let  the  activated  slip  systems  be  denoted  by  the  unit 
vectors  with  »*{ft)being  the  slip  direction  and  n(k)  is  the  slip  plane  normal. 

Then,  the  shear  stress  acting  on  the  k-th  slip  system  is  given  by 

r(k)  (2) 

where  cry  is  the  stress  tensor.  For  single  crystal  superalloys  it  is  assumed  that  two 
families  of  slip  systems  are  activated:  the  octahedral  system  {l  1 1}<  llO  >  and  cube 
system  {O0l}<  1 10  > . 

The  constitutive  equations  (1)  have  been  extended  to  anisotropic  deformation  by  Ghosh 
et.  al  [5]  and  Pan  et.  a /  [6]  giving  rise  to  the  following  relations  for  each  slip  system: 

pk)  =  yp  (1  -  S(k)  )(1  +  COik)) 

slk)  =rPH(k)(\-s(k)/sP) 

©(*)  =  (3) 

(VA:  eG )  where  G—  (l  1 1 }  <  1  1  0  >  or  G  —  {00 1}  <  1 1 0  >  and  \H^  \  S^s  ^ ,  and  ft 
are  model  parameters  for  the  anisotropic  formulation,  which  are  directly  related  to  the 
isotropic  formulation  model  parameters  through  the  Schmid  factor. 

The  model  parameters  for  equation  (3)  were  obtained  using  an  optimisation  procedure 
outlined  in  Basoalto  et.  al  [6],  Determination  of  the  creep  strain  from  the  above  equation 
set  is  carried  out  using  the  small  strain  approximation,  i.e.,  that  any  large  deformation  can 
be  viewed  as  been  the  result  of  consecutive  smaller  deformations.  By  discretisation  of  the 
time  into  a  number  of  intervals.  At ,  the  incremental  shear  strain,  Ay(k) ,  on  each  activated 
slip  system  can  be  calculated.  The  deformation  is  described  in  terms  of  a  Lagragian 
formulation,  as  we  are  interested  in  predicting  the  uniaxial  engineering  stress/strain 
response.  It  can  be  shown  that  the  displacement  gradient  tensor,  AJ{j ,  is  given  by 
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(4) 

saG 

Using  the  small  strain  approximation,  the  strain  tensor  becomes  the  symmetric  part  of 
AJi} .  This  leads  to: 

As=-[aJ  +  AJt\  (5) 

2 

For  the  case  of  a  tensile  test  the  engineering  strain  is  obtained  from  As  by  projecting 
dT  =  As.T  onto  T  Finally,  the  uniaxial  creep  strain  at  each  time  step  is  given  by 

ec(ti)  =  (dT)T  (6) 


T  =  <hkt> 


Fig.  1 


So  far  the  slip  formulation  has  been  developed  for  the  case  of  a  uniaxially  applied 
constant  stress.  The  extension  of  the  model  to  complex  loading  conditions  requires  that 
the  relationship  between  the  applied  stress  and  creep  strain  be  specified.  By 
decomposition  of  strain  rates  into  an  elastic  and  plastic  (creep)  response,  it  is  possible  to 
write  the  following  expressions  for  the  evolution  of  the  applied  stress,  a , 

d  —  E. m  (sT  ~£c)  (7) 

—!-  =  *„  +[^-2(5,, -Su)](h2k2  +  k2l 2  +  l2h2) 

E  hki  ■ 

where  £. khl ,  is  Young’s  modulus  in  a  specified  crystal  direction  <hkl  >  (see  Nye  [7]), 
Sv  the  compliance  tensor,  sT  is  the  total  strain  rate,  and  sc  is  given  by  equation  (6).  The 

stress  increment  is  calculated  from  the  above  relations  for  each  time  step  At ,  and  the 
resulting  stress  is  projected  on  each  active  slip  system  to  determine  the  shear  strain. 

If  the  appropriate  boundary  conditions  are  specified,  the  coupling  of  the  constitutive 
equations  (2)  with  equation  (7)  allows  the  simulation  of  any  complex  uniaxial  mechanical 
deformation  Some  common  uniaxial  mechanical  tests  are  described  by  the  following 
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boundary  conditions: 

•  Constant  stress  creep  test  6  =  0 ; 

•  Stress  Relaxation  sT  =  0 ; 

•  Strain  controlled  tensile/compressive  test  eT  =  constant ; 

•  Strain  controlled  fatigue  test  sT  -  f(t). 

The  next  section  will  present  model  predictions  for  some  of  the  cases  outlined  above. 

3.  Results  and  Discussion  of  Model  Predictions 

Creep  tests 

Model  predictions  for  constant  stress  creep  tests  are  shown  in  Fig.  2.  The  model 
parameters  were  calibrated  for  the  single  crystal  CMSX4  with  orientation  <001>  and 
<11 1>.  Using  the  numerical  procedure  outlined  in  [8],  a  global  parameter  set  was 
determined.  The  term  global  means  that  the  parameters  obtained  can  describe  the  strain¬ 
time  response  for  a  range  of  stress  and  temperature  conditions.  Model  predictions  and 
experiments  are  in  good  agreement,  falling  within  the  scatter  of  the  creep  data. 


Fig.  2  Strain-time  trajectories.  Comparison  of  model  predictions  with  experimental  data, 
(a)  CMSX4  <00I>  and.  (b)  CMSX4  <1 1 1>. 


Tensile  test 

Here  the  total  strain  rate,  sT ,  is  constant  throughout  the  test.  The  stress-strain  response 
for  <00 1  >  and  <1 1 1>  orientated  at  850°C  crystal  are  shown  in  Figures  3  and  4  for  various 
strain  rates.  The  general  shapes  of  the  cx~sT  curves  obtained  from  the  slip-model  are  in 
good  agreement  with  the  experimentally  measured  stress-strain  curves.  The  model  is  able 
to  predict  reasonably  the  magnitude  of  the  maximum  stress  and  the  fall  in  stress  for  as  the 
total  strain  increases.  The  fall  in  the  stress  is  a  result  of  the  accumulation  damage  for 
increasing  creep  strain. 
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(a)  _ — — , 


Fig.  3  Stress-strain  curve  predictions  using  the  CDM  model  for  the  single  crystal 
CMSX4  <00 1  >  at  850°C.  (a)  Effect  of  strain  rate,  and  (b)  comparison  of  model 
prediction  with  experimental  data  for  sT=  0.00  Is'1 


Fig.  4  Stress-strain  curve  predictions  using  the  CDM  model  for  the  single  crystal 
CMSX4  <1 1 1>  at  850°C.  (a)  sT=  0.001s’1,  and  (b)  eT  =  0.01s'1 

Stress -  Temperature  Changes 

An  important  problem  in  high  temperature  deformation  is  the  effect  of  variable 
stress/temperature  conditions  on  the  resultant  deformation.  Due  to  the  fact  that  most  of 
the  experimental  data  available  are  for  the  constant  stress  condition,  variable 
stress/temperature  theories  have  developed  as  an  extension  of  the  constitutive  equations 
for  constant  stress.  Two  important  constructions  include  strain  and  time  hardening. 
Figure  5(a)  shows  two  creep  curves  for  700MPa/750°C  and  400MPa/850MPa  given  by 
the  model,  which  have  similar  lifetimes  but  quite  different  properties  of  primary  and 
tertiary  creep.  The  prediction  of  the  strain-time  trajectory  after  a  change  in  the 
stress/temperature  conditions  from  700MPa/750°C  to  400MPa/850Mpa  is  shown  in  Fig. 
5(b).  The  change  was  made  at  a  time  0.3^,  where  tf  is  the  time  to  reach  a  creep  strain 
of  20%  for  the  initial  test  condition  (with  no  change  in  the  test  conditions).  All  three 
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methods  (CDM,  strain  and  time  hardening)  give  different  predictions  for  the  resultant 
creep  curve. 

The  CDM  model  predicts  a  longer  lifetime  than  strain  or  time  hardening.  It  was  found 
that  the  effect  of  changing  the  test  conditions  was  to  force  the  hardening  variable,  S,  to 
decrease.  This  is  to  be  expected,  since  at  higher  temperatures  primary  creep  in  single 
crystal  superalloys  is  not  present.  Repeating  the  calculation  with  the  high  temperature 
condition  applied  first  gives  the  shortest  life  for  the  CDM  prediction. 


(a)  (b) 


Fig.  5  Change  in  test  conditions  during  creep  for  CMSX4  <00 1>.  (a)  Simulated  creep  curves  for 
700MPa/750°C  and  400MPa/850°C.  (b)  Predictions  of  resultant  creep  response  using  CDM, 
strain  hardening,  and  time  hardening  theories. 


Finite  Element  Calculations 

Interfacing  the  slip-based  formulation  to  the  commercial  finite  element  software 
ABAQUS  has  been  achieved  through  a  user-defined  subroutine  for  the  calculation  of 
incremental  creep  strain  at  each  time  step.  Creep  in  a  Bridgman  notch  specimen  has  been 
modeled  using  the  C3D8  element  except  along  the  center  where  a  C3D6  element  has 
been  used.  The  distribution  of  equivalent  strain  and  Mises  stresses  after  0.5%  creep  strain 
(for  Norton  creep)  is  shown  in  Fig.  6.  It  is  clear  from  Fig.  6  that  the  stress  redistribution 
and  strain  accumulation  are  localised.  The  local  strain  near  the  notch  root  can  be  as  large 
as  5%  even  though  the  overall  strain  is  0.5%.  On  the  contour  plots  both  stress  and  strain 
distributions  show  four-fold  symmetry  about  the  tensile  axis. 


Fig.  6  Bridgman  notch  specimen.  Finite  element  calculations  showing  the  equivalent  strain  and  stress 
redistribution. 
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Conclusion 

•  The  CDM  slip  formulation  expressed  by  equation  (2)  has  been  extended  to  complex 
variable  loading  formulation  by  the  addition  of  equation  (7). 

•  The  model  parameters  were  calibrated  against  a  limited  creep  database  for  the  single 
crystal  superalloy  CMSX4  with  <001>  and  <11 1>  orientations,  from  which  a  global 
parameter  set  was  obtained.  The  strain-time  trajectories  predicted  by  the  slip  model 
are  in  good  agreement  with  the  measured  creep  curves  (Fig.  2). 

•  In  the  case  of  high  temperature  deformation  the  total  strain  can  be  decomposed  into 
elastic  and  plastic  creep  strains.  For  the  case  of  a  constant  applied  strain  rate  test  it 
was  found  that  the  maximum  stress  was  higher  for  a  <001>  than  a  <1 1 1>  orientated 
crystal  for  a  given  applied  strain  rate  (Figs.  3  and  4).  The  predictions  again  were 
shown  to  be  in  general  agreement  with  the  experimental  data. 

•  Simulation  of  creep  strain  by  CDM  for  changing  stress  and/or  temperature  gives 
different  predictions  as  those  for  strain  or  time  hardening. 

•  The  slip-formulation  has  been  incorporated  into  a  finite  element  procedure. 
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Abstract 

The  creep  rate  -  time  and  the  creep  rate  -  strain  curves  of  the  single  crystals  of  y  single 
phase  Ni-20mass%Cr  alloy  have  been  investigated  at  1173  K  under  the  wide  stress  range  of  19.6  to 
98  MPa,  and  compared  with  those  of  polycrystals.  The  orientation  corresponding  to  the  stress  axis 
of  the  single  crystals  were  chosen  within  the  standard  stereographic  triangle.  The  creep  curve  in 
the  Ni-20mass%Cr  single  crystal  consists  of  a  transient  stage  and  an  accelerating  stage  without  a 
steady  state  stage.  The  transient  stage  has  two  steps.  In  the  first  step,  the  creep  rate  slightly 
decreases,  and  in  the  second  step,  the  decrease  in  creep  rate  becomes  prominent  with  increasing  the 
testing  time.  With  decreasing  the  stress,  the  extension  of  transient  stage  becomes  prominent,  and 
by  this  extension,  the  decreasing  ratio  of  the  creep  rate  in  transient  stage  is  enlarged.  At  the  lowest 
stress  of  19.6  MPa,  the  most  prominent  extension  of  transient  stage  and  the  more  than  two  order 
decrease  in  creep  rate  in  transient  stage  are  detected.  The  creep  interrupting  tests  have  been 
conducted  at  the  stress  of  29.4  MPa  in  the  strain  range  of  0.1  to  0.6  to  examine  the  appearance  of 
dynamically  recrystallized  grains.  At  the  strain  of  0.1  corresponding  to  the  end  of  the  first  step  in 
transient  stage,  a  straight  subboundary  parallel  to  slip  plane  appears  in  a  wide  distance  of  a  few 
hundreds  micrometers.  With  increasing  the  strain,  the  straight  subboundary  turns  to  waved  one. 
At  the  strain  showing  the  minimum  creep  rate,  a  lot  of  evolved  subgrains  appear.  At  the  strain 
corresponding  to  the  early  stage  of  accelerating  creep,  dynamically  recrystallized  grains  appear.  It 
is  confirmed  that  the  onset  of  accelerating  creep  well  corresponds  to  the  appearance  of  dynamically 
recrystallized  grains.  In  the  single  crystal  creep  ruptured,  the  whole  gage  portion  turns  to 
poly  crystal  with  equiaxed  grains  having  a  diameter  of  150  pm. 

1.  Introduction 

There  are  many  reports  on  the  creep  deformation  in  single  crystal  Ni-based  superalloys  [1- 
5].  The  features  of  creep  deformation  in  a  y  single  phase  single  crystal  comparing  to  those  of  a 
polycrystal  have  not  been  understood,  because  of  the  restricted  number  of  reports  [6,  7].  Based  on 
the  reports  of  Ni-based  single  crystal  superalloy,  the  features  of  creep  deformation  in  the  single 
crystal  are  characterized  by  the  extensions  of  a  steady  state  stage  and  an  accelerating  stage  [8]. 
This  understanding  will  be  derived  from  the  conception  that  the  onset  of  accelerating  creep  is 
caused  by  the  formation  of  crack  at  the  grain  boundary  and  the  acceleration  of  creep  rate  is  caused 
by  the  propagation  of  crack.  Therefore,  in  the  creep  of  single  crystal  without  grain  boundary, 
onset  of  accelerating  creep  and  acceleration  of  creep  rate  must  be  fully  suppressed.  Using  a  y 
single  phase  polycrystal  alloy  which  has  excellent  ductility,  it  was  elucidated  that  the  onset  of 
accelerating  creep  is  connected  not  with  the  formation  of  crack,  but  with  the  appearance  of 
dynamically  recrystallized  grains  through  the  evolution  of  subboundary  [9].  However,  the 
increase  in  creep  rate  cannot  be  interpreted  by  the  appearance  of  grain  boundary,  according  to  the 
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following  equation  [10]; 

e  =  A(b/d)p  (<j/E)"  exp(-<2c/ RT),  (1) 

where  A  is  the  material  constant,  b  is  the  burgers  vector,  d  is  the  average  grain  diameter,  cr  is  the 
applied  stress,  E  is  the  elasticity,  Qc  is  the  activation  energy  for  creep,  R  is  the  gas  constant,  T  is  the 
absolute  temperature  and  p  is  the  grain  diameter  exponent  of  creep  rate.  In  case  of  dislocation 
creep,  the  value  of  p  is  zero  [11],  thereby  the  increase  in  grain  boundary  area  through  dynamic 
recrystallization  does  not  affect  the  creep  rate.  Contrast  to  this,  there  are  many  reports  detecting 
the  dependence  of  grain  diameter  on  creep  rate  [12].  The  grain  diameter  dependence  of  creep  rate 
is  recently  interpreted  by  a  Core-Mantle  model  proposed  in  the  previous  paper  [13].  This  model  is 
based  on  the  conception  that  the  predominant  creep  deformation  occurs  in  the  region  near  grain 
boundary.  This  region  is  named  a  mantle  region.  The  increase  in  grain  boundary  area  means  the 
increase  in  the  mantle  region.  So  the  appearance  of  dynamically  recrystallized  grains  is  resulted  in 
the  increase  in  creep  rate.  It  is  noteworthy  that  the  y  single  phase  single  crystal  can  be  regarded  as 
the  most  ductile  material.  By  using  such  a  ductile  material,  the  formation  of  crack  is  fully 
suppressed.  And  it  was  reported  in  the  y  single  phase  polycrystal  that  good  agreement  of  onset  of 
accelerating  creep  with  the  appearance  of  dynamically  recrystallized  grains  is  confirmed  under  the 
stress  less  than  a  certain  value.  So  in  the  creep  of  y  single  phase  single  crystal,  firstly  creep  rate  - 
time  curves  or  creep  rate  -  strain  curves  must  be  investigated  as  a  function  of  stress. 

2.  Experimental 

A  Ni-20mass%Cr  alloy,  designated  as  Ni-20Cr  in  this  paper,  was  prepared  for  this  study. 
The  chemical  composition  of  the  alloy  is  shown  in  Table  1.  The  alloy  was  melted  in  a  high 
frequency  induction  furnace  in  a  vacuum  and  was  cast  into  a  4  kg  ingot  in  an  argon  atmosphere. 
The  ingot  was  hot-forged  into  a  rod  with  a  diameter  of  13  mm.  Single  crystals  were  grown  by  a 
modified  Bridgman  furnace  in  a  flow  of  purified  argon  and  then  solution- treated  at  1523  K  for  36 
ks  in  air.  The  crystal  orientation  was  determined  by  Laue  back-reflection  X-ray  technique.  The 
orientations  of  the  stress  axis  in  the  single  crystals  are  located  within  the  standard  stereographic 
triangle.  In  order  to  minimize  the  effect  of  misorientation,  only  crystals  located  near  the  center  of 
the  standard  stereographic  triangle  were  employed  for  this  study.  Note  that  all  the  crystals  have 
Schmid  factor  above  0.46.  Fullsized  creep  specimens  with  a  gage  portion  of  30  mm  in  length  and 
6  mm  in  diameter  were  prepared. 

Table  1.  Chemical  composition  (mass%)  of  crystals  prepared  in  this  investigation. 


Alloy 

C 

Si 

Mn 

Cr 

Ni 

Ni-20Cr 

0.001 

0.49 

0.30 

19.3 

Bal. 

The  constant  stress  tensile  creep  tests  were  carried  out  at  1173  K  in  the  wide  stress  range  of 
19.6  to  98  MPa.  The  constancy  of  stress  was  obtained  by  adjusting  the  auxiliary  weights.  The 
fluctuation  of  stress  during  creep  was  restricted  within  one  per  cent  against  initial  stress.  Creep 
tests  at  29.4  MPa  were  interrupted  at  the  strains  of  0.1,  0.5,  0.73  and  0.76.  Creep  strain  was 
automatically  recorded  through  linear  variable-differential  transducers  attached  to  the  extensometer 
settled  to  both  annular  ridges  of  the  gage  portion  of  the  specimen.  Microstructures  subject  to  creep 
at  29.4  MPa  were  examined  by  an  optical  microscope  on  sections  parallel  to  the  stress  axis.  The 
creep  at  29.4  MPa  -  1173  K  showed  an  anisotropic  deformation,  therefore,  the  widest  section 
parallel  to  the  stress  axis  was  adopted  for  the  observation  by  the  optical  microscope.  After 
metallographic  polishing,  samples  were  etched  in  a  solution  of  orthophosphoric  acid  saturated  with 
chromium  trioxide  with  a  current  density  of  10  mA/cm2  for  10  minutes. 
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3.  Results 

3.1.  Creep  characteristics  of  Ni-20Cr  single  .crystal 

Creep  rate  -  time  curves  of  Ni-20Cr  single  crystals  at  1173  K  in  the  stress  range  of  19.6  to 
98  MPa  are  shown  in  Fig.  1,  together  with  those  of  polycrystals.  The  creep  curves  of  Ni-20Cr 
polycrystals  with  the  grain  diameter  of  200  pm  were  referred  from  the  previous  paper  [14].  In 
each  stress,  the  curve  of  the  single  crystal  consists  of  the  transient  stage  and  the  accelerating  stage, 
and  there  is  no  steady  state  stage.  The  transient  stage  is  divided  into  two  steps.  In  the  first  step, 
creep  rate  slightly  decreases.  In  the  second  step,  the  decrease  in  creep  rate  becomes  prominent 
with  increasing  the  testing  time.  At  the  time  when  the  transient  stage  turns  to  the  accelerating 
stage,  creep  rate  shows  the  minimum  value.  The  decreasing  ratio  of  the  ci*eep  fate  during  the 
transient  stage  becomes  large  with  decreasing  the  stress,  typically  less  than  49.0  MPa.  In  the 
transient  creep  stage  of  creep  at  19.6  MPa,  the  decreasing  ratio  of  creep  rate  becomes  more  than  two 
orders  of  magnitude.  The  creep  test  at  29.4  MPa  was  interrupted  at  the  time  corresponding  to  the 
beginning  of  accelerating  creep  stage.  And  the  creep  test  at  19.6  MPa  was  interrupted  during  the 
transient  stage.  Comparing  the  creep  rate  -  time  curves  of  the  single  crystals  with  that  of  the 
polycrystals,  the  marked  difference  is  recognized  at  the  stress  less  than  49  MPa.  With  decreasing 
the  stress,  the  following  two  creep  features  in  single  crystal  become  prominent  by  comparing  with 
those  in  polycrystal. 


Fig.  1.  Creep  rate  -  time  curves  of  Ni-20Cr  single  crystals  at  1173  K  in  the  stress  range  of 
19.6  to  98  MPa  (a),  together  with  the  curves  of  polycrystals  (b). 
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1)  Extension  of  transient  stage 

2)  Decrease  in  the  minimum  creep  rate 

Creep  rate  -  strain  curves  of  Ni-20Cr  single  crystals  are  shown  in  Fig.  2,  together  with 
those  of  poly  crystals  [14].  The  difference  in  the  creep  rate  -  strain  curves  of  the  single  crystals 
comparing  with  those  of  the  polycrystals  is  characterized  by  the  five  times  larger  creep  strain  in  the 
single  crystal.  At  68.6  MPa,  three  times  enlargement  of  transient  creep  strain  was  attained  in  the 
single  crystal  compared  with  that  of  the  polycrystal.  Contrast  to  this,  the  eight  times  enlargement 
of  transient  creep  strain  was  obtained  in  the  single  crystal  compared  with  that  of  the  polycrystal.  It 
is  elucidated  that  the  enlargement  of  transient  creep  in  the  single  crystal  compared  with  the 
polycrystal  becomes  larger  at  lower  stresses. 

The  minimum  creep  rates  at  1173  K  in  the  single  crystal  were  plotted  as  a  function  of 
applied  stress  as  shown  in  Fig.  3,  together  with  that  in  the  polycrystal  [14].  At  the  stress  higher 
than  40  MPa,  there  is  no  difference  in  the  minimum  creep  rate  between  the  single  crystal  and  the 
polycrystal.  At  the  stress  less  than  40  MPa,  the  minimum  creep  rate  in  the  single  crystal  is  smaller 
than  that  in  the  polycrystal,  and  this  difference  in  the  minimum  creep  rate  becomes  prominent  with 
decreasing  the  stress.  This  prominent  decrease  in  the  minimum  creep  rate  in  the  single  crystal 
crept  at  lower  stress  is  derived  by  the  drastic  extension  of  transient  stage. 


Fig.  2.  Creep  rate  -  strain  curves  of  Ni-20Cr  single  crystals  at  1173  K  in  the  stress  range  of 
19.6  to  98  MPa  (a),  together  with  the  curves  of  polycrystals  (b). 
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Fig.  3.  Stress  -  minimum  creep  rate  curve  of  Ni-20Cr  single 
crystal  at  1 173  K,  together  with  the  curve  of  Ni-20Cr  polycrystal. 

3.2.  Dynamic  recrystallization  in  single  crystal  subject  to  creep  at  lower  stress 

The  features  of  creep  in  the  single  crystal  were  emphasized  at  lower  stresses.  Then  the 
microstructural  observation  for  the  specimen  subject  to  creep  at  the  lower  stress  must  be  done,  and 
the  attention  must  be  focussed  on  the  examination  to  elucidate  the  evolution  of  dynamic 
recrystallization.  Optical  micrographs  of  the  single  crystals  creep  interrupted  at  1173  K  -  29.4 
MPa  at  the  strains  of  0.1  to  0.76  are  shown  in  Fig.  4.  Microstructural  observations  were  done 
against  the  section  parallel  to  stress  axis  and  having  the  widest  width  as  shown  in  Fig.  4.  The 
direction  marked  by  an  arrow  in  photograph  indicates  the  stress  axis.  Straight  subboundaries  are 
firstly  detected  in  the  single  crystal  creep  interrupted  at  the  strain  of  0. 1  as  shown  in  Fig.  4  (a). 
The  straight  subboundaries  are  located  with  a  wide  distance  of  a  few  hundreds  micrometers.  At 
the  strain  of  0.5,  the  straight  subboundary  turns  to  waved  one  (Fig.  4  (b)).  At  the  strain  of  0.73 
corresponding  to  the  strain  showing  the  minimum  creep  rate,  a  lot  of  evolved  subgrains  appear  as 
shown  in  Fig.  4  (c).  At  the  strain  of  0.76  corresponding  the  strain  at  the  early  stage  of  accelerating 
creep,  dynamically  recrystallized  grains  appear  (Fig.  4  (d)).  In  the  crystal  creep  ruptured,  the 
whole  gage  portion  turns  to  polycrystal  with  equiaxed  grains  with  a  diameter  of  150  Jim  as  shown 
in  Fig.  4  (e). 

4.  Discussion 

From  the  analysis  of  creep  rate  -  time  curves  at  1173  K  in  the  wide  stress  range  of  19.6  to 
98  MPa  in  y  single  phase  single  crystals,  the  following  features  are  elucidated. 

1)  The  creep  rate  -  time  curve  of  single  phase  single  crystal  consists  of  transient  stage  and  the 
accelerating  stage,  and  steady  state  stage  which  has  been  considered  to  occupy  most  of  the  creep 
stage  disappears. 

2)  The  longer  rupture  life  in  single  crystal  than  in  polycrystal  is  resulted  not  in  the  extension  of  the 
steady  state  stage  and  the  accelerating  stage  [8],  but  in  the  extension  of  the  transient  stage. 

3)  Contrast  to  the  creep  rate  equation  proposed  under  the  dislocation  creep  condition,  creep  rate  in 
y  single  phase  single  crystal  is  smaller  than  that  in  polycrystal.  This  is  resulted  in  the  extension  of 
transient  stage. 
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Fig.  4.  Optical  micrographs  of  the  Ni-20Cr  single  crystals  subjected  creep  strain 
of  0.1  (a),  0.5  (b),  0.73  (c),  0.76  (d)  and  0.83  (e)  at  1173  K  -  29.4  MPa. 


These  features  characterized  in  the  single  crystal  are  obtained  in  the  single  crystals  whose 
stress  axis  is  located  within  the  standard  stereographic  triangle.  Fortunately,  the  creep  rate  -  time 
curves  in  the  Ni-20Cr  single  crystals  whose  orientations  are  located  at  the  poles  of  the  standard 
stereographic  triangle  has  been  conducted  at  the  lower  stress  of  29.4  MPa,  and  their  features  are 
substantially  as  same  as  the  features  obtained  in  this  study.  From  the  microstructural  observation 
of  the  Ni-20Cr  single  crystal  interrupting  the  creep  test  in  the  strain  range  of  0.1  to  0.76,  the 
correlation  between  the  creep  deformation  mode  and  the  dynamic  recrystallization  through  the 
evolution  of  subgrain  is  discussed  and  following  suppositions  are  obtained.  Schematic  illustration 
of  microstructural  feature  in  Fig.  4  is  shown  in  Fig.  5.  The  suppositions  will  be  explained  using 
Fig.  5. 

1)  It  was  elucidated  that  the  orientation  between  the  stress  axis  and  the  straight  subboudary,  as 
shown  in  Fig.  5  (a),  becomes  small  with  increasing  the  creep  strain  as  well  as  a  single  slip  plane. 
Therefore,  in  the  first  step  of  transient  stage  a  single  slip  parallel  to  a  straight  subboundary  is 
activated. 

2)  In  the  second  step  of  transient  stage  where  the  evolution  of  subgrains  occurs,  the  second  and 
the  third  slip  systems  will  be  activated  as  shown  in  Fig.  5  (b)  and  (c).  So  large  decrease  in  creep 
rate  occurs  through  the  intersection  of  dislocations. 

3)  In  the  crystal  interrupting  the  creep  test  just  after  onset  of  accelerating  creep,  the  dynamically 
recrystallized  grains  were  confirmed  as  shown  in  Fig.  5  (d).  So  the  origin  of  the  onset  of 
accelerating  creep  must  be  the  appearance  of  dynamically  recrystallized  grains. 
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4)  In  the  accelerating  stage,  dynamic  recrystallization  evolved  in  the  whole  gage  portion. 
Increase  in  grain  boundary  area  through  the  evolution  of  dynamic  recrystallization  enlarges  the 
creep  rate  during  accelerating  creep.  Finally,  y  single  phase  Ni-20Cr  single  crystal  turns  to 
polycrystal,  as  shown  in  Fig.  5  (e),  subject  to  creep  deformation  under  the  stress  less  than  the 
critical  stress. 

The  third  and  the  fourth  microstructural  features  indicate  the  appearance  and  the  evolution 
of  dynamically  recrystallized  grains  increase  the  creep  rate. 


Fig.  5.  Schematic  illustration  of  microstructural  features  in  the  single  crystal 
interrupting  the  creep  tests  at  the  strains  of  0.1  (a),  0.5  (b),  0.73  (c)  and  0.76  (d), 
and  creep  ruptured  (e). 


5.  Conclusion 

The  creep  tests  of  y  single  phase  Ni-20mass%Cr  single  crystals  with  the  orientation  within 
the  standard  stereographic  triangle  have  been  conducted  at  1173  K  in  the  wide  stress  range  of  19.6 
to  98  MPa.  The  creep  rate  -  time  curves  and  the  creep  rate  -  strain  curves  of  single  crystals  have 
been  analyzed  by  comparing  the  curves  of  polycrystals,  and  the  creep  deformation  features  of  Ni- 
20Cr  single  crystal  are  characterized  by  comparing  with  the  features  in  polycrystal.  To  elucidate 
the  microstructural  features  of  single  crystal  subject  to  creep  at  lower  stress  level,  the  correlation 
between  the  features  of  creep  and  the  evolution  of  subgrain  during  creep  in  the  single  crystals  has 
been  investigated  by  examining  the  optical  microstructure  of  the  specimen  interrupting  the  creep 
tests  at  the  strains  of  0.1  to  0.76  in  the  creep  test  at  29.4  MPa.  The  dynamic  recrystallization 
occurs  through  the  evolution  of  subboundary  just  at  the  time  showing  the  minimum  creep  rate,  and 
the  single  crystal  turns  to  the  polycrystal  through  the  accelerating  stage.  It  is  found  that  the 
generation  of  dynamically  recrystallized  grains  corresponds  well  with  the  onset  of  accelerating 
creep. 
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Abstract  The  standard  heat  treatment  of  cast  nickel-base  superalloy  K403  is  the  solid  solution 
treatment  of  1210  °C/4h,  air-cooling.  It  is  very  difficult  to  meet  the  requirements  of  the 
intermediate  temperature  stress-rupture  life  regulated  by  Aviation  Standard  HB5155.  In  order  to 
resolve  the  above  problem,  some  factors  influencing  intermediate  stress-rupture  life  have  been 
explored.  The  results  showed  that  the  intermediate  temperature  stress-rupture  properties  impaired  by 
treatment  of  1210  °C/4h  were  due  to  precipitation  of  too  small  y  ’  phase  ( <  0.2  p  m)  in  grains  and 
absence  of  the  secondary  carbides  at  grain  boundaries.  The  dendritic  pattern  appears  at  the  fracture 
surface  and  there  is  no  slip  trace  at  the  gauge  length  part  of  specimens  treated  by  1210  °C/4h,  but  the 
crystallographic  plane  at  fracture  surface  and  the  extensive  slip  can  be  observed  for  the  specimens 
treated  by  1180  °C/4h.  TEM  results  have  shown  that  during  intermediate  temperature  deformation 
the  dislocation  of  1/2<1 10>  moves  to  the  interface  of  y  /  Y  ’  and  cuts  y  '  phase  to  form  the  high 
energy  antiphase  boundaries.  The  finer  y  ’  can  be  cut  and  passed  easily  by  dislocation  and  has  a 
poor  resistance  to  intermediate  temperature  creep.  The  finer  dendrites  and  the  microstructure 
containing  intergranular  M6C  carbide  with  envelope  of  y  ’  and  residual  coarse  y  within  grains 
were  beneficial.  Therefore  high  cooling  rate  during  solidification  and  partial  solid  solution  treatment 
of  1 1 80  °C/4h  are  suitable  for  a  turbine  blade  alloy  K403 

1  Introduction 

In  the  middle  of  1960  ’  s,  it  was  noted  that  the  premature  rupture  of  cast  superalloy  with  enough 
high  temperature  strength  occurred.  Afterward  metallurgists  recognized  that  cast  nickel  base 
superalloy  had  ductility  valley  in  the  temperature  range  of  650  ~  815  °C,  moreover  variation  of 
the  stress-rupture  life  often  reached  one  order  of  magnitude  and  led  to  early  rupture  during  the 
secondary  stage  of  creep[l].  The  760  °C  stress-rupture  strength  and  ductility  of  cast  superalloy  were 
listed  in  specification  of  superalloys  in  1970  *  s  in  the  United  States,  because  at  that  time  the 
working  part  of  blades  for  the  civil  long-life  engines  and  the  root  of  blades  for  the  military  engines 
were  located  in  this  temperature  range.  In  China,  alloy  K403  is  a  cast  nickel  base  superalloy 
developed  by  Beijing  Institute  of  Aeronautical  Materials  (BIAM)  in  the  early  1960  ’  s.  It  was  widely 
used  in  blades  and  guide  vanes  of  turbojet,  turboprop,  turboshaft  and  turbofan  series.  The 
requirements  to  mechanical  properties  at  the  above  mentioned  applied  conditions  can  be  met  due  to 
the  sufficient  high  temperature  strength  of  alloy  K403.  In  the  late  1980  ’  s,  requirement  for  the 
intermediate  mechanical  properties  of  alloy  K403  was  proposed.  The  received  standard  of 
intermediate  temperature  stress-rupture  property  for  ingots  of  alloy  K403  first  regulated  by  Aviation 
Standard  HB5155[2]  was  as  follows:  the  stress-rupture  life  at  750  °C  and  645MPa  be  longer  than 
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5 Oh  for  as-cast  or  heat  treated  alloy  by  1210  eC/4h  air-cooling.  Unfortunately  it  was  very  difficult  to 
carry  out  HB5155.  only  a  few  heats  reached  up  to  standard,  therefore  the  urgent  task  was  to 
explore  the  factors  influencing  750  "C  stress-rupture  property  of  alloy  K403. 

2  Experimental  Procedure 

The  actual  composition  of  selected  alloy  K403  was  controlled  as  Ni-5.2Co-10.8Cr-5.3W-4.0Mo- 
5.7Al-2.7Ti-0.01B-0.04Zr-0.14C.  Master  alloy  used  for  casting  blades  and  bars  contained  50% 
virgin  and  50%  revert  materials.  There  were  three  conditions  of  specimens:  as-cast,  solid  solution 
treatment  of  1210  °C/4h  and  1180  °C/4h.  The  aging  treatment  of  900  eC/4  ~  16h  of  another  set  of 
specimens  was  carried  out  after  the  above  mentioned  solid  solution  treatment.  Total  39  stress- 
rupture  specimens  were  tested  at  750  °C,  645MPa.  Microstructure  and  fracture  surface  of  some 
representative  specimens  were  fully  analyzed  and  related  to  intermediate  temperature  properties. 

The  morphology  of  dendrites,  the  size  and  distribution  of  y  '  phase  and  carbide,  and  the  slipping 
bands  near  fracture  surface  were  inspected  by  optical  microscope  (OM)  and  scanning  electron 
microscope  (SEM)  and  the  dislocation  structures  in  specimens  were  observed  by  transmission 
electron  microscope  (TEM)  for  the  stress-rupture  specimens  of  alloy  K403  at  750  °C,  645MPa. 

3  Results 

3.  1  Stress-rupture  life  of  alloy  K403  at  750  °C 

The  stress-rupture  life  at  750  °C,  645MPa  for  alloy  K403  with  different  conditions  was  summarized 
in  Table  1.  Compared  with  as-cast  alloy,  solid  solution  treatment  of  1210  °C/4h  decreases  the 
intermediate  temperature  stress-rupture  life  obviously,  but  solid  solution  treatment  of  1180  eC/4h 
increases  life.  As-cast  or  1180  ~  1210  C/4h  solid  solution  treated  specimens  adding  aging 
treatment  of  900  °C  have  higher  intermediate  properties  than  original  conditions  before  aging. 

Table  1  Stress-rupture  life  at  750  "C ,  645MPa  for  alloy  K403 _ 

condition  of  alloy  average  stress-rupture  number  of  specimens  range  of  variation,  h 


life,  h 


as-cast 

69.0 

9 

26.8 

-  213 

1210  °C/4h 

15.7 

14 

1.5 

-91.9 

1180  °C/4h 

187.9 

3 

65.7 

-  284.3 

as-cast+900  °C/16h 

91.5 

5 

60.1 

-  226.7 

1210  "C/4h+900  r/4h 

56.3 

3 

15.6 

-  124.4 

1180  *C/4h+900  "C/16h 

223.0 

5 

92.8 

~  427.1 

It  can  be  seen  from  Table  1  that  variation  of  750  °C  stress-rupture  life  can  reach  an  order  of 
magnitude.  Average  life  of  alloy  K403  with  different  conditions  meets  demand  of  HB5155  except 
1210  °C/4h,  but  the  minimum  life  of  specimens  only  treated  by  1180  °C/4h  ,  as-cast+900  °C/16h 
and  1180  °C/4h+900  ”C/16h  exceeds  HB5155  specification.  As  discussed  later,- life  variation  of 
specimens  is  relative  to  variation  of  cooling  rate  during  solidification. 


3.  2  Microstructure  of  alloy  K403 
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Dendrite  is  the  basic  micro  structure.  The  dendritic  interspace  of  each  specimens  is  different  due  to 
various  cooling  rate  passed  through  the  temperature  range  of  liquidus  and  solidus.  In  the  inspected 
20  specimens,  the  dendritic  interspace  is  in  the  range  of  60  -  180  p  m.  Fig.  1  shows  dendritic 
morphology  of  representative  bars.  The  finer  dendritic  structures  usually  have  longer  life. 

Microstructure  of  as-cast  alloy  K403  is  shown  in  Fig.2.  There  are  primary  MC  carbide  and  <  1 
vol%  eutectic  of  y  +  Y  in  interdendrites  or  at  grain  boundaries.  The  coarse  secondary  Y  phase 
precipitates  within  grains  everywhere.  The  average  size  of  this  coarse  y  ’  is  in  the  range  of  0.5  ~ 
0.8  p  m  with  different  cooling  rate  of  specimens.  A  few  of  the  fine  y  with  the  size  of  50  —  100 
nm  distribute  between  the  coarse  y  '  (  pointed  out  by  the  arrow  in  Fig. 2(b)).  It  is  very  difficult  to 
find  the  secondary  M6C  or  M23C6  carbide  at  grain  boundaries,  but  one  can  observe  the  coarse  y  ’ 
of  3  -  5  p  m  which  is  aligned  along  grain  boundaries. 

All  y  '  of  alloy  K403  is  resolved  after  solid  solution  treatment  of  1210  °C/4h,  but  fine  y  ’  with 
0.15-0.18  pm  size  precipitates  during  cooling.  The  coarse  y’  mainly  distributes  at  grain 
boundaries  (Fig. 3 (a)).  The  MC  carbide  or  small  amount  of  granular  M6C  carbide  exists  at  some 
segments  of  grain  boundaries  occasionally  (Fig.  3(b)).  The  treatment  of  1 180  *C/4h  is  not  full  solid 
solution  treatment,  because  5-10  vol%  coarse  y'  is  not  resolved  by  this  treatment  which 
maintains  some  y  ’  size  as-cast  alloy.  The  resolved  y  ‘  precipitates  finer  y  with  the  size  of  < 
0.2  p  m  during  cooling.  The  grained  M6C  carbide  enveloped  by  a  thick  layer  of  y  '  is  formed  at 
grain  boundary  (Fig. 4  ). 

At  a  first  glance,  there  is  no  difference  in  microstructure  for  as-cast  alloy  and  as-cast  +  900  °C/16h 
treated  alloy,  but  more  details  can  be  revealed  by  mono  phase  etching  technique.  Besides  existence 
of  MC  carbide  in  as-cast  alloy,  the  fine  M23C6  and  M6C  carbides  precipitate  at  grain  boundary 
and  the  granular  M23C6  carbide  is  also  formed  within  grain  after  aging  treatment  of  900  °C/16h 
(Fig. 5).  The  specimens  treatment  by  1180  -  .1210  °C/4h  +  900  °C/4  -  16h  maintain  the 
microstructural  characteristic  of  solid  solution  treated  specimens,  but  the  following  aging  treatment 
of  900  °C/4  -  16h  makes  the  fine  y  '  formed  by  solid  solution  treatment  grow  rather;  moreover  the 
complementary  precipitation  of  secondary  M23C6  and  M6C  carbides  takes  place  at  grain 
boundaries  and  within  grains 


Fig.  1  Dendritic  morphology  of  as-cast  alloy  K403:  (a)  dendritic  interspace  =170  p  m,  life=26.8 
(b)  dendritic  interspace  =  63  pm,  life  =  213h. 
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3.  3  Fracture  surface 

There  are  two  kinds  of  fracture  surface  for  750  °C  stress-ruptured  specimens:  dendritic  or  facet 
fracture  surface  (Fig.6).  For  large  numbers  of  short  life  specimens,  fracture  surface  appears  to  be 
dendritic  pattern  and  there  is  no  slip  traces  at  the  gauge  length  part  of  specimens,  especially 
specimens  heat  treated  by  1210  °C/4h  (Fig.6  (a)).  The  specimens  appeared  as  the  crystallographic 
facet  on  fracture  surface  normally  have  long  stress-rupture  life  and  high  ductility.  Facet  fracture 
surface  is  often  fracture  character  of  specimens  treated  by  1180  °C/4h  +  aging  (  6  (b)).  The  size  of 
facets  is  usually  equal  to  grain  size,  sometimes  crossing  several  grains. 

The  nature  of  cleavage-like  fracture  surface  is  serious  slipping  and  decohension  along  slip  bands. 
The  extensive  slip  can  be  observed  at  gauge  length  of  specimen  (  Fig. 7  ),  therefore  the  fracture 
character  belongs  to  be  ductile. 


Fig.6  Typical  fracture  surface  of  alloy  K403  fractured  at  750  °C,  645MPa:  (a)  dendritic  fracture 
surface  of  specimen  heat-treated  by  1210  °C/4h,  having  13.2h  life;  (b)  facet  fracture  surface 
of  specimen  heat-treated  by  1180  °C/4h+900  °C/16h,  having  21 1.5h  life. 


Fig. 7  Extensive  slip  bands  at  gauge  length  of  specimen  with  2 1 1 .5h  stress-rupture  life . 

3.  4  Dislocation  structure  of  ruptured  specimens 

Dislocation  structure  for  the  ruptured  specimens  of  as-cast  alloy  at  750  C,  645MPa  and  58. 7h  was 
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observed.  The  results  in  Fig. 8  show  that  in  this  y  Y  base  alloy  deformation  initiates  at  y 
phase  first,  the  dislocations  density  in  y  phase  rapidly  increases  and  the  dense  dislocation  networks 
form  with  increase  of  deformation  or  time.  A  large  amount  of  dislocations  tangles  at  y  /  Y  ' 
interface  which  hardly  passes  y  ‘  by  shear  due  to  the  retarding  effect  of  the  ordered  structure  of 

Y  phase  on  deformation.  As  the  deformation  amount  during  creep  increases  further,  the 
dislocations  from  matrix  y  phase  cut  into  y  ’  phase,  therefore  the  dislocation  contrast  in  coarse 

Y  '  phase  of  as-cast  alloy  remains  (pointed  out  by  the  arrow  in  Fig.  8). 

The  rare  dislocations  exist  in  y  for  the  intermediate  temperature  stress-ruptured  specimens 
treated  by  1210  °C/4h  (Fig.9).  The  coarse  and  fine  y  '  phases  exist  in  specimens  treated  by  1 180  °C 
/4h+900  °C/16h,  the  dislocation  configuration  in  these  y  '  phase  after  the  intermediate  temperature 
stress-rupture  is  the  same  configuration  as  in  the  coarse  y  ’  of  as-cast  alloy  and  the  fine  y 
formed  by  treatment  of  1210  °C/4h  respectively.  In  order  to  identify  the  dislocation  character  in  the 
coarse  y  ’ ,  a  set  of  micrographs  with  different  operating  vector  g  was  taken  and  specimen  was 
located  in  [  0  1  1  ]  direction.  There  is  no  stacking  fault  fringes  to  appear  at  various  g  ,  therefore  all 
these  dislocations  belong  to  total  dislocations.  As  observed  the  dislocation  configuration  at  g  =[  1  1 
1  ]  and  g  =[  1  1  1  ],  the  position  and  distance  of  dislocation  pair  do  not  change  in  the  opposite 
direction  of  g  .  This  results  indicated  that  these  dislocations  are  superlattice  dislocations  instead  of 
dislocation  dipoles.  At  g  —  [  1  1  1  ]  and  g  —  [ 0  2  2  ]  the  dislocations  are  visible,  consequently 
Burgers  vector  b  within  the  coarse  y  ‘  is  considered  as  [  0  1  1  ]. 


Fig. 8  Dislocations  in  the  stress-ruptured  specimen 
at  750  °C,  645MPa  and  58.7h  for  as-cast 
alloy  K403. 


Fig.9  Dislocations  in  the  stress-ruptured  spe¬ 
cimen  at  750  °C,  645  MPa  and  4.4h  for 
alloy  K403,  treated  by  1210  °C/4h. 


4  Discussion 


4. 1  Effect  of  y  size  on  intermediate  temperature  stress-rupture  properties 

The  y  phase  is  the  most  important  phase  influencing  the  intermediate  temperature  stress-rupture 
properties.  The  existing  results  prove  that  6—14  vol%  y  +  y’  eutectic  aligned  along  grain 
boundaries  or  interdendrites  increases  the  intermediate  temperature  stress-rupture  life  significantly 
[  3  ].  It  is  confirmed  from  this  paper  that  a  given  amount  of  coarse  y  ’  with  1  p  m  size  is  necessary 
for  maintaining  the  intermediate  temperature  stress-rupture  strength  of  cast  superalloy.  The  alloy 
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with  y  bands  and  coarse  granular  y  ’  not  only  possess  long  life  of  intermediate  temperature 
stress-rupture,  but  also  higher  ductility  of  stress-rupture.  Otherwise,  only  fine  y  '  with  0.15  pm 
size  is  harmful  fof  intermediate  temperature  stress-rupture  properties. 

The  reason  concerning  the  effect  of  the  amount  and  size  of  y  ’  phase  on  intermediate  temperature 
stress-rupture  properties  was  considered  as  to  be  related  to  the  intrinsic  characteristic  of  these 
ordered  phase.  Slip  of  matrix  y  +  y  ’  in  nickel  base  superalloy  is  the  plane  bands  possessing  wide 
interspace  and  this  ununiform  deformation  causes  the  local  stress  concentration  in  the  serious 
deformation  region.  Slip  of  mono-phase  y  ’  is  fine  and  uniform  which  makes  slip  dispersive  and 
retrains  cracking  caused  by  slip  concentration  [  4  ].  Therefore,  the  block  y  at  grain  boundaries 
and  intrdendrites  can  more  efficiently  resist  the  serious  deformation  caused  by  stress  concentration 
and  is  not  easy  to  crack.  The  TEM  results  have  shown  that  during  intermediate  temperature  creep 
deformation  the  lattice  dislocation  of  1/2  <11 0>  moves  to  the  interface  of  y/y  and  cuts  y 
phase  to  form  the  high  energy  antiphase  boundaries.  The  fine  y  ’  can  be  cut  and  passed  by 
dislocation  and  has  a  poor  resistance  to  intermediate  temperature  creep  [  5  ]. 

4. 2  Effect  of  carbide  on  intermediate  temperature  properties 

Generally  speaking,  the  fine  and  dispersive  primary  MC  carbides  are  beneficial  to  intermediate 
temperature  properties,  however  primary  MC  carbide  is  not  always  distributed  at  grain  boundaries. 
One  of  the  reasons  of  lower  intermediate  temperature  properties  for  as-cast  alloy  is  absence  of 
sufficient  carbide  at  grain  boundaries,  therefore  no  matter  which  heat-treatment  is  used,  besides 
reducing  microsegregation  as  much  as  possible,  the  granular  M6C  of  M23C6  carbides  should 
precipitate  at  grain  boundaries.  1210  eC  exceeds  the  stable  temperature  of  two  kinds  of  carbide  and 
it  is  impossible  to  form  sufficient  amount  of  secondary  carbide  at  grain  boundaries.  In  addition, 
intermediate  temperature  properties  are  seriously  impaired  due  to  full  solid  solution  of  all  y  phase, 
hence  it  is  considered  that  as  a  turbine  blade  alloy  the  heat  treatment  of  1210  C/4h  is  not  suitable 
for  recommendation. 

The  heat  treatment  of  1180  °C  makes  M6C  carbide  precipitate  at  grain  boundaries  and  maintains 
some  part  of  coarse  y  .  Both  M6C  and  M23C6  precipitate  and  amount  of  the  latter  is  higher  than 
in  the  former  by  means  of  aging  tretment  of  900  °C .  This  means  that  aging  treatment  is  beneficial  to 
as-cast  or  solid  solution  treated  alloy.  In  summary,  The  satisfied  intermediate  temperature  stress 
rupture  properties  can  be  obtained  by  heat  treatment  of  as-  cast  +  900  °C/16h  or  1180  °C/4h  for 
turbine  blade  alloy  K403. 

5  Conclusions 

1.  Alloy  K403  with  the  all  fine  y  ’  of  less  than  0.2  ju  m  size  has  low  intermediate  temperature 
stress-rupture  properties  and  the  mixed  microstructure  with  about  1  and  0.2  p  m  y  is  beneficial  to 
this  properties. 

2.  The  granular  M6C  and  M23C6  carbides  enveloped  by  y  ’  phase  at  grain  boundaries  increase 
intermediate  temperature  stress-rupture  properties. 

3.  Full  solid  solution  treatment  of  1210  °C/4h  seriously  impairs  intermediate  temperature  stress- 
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rupture  of  alloy  K403  and  it  is  not  suitable  for  turbine  blade  alloy.  Partial  solid  solution  treatment  of 
1180  C/4h  and  treatment  of  as-cast  +900  °C/4h  can  meet  intermediate  temperature  stress-rupture 
properties  requirements  for  turbine  blades  of  alloy  K403 . 
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Abstract 

Creep  tests  at  temperatures  ranging  from  870  to  975°C  and  stresses  ranging  from  70  to  350MPa 
are  conducted  on  directionally  solidified(DS)  nickel  base  superalloy  used  for  land  base  gas  turbine 
blades  in  order  to  investigate  basic  mechanical  properties  at  high  temperature.  Creep  rupture 
strength  of  the  material  was  about  20°C  higher  in  temperature  than  that  of  conventionally  cast  (CC) 
superalloy  Inconel738LC.  Ductility  was  a  few  times  larger  than  that  of  Inconel738LC  showing 
rupture  elongation  between  15  and  25%  depending  on  the  creep  test  condition.  Microstructure 
observation  performed  on  ruptured  specimen  showed  so  called  rafted  y’  precipitates  specimens  and 
aspect  ratios  of  the  precipitates  varied  depending  on  the  Larson-Miller  parameter.  Rafting  of  the  DS 
superalloy  leads  enlargement  of  particle  spacing  and  seems  to  cause  the  acceleration  of  the  creep 
rate. 


Introduction 

Large-scale  gas  turbines,  as  top  cycle  of  combined  cycle  plants,  have  been  extensively  used  in 
electric  power  plants  because  of  high  thermal  efficiencies.  The  durability  of  the  gas  turbines  limited 
by  components  operating  at  high  temperature.  First  stage  turbine  blades  are  most  critical  parts 
because  these  are  exposed  under  not  only 'high  temperature  but  also  high  stress.  And  since  the 
replacement  costs  of  turbine  blades  are  getting  increasing  in  utilities,  development  of  the  life 
prediction  method  based  on  the  evaluations  of  high  temperature  strength  of  blades  is  required. 

Nickel  base  superalloys  have  been  used  as  material  of  gas  turbine  blades.  In  recent  years, 
directionally  solidified  (DS)  superalloys  have  been  used  for  turbine  blades  instead  of  conventionally 
cast  (CC)  polycrystals  (Inconel738LC  for  example).  DS  superalloys  would  have  better  high 
temperature  strength  than  that  of  CC  superalloys  because  these  have  no  grain  boundary  vertical  to 
the  stress  axis  which  is  the  main  damage  site  in  CC  superalloys.  There  are  some  models  evaluating 
the  damage  or  predicting  life  for  the  CC  materials [1-3],  but  that  for  DS  materials  are  not  available 
because  the  high  temperature  properties  and  damage  mechanisms  of  DS  materials  are  not  clear. 
Therefore  it  is  strongly  needed  to  clarify  the  high  temperature  mechanical  properties  and  the 
damage  mechanisms  of  such  kind  of  materials.  The  aim  of  this  report  is  to  investigate  the  basic 
creep  properties  of  the  DS  superalloy  and  microstructural  characteristics  in  the  ruptured  specimens. 
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Experimental  Procedure 

The  test  material  was  the  DS  nickel  base  superalloy.  Chemical  composition  of  the  material  is 
shown  in  Table  1.  This  is  almost  same  as  that  of  material  used  for  DS  gas  turbine  blades.  Creep 
specimens  with  the  dimensions  (j)6  x  30mm  in  gage  length  as  shown  in  Fig.  1  were  cut  from  ingots 
by  mechanical  machining. 

Fig.2  shows  the  microstructure  of  the  material  observed  by  optical  microscopy  before  creep  test. 
The  crystal  growth  direction  is  the  upper  direction  of  the  figure.  {001}  plane  oriented  to  this 
direction.  Few  grain  boundaries  vertical  to  crystal  growth  direction  were  observed  but  many 
interfaces  of  dendrites  were  observed.  Many  porosities  are  also  observed.  These  porosities  are  at  the 
interdendritic  regime  as  indicated  in  Fig.3.  There  are  also  observed  y’  depleted  regime  and 
precipitates  such  as  M23C6.  SEM  observation  reveals  the  bimodal  microstructure  consisting  of  both 
coarse  y’ cubes  and  fine  y’ spheres  in  the  specimens  before  test(Fig.4).  Mean  particle  size  of  coarse  y’ 
is  about  0.5pm. 

Creep  tests  were  conducted  at  the  temperatures  ranging  from  870  to  975°C  and  the  stresses 
from  70  to  250MPa.  Stress  axis  is  parallel  to  the  crystal  growth  direction.  Fracture  surfaces  are 
examined  by  scanning  electron  microscope  (SEM).  Longitudinal  cross  section  was  cut  from 
ruptured  specimens.  Surface  was  mechanically  polished  then  etched  by  aqua  regia.  Microstructure 
observations  were  performed  using  optical  microscopy  and  the  SEM.  Specimens  for  Transmission 
electron  microscope  (TEM)  are  obtained  from  gauge  sections  of  ruptured  specimens  in  longitudinal 
direction  with  respect  to  stress  axis.  TEM  specimens  are  thinned  using  the  twin-jet  technique. 
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Fig.  1  Specimen  geometry 


Table  1  Chemical  composition  of  the  material 


c 

P 

S 

Ni 

Cr 

Mo 

Co 

0.1 

<  0.1 

<0.05 

0.004 

<  0.002 

60.09 

13.93 

1.56 

9.56 

w 

Al 

Ti 

Fe 

Ta 

Cu 

Ag 

Bi 

3.86  3.03  4.9  0.05  2.77  <  0.02 


<  0.1  <  0.1 
ppm  ppm 
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Fig.2  Optical  micrograph  of  specimen  before  test  Fig-3  Interdendritic  region  of  the  DS  material 


Fig.4  Y  particles  of  the  DS  material  before  creep  test 


Results  and  Discussion 

Fig. 5  shows  a  creep  curve  of  the  DS  superalloy  crept  at  900°C  and  250MPa.  The  curve  of 
Inconel738LC  CC  superalloy  extensively  used  for  turbine  blades  crept  at  same  temperature  and 
stress  is  also  shown  in  this  figure.  It  is  clearly  demonstrated  that  the  time  and  elongation  to  rupture 
of  the  DS  superalloy  are  better  than  that  of  Inconel738LC.  In  this  case,  the  rupture  time  of  the  DS 
superalloy  is  about  250  hours  and  the  elongation  to  rupture  is  about  16.7%.  Both  the  time  and 
elongation  to  rupture  of  the  DS  superalloy  are  a  few  times  larger  than  those  of  the  CC 
Inconel738LC  in  the  conditions.  Fig. 6  demonstrates  that  Larson-Miller  plot  of  the  DS  superalloy 
and  the  CC  Inconel738LC.  The  creep  rupture  strength  of  the  DS  alloy  is  about  20°C  higher  in 
temperature  than  that  of  the  Inconel738LC  in  the  conditions. 

Fig.7  shows  the  fracture  surface  of  the  DS  superalloy  crept  at  900°C  and  200MPa.  The  fracture 
path  along  the  dendrite  interface  was  observed  in  contrast  to  CC  superalloy  such  as  Inconel738LC 
fractured  at  grain  boundary.  Fig.  8  shows  the  results  of  microstructure  observations  of  ruptured 
specimens  by  optical  microscope.  Large  cracks  were  observed  at  the  surface  of  specimen  and 
relatively  small  cracks  in  the  dendrite  interfaces  vertical  to  the  stress  axis  and  no  cracks  in 
dendrites. 
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Fig.5  Creep  curves  of  the  DS  and 
CC(Inconel738LC)  superalloys 
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A  900°C 
■  950°C 
▼  975'C 
O  IN738LC 


Larson-Miller  parameter 
P=T  (20.0+iogtr)/1 000 

Fig. 6  Larson-Miller  plot  of  the  DS  and 
CC(Inconel738LC)  superalloys 


Fig.9  shows  the  microstructures  observed  by 

SEM  at  longitudinal  cross  sections  of  ruptured 

specimens.  Fine  spherical  y*  particles  observed 

before  the  creep  test  were  not  observed  after  the 

tests  in  all  the  conditions.  On  the  other  hand,  the 

directional  coarsening  of  y*  particles  vertical  to  the 

stress  axis,  so  called  rafting,  was  observed  same  as 

other  directionally  and  single  crystal  nickel  base 

superalloy[4,5].  Other  precipitates  except  the  y’ 

phase  were  not  observed.  The  rafting  is  remarkable 

in  the  specimen  crept  at  higher  temperature  and 

lower  stress.  Fig.  10  shows  the  relationship  between 

the  extent  of  rafting  as  aspect  ratio  of  rafted  y1 

particle  and  Larson-Miller  parameter.  It  is  seen  that  \mm 

the  extent  of  rafting  of  the  DS  superalloy  increases  „  „  ^  .  _  ,  , 

. ,  .  .  , .  .  Fig.7  Fracture  surface  of  the  ruptured 

with  increasing  test  temperature  and/or  rupture  time.  °  j 

, ,  .  &  ^  1  ti  •  1  DS  superalloy  crept  at  900°C  and 

Maximum  aspect  ratio  of  the  DS  superalloy  is  about  u  JL 

„  .  ,  *  .  ,  _  ,  „  ii  200  MPa 

3  in  the  conditions  tested.  Other  DS  superalloys 

such  as  CM247LC  shows  large  aspect  ratio  more 

than  10  under  similar  creep  condi tions[4].  This  indicates  that  the  microstructure  of  the  DS 
superalloy  used  in  this  study  is  more  stable  under  the  creep  conditions. 

Nickel  base  superalloy  strengthened  by  y’  particles  competing  the  dislocation  motion  in  general. 
Therefore  the  geometrical  changes  of  microstructure  such  as  the  rafting  would  have  some  effects  on 
the  change  of  creep  strength  property.  Fig.  11  shows  change  in  creep  rate  with  strain  of  the 
specimens  which  showed  the  same  minimum  creep  rate  but  different  aspect  ratio  of  the  y*  particles 
after  creep  to  investigate  the  effect  of  rafting  on  the  creep  properties.  It  is  demonstrated  that  the 
creep  rate  of  the  specimen  with  higher  aspect  ratio  is  higher  than  those  with  lowers  at  the  later  stage 
of  creep  deformation.  The  rafting  of  the  y’  particles  in  the  DS  material  seems  to  tend  to  accelerate 
the  creep  rate  in  the  conditions. 
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Fig. 8  Optical  micrograph  of  the  ruptured 
DS  superalloy 
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Fig. 9  Y  particles  of  the  ruptured  DS 
superalloys 


It  is  reported  that  the  competing  flow 
mechanism  for  y’  particle  strengthened 
nickel  base  superalloy  under  creep 
deformation  is  dislocation  climbing  around 
the  Y  particles  [6]  at  lower  creep  stress  and 
particle  cutting  at  higher  stress [7].  TEM 
observation  of  ruptured  specimen  of  the  DS 
superalloy  crept  at  870°C  and  250MPa  (the 
highest  stress  condition  in  Fig.  11)  shows 
that  few  dislocations  cut  the  y\  particles 
(Fig.  12).  So  it  is  indicated  that  appropriate 
dislocation  competing  mechanisms  of  this 
alloy  in  the  conditions  is  the  dislocation 
climbing  around  the  y’  particles.  In  such 
case,  the  change  in  particle  spacing  and  area 
of  y/y‘  interface  would  be  considered  as  the 
main  factors  accelerating  creep  rate.  Fig.  13 
shows  the  relationship  between  Larson- 


Fig.10  Relationship  between  aspect  ratio  of  the  y* 
particles  and  Larson-Miller  parameter 
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Miller  parameter  and  the  size  of  major  and  minor  axis  of  the  rafted  f  particles.  It  is  shown  that  the 
size  of  major  axis  strongly  depends  on  test  condition  and  increases  with  increasing  the  Larson- 
Miller  parameter.  On  the  other  hand,  the  minor  axis  is  almost  constant  in  the  all  conditions  tested. 
This  means  that  the  aspect  ratio  of  the  y’  particle  correspond  to  the  size  of  major  axis.  Fig.  14  shows 
the  volume  fraction  of  the  y’  particles  obtained  from  SEM  observations  and  Larson-Miller 
parameter.  The  volume  fraction  of  the  y’  particles  is  almost  constant  independent  of  the  creep 
conditions.  These  results  reveal  that  the  increase  of  aspect  ratio  in  the  DS  superalloy  lead  to  the 
increase  of  the  particle  spacing  without  the  change  of  area  of  y/y’  interfaces  in  the  conditions  tested. 
Therefore  it  suggests  that  the  acceleration  of  the  creep  rate  of  the  DS  superalloy  with  higher  aspect 
ratio  of  y’  particle  strongly  depends  on  the  enlargement  of  y’  particle  spacing  due  to  rafting. 
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Conclusions 

Creep  tests  and  microstructure  observation  were  performed  to  the  directionally  solidified  (DS) 

nickel  base  superalloy  for  land  base  gas  turbine  blades.  The  results  are  summarized  as  follows: 

(1)  The  rupture  time  and  elongation  of  the  DS  superalloy  are  about  3  times  larger  than  those  of 
conventionally  cast  (CC)  Inconel738LC.  Creep  rupture  strength  of  DS  alloy  is  about  20°C 
higher  in  temperature  than  that  of  Inconel738LC. 

(2)  Creep  crack  seems  to  initiated  at  the  surface  of  the  specimen  then  propagated  along  the  dendrite 
interface  in  contrast  to  CC  superalloy  fractured  at  grain  boundary  such  as  Inconel738LC. 

(3)  Raftings  of  y’  precipitates  occurred  in  the  ruptured  specimens.  Extent  of  the  rafting  of  the  y’ 
precipitates  varied  depending  on  the  Larson-Miller  parameter.  Rafting  of  y’  precipitates 
accelerates  the  creep  rate  of  the  DS  superalloy.  It  seems  to  be  due  to  the  increase  of  the  particle 
spacing  with  increasing  aspect  ratio  of  y*  precipitates. 
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Abstract 

The  effect  of  crystallographic  orientation  on  creep  properties  was  investigated  on  Ni- 
20mass%Cr  single  crystal  with  y  single  phase.  The  single  crystal  with  [001]  orientation  has  the 
extended  transient  creep  stage,  and  this  creep  feature  leads  to  the  longest  creep  life  and  the  largest 
creep  strain.  The  single  crystal  with  [Ill]  orientation  has  the  smallest  creep  rate  just  after  loading, 
but  has  shorter  transient  creep  stage  than  that  with  [001]  orientation.  The  single  crystal  with  [Oil] 
orientation  has  shorter  transient  creep  stage  than  that  in  the  crystal  with  [001]  orientation,  so  rupture 
life  and  total  creep  strain  become  shorter  and  smaller  respectively  than  those  in  the  crystal  with 
[001]  orientation.  Then  the  creep  life  and  the  creep  strain  in  the  single  crystal  with  [111] 
orientation  become  shorter  and  smaller  respectively  than  those  in  the  single  crystal  with  [001] 
orientation.  Only  the  single  crystal  with  [011]  orientation  exhibits  the  anisotropic  creep 
deformation.  The  dynamic  recrystallization  occurs  homogeneously  in  the  whole  gage  portion  in 
the  single  crystals  with  [001]  and  [011]  orientation.  In  contrast,  in  the  single  crystal  with  [Ill] 
orientation,  the  dynamically  recrystallized  grains  with  the  smallest  size  appear  locally.  The 
important  microstructural  feature  in  the  single  crystal  with  [001]  orientation  is  the  appearance  of 
many  twins. 

1.  Introduction 

The  change  in  the  creep  deformation  in  y  single  phase  single  crystal  with  decrease  in  the  stress 
has  been  investigated  using  Ni-20mass%Cr  alloy  having  the  orientations  within  the  standard 
stereographic  triangle  [1,2].  The  evolution  of  subboundaiy  in  the  y  single  phase  single  crystal  was 
examined  using  a  few  creep  interrupted  specimens  at  29.4  MPa  [1-3].  From  these  studies,  the 
onset  of  accelerating  creep  is  interpreted  by  the  appearance  of  dynamically  recrystallized  grain 
boundaries  through  the  evolution  of  subgrains.  Then,  the  appearance  of  dynamic  recrystallization 
was  also  investigated  as  a  function  of  stress  in  the  range  of  19.6  to  98  MPa  [4].  The  transient 
creep  stage  becomes  shorter  with  increase  in  the  stress;  this  is  because  the  dynamic  recrystallization 
takes  place  earlier  as  the  stress  increases.  Using  the  single  crystal  oriented  within  the  standard 
stereographic  triangle,  we  found  that  the  creep  deformation  in  early  stage  is  caused  by  a 
predominant  slip  system  [1].  The  number  of  slip  systems  to  operate  in  the  single  crystals  located 
at  the  poles  of  the  stereographic  triangle  is  more  than  that  of  the  single  crystal  oriented  within  the 
standard  stereographic  triangle  [5].  Furthermore  the  operative  slip  system  among  the  single 
crystals  located  at  the  poles  of  the  stereographic  triangle  may  be  different  each  other.  But  there  is 
no  creep  data  on  the  single  crystal  located  at  the  poles  of  the  stereographic  triangle.  In  this  study, 
therefore,  the  creep  of  the  single  crystals  with  [001],  [011]  and  [111]  orientations  has  been 
investigated  at  1173  K  under  the  stress  of  29.4  MPa.  The  stress  of  29.4  MPa  was  confirmed  to  be 
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relatively  low  at  1173  K  for  the  single  crystal  oriented  within  the  standard  stereographic  triangle  [4]. 
The  microstructures  of  the  single  crystals  with  [001],  [Oil]  and  [ill]  orientations  after  creep 
deformation  have  been  also  characterized  using  creep  rupture  specimens. 

2.  Experimental 

A  Ni-20mass%Cr  alloy,  designated  as  Ni-20Cr  in  this  paper,  was  melted  in  a  high  frequency 
induction  furnace  in  a  vacuum  and  cast  into  a  4  kg  ingot  in  an  argon  atmosphere.  The  ingot  was 
hot-forged  into  rod  with  a  diameter  of  13  mm.  The  chemical  composition  of  the  alloy  is  shown  in 
Table  1.  The  single  crystals  with  [001],  [Oil]  and  [Ill]  orientation,  designated  as  [001]  single 
crystal,  [011]  single  crystal  and  [Ill]  single  crystal  respectively,  were  successfully  grown  by  a 
modified  Bridgman  type  furnace  in  a  flow  of  purified  argon  and  then  homogenized  at  1523  K  for  36 
ks.  The  crystal  orientations  were  determined  by  the  Laue  back-reflection  X-ray  technique.  Only 
the  crystals  within  three  degrees  of  the  desired  orientations  were  employed  for  creep  testing.  Test 
specimens  with  a  gage  portion  of  30  mm  in  length  and  6  mm  in  diameter  were  prepared  by 
precision  grinding. 

Tensile  creep  tests  were  performed  at  1173  K  under  the  constant  stress  of  29.4  MPa.  Stress 
was  kept  constant  within  one  per  cent  of  the  initial  value  during  creep  test  by  adjusting  the  auxiliary 
weights.  Creep  strain  was  measured  with  linear  variable  differential  transducers  through 
extensometers  attached  to  annular  ridges  at  both  ends  of  the  specimen  gage  portion. 
Microstructure  subject  to  creep  deformation  was  examined  by  an  optical  microscope  on  sections 
both  parallel  and  normal  to  the  stress  axis.  After  metallographic  polishing,  samples  were  etched  in 
a  solution  of  orthophosphoric  acid  saturated  with  chromium  trioxide  with  a  current  density  of  10 
mA/cm2  for  10  minutes. 


Table  1.  Chemical  composition  (mass%)  of  crystals  prepared  in  this  investigation. 


Alloy 

C 

Si 

Mn 

Cr 

Ni 

Ni-20Cr 

0.001 

0.49 

0.30 

19.3 

Bal. 

3.  Results 

3.1.  Creep  characteristics 

Creep  rate  -  time  curves  of  the  [001],  [011]  and  [Ill]  single  crystals  are  shown  in  Fig.  1. 
Note  that  the  creep  rate  is  converted  to  the  true  strain  rate  [6].  Every  creep  curves  are  composed 
of  the  transient  stage  and  the  accelerating  one,  but  does  not  have  a  steady-state  creep  stage.  The 
creep  rate  remains  unchanged  with  time  at  the  beginning  of  the  transient  creep  stage,  and  then 
gradually  decreases  for  each  orientation.  The  [Ill]  single  crystal  exhibits  the  smallest  creep  rate 
just  after  loading.  The  minimum  creep  rate  of  the  [Ill]  single  crystal  is  the  same  as  that  of  the 
[001]  single  crystal.  This  is  resulted  from  the  shorter  transient  stage  of  the  [Ill]  single  crystal 
than  the  transient  stage  of  the  [001]  single  crystal.  The  creep  rate  just  after  loading  in  the  [Oil] 
single  crystal  is  a  little  larger  than  that  in  the  [001]  single  crystal,  but  the  minimum  creep  rate  in  the 
[011]  single  crystal  is  ten  times  larger  than  that  in  the  [001]  single  crystal.  This  increase  in  the 
difference  in  creep  rate  between  two  single  crystals  is  resulted  from  the  shorter  transient  stage  of  the 
[Oil]  single  crystal,  in  comparison  with  the  [001]  single  crystal.  Note  that  the  [001]  single  crystal 
has  the  most  extended  transient  stage  among  these  three  crystals. 

Creep  rate  -  strain  curves  of  the  [001],  [011]  and  [Ill]  single  crystals  are  shown  in  Fig.  2. 
The  strain  at  the  minimum  creep  rate  of  the  [Ill]  single  crystal  is  the  smallest  value  of  0.23,  and 
that  of  the  [001]  single  crystal  is  the  largest  value  of  1.45.  The  large  difference  in  the  creep  strain 
at  the  minimum  creep  rate  between  the  [Ill]  and  the  [001]  single  crystals  is  directly  resulted  from 
the  strain  of  transient  creep.  From  the  strain  during  transient  creep  stage,  it  is  obvious  that  the 
[Ill]  single  crystal  has  large  strain  hardening  and  the  [001]  single  crystal  has  small  strain  hardening. 
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3,2,  Difference  in  microstructure  among  three  single  crystals 

Optical  micrograph  of  the  [001]  single  crystal  creep  interrupted  at  the  strain  of  1.5,  which 
corresponds  to  the  early  stage  of  accelerating  creep  at  1173  K  -  29.4  MPa,  is  shown  in  Fig.  3. 
Dynamically  recrystallized  grains  in  the  size  of  500  pm  appear  homogeneously  in  the  whole  gage 
portion,  while  subboundaries  scarcely  appear  in  the  dynamically  recrystallized  grain.  The  striking 
feature  in  the  [001]  single  crystal  is  the  appearance  of  many  twins  as  shown  in  Fig.  4.  The  twin 
boundaries  exhibit  two  specific  directions;  one  parallel  to  the  stress  axis  and  the  other  inclined  45° 
to  the  stress  axis. 


1  mm 


Fig.  3.  Optical  micrograph  of  the  [001]  single  crystal  of  Ni-20Cr  creep 
interrupted  at  the  strain  of  1.5  at  1173  K  -  29.4  MPa.  The  observation  was 
conducted  on  the  section  parallel  to  the  stress  axis. 


Fig.  4.  Optical  micrograph  of  the  [001]  single  crystal  of  Ni-20Cr 
creep  interrupted  at  the  strain  of  1.5  at  1173  K  -  29.4  MPa. 
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Optical  micrograph  of  the  [Oil]  single  crystal  creep  ruptured  at  1173  K  -  29.4  MPa  is  shown  in 
Fig.  5.  Dynamically  recrystallized  grains  are  observed  in  the  whole  gage  portion.  Their  shape  is 
equiaxed  and  the  grain  diameter  is  approximately  150  Jim,  which  is  a  little  smaller  than  that  in  the 
[001]  crystal.  There  are  many  cracks  in  the  whole  gage  portion,  and  most  of  the  cracks  are  formed 
along  the  direction  normal  to  the  stress  axis.  In  most  of  the  dynamically  recrystallized  grains, 
subboundaries  can  be  clearly  seen  as  shown  in  Fig.  6. 


Fig.  5.  Optical  micrograph  of  the  [Oil]  single  crystal  of  Ni-20Cr  creep 
ruptured  at  1173  K  -  29.4  MPa.  The  observation  was  conducted  on  the 
section  parallel  to  the  stress  axis. 
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Optical  micrograph  of  the  [Ill]  single  crystal  creep  ruptured  at  1 173  K  -  29.4  MPa  is  shown  in 
Fig.  7.  Dynamically  recrystallized  grains  are  observed  as  well,  however,  they  are  in  a  wide 
distribution  range  in  the  size.  Smaller  grains  are  detected  near  the  cracks,  which  are  inclined  45° 
to  the  stress  axis.  Subboundaries  are  also  formed  as  shown  in  Fig.  8.  The  subboundaries  within 
the  dynamically  recrystallized  grain  for  the  [Ill]  single  crystal  are  observed  less  frequently  than 
that  for  the  [Oil]  single  crystal. 


1mm 


Fig.  7.  Optical  micrograph  of  the  [Ill]  single  crystal  of  Ni-20Cr  creep 
ruptured  at  1173  K  -  29.4  MPa.  The  observation  was  conducted  on  the 
section  parallel  to  the  stress  axis. 


Fig.  8.  Optical  micrograph  of  the  [Ill]  single  crystal  of  Ni-20Cr 
creep  ruptured  at  1173  K  -  29.4  MPa.  The  observation  was 
conducted  in  the  interference  mode  in  optical  microscopy. 
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Optical  micrographs  of  the  cross  sectional  area  of  these  three  single  crystals  are  shown  in  Fig.  9. 
These  sections  are  cut  from  the  outer  portion  of  the  annular  ridge.  The  [Oil]  single  crystal  shows 
the  elliptical  shape,  whereas  the  [001]  and  the  [Ill]  single  crystals  remain  circular.  Consequently, 
anisotropic  creep  deformation  is  confirmed  only  for  the  [Oil]  single  crystal.  In  the  section  of  the 
[001]  single  crystal,  there  is  no  dynamically  recrystallized  grain  boundary.  In  contrast,  the 
dynamically  recrystallized  grain  boundaries  are  detected  in  both  the  [Oil]  and  the  [Ill]  single 
crystals.  In  the  [Oil]  single  crystal,  dynamically  recrystallized  grains  are  formed  homogeneously 
and  the  grain  shape  looks  elongated  along  the  major  axis.  In  the  [Ill]  single  crystal,  dynamically 
recrystallized  grains  are  restricted  in  the  outer  region  of  the  specimen. 


[001] 


Fig.  9.  Optical  micrographs  of  the  [001],  [011]  and  [111]  single  crystals  of  Ni-20Cr 
creep  ruptured  at  1 173  K  -  29.4  MPa.  The  observation  was  conducted  at  the  end  of 
the  gage  portion  on  the  section  normal  to  the  stress  axis. 


4.  Discussion 

There  are  marked  differences  in  creep  deformation  among  the  [001],  [011]  and  [Ill]  single 
crystals.  The  minimum  creep  rate  and  the  creep  life  are  mainly  dependent  on  the  Schmid  factor 
(SF.)  and  the  length  of  transient  creep  stage.  The  ratio  of  Schmid  factor  m  the  [1 1 1]  single  crystal 
(SF.  =  0.27)  to  that  in  the  [001]  crystal  (SF.  =  0.41)  is  0.66.  In  fact  the  [Ill]  single  crystal  shows 
the  smallest  creep  rate  just  after  loading,  but  shows  the  minimum  creep  rate  as  same  as  that  of  the 
[001]  single  crystal.  This  is  mainly  caused  by  the  lengthening  a  transient  stage  in  the  [001]  single 
crystal.  The  larger  transient  stage  leads  to  the  decrease  in  creep  rate.  Comparing  the  creep  rate 
of  the  [Oil]  single  crystal  with  that  of  the  [001]  crystal,  there  is  no  difference  in  creep  rate  between 
these  two  single  crystals  in  the  early  stage  of  transient  creep,  but  the  transient  creep  stage  in  the 
[Oil]  crystal  finishes  earlier  than  that  in  the  [001]  single  crystal.  As  a  result,  the  minimum  creep 
rate  in  the  [Oil]  single  crystal  becomes  larger  than  that  in  the  [001]  crystal.  It  is  noteworthy  that 
the  difference  in  the  minimum  creep  rate  among  these  single  crystals  can  be  interpreted  roughly  by 
the  length  of  transient  stage.  The  finish  of  transient  stage,  that  is  onset  of  accelerating  creep,  must 
be  discussed  with  appearance  of  dynamic  recrystallization  according  to  the  microstructural 
observation.  Each  single  crystal  has  three  different  microstructural  features  concerning  the 
dynamically  recrystallized  grain  as  follows;  1)  distribution  of  dynamically  recrystallized  grains,  2) 
the  size  of  dynamically  recrystallized  grains,  and  3)  frequency  of  the  appearance  of  subgrains 
within  dynamically  recrystallized  grains.  According  to  the  first  and  the  second  microstructural 
features,  the  localization  of  the  formation  of  dynamically  recrystallized  grains  with  small  size  in  the 
[Ill]  single  crystal  indicates  relatively  earlier  occurrence  of  dynamic  recrystallization.  From  the 
third  feature,  the  high  frequency  of  the  appearance  of  subgrains  within  dynamically  recrystallized 
grains  indicates  the  continuity  of  evolution  of  subgrain. 
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There  are  two  other  important  microstructural  features  dependent  on  the  crystal  orientation  as 
follows;  1)  appearance  of  many  twins,  and  2)  direction  of  cracks.  Formation  of  many  twins  for  the 
[001]  single  crystal  is  presumably  associated  with  the  release  of  internal  strain,  results  in 
suppression  of  dynamic  recrystallization.  The  cracks  occur  along  the  dynamically  recrystallized 
grain  boundaries  for  all  crystals,  so  that  the  crack  direction  is  directly  related  to  the  morphology  of 
the  dynamically  recrystallized  grains.  Thus  the  homogeneous  formation  of  small  and  equiaxed 
grains  observed  in  the  [Oil]  single  crystal  causes  the  crack  direction  normal  to  the  stress  axis  as 
poly  crystalline  materials. 

Using  these  five  microstructural  features,  the  correlation  between  shortening  or  lengthening  of 
the  transient  stage  and  the  dynamic  recrystallization  can  be  interpreted.  In  this  paper,  we  just 
focused  on  the  phenomenological  aspect  of  creep  in  Ni-20Cr  single  crystal  with  the  three  different 
orientations.  The  detailed  mechanisms  of  the  microstructural  formation  have  been  in  progress. 

5.  Conclusion 

The  effect  of  crystal  orientation  on  creep  rate  -  time  curve  and  on  microstructure  of  Ni- 
20mass%Cr  single  crystal  with  y  single  phase  has  been  investigated.  The  [001],  [Oil]  and  [ill] 
single  crystals  were  creep  tested  at  1173  K  -  29.4  MPa,  and  the  microstructure  of  creep  ruptured 
specimen  was  investigated  on  sections  both  parallel  and  normal  to  the  stress  axis.  The  following 
conclusions  can  be  drawn  from  this  work: 

1)  The  [001]  single  crystal  shows  the  markedly  extended  transient  creep  stage.  This  marked 
extension  of  transient  creep  stage  leads  to  the  smallest  minimum  creep  rate  and  the  largest  strain. 
The  [011]  single  crystal  shows  the  shorter  transient  creep  stage  than  that  in  the  [001]  single  crystal. 
Anisotropic  deformation  is  recognized  in  the  creep  of  the  [011]  single  crystal.  The  [111]  single 
crystal  shows  the  smallest  creep  rate  just  after  loading  and  the  smallest  creep  strain. 

2)  Dynamic  recrystallization  occurs  homogeneously  in  the  whole  gage  portion  in  the  [001]  and  the 
[011]  single  crystals.  In  the  [111]  single  crystal,  the  dynamically  recrystallized  grains  appear 
locally  at  the  center  of  the  gage  portion.  Many  twins  are  strikingly  observed  in  the  [001]  single 
crystal. 

3)  The  introduction  of  twin  during  creep  may  release  the  strain  accumulated  at  the  center  of  the 
gage  portion  and  suppress  the  dynamic  recrystallization.  This  would  be  the  reason  why  the 
acceleration  creep  is  suppressed  in  the  [001]  single  crystal. 
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Abstract 

The  microstructure  of  the  Ni-20mass%Cr  single  crystals  creep-ruptured  at  1173  K  in  the  stress 
range  of  19.6  -  98.0  MPa  has  been  examined.  The  orientations  corresponding  to  the  stress  axis  of 
the  single  crystals  are  located  within  the  standard  stereographic  triangle.  The  appearance  of 
dynamically  recrystallized  grains  in  the  creep-ruptured  specimen  drastically  changes  at  a  critical 
stress.  In  the  specimen  crept  at  lower  stresses,  the  dynamic  recrystallization  occurs 
homogeneously  in  the  gage  portion.  With  increasing  the  stress,  the  microstructure  turns  to  be 
heterogeneous,  that  is,  the  occurrence  of  dynamic  recrystallization  becomes  more  limited  to  the 
center  of  the  specimen.  The  local  appearance  of  dynamically  recrystallized  grains  at  higher  stresses 
is  discussed  by  correlating  with  the  large  torsion  which  is  derived  by  a  single  slip.  At  lower 
stresses,  torsion  to  occur  seems  to  be  small,  thereby  suppressing  the  dynamic  recrystallization  in 
early  stage.  This  leads  to  the  homogeneous  formation  of  dynamically  recrystallized  grains. 

1.  Introduction 

In  the  previous  study,  the  characteristic  of  creep  of  y  single  phase  Ni-20mass%Cr  single  crystals 
with  orientations  inside  the  standard  stereographic  triangle  was  elucidated  by  careful  analysis  of  the 
creep  rate  -  time  curves  at  1 173  K  in  the  stress  range  of  19.6  -  98.0  MPa  [1],  by  comparing  with 
the  polycrystalline  alloy.  The  single  crystals  exhibit  an  unique  transient  creep  and  it  consists  of 
two  steps:  the  step  I  where  the  creep  rate  almost  remains  unchanged,  and  the  step  II  where  the  rate 
decreases  gradually.  With  decreasing  the  stress,  specifically  below  49.0  MPa,  the  transient  creep 
stage  becomes  unexpectedly  longer,  and  consequently  the  decrease  in  creep  rate  becomes  large. 

The  microstructural  examination  during  creep  of  the  single  crystals  at  29.4  MPa  by  means  of 
interrupting  the  creep  tests  at  various  strains  of  0.1  to  0.8  revealed  that  the  dynamically 
recrystallized  grains  evolved  from  subgrains  were  formed  at  the  time  showing  the  minimum  creep 
rate  and  the  single  crystal  turns  to  the  polycrystal  during  the  accelerating  stage  [1,2].  From  these 
evidence,  we  attributed  the  origin  of  accelerating  creep  to  the  occurrence  of  dynamic 
recrystallization.  However,  the  microstructural  observation  has  been  done  only  at  the  creep 
condition,  so  that  further  detailed  microstructural  examination  is  needed  to  understand  the 
mechanism  of  polycrystallization  of  the  single  crystal. 

In  this  study,  we  have  examined  the  microstructures  of  the  creep-ruptured  single  crystals  at  a 
wide  stress  range  of  19.6  to  98.0  MPa,  particularly  paying  attention  to  the  evolution  of  subgrain 
and  appearance  of  dynamically  recrystallized  grains,  and  clarified  the  stress  dependence  of  the 
microstructural  evolution  in  the  single  crystals. 

2.  Experimental 

A  Ni-20mass%Cr  alloy,  designated  as  Ni-20Cr  in  this  paper,  was  prepared  for  this  study.  The 
chemical  composition  of  the  alloy  is  shown  in  Table  1.  The  alloy  was  melted  in  a  high  frequency 
induction  furnace  in  a  vacuum  and  cast  into  a  4  kg  ingot  in  an  argon  atmosphere.  The  ingot  was 
hot- forged  into  rod  with  a  diameter  of  13  mm.  Single  crystals  were  grown  by  a  modified 
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Bridgman  furnace  in  a  flow  of  purified  argon  and  then  solution-treated  at  1523  K  for  36  ks  in  air. 
The  crystal  orientation  corresponding  to  the  initial  stress  axis  was  determined  by  Laue  back- 
reflection  X-ray  technique.  In  order  to  minimize  the  orientation  effect,  five  crystals  labeled  A  to  E 
having  nearly  the  same  orientation  within  the  standard  stereographic  triangle  were  used  for  this 
study  as  shown  in  Fig.  1.  Then,  full  size  creep  specimens  with  the  gage  portion  30  mm  in  length 
and  6  mm  in  diameter  were  machined  from  the  crystals.  Note  that  all  the  crystals  have  the  Schmid 
factor  above  0.46. 

Tensile  creep  tests  were  carried  out  at  1 173  K  under  the  constant  stresses  in  the  range  of  19.6  - 
98.0  MPa  using  the  single-lever  type  creep  machines.  During  the  creep  tests,  stress  was  kept 
constant  by  adjusting  the  auxiliary  weights  in  an  accuracy  within  one  per  cent  against  initial  stress. 
Creep  strain  was  automatically  recorded  using  linear  variable-differential  transducers  via 
extensometer  fitting  onto  annular  ridges  machined  at  both  ends  of  the  specimen  gage  portion. 
Microstructures  subjected  to  creep  deformation  were  observed  by  the  optical  microscope  on 
sections  both  parallel  and  perpendicular  to  the  stress  axis.  After  metallographic  polishing,  samples 
were  etched  in  a  solution  of  orthophosphoric  acid  saturated  with  chromium  trioxide  with  a  current 
density  of  10  mA/cm2  for  10  minutes. 


Table  1.  Composition  (mass%)  of  crystals  prepared  in  this  investigation. 


Alloy 

C 

Si 

Mn 

Cr 

Ni 

Ni-20Cr 

0.001 

0.49 

0.30 

19.3 

Bal. 

ill 


Fig.  1.  Initial  orientations  of  Ni-20Cr  single  crystals  tested  in  this  investigation. 


3.  Results 

3.1.  Creep  characteristics 

Creep  rate  -  time  curves  of  Ni-20Cr  single  crystals  labeled  A,  B,  C,  D  and  E  are  shown  in  Fig. 
2,  where  the  creep  rate  is  a  true  strain  rate  [3].  In  each  stress,  the  curve  basically  shows  a  similar 
shape;  the  creep  rate  initially  remains  constant,  and  then  decreases  to  a  minimum  creep  rate, 
followed  by  accelerating  abruptly.  The  decrease  in  creep  rate  during  the  transient  stage  becomes 
large  with  decreasing  the  stress,  and  this  effect  is  obvious  when  the  stress  is  below  49.0  MPa.  At 
19.6  MPa  the  creep  rate  becomes  smaller  by  two  orders  of  magnitude  than  that  of  the  plateau 
region  even  though  the  rate  has  not  reached  the  minimum  when  the  test  was  interrupted  after  2000 
h.  Note  that  the  rupture  strains  are  around  1.0,  irrespective  of  stress. 

The  stress  -  minimum  creep  rate  curve  of  Ni-20Cr  single  crystal  is  shown  in  Fig.  3,  together 

with  the  curve  of  Ni-20Cr  polycrystalline  specimen  with  the  average  grain  diameter  of  200  |um  in 
the  previous  papers  [4,5].  The  minimum  creep  rate  of  the  single  crystal  is  nearly  identical  to  that 
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Time(h) 


Fig.  2.  Creep  rate  -  time  curves  for  Ni-20Cr  single  crystal  tested  at  1 173  K  under  the 
constant  stresses  within  the  range  of  19.6  -  98.0  MPa.  The  creep  rate  is  a  true  strain 
rate  [3]. 


Fig.  3.  Variation  of  minimum  creep  rate  with  applied  stress  for  Ni-20Cr  single 
crystal,  together  with  the  results  for  Ni-20Cr  polycrystal  obtained  in  the  previous  papers 
[4,5].  Tensile  creep  test  is  conducted  at  1 173  K  under  the  constant  stresses  within  the 
range  of  19.6  -  98.0  MPa. 
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of  the  polycrystal  at  the  stresses  above  40  MPa,  however  below  40  MPa  it  becomes  smaller  and 
the  difference  in  creep  rate  is  enlarged  with  decreasing  the  stress.  This  prominent  difference  in  the 
minimum  creep  rate  with  decreasing  the  stress  is  mainly  caused  by  the  extension  of  transient  creep 
stage  as  is  indicated  in  Fig.  2. 

From  these  results  we  define  the  stress  to  lead  a  smaller  minimum  creep  rate  due  to  the  extension 
of  the  transient  creep  stage  as  critical  stress,  and  it  is  40  MPa.  In  the  following  section,  thus,  the 
microstructures  of  the  creep-ruptured  specimens  were  examined  in  order  to  understand  the 
mechanism  causing  such  a  stress  dependent  creep  behavior. 

3.2.  Stress  dependence  of  microstructure 

Optical  micrograph  of  the  Ni-20Cr  single  crystals  creep-ruptured  at  1 173  K  -  29.4  MPa  are 
shown  in  Fig.  4(a),  where  the  stress  of  29.4  MPa  is  lower  than  the  critical  stress.  Dynamically 
recrystallized  grains  are  observed  homogeneously  in  the  whole  gage  portion.  All  of  the  grains  are 

equiaxed  in  shape,  and  the  average  grain  diameter  is  approximately  150  pm.  Cracking  takes  place 
at  the  dynamically  recrystallized  grain  boundaries  perpendicular  to  the  stress  axis.  Note  that 
dynamically  recrystallized  grains  are  also  detected  outside  the  gage  portion,  but  they  are  located  at 
the  center  of  the  specimen.  In  the  crystal  crept  at  49.0  MPa  (Fig.  4(b)),  dynamically 
recrystallized  grains  are  formed  homogeneously  as  well.  The  average  diameter  of  dynamically 

recrystallized  grains  is  about  100  pm,  and  it  is  smaller  than  that  observed  at  29.4  MPa. 

In  contrast,  the  dynamically  recrystallized  grains  are  observed  in  the  crystal  crept  at  68.6  MPa, 
but  they  are  formed  only  near  the  center  of  the  creep  specimen.  The  average  diameter  of  the  grains 

is  about  50  pm,  which  is  much  smaller  than  that  in  the  crystal  crept  at  lower  stresses.  At  high 
stress  of  98.0  MPa,  the  region  to  form  the  dynamically  recrystallized  grains  is  more  limited  to  the 
center  of  the  specimen,  as  shown  in  Fig.  4(d).  The  grain  diameter  is  about  25  pm.  In  the 
crystal,  subboundaries  are  also  formed  along  a  certain  direction  in  the  whole  gage  portion, 
although  they  are  curved  at  the  center  of  the  specimen.  Note  that  the  region  where  many 
dynamically  recrystallized  grains  are  observed  at  the  center  of  the  specimen  turns  to  a  single  line  of 
grain  boundary  at  the  annular  ridges  of  the  specimen,  and  the  boundary  reaches  to  the  end  of  the 
specimen.  Thus,  there  is  a  marked  difference  in  the  mode  of  dynamic  recrystallization  between  the 
crystal  crept  at  67.6  MPa  and  that  at  49.0  MPa,  therefore,  a  critical  stress  would  exist  between 
49.0  MPa  and  67.6  MPa. 

To  elucidate  the  morphology  of  the  grain  boundary  at  the  center  of  the  specimen,  the 
microstructures  of  the  cross  section  area  in  the  mptured  specimen  have  been  examined  at  the  end  of 
the  gage  portion.  The  results  are  shown  in  Fig.  5.  The  specimen  is  divided  into  three  portions 
by  dynamically  recrystallized  grains  at  the  stresses  lower  than  the  critical  stress  (Fig.  5(a), (b)). 
With  increasing  the  stress,  the  dynamically  recrystallized  grains  turn  to  grain  boundaries  as  shown 
in  the  crystal  crept  at  98.0  MPa  (Fig.  5(c)). 

4.  Discussion 

From  the  above  result  of  microstructure,  it  appears  that  the  dynamic  recrystallization  occurs 
during  creep  for  the  Ni-20Cr  single  crystal.  The  microstructure  of  the  single  crystal  subjected  to 
creep  deformation  changes  drastically  depending  on  the  applied  stress,  as  mentioned  in  the  above 
section.  The  resulted  microstructural  change  with  stress  level  in  the  single  crystals  is  schematically 
illustrated  in  Fig.  6.  At  lower  stresses,  the  dynamic  recrystallization  occurs  homogeneously  in 
the  gage  portion.  With  increasing  the  stress,  the  grain  diameter  of  the  dynamically  recrystallized 
grains  becomes  smaller  under  the  homogeneous  microstructure  in  the  gage  portion.  However,  the 
microstructure  drastically  turns  to  be  heterogeneous  when  the  stress  becomes  higher.  The  stress 
level  which  brings  about  the  drastic  change  in  microstructure  roughly  agrees  with  the  critical  stress 
defined  from  the  stress  -  minimum  creep  rate  curve.  In  the  creep  rate  -  time  curves  in  Fig.  1,  the 
decrease  in  creep  rate  in  the  transient  stage  becomes  enlarged  at  the  lower  stresses  below  49.0 
MPa.  This  stress  level  corresponds  to  the  stress  below  which  the  transient  creep  stage  becomes 
extended. 

The  cause  to  change  the  microstructure  due  to  dynamic  recrystallization  from  homogeneous  to 
heterogeneous  is  probably  associated  with  the  torsion  of  the  specimen.  As  shown  in  Fig.  7,  the 
creep  deformation  during  the  transient  creep  is  caused  by  a  single  operative  slip  system.  Since  the 
single  crystals  exhibit  fairly  a  large  strain,  the  deformation  mode  makes  the  specimen  shape  off 


Key  Engineering  Materials  Vols.  171-174 


589 


Fig.  4.  Optical  micrograph  of  Ni-20Cr  single  crystal  creep-ruptured  at  1173  K  under 
the  constant  stress  of  29.4  MPa  (a),  49.0  MPa  (b),  67.6  MPa  (c)  and  98.0  MPa  (d). 
The  observation  is  conducted  on  the  section  parallel  to  the  stress  axis. 
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Fig.  5.  Optical  micrograph  of  Ni-20Cr  single  crystal  creep-ruptured  at  1173  K  under 
the  constant  stress  of  29.4  MPa  (a),  49.0  MPa  (b)  and  98.0  MPa  (c).  The  observation 
is  conducted  on  the  section  perpendicular  to  the  stress  axis  at  the  end  of  the  gage 
portion. 


Higher  stress 


Lower  stress 

Fig.  6.  Schematic  illustration  of  microstructure  for  single  crystal  with  the  orientation 
inside  the  standard  stereographic  triangle  creep-ruptured  in  a  wide  stress  revel. 


aligned  with  increasing  creep  strain  if  the  specimen  both  ends  are  not  constrained  (Fig.  7(a),  (b)) 
[6].  In  practice,  however,  they  are  gripped  in  line,  so  that  the  slip  plane  must  rotate  toward  the 
stress  axis  with  increasing  the  strain,  resulting  in  torsion  of  the  specimen  to  accommodate  its 
macroscopic  shape  (Fig.  7(c)).  Based  on  this  supposition,  more  strain  is  generated  by  torsion  at 
the  center  of  the  specimen,  rather  than  the  outer  portion.  This  would  be  responsible  for  the  fact 
that  the  dynamic  recrystallization  heterogeneously  occurs  near  the  center  of  the  specimen  at  higher 
stresses.  At  lower  stresses,  however,  because  of  the  small  strain,  the  torsion  to  occur  seems  to  be 
small,  thereby  suppressing  the  dynamic  recrystallization  in  early  stage.  This  leads  to  the  extension 
of  transient  creep  and  homogeneous  formation  of  dynamically  recrystallized  grains. 
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(a)  (b)  (c) 


Fig.  7.  Schematic  illustration  of  cross-sectional  shape  change  due  to  shear  on  a  single 
slip  system. 

5.  Conclusion 

The  microstructure  of  the  Ni-20mass%Cr  single  crystals  creep-ruptured  at  1173  K  in  the  stress 
range  of  19.6  -  98.0  MPa  has  been  examined.  The  orientations  corresponding  to  the  stress  axis  of 
the  single  crystals  are  located  within  the  standard  stereographic  triangle.  The  results  are 
summarized  as  follows; 

1)  The  creep  rate  -  time  curve  in  each  stress  basically  shows  a  similar  shape;  the  creep  rate  initially 
remains  constant,  and  then  decreases  to  a  minimum  creep  rate,  followed  by  accelerating  abruptly. 
The  decrease  in  creep  rate  during  the  transient  stage  becomes  large  with  decreasing  the  stress  less 
than  49.0  MPa. 

2)  Dynamic  recrystallization  occurs  homogeneously  in  the  gage  portion  at  the  stress  lower  than 
49.0  MPa.  When  the  stress  becomes  higher,  the  microstructure  turns  to  be  heterogeneous,  that  is, 
the  occurrence  of  dynamic  recrystallization  becomes  limited  to  the  center  of  the  specimen. 

3)  The  heterogeneity  in  dynamic  recrystallization  at  higher  stress  would  be  associated  with  the 
torsion  of  the  specimen  caused  by  a  single  operative  slip  system.  At  lower  stresses,  torsion  to 
occur  seems  to  be  small,  thereby  suppressing  the  dynamic  recrystallization  in  early  stage.  This 
leads  to  the  extension  of  transient  creep  and  homogeneous  formation  of  dynamically  recrystallized 
grains. 
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Abstract 

Constant  stress  tensile  creep  tests  were  conducted  at  temperatures  423  and  473  K  on  an  AZ  91  (Mg 
-  9wt%Al  -  lwt%Zn)  alloy  reinforced  with  20  volume  %  A1203  short  fibres  and  on  an  unreinforced 
AZ  91  matrix  alloy.  In  essence,  the  creep  resistance  of  the  reinforced  material  is  shown  to  be 
considerably  improved  compared  to  the  matrix  alloy.  The  minimum  creep  rate  for  reinforced 
specimens  is  two  to  three  orders  of  magnitude  less  than  that  of  unreinforced  specimens  under  the 
same  loading.  The  creep  life  of  the  composite  is  an  order  of  magnitude  longer  than  the  unreinforced 
alloy.  By  contrast,  the  presence  of  the  reinforcement  leads  to  a  substantial  decrease  in  the  creep 
plasticity. 


Introduction 

Magnesium  alloys  are  now  being  increasingly  required  for  high-temperature  structural  applications 
where  weight  saving  is  necessary.  However,  the  creep  resistance  of  Mg  alloys  is  found  to  be  rather 
limited  at  temperatures  above  423  K  (150°C).  A  considerable  improvement  in  the  creep  properties 
of  Mg-based  alloys  can  be  potentially  achieved  by  non-metallic  short  fibre  reinforcement  (metal 
matrix  composites  -  MMCs).  Although  a  number  of  studies  have  been  reported  on  the  creep 
behaviour  of  pure  magnesium  [1-4]  and  Mg  solid  solution  alloys  [5,  6],  the  creep  properties  of 
more  complex  Mg  alloys  [7-12]  and  short  fibre  reinforced  Mg-based  composites  [9,13-16]  have 
received  only  limited  attention.  The  present  study  was  therefore  initiated  to  provide  a  comparative 
evaluation  of  the  creep  properties  of  a  fibre-reinforced  AZ  91  matrix  composite  and  its  matrix 
alloy.  Attention  in  this  paper  is  focused  primarily  on  the  effects  of  short  fibre  reinforcement  on 
creep  rate,  lifetime  and  strain  to  fracture.  It  is  only  appropriate  here  to  describe  differences  that  can 
be  inferred  from  a  comparison  between  the  creep  characteristics  of  the  two  materials  and  that  are 
relevant  to  the  present  investigation. 


Experimental  materials  and  procedures 

Short  fibre  reinforced  and  unreinforced  blocks  of  an  AZ  91  alloy  (Mg  -  9wt%Al  -  lwt%Zn  -  0.3 
wt%  Mn)  were  fabricated  by  squeeze  casting  at  the  Department  of  Materials  Engineering  and 
Technology,  Technical  University  of  Clausthal,  Germany.  The  fibre  preform  consists  of  planar 
randomly  distributed  5  -  alumina  short  fibres  (Saffil  fibres  from  ICI,  97%  AI2O3,  3%  SiC>2,  ~  3pm 
in  diameter  with  varying  lengths  up  to  an  estimated  maximum  of  ~  150  pm).  The  final  fibre 
fraction  fter  squeeze  casting  in  the  composite  was  about  20  volume  %.  For  convenience,  the 
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(b)  the  A Z  91 -20vol. %A1203  (f)  composite. 

composite  is  henceforth  designated  AZ  91  -  20  vol%  A1203  (f)  where  f  denotes  fibre.  Both 
materials  were  subjected  to  a  standard  T6  heat  treatment  (anneal  for  24h  at  688  K,  air  cool  and  then 
age  for  24  h  at  443  K).  Examples  of  typical  micro  structures  of  squeeze  cast  monolithic  AZ  91  alloy 
and  the  AZ  91-20  vol%  A1203  (f)  composite  are  shown  in  Fig.  la,  b. 

Flat  tensile  creep  specimen  having  gauge  lengths  of  25  mm  and  cross-sections  3  x  3.2  mm  were 
machined  from  the  blocks  in  a  such  way  that  the  longitudinal  specimen  axes  were  parallel  to  the  x  - 
y  plane  (Fig.  lb).  The  constant  stress  tensile  creep  tests  were  carried  out  at  temperatures  423  K  and 
47 j  K,  respectively,  and  with  the  testing  temperature  continuously  monitored  and  maintained 
constant  to  within  ±  0.5  K  of  the  desired  value.  The  applied  stress  ranged  from  60  to  150  MPa.  The 
creep  tests  were  performed  in  purified  argon  in  tensile  creep  testing  machines,  making  it  possible  to 
keep  the  nominal  stress  constant  to  within  0.1%  up  to  a  true  strain  of  about  0.35.  The  creep 
elongations  were  measured  using  a  linear  variable  differential  transducer  and  they  were  recorded 
digitally  continuously  and  computer  processed  using  the  software  CRTES  [17].  Almost  all  the 
specimens  were  run  to  final  fracture. 

Following  creep  testing,  samples  were  prepared  for  examination  by  transmission  electron 
microscopy  (TEM).  Observations  were  performed  using  a  Philips  CM  12  STEM  transmission 
electron  microscope  with  an  operating  voltage  of  120  kV.  Fractographic  details  were  investigated 
by  means  of  light  microscopy  and  scanning  electron  microscopy  (Philips  SEM  505  microscope). 

Experimental  results 

Selected  creep  curves  for  these  two  materials  are  shown  in  Fig.  2  in  the  form  of  strain,  e,  versus 
time,  t,  for  an  absolute  testing  temperature,  T,  of  423  K  and  under  comparable  levels  of  the  applied 
stress,  a.  As  demonstrated  by  the  figure,  significant  differences  were  found  in  the  creep  behaviour 
of  the  composite  when  compared  to  its  matrix  alloy.  First,  the  presence  of  the  reinforcement  leads 
to  a  substantial  decrease  in  the  creep  plasticity,  which  is  proved  by  the  values  of  the  total  strains  to 
fracture  for  the  composite.  Second,  the  composite  exhibits  markedly  longer  creep  life  than  the  alloy 
at  the  entire  stress  range  used.  Third,  the  shapes  of  creep  curves  for  the  composite  and  the  alloy 
differ  considerably.  It  should  be  mentioned  that  the  creep  curves  shown  in  Fig.  2  do  not  clearly 
indicate  the  individual  stages  of  creep.  However,  these  standard  8  vs.  t  curves  can  be  easily 
replotted  in  the  form  of  the  instantaneous  strain  rate,  s ,  versus  time,  t,  as  shown  in  Fig.  3.  Fig.  3  a 
presents  the  log  s  -  t  curves  for  a  temperature  of  423  K  and  a  stress  of  100  MPa  for  both  materials. 
It  is  apparent  that  neither  curve  exhibits  a  well-defined  steady  stage.  In  fact,  this  stage  is  reduced  to 
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composite. 


composite  (a)  at  423  K  and  100  MPa,  and  (b)  at  473  K  and  80  MPa. 

an  inflection  point  of  the  s  versus  t  curve.  Despite  this  similarity,  the  occurrence  of  a  primary  stage 
followed  by  a  tertiary  stage  of  creep  in  the  matrix  alloy  is  in  a  striking  contrast  with  the  nature  of 
the  creep  curve  in  the  composite.  The  latter  curve  shows  the  primary  stage  is  fairly  extensive  and 
represents  practically  the  whole  creep  test.  A  minimum  in  the  creep  rate  is  reached  just  before  final 
fracture  and  the  presence  of  a  tertiary  stage  is  not  well-defined.  This  difference  in  the  shapes  of  the 
e  - 1  creep  curves  in  the  matrix  alloy  and  in  the  composite  is  confirmed  and  perhaps  more  clearly 
illustrated  in  Fig.  3b  for  the  tests  conducted  at  the  same  temperature  of  473  K  and  stress  of  80  MPa. 
Inspection  suggests  that  creep  in  the  composite  is  again  dominated  by  fairly  extensive  primary 
stage.  On  the  other  hand,  an  extremely  short  primary  creep  in  the  matrix  alloy  is  followed  by  a 
lengthy  tertiary  stage. 

The  creep  data  of  the  AZ  91  alloy  and  the  AZ  91  -  20  vol.%  A1203  (f)  composite  at  423  and  473  K 
are  shown  in  Fig.  4a,  where  the  minimum  creep  rate,  sm ,  is  plotted  against  the  applied  stress,  a,  on 
a  logarithmic  scale.  Inspection  of  the  creep  data  in  Fig.  4a  leads  to  two  observations.  First,  the 
composite  exhibits  better  creep  resistance  than  the  alloy  over  the  entire  stress  range  used,  the 
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Figure  5a,  b.  Dependences  of  (a)  strain  to  fracture  on  stress,  and  (b)  time  to  fracture  on  minimum 
creep  rate  for  the  A Z  91  alloy  and  the  A Z  91  -20vol. %A1203  (f)  composite  at  423  and  473  K. 

minimum  creep  rate  for  the  composite  is  about  two  to  three  orders  of  magnitude  less  than  that  of 
the  unreinforced  alloy.  Second,  as  depicted  in  Fig.  4a,  the  stress  dependences  of  the  minimum 
creep  rates  for  both  materials  are  different  in  trend,  which  is  clearly  demonstrated  by  the 
characteristic  curvatures  on  the  inherent  curves  at  low  stress.  While  the  slopes  and  therefore  the 
apparent  stress  exponents,  na  =  (dIns/01na)T,  for  the  alloy  slightly  decrease  with  decreasing 
applied  stress,  the  curvatures  for  the  composite  increase  with  decreasing  applied  stress.  Such  an 
increase  of  the  apparent  stress  exponent  at  low  stresses  is  usually  considered  to  be  indicative  of  the 
presence  of  a  threshold  stress  representing  a  lower  limiting  stress  below  which  creep  cannot  occur 
[18,  19],  For  both  materials,  the  double  logarithmic  plots  of  the  time  to  fracture,  tf,  as  a  function  of 
applied  stress  are  shown  in  Fig.  4b.  It  is  clear  from  these  plots  that  the  creep  life  of  the  composite  is 
an  order  of  magnitude  longer  than  the  unreinforced  alloy  at  these  two  temperatures.  This  difference 
consistently  decreases  with  increasing  applied  stress,  with  a  tendency  at  the  higher  stress  towards 
no  effect  of  the  reinforcement  on  the  lifetime.  In  fact,  inspection  of  Fig.  4b  reveals  that  at  stresses 
higher  than  200  MPa  the  creep  life  of  the  composite  seems  to  be  essentially  equal  to  that  of  the 
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unreinforced  matrix  alloy.  A  variation  of  the  strain  to  fracture,  Sf,  with  stress  and  temperature  is 
shown  in  Fig.  5a.  This  figure  indicates  no  clear  effect  of  stress  and/or  temperature  on  the  strain  to 
fracture.  The  values  of  the  strain  to  fracture  in  the  composite  are  only  1-2%.  By  contrast,  the  strains 
to  fracture  in  the  matrix  alloy  are  typically  10-15%.  Experimentally  determined  times  to  fracture 
and  strains  to  fracture  correlate  well  with  minimum  creep  rates  through  the  Monkman-Grant 
relationship,  smtf  =  constant  (Fig.  5b);  tf  is  approximately  inversely  proportional  to  sm .  Note, 
however,  that  Sf  itself  can  be  strongly  influenced  by  the  mechanisms  of  the  fracture  process  which 
could  explain  a  shift  of  the  composite  dependence  towards  shorter  times  to  fracture  at  the  same 
minimum  creep  rates. 


(a)  (b)  (c) 

Figure  6a,  b,  c.  TEM  micrographs  and  SAED  of  the  AZ  91 -20vol. %Al203  (f)  composite  showing 
(a)  alumina  fibre  and  (3-phase  after  T6  heat  treatment,  (b)  SAED  of  coherent  [3-phase  from  region 
in  (a),  and  (c)  detail  of  coarsened  coherent  p-phase  after  creep  at  423  K  and  100  MPa. 


(a)  (b)  (c) 

Figure  7a,  b,  c.  Microstructure  of  the  AZ  91-20vol.%Al2O3  (f)  composite  after  creep  at  423  K  and 
90  MPa:  (a)  TEM  micrograph,  (b)  and  (c)  SAED  andJEDXS  from  MgO  particles,  respectively. 


The  microstructure  of  the  as-cast  AZ  91  alloy  consists  of  the  (3  -  phase  (Mgi7Ali2  [7,  20-23]  and/or 
Mgi7  (Al,  Zn)i2  [23])  intermetallic  compounds  in  a  matrix  of  a  magnesium  solid  solution.  The  T6 
heat  treatment  caused  partial  homogenization  of  the  microstructure  of  the  alloy  and  at  the  same 
time  prevented  to  some  extent  the  precipitation  of  the  massive  and  lamellar  P  -  phase  (Mgi7Ali2) 
particles.  The  microstructure  of  the  AZ  91-20  vol.%  AI2O3  (f)  composite  is  much  complex  than 
that  of  the  unreinforced  matrix  alloy  [24-26].  The  applied  T6  heat  treatment  was  adjusted  to 
minimize  matrix-fibre  reactions  in  the  composite.  In  comparison  to  the  as-cast  state  the  size  and 
number  of  massive  and  lamellar  Mgi7Ali2  precipitates  is  significantly  reduced.  However,  at  several 
sites  the  fibres  are  still  interconnected  by  the  massive  p  -  phase  "bridges"  (Fig.  6a).  Careful 
investigation  by  TEM  revealed  that  the  most  frequent  morphology  of  the  P  -  phase  precipitates  in 
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the  composite  is  coherent  Mgi7Ali2  platelets  (Figs.  6  b,c).  The  enhanced  precipitation  of  the  p  - 
phase  on  the  fibres  is  promoted  by  heterogeneous  nucleation  of  the  A1  enrichment  of  the  matrix 
near  to  the  alumina  fibres.  Fig.  7a  shows  clearly  a  thicker  zone  in  contact  with  the  fibres  indicating 
a  fine  internal  crystalline  phase.  From  the  ring  diffraction  pattern  and  the  EDS  analysis  this  phase 
was  identified  as  magnesia  (MgO)  particles  -  Figs.  7b, c.  The  significant  microstructural  changes  in 
the  composite  observed  after  creep  were  fine  continuous  precipitation  of  the  Mgi7Ali2  particles  and 
coarsening  of  coherent  P  -  phase  precipitates.  The  longitudinal  metallographic  sections  cut  from  the 
gauge  length  of  creep  specimens  were  examined  using  SEM  to  evaluate  creep  damage  [16], 
Metallographic  investigation  did  not  reveal  either  substantial  creep  fibre  cracking  and  breakage  or 
any  debonding  at  the  interface  between  the  matrix  and  the  fibres  due  to  creep. 


Discussion 

It  is  relevant  to  discuss  first  the  reason  for  different  shapes  of  creep  curves  for  the  composite  and 
the  monolithic  matrix  alloy  (Figs.  3a,b).  The  dominant  primary  stage  apparent  in  the  creep  curves 
of  the  composite  (Figs.  3a, b)  can  be  a  result  by  non-linear  visco-elastic  deformation  of  the  highly- 
stressed  central  regions  of  the  fibres;  this  leads  to  a  steady-state  due  to  matrix  flow  about  the  fibres 
when  they  are  fully  stretched  elastically.  Further,  the  occurrence  of  a  lengthy  primary  stage  of 
creep  in  the  A Z  91  -  20  vol.%  AI2O3  (f)  is  probably  associated  with  the  additional  p  -  phase 
precipitation  and  with  gradual  change  in  the  precipitate  morphology  during  the  creep  exposure. 
Lastly,  the  observed  long  primary  stages  are  not  indicative  of  the  initiation  of  any  debonding  at  the 
interfaces  between  the  matrix  and  the  reinforcement  and/or  creep  fibre  breakage  in  accordance 
with  the  metallographic  and  ffactographic  observations.  On  the  other  hand,  the  tertiary  creep 
behaviour  should  result  from  fibre  fracture  leading  to  a  reduction  in  the  fibre  aspect  ratio  or  the 
development  of  ductile  tearing  with  off-loading  of  stress  to  the  sound  composite  material,  both 
factors  leading  to  an  acceleration  in  the  creep  rate.  Thus,  the  observed  extremly  lengthy  primary 
stage  apparent  in  the  creep  curves  of  the  composite  in  the  present  work  does  not  support  the 
prediction  of  the  simplified  mechanistic  model  of  creep  in  short  fibre  reinforced  metal  matrix 
composite  [27]  derived  from  the  creep  experiments  and  microstructural  observations  on  short  fibre 
reinforced  alluminium  alloys  (e.g.  an  AlSi7Cu3Mg  -  15  vol.%  Al203(f))  and  based  on  three 
elementary  microstructural  processes  including  a  multiple  fibre  breakage  starting  early  in  creep 
life.  A  possible  explanation  for  this  different  creep  behaviour  in  aluminium  and  magnesium  short 
fibre  reinforced  metal  matrix  composites  may  lie  in  the  different  strength  of  the  fibre-matrix 
interface  (bonding)  and  load  transfer  during  the  creep  of  both  composite  materials. 

A  question  naturally  arises  about  the  rate  controlling  mechanism(s)  in  creep  of  a  fibre  reinforced 
AZ  91  matrix  composite.  It  should  be  stressed  again  that  studies  of  creep  behaviour  and  the 
relevant  creep  data  of  this  composite  are  almost  not  available  in  the  literature.  Mordike  et  al.  [13] 
conducted  very  limited  tensile  creep  tests  on  a  squeeze-cast  AZ  91  +  20  vol.%  A1203  (f)  at 
temperatures  423,  473  and  523  K.  For  creep  experiments  at  423  and  523  K  they  obtained  a  value  of 
the  apparent  stress  exponent  close  to  -  1.  However,  at  a  temperature  of  473  K  they  reported  a 
transition  with  increasing  stress  from  na  =  1  to  na  =  3 . 1  at  stresses  above  40  MPa.  Very  recently,  Li 
et  al.  [15,  28]  performed  a  comprehensive  evaluation  of  the  creep  of  a  squeeze-cast  AZ  91  -  20 
vol.%  A1203  (f)  composite  (the  identical  material  as  used  in  this  work)  using  a  double  shear 
configuration.  When  the  creep  data  were  interpreted  by  incorporation  of  a  threshold  stress  into  the 
analysis,  it  was  shown  that  the  results  are  consistent  with  the  behaviour  anticipated  for  a 
magnesium  solid  solution  alloy  [5],  including  a  true  stress  exponent  close  to  3. 

The  curvature  on  the  creep  curves  for  the  composite  in  a  double  logarithmic  plot  of  s  against  a 
(Fig.  4a)  is  indicative  of  the  presence  of  a  threshold  stress,  a0.  When  a  threshold  stress  is  present, 
creep  occurs  under  an  effective  stress  given  by  (a  -  a0).  The  values  of  the  threshold  stresses  may  be 
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estimated  by  using  a  linear  extrapolation  procedure  in  which  s1/n  is  plotted  against  a  on  linear  axes 
for  prior  selected  values  of  the  true  stress  exponent  n  and,  in  the  absence  of  any  significant 
curvature,  the  plots  are  extrapolated  linearly  to  intersect  the  stress  axis  at  zero  strain  rate  [19,  29], 
This  procedure  was  followed  in  the  present  investigation  using  prior  selected  values  of  n  of  3,  5 
and  8,  where  these  three  values  of  n  represent  creep  by  a  viscous  glide  process  [30,  31],  creep 
controlled  by  dislocation  climb  [32]  and  a  constant  structure  model  of  creep  [33,  34],  respectively. 
Detailed  inspection  of  the  individual  plots  showed  that  a  true  stress  exponent  of  3  yielded  the  best 
linear  fit.  The  values  of  a0  were  estimated  as  -  80  and  ~  47  MPa  at  the  two  testing  temperatures  of 
423  and  473  K,  respectively,  which  indicates  a  temperature  dependence  of  the  threshold  stress.  The 
finding  n  =  3  over  a  wide  range  of  effective  stress  provides  strong  support  for  the  adoption  the 
suggestion  of  Li  et  al.  [15,  28]  that  the  AZ  91  composite  material  exhibits  creep  behaviour  which  is 
consistent  with  the  behaviour  anticipated  for  a  magnesium  solid  solution  alloys.  Thus,  the  creep 
behaviour  of  the  composite  is  controlled  by  deformation  in  the  matrix  material. 

However,  as  depicted  in  Fig.  4a,  the  composite  exhibits  better  creep  resistance  than  the  matrix 
alloy;  the  presence  of  short  -  fibre  reinforcement  leads  to  reduced  creep  rate  in  the  composite  by 
two  to  three  orders  of  magnitude.  Such  difference  can  arise  when  significant  load  transfer  partitions 
the  external  load  between  the  matrix  and  the  reinforcement  [35-37].  In  the  presence  of  load 
transfer,  the  creep  data  may  be  successfully  reconciled  by  putting  the  ratio  of  the  creep  rates  of  the 
composite,  ec ,  and  the  rates  of  the  matrix  alloy,  8m ,  at  the  same  creep  loading  conditions  equal  to  a 
factor  given  by  (1  -  a)n,  where  a  is  a  load  transfer  coefficient  having  values  lying  within  the  range 
from  0  (no  load  transfer)  to  1  (full-load  transfer)  [37],  The  values  of  a  inferred  from  the  data  in 
Fig.  4a  using  n  =  3  are  within  the  range  of  0.79  to  0.90.  It  is  interesting  to  correlate  these 
experimentally  determined  values  a  with  an  analytical  treatment.  Kelly  and  Street  [35]  proposed  a 
shear-lag  approach  that  predicts  the  tensile  creep  behaviour  of  discontinuous  fibre-reinforced 
composites.  Subsequently,  Nardone  and  Prewo  [38]  suggested  a  modified  shear-lag  model  by 
considering  the  load  transfer  effect  at  the  end  of  short  fibres  and  various  reinforcement  geometries 
and  arrangements  (volume  fraction,  aspect  ratio).  The  values  of  a  predicted  from  the  modified 
shear-lag  model  with  20  vol.  pet  of  short-fibre  reinforcement  are  a  =  0.75  and  a  =  0.84  an 
experimentally  observed  fibre  aspect  ratios  S  (diameter/length)  -  30  and  ~  50,  respectively.  Thus, 
the  predicted  values  are  in  reasonable  agreement  with  the  experimental  values  of  a  inferred  from 
the  present  analysis. 


Conclusions 

A  comparison  between  the  creep  characteristics  of  an  AZ  91  alloy  reinforced  with  20  vol.%  AI2O3 
short  fibres  and  an  unreiforced  AZ  91  matrix  alloy  under  comparable  experimental  conditions 
shows  that  creep  strengthening  in  the  composite  arises  mainly  from  the  following  two  mechanisms: 
(a)  the  existence  of  a  temperature  -  dependent  threshold  stress,  and  (b)  load  transfer.  High  values  of 
load  transfer  estimated  for  the  composite  indicate  good  fibre/matrix  interface  bonding  together  with 
no  substantial  breakage  of  fibres  during  creep  exposure  lead  to  the  conclusion  that  the  use  of 
alumina  short  fibres  is  very  effective  in  improving  the  creep  properties  of  the  squeeze-cast  Mg 
alloy  matrix  composites. 
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Abstract 

High  temperature  creep  characters  up  to  0.6Tm  of  some  binary  magnesium  alloys  are  briefly 
summarized  and  discussed.  Creep  characteristics  of  magnesium-aluminum  solid  solutions  are 
basically  similar  to  that  of  cubic  solid  solutions  like  aluminum-magnesium,  but  non-dimensional 
normalized  creep  rates  of  magnesium  alloys  are  relatively  lower  than  that  of  aluminum  alloys. 
The  difference  of  creep  strength  in  both  alloys  is  attributed  to  the  difference  in  internal  stresses. 
Creep  rates  of  precipitation  strengthened  magnesium-manganese  alloys  are  similar  to  that  of 
magnesium-aluminum  solid  solutions.  In  contrast,  magnesium-yttrium  alloys  have  higher  creep 
resistance  compared  to  other  binary  alloys  even  in  solid  solutions.  Normalized  creep  rates 
(Z-value)  of  several  alloys  are  presented  and  peculiar  effects  of  yttrium  are  emphasized. 

Introduction 

Heart  resistance  is  one  of  the  important  expected  features  of  magnesium  alloys  as  light  structural 
materials,  but  information  of  basic  deformation  characteristics  of  the  alloys  at  high  temperatures  are 
still  insufficient.  In  this  paper,  high  temperature  creep  characteristics  of  some  magnesium  alloys 
of  binary  systems  are  briefly  summarized  and  discussed. 

It  is  well  recognized  that  the  steady  state  or  minimum  creep  rate  of  pure  metals  and  solid  solutions 
can  be  reasonably  described  by  following  Dorn-type  equation  (1)  in  power-law  stress  range. 

""fi?)  <Eql) 

Here,  A\  G,  b,  k  and  R  are  the  numerical  constants,  the  shear  modulus,  the  magnitude  of 
Burgers-vector,  the  Boltzmann’s  constant  and  the  gas  constant,  respectively  The  values  T,  N  and  a 
are  the  absolute  temperature,  the  solute  concentration  and  the  applied  stress  which  determine  the 
creep  conditions.  The  value  m ,  n  and  Qc  characterize  the  creep  behavior  and  are  the  concentration 
exponent,  the  stress  exponent  and  the  apparent  activation  energy  of  creep,  respectively.  These 
values  are  determined  experimentally.  In  cubic  solid  solutions,  creep  characteristics  depend  on 
deformation  conditions  in  complex  manners  and  the  bounding  conditions,  where  creep 
characteristics  change,  depend  on  temperature  and  solute  concentration[l-2].  Similar  changes  in 
creep  behavior  are  observed  in  magnesium  solid  solutions[3-4].  The  apparent  activation  energy  of 
creep,  Qc,  is  essentially  reported  to  be  the  similar  value  to  that  for  diffusion  in  cubic  solid  solutions. 
In  hep  alloys,  however,  it  has  been  reported  that  the  apparent  activation  energy,  gc,  depends  on 
temperature,  and  the  value  becomes  larger  than  that  for  diffusion  at  the  temperature  above 
0.7Tm(Tm:  the  melting  temperature),  while  it  is  similar  to  that  for  diffusion  below  0.7  Tm[5].  This 
report  focuses  on  high  temperature  creep  behavior  of  some  binary  magnesium  alloys  at  the 
temperature  up  to  0.67m,  where  apparent  activation  energy  of  creep  is  expected  to  be  almost  the 
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same  with  that  for  diffusion.  Most  creep  data,  including  two  engineering  alloys  for  comparison, 
are  quoted  from  references  as  summarized  in  Table  1,  and  creep  rates  of  the  alloys  are  broadly 
compared.  Precise  discussions  of  transition  of  creep  characteristics  are  not  an  aim  of  this  paper. 
Experimental  procedure  for  other  data  presented  in  this  paper  is  the  same  with  that  presented 
previously  [4,6]. 


Table  1 .  Alloy  designations  and  references 


Designation 

Alloy 

Reference 

0.6AI 

Mg-0.59mol%Al 

[4] 

0.8A1 

Mg-0.8mol%Al 

[3] 

1A1 

Mg-1.04mol%Al 

[4] 

3A1 

Mg-2.97mol%  A1 

[4] 

5A1 

Mg-4.93mol%  A1 

[71 

0.5Mn 

Mg-0.5mol%Mn 

[81 

0.2Y 

Mg-0.195mol%  Y 

[9] 

1.1Y 

Mg-l.llmol%Y 

PI 

1.6Y 

Mg-1.62mol%Y 

[9] 

2.4Y 

Mg-2.4mol%Y 

[91 

AZ91 

AZ91 

[10,11] 

AS21 

AS21 

[10,11] 

Creep  curves 

Figure  1  shows  typical  creep  curves  of  magnesium-aluminum  solid  solutions  and  magnesium- 
yttrium  solid  solutions  at  550K(«0.5rm).  Shape  of  the  creep  curves  shown  on  the  figure  are 
similar  with  each  other,  but  the  stress  level  that  corresponds  to  the  same  strain  rate  are  about  four 
times  higher  in  magnesium-yttrium  alloys  than  that  of  magnesium-aluminum  alloys.  Figure  2 
shows  creep  curves  obtained  at  600K  in  magnesium-aluminum  solid  solutions  both  under 
compression  and  tensile  creep  tests.  The  shape  of  creep  curves  changes  with  increasing  stress  in 


Fig.2  Comparison  of  the  creep  curves  in  Mg-Al  solid 
solutions  in  compression  and  tensile  creep 
tests. 
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tensile  conditions,  while  they  are  not  drastically  changes  in  compression  conditions.  Especially  at 
lower  stress  level,  for  example  at  lOMPa,  the  minimum  creep  rate  appears  at  the  beginning  of  creep 
in  tensile  conditions,  while  it  appears  with  larger  strain  in  compression.  Minimum  creep  rates  in 
compression  and  tensile  are  different,  but  the  difference  in  rates  are  less  than  an  order  of  unity  at  the 
same  applied  stress.  The  difference  in  the  shape  of  creep  curves  between  tensile  and  compression 
tests  become  ignorable  in  higher  stress.  The  results  shown  in  following  sections  are  obtained  by 
compression  creep  tests  in  magnesium-yttrium  alloys  and  magnesium-manganese  alloy,  while 
tensile  creep  has  performed  in  magnesium-aluminum  solid  solutions.  In  the  following  sections, 
stressing  directions  are  not  considered  for  the  differences  in  creep  rates  are  less  pronounced. 

Stress  dependence  of  creep  rate 

Figure  3  shows  stress  dependence  of  the 
creep  rate  of  several  binary  alloys  as  a 
function  of  the  applied  stress  at  550K. 

The  stress  exponent,  n ,  increases  with 
increasing  the  applied  stress.  Three 
stress  regions  exist  where  n  close  to  four, 
five  to  seven  and  larger  than  ten.  The 
change  of  the  stress  exponent  in 
magnesium-aluminum  solid  solutions  is 
similar  to  that  observed  in  cubic  solid 
solutions.  It  corresponds  to  the  change 
of  creep  characteristics  and  deformation 
mechanisms  from  Alloy-type  to 
Metal-type  [1-4].  The  n- value  takes 
five  to  seven  in  higher  stress  range  in 
magnesium-aluminum  and  lower  stress 
range  in  magnesium-yttrium  alloys. 

Recovery-controlled  creep  is  suggested 
from  the  value,  n,  in  the  stress  range. 

The  higher  stress  exponent,  n,  observed 
above  lOOMPa  in  magnesium -yttrium 
alloys  corresponds  to  the  power-law 
break  down  [12]  for  the  normalized  strain 
rate  by  self-diffusion  coefficient  of 
magnesium  become  larger  than  1013m'2. 


Concentration  dependence  of  creep  rates  in  single  phase  alloys 

Figure  4  shows  concentration  dependence  of  magnesium-aluminum  and  magnesium-yttrium  alloys 
at  550K  and  600K.  Creep  rates  of  alloys,  which  contain  precipitates  are  indicated  in  solid  marks 
for  comparison.  In  magnesium-aluminum  solid  solutions,  the  concentration  exponent,  m ,  at 
lOMPa  is  unity  and  become  smaller  with  increasing  solute  concentration  at  600K.  In  this 
concentration  and  stress  range,  creep  characteristics  are  attributed  to  the  Alloy-type  [2].  Dragging 
of  a  dislocation,  which  has  solute  atmosphere  around  it,  is  suggested  as  a  rate  controlling 
mechanism.  With  increasing  the  applied  stress,  the  concentration  exponents  become  higher  and 
are  two  to  three.  The  values  are  similar  to  that  of  Metal-type  behavior,  and  recovery  controlled 
mechanisms  are  suggested.  The  creep  behaviors  observed  up  to  0.67™  are  summarized  as  Table  2, 
based  on  the  stress  and  concentration  dependence. 


of  MPa 

Fig.3  Creep  rates  in  some  magnesium  alloys  as  a 
function  of  the  applied  stress.  Open  and  solid 
marks  show  creep  rate  observed  in  solid  solutions 
and  alloys  with  precipitates,  respectively. 
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Table  2.  Creep  parameters  of  Mg-Al  and  Mg-Y  solid  solution  alloys  up  to  0.6rm 
Type  of  Behavior  Alloy-type  Metal-type  Power-law  Break  Down 
Stress  exponent,  n  4  6~7  10  < 

Concentration  exponent,  m  <1  2-3 


As  described  above,  in  the  deformation  condition  where  the  Alloy-type  behavior  appears,  the  effect 
of  solute  concentration  on  creep  rates  becomes  small  with  increasing  solute  concentration.  This 
phenomenon  is  understood  with  change  of  dislocation  mobility  and  its  concentration  dependence. 
When  dislocations  move  viscously,  strain-rates  can  be  represented  by  the  Orowan's 
equation,  e  =  .  Here,  <|),  pm  and  o  are  the  geometrical  factor,  the  mobile  dislocation  density, 

the  mean  dislocation  velocity  which  is  proportional  to  the  mean  effective  stress,  x  ,  respectively. 
Here,  f  is  connected  with  the  mean  internal  stress,  Sj ,  as  i  =  <KCT  ~^i),  and  the  mean  internal 
stress  crj  has  a  square-root  proportionality  with  a  dislocation  density  p,  i.e.,  =  a$~lGb«fp . 

Assuming  that  the  dislocation  density  p  is  the  same  with  the  mobile  dislocation  density  pm,  strain 


rates  are  described  by  the  following 
equation  (2). 

e  =  -^Gsf^-l  (l-r>2  (Eq.2) 

a  b  \GJ 

Here,  B  is  the  mobility  of  dislocations,  a  is 
a  numerical  constant  and  r  is  the  ratio  of  the 
mean  internal  stress  to  the  applied  stress, 
cf  /a  .  This  equation  suggests  that  the 
normalized  strain  rate  mainly  depend  on  the 
mobility,  B,  and  the  ratio  r  under  the  same 
normalized  stress.  Based  on  the  TEM 
observations  in  cubic 

aluminum-magnesium  solid  solutions,  the 
dislocation  density  depends  only  on  the 
applied  stress  and  that  no  systematic 
dependents  on  temperature  nor  solute 
concentration  are  observed  [13].  As  a 
consequence,  the  dependence  of  creep  rates 
on  the  concentration  is  equal  to  that  of  the 
dependence  of  the  mobility.  Numerical 
calculations  of  the  dislocation  mobility  in 
aluminum-magnesium  solid  solutions, 
suggests  that  the  effect  of  solute 
concentration  on  the  mobility  become 
smaller  with  increasing  solute 
concentration  [14].  The  small 

concentration  exponent  observed  in 
magnesium-aluminum  solid  solutions  is 
attributed  to  the  decrease  in  the  effect  of 
concentration  on  the  mobility  of  a 
dislocation,  which  has  solute 
atmosphere[7]. 


10-3  10"2 

Solute  Content  ( mole  fraction ) 


4.  Concentration  dependence  of  strain  rate  in 
Mg-Al  and  Mg-Y  alloys.  Open  marks  show 
creep  rate  in  solid  solutions  and  solid  marks 
show  that  in  two  phase  alloys. 
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Comparison  of  normalized  creep  rates  with  aluminum-based  solid  solutions 

As  shown  by  equation  (1),  the  strain  rates  can  be  described  experimentally  by  the  power-law. 
When  the  apparent  activation  energies  of  creep  are  similar  with  that  for  diffusion,  the  equation  (1)  is 
formed  as  equation  (3). 


s  kT 
~DGb 


(Eq.3) 


Here,  D  is  the  diffusion  coefficient  including  the  exponential  term.  The  value,  Z),  is  the 
inter-diffusion  coefficient,  D ,  when  solute  dragging  controls  creep  rate,  or  the  self-diffusion 
coefficient,  Dseif ,  when  recovery  process  controls  deformation.  The  left-hand  non-dimensional 
term,  zkT  /  DGb ,  is  defined  as  the  non-dimensional  normalized  creep  rate  in  this  paper.  This 
equation  has  the  similar  form  with  that  proposed  by  Mukherjee  [15],  but  the  term  of  solute 
concentration  is  included  instead  of  the  term  of  grain  size.  As  far  as  the  physical  coefficients  are 
known,  one  can  reasonably  compare  non-dimensional  normalized  strain  rates  between  different 
alloy  systems.  In  magnesium-aluminum  binary  system,  physical  coefficients  have  been 
determined  and  the  deformation  mechanisms  are  reasonably  distinguished. 

Figure  5  shows  the  non-dimensional  normalized  creep  rates  as  a  function  of  the  normalized  applied 
stress  in  both  terminal  solid  solutions  of  magnesium-aluminum  system  obtained  in  tensile  creep 
tests  at  600K.  Inter-diffusion  coefficients,  D ,  are  used  here,  for  the  inter-  and  the  self-diffusion 
coefficient  in  both  solid  solutions  are  close  to  each  other.  Strain  rates  of  magnesium-aluminum 
solid  solutions  are  about  two  orders  lower  than  that  of  aluminum-magnesium  solid  solutions  at  the 
lower  stress  region  where  the  Alloy-type  appears  [1].  As  described  in  previous  section,  the  creep 
rates  of  magnesium-aluminum  solid  solutions  in  tensile  condition  are  lower  than  that  in 
compression,  but  still  the  difference  in  creep  rate  between  two  phases  are  significant.  The 
transition  from  Alloy-type  to  Metal-type  proceeds  at  the  normalized  strain  rate  around  10"10, 
independent  of  the  phases. 

When  glide  controlled  mechanisms 
are  considered,  non-dimensional 
normalized  strain  rates  are  formed 
as  equation  (4). 

(Eq.4) 

This  equation  suggests  the 
non-dimensional  normalized  strain 
rate  depends  on  the  mobility,  B , 
and  r  =  a .  /  o  at  the  same 
applied  stress.  Table  3  shows 
measured  average  internal  stress 
obtained  by  strain-dip 
stress-transient  technique  in  both 
phases  at  the  deformation 
condition  where  Alloy-type 
behavior  appears.  The  mean 
internal  stress  in 

magnesium-aluminum  alloy  is 
relatively  higher  than  that  in 
aluminum-magnesium  alloy. 


tkT  _<| )4kT  B(<s' 
DGb~  a2b2  d{g , 


Fig.  5.  Normalized  strain  rate  as  a  function  of  the  normalized 
applied  stress  in  both  terminal  phases  in  Mg-Al  system. 


606 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


Large  differences  of  creep  rate  between  magnesium-aluminum  and  aluminum-magnesium  solid 
solutions  are  attributed  to  the  difference  in  the  mean  internal  stress.  Although  systematic 
information  of  the  mean  internal  stress  and  dislocation  densities  are  still  lacking,  it  seems 
reasonable  that  the  average  internal  stress  is  higher  in  hep  magnesium-aluminum  solid  solutions 
than  cubic  aluminum-magnesium  solid  solutions,  because  hep  system  has  limited  number  of 
primary  slip  systems  and  large  hardening  rate  is  expected  at  this  temperature  range. 

Table  3.  Ratio  of  the  mean  internal  stress  to  the  applied  stress  at  the  non-dimensional 
normalized  strain  rate  of  10'10  (*  Interpolated  value  based  on  reference  [6].) 


Alloy 

Mg-3A1 

Al-1.09mol%Mg 

a/.G 

r  -  a ) J  a 

2.1xl0'3 

0.98 

7-OxlO"4 

0.8* 

i 

Relative  creep  rates 

Non-dimensional  normalized  creep  rates  are  applicable  when  physical  coefficients  are  well 
determined  at  the  corresponding  conditions.  Not  always,  unfortunately,  these  physical  coefficients 
are  available.  So-called  Z-parameter  normalized  by  activation  energy  of  creep  or  activation  energy 
for  diffusion  is  another  normalized  creep  rates,  which  is  able  to  apply  to  many  alloys  including 
engineering  alloys.  Figure  6  shows  dependence  of  Z-parameter  as  normalized  creep  rates  as  a 
function  of  the  normalized  applied  stress.  Broad  gray  curve  roughly  shows  normalized  creep  rates 
of  pure  magnesium.  The  curve  has 


drawn  based  on  the  figure  of  reference 
[10,11],  The  activation  energy  used 
was  MOkJ-mol'1,  which  is  the  same 
with  the  activation  energy  for 
inter-diffusion  of  aluminum  in 
magnesium  used  by  Vagarali  [3],  thus 
the  Z  is  defined  as 
Z  =  e  •  exp(l  40000  /  RT)  -  Except 
AS21  and  magnesium-yttrium  alloys, 
data  points  tend  to  gather  with  each 
other  and  form  a  broad  band.  The 
band  contains  data  both  of  solid 
solutions  and  alloys  with  precipitates. 
In  magnesium-yttrium  alloys,  however, 
normalized  creep  rates  are  far  less  than 
that  of  other  alloys  both  in  solid 
solutions  and  alloy  with  precipitates. 
This  fact  suggests  that  the  apparent 
activation  energy  of  creep  in 
magnesium-yttrium  alloys  is  higher 
than  that  of  other  alloys.  Although 
physical  coefficients  in 

magnesium-yttrium  system  are 
insufficient  for  detailed  normalization 


and  comparison,  peculiar 

improvements  of  creep  strength  by 
yttrium  deserve  to  emphasize. 


Fig.  6.  Normalized  creep  rate  as  a  function  of  the 
applied  stress. 
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Summary 

(1)  Creep  characteristics  of  binary  magnesium  alloys  at  the  temperature  up  to  0.6rm  are  briefly 
summarized. 

(2)  Magnesium-aluminum  solid  solutions  show  similar  behavior  of  that  of  cubic  solid  solutions  and 
both  Alloy-type  and  Metal-type  behavior  appears  at  the  temperature. 

(3)  Non-dimensional  normalized  creep  rates  of  magnesium-aluminum  solid  solutions  are  lower  than 
that  of  aluminum-magnesium  solid  solutions.  The  difference  in  creep  rates  is  attributed  to  the 
difference  in  the  mean  internal  stress. 

(4)  Yttrium  improves  creep  strength  both  in  solid  solutions  and  two  phase  alloys.  Strengthening 
effect  of  yttrium  is  remarkable  compared  with  other  alloying  elements.  Further  information  of 
high  temperature  properties  in  magnesium-yttrium  system  is  expected  including  physical 
parameters,  such  as  diffusion  coefficients  for  detailed  considerations  of  creep  behavior. 
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Abstract 

The  light-weight  pressure  die-cast  Mg-Al-base  alloy  AZ91hp  used  in  automotive  application  in 
the  as  cast  state  was  investigated  with  regard  to  evolution  of  the  microstructure  during  an¬ 
nealing  at  150°C  and  creep  at  135°C  and  210  MPa.  Due  to  the  fast  cooling  during  die  casting 
the  microstructure  is  unstable.  Annealing  for  1  h  at  150°  C  leads  to  beginning  of  precipitation 
of  coherent  /^-particles.  Creep  for  34  min  at  135° C  causes  precipitation  of  /?  on  a  large  scale, 
but  with  strong  local  variation  and  formation  of  a  subgranular  dislocation  structure  with  a 
spacing  of  free  dislocations  of  about  4  bG/a  and  a  subgrain  size  of  about  15  6  (S'/ cr,  similar 
to  the  characteristic  dislocation  spacings  in  the  steady  state  of  deformation  of  cubic  metals. 
These  microstructural  changes  must  be  taken  into  account  in  the  constitutive  description  of 
deformation  of  AZ91  at  intermediate  temperatures. 

1.  Introduction 

The  creep  behavior  of  die-cast  magnesium  alloys  is  relevant  with  regard  to  their  application 
in  automobiles.  For  a  full  constitutive  description  of  creep  one  needs  information  not  only  on 
the  kinetics  of  creep,  but  also  on  the  evolution  of  the  microstructure.  So  far  the  knowledge  on 
the  microstructure  of  Mg-alloys  is  limited.  The  present  work  examines  the  changes  in  phase 
structure  and  dislocation  structure  of  AZ91  accompanying  creep. 

2.  Experimental 

The  high-purity  magnesium  alloy  AZ91hp  (composition  in  wt.%:  A1  8.9,  Zn  0.79,  Mn  0.21, 
Si  0.01,  Fe  0.003,  Cu  0.001,  Ni  0.001,  Be  0.0007)  was  produced  by  pressure  die  casting.  The 
thickness  of  the  castings  varies  in  steps  from  2.5  mm  to  25  mm.  The  specimens  for  compression 
tests  were  taken  from  the  section  with  5  mm  thickness.  Compression  was  done  at  135° C  and 
constant  stress  a  (load  per  average  cross  section).  Fig.  1  shows  the  strain  rate  e  -  strain  e  -  curve 
of  the  specimen  investigated  in  this  work.  The  minimum  rate  of  deformation  was  reached  at 
e  «  0.14. 

For  light  optical  (LOM)  and  scanning  electron  microscopy  (SEM,  with  JEOL  JSM6400),  sec¬ 
tions  of  the  specimens  parallel  to  the  normal  of  the  cast  plate  and  the  direction  of  compression, 
respectively,  were  prepared  by  mechanical  polishing  (final  step:  0.3  pm  sized  Al203-powder) 
followed  by  etching  in  a  solution  of  nitric  acid  (volume  fraction  1:25)  in  ethanol.  The  foils  for 
transmission  electron  microscopy  (TEM,  with  Philips  EM  400)  were  prepared  by  a  combina¬ 
tion  of  mechanical  and  ion  thinning  techniques:  Discs  of  3  mm  diameter  and  50  pm  thickness 
were  prepared  by  cutting  slices  of  1  mm  thickness  from  the  bulk  specimens  with  a  low  speed 
diamond  saw,  grinding  and  punching;  final  thinning  was  performed  on  an  ion  beam  etching 
machine,  operating  at  4  kV  with  an  incident  angle  of  5°.  The  density  pf  of  free  dislocations 
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inside  (sub)grains  was  determined  by  counting  the  points  where  dislocations  intersect  the  foil 
surfaces.  The  size  of  subgrains  (crystallites  partially  bounded  by  low  angle  boundaries)  was 
quantified  by  the  line  intersection  technique. 


Figure  1:  Strain  rate  e  as  function  of  strain  for  compression  at  135°C  and  210  MPa  interrupted 
at  e  =  0.24  after  34  min  of  deformation  and  about  1  h  of  soaking  at  test  temperature  prior  to 
deformation. 

3.  Microstructural  Results 

From  the  literature,  e.g.[l,  2]  it  is  known  that  as  cast  AZ91  is  made  up  from  primary  grains  of  a- 
phase  surrounded  by  a  eutectic  layer  consisting  of  large  particles  of  /3-phase  (Mgi7  Al12  embedded 
in  supersaturated  a-Mg-Al  phase).  These  structure  elements  can  be  seen  in  Fig.  2.  The  grain 
size  d  is  about  10  to  18  /im.  The  TEM-micrograph  of  Fig.  2c  shows  a  grain  (or  subgrain)  of  a 
with  some  large  eutectic  /3-precipitates  preferentially  located  at  the  boundaries  and  a  density 
of  free  dislocations  pf  =  12  x  1012/m2.  Quantitative  evaluation  of  SEM  micrographs  like  Fig. 
2b  yielded  a  volume  fraction  of  /3-phase  fp  =  0.14  ±  0.02.  From  the  binary  phase  diagram 
Mg-Al  one  expects  fp  =  0.17.  These  figures  are  consistent  with  the  expectation  that  a  is 
supersaturated  with  Al. 

Annealing  will  move  the  system  towards  equilibrium.  However,  after  annealing  by  1  h  at  150°C 
no  micostructural  change  relative  to  the  as  cast  state  was  found;  in  particular  the  contrast  be¬ 
tween  eutectic  and  primary  a  still  existed  indicating  that  little  precipitation  of  /3  had  occurred. 
This  is  consistent  with  the  observation  of  [3]  that  nucleation  of  /3-precipitates  needs  a  time 
interval  in  the  order  of  45  min  at  200°  C.  However,  TEM  observation  shows  that  formation  of 
small  coherent  /3-particles  is  beginning  in  the  eutectic  as  well  as  in  the  primary  a-phase  (Fig. 

3)- 

In  contrast  to  annealing  at  150°C,  lh  of  creep  at  135° C  and  210  MPa  to  a  compressive  strain 
of  0.24  (after  about  1  h  of  soaking  at  test  temperature)  has  a  pronounced  effect  on  the  mi¬ 
crostructure.  Fig.  4a  (SEM)  shows  that  the  grains  have  been  compressed,  the  boundary 
between  primary  and  eutectic  a  has  disappeared,  and  (3  has  precipitated  along  lines  which 
probably  mark  large  angle  grain  boundaries.  TEM  shows  additional  details.  In  the  primary  a 
region  numerous  /3-precipitates  with  relatively  rounded  shapes  can  be  seen.  In  regions  which 
probably  correspond  to  the  eutectic  a-phase  /3-particles  appear  locally  with  a  large  volume 


Key  Engineering  Materials  Vols.  171-174 


c 

Figure  2:  As  cast  AZ91: 

a)  Large  /2-particles  (dark)  surrounding  a-phase  (LOM  of  weakly  etched  section), 

b)  Large  /2-particles  (white)  in  eutectic  a-phase  (dark);  bounding  the  primary  a-grains  (grey) 
(SEM  with  secondary  electrons), 

c)  a- (sub) grain  with  dislocations  and  large  eutectic  /2-particles  (TEM).  The  boundary  between 
primary  and  eutectic  a  is  invisible. 
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fraction  apparently  exceeding  the  value  of  0.17  expected  for  an  Al-content  of  9  wt.%.  The 
density  of  free  dislocations  is  pt  =  100  x  1012/m2  has  strongly  increased  relative  to  the  initial 
state.  Free  dislocations  lie  predominatly  on  basal  planes,  but  there  are  also  some  segments 
of  dislocation  lying  on  non-basal  planes  confirming  the  finding  of  Regev  et  al.  [6].  In  addi¬ 
tion,  subgrains  have  formed.  The  term  subgrain  is  used  because  some  of  the  boundaries  can 
be  identified  as  dislocation  networks.  However,  there  are  indications  that  there  are  also  twin 
boundaries  incorporated  in  the  structure  implying  that  twinning  is  an  active  mode  of  deforma¬ 
tion  at  the  present  conditions.  The  subgrain  structure  is  qualitatively  confirmed  by  LOM  (Fig. 
5)  showing  a  granular  structure  with  crystallite  sizes  in  the  order  of  several  pm,  i.e.  distinctly 
smaller  than  the  size  of  the  primary  a-grains.  The  subgrains  are  not  equiaxed;  determination 
of  the  subgrain  size  w  in  the  directions  of  0°,  45°  and  90°  to  the  direction  of  subgrain  elongation 
yielded  Woo  =  483  nm,  w45  =  367  nm,  and  iu9o  =  293  nm.  The  statistical  error  of  these  values 
is  about  15%. 


Figure  3:  Coherent  precipitates  of  /?  (partially  marked  by  arrows)  after  1  h  of  annealing  at 
150°C  (TEM);  at  the  upper  left  and  the  lower  right  large  eutectic  ^-particles  are  visible. 
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Figure  4:  Microstructure  after  creep  by  e  =  0.24  at  135°C  and  210  MPa: 

a)  /?-phase  appears  not  only  in  the  eutectic  form  bounding  primary  a  but  also  aligned  along 
boundaries.  Note  disappearance  of  contrast  between  primary  and  eutectic  a  (SEM  with  sec¬ 
ondary  electrons). 

b)  Subgranular  dislocation  structure  and  /^-particles  (partially  marked  by  arrows)  in  primary 
Q-phase  (TEM). 

c)  Region  (presumably  in  eutectic  a-phase)  with  high  volume  fraction  of  ^-precipitates  (TEM). 
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4.  Discussion 

The  present  results  clearly  show  that  the  phase  structural  changes  in  the  unstable  as  cast  state 
of  the  alloy  AZ91  are  strongly  accelerated  by  concurrent  creep  at  135°C.  It  appears  that  the 
dislocation  activity  caused  by  the  rapid  deformation  in  the  beginning  of  creep  triggers  nucleation 
of  /3-phase  allowing  for  fast  decrease  of  the  supersaturation  with  A1  in  the  primary  as  well  as  in 
the  more  strongly  supersaturated  eutectic  a-phase.  This  precipitation  will  increase  the  creep 
resistance.  The  assumption  of  precipitation  hardening  is  consistent  with  the  conclusion  of 
Dargusch  et  al.  [2]  and  Blum  et  al.  [5]  and  implies  that  /?  is  a  hard  phase  at  least  at  the 
test  temperature  of  this  work,  135° C.  The  observed  precipitation  also  backs  the  interpretation 
of  Blum  et  al.  [5]  for  the  influence  of  high  temperature  annealing  on  the  maximum  creep 
resistance  (which  is  even  higher  than  for  as  cast  material  because  the  large  primary  /3-particles 
are  dissolved  during  annealing  at  413° C  and  precipitation  hardening  is  consequently  enhanced). 
In  addition  to  precipitation  hardening  the  effect  of  the  relatively  high  initial  density  of  disloca¬ 
tions,  the  small  grain  size  and  the  eutectic  which  probably  constitutes  a  relatively  hard  region 
due  to  large  supersaturation  with  Al  and  hardening  by  eutectic  j3  influence  the  creep  response 
and  cause  a  relatively  short  primary  stage  of  creep  as  compared  to  the  annealed,  large  grained 
AZ91  (compare  Fig.  1  and  [5]). 

The  observed  increase  in  creep  rate  e  for  e  >  0.15  (Fig.  1)  is  probably  of  microstructural 
origin  as  the  macroscopic  deformation  was  apparently  uniaxial,  and  showed  no  indications  of 
mechanical  instability.  At  present  it  cannot  be  decided  whether  loss  of  solid  solution  hardening 
by  precipitation  of  Al  or  loss  of  precipitation  hardening  due  to  coarsening  of  the  precipitates 
or  chang  in  texture  is  the  major  reason  of  the  observed  softening. 

The  observation  of  subgrain  formation  confirms  the  results  reported  previously  for  crept  [5]  and 
and  for  hot  worked  AZ91  [7]  and  is  in  line  with  the  general  findings  of  subgrain  structures  in 
the  steady  state  of  deformation  for  materials  of  different  crystallographic  structures. 

It  is  known  [8]  that  the  characteristic  dislocation  spacings  are  mainly  (though  not  completely) 
determined  by  applied  stress.  This  holds  also  in  the  present  case.  Fig.  6  shows  the  subgrain 
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Figure  6:  Subgrain  size  w  and  spacing  pf 0  5  plotted  against  stress  a  normalized  by  the  shear 
modulus  G=16.6x  (1—5.3  xlO-4(T/K  -  300))  GPa  [4],  The  number  of  investigated  subgrains 
is  given  beside  the  w-symbols.  The  small  full  circle  represents  the  w-value  reported  in  [5].  The 
lines  with  slope  -1  are  shown  for  the  sake  of  comparison  only.  The  shaded  band  marks  the 
initial  grain  size  d. 


size  and  the  spacing  of  free  dislocations  plotted  against  shear  modulus  normalized  stress.  It  is 
seen  that  the  average  subgrain  size  w  lies  in  the  order  of  lbbG/a  and  the  average  spacing  of 
free  dislocations  is  about  4  bGfo.  These  figures  correspond  to  the  results  obtained  for  materials 
with  other  crystal  structures,  in  particular  fee  materials  [8]. 

5.  Summary 

1.  Die  cast  AZ91hp  consisting  of  primary  a-phase  surrounded  by  eutectic  mixture  of  supersat¬ 
urated  a-  and  /3-phase  is  in  an  unstable  state.  Annealing  by  lh  at  150°C  causes  only  minor 
changes;  however,  the  beginning  of  precipitation  of  small  coherent  /3-particles  can  be  seen  by 
TEM. 

2.  Creep  at  135°C  and  210  MPa  causes  severe  microstructural  changes:  /3  precipitates  in  each 
component  of  the  microstructure,  but  with  marked  local  variation  in  volume  fraction  inside  the 
cr-phase  and  with  preference  of  precipitation  at  grain  boundaries.  These  observations  support 
the  interpretation  of  the  creep  behavior  of  AZ91  in  terms  of  precipitation  hardening.  The  dis¬ 
location  structure  develops  towards  a  steady  state  subgrain  structure.  The  average  subgrain 
size  and  spacing  of  free  dislocations  lie  in  the  order  of  magnitude  expected  from  approximate 
inverse  relation  to  shear  modulus  normalized  stress  as  commonly  found  for  materials  with  cubic 
crystal  structure. 
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Abstract 

Shear  tests  have  been  carried  out  over  a  wide  temperature  range  of  753  ~  893K,  including 
temperatures  below  and  above  the  solidus  temperature,  for  an  Al-5wt.  %Mg  alloy.  The  deformation 
behavior  in  a  semi-solid  state  is  divided  into  two  regions;  one  is  in  a  semi-solid  state  containing  the 
discontinuous  liquid  and  another  is  in  a  semi-solid  state  containing  the  continuous  liquid.  An 
analysis  of  the  deformation  mechanisms  suggested  that  the  deformation  of  the  latter  is  associated  with 
the  lubricated  flow.  On  the  other  hand,  the  deformation  of  the  former  is  likely  a  transition  from  the 
viscous  glide  creep  in  a  solid  state  to  the  lubricated  flow  in  a  semi-solid  state  containing  the 
continuous  liquid. 


1.  Introduction 

The  deformation  behavior  in  a  semi-solid  state  is  phenomenologically  divided  as  follows;  plastic 
deformation  of  solid  phases,  sliding  between  solid  phases,  flow  of  liquid  incorporating  solid  phases 
and  liquid  flow  [1].  For  compressive  deformation,  because  the  liquid  is  squeezed  out  of  boundaries 
experiencing  compressive  stresses  in  a  very  short  time  [2],  it  is  difficult  to  investigate  the  deformation 
related  to  the  liquid  flow.  In  the  present  investigation,  shear  tests  are  carried  out  over  a  wide 
temperature  range  of  753  -  893K,  including  temperatures  below  and  above  the  solid  temperature,  for 
Al-5wt.%  Mg  alloy  to  investigate  the  deformation  behavior  in  semi-solid  states  at  early  states  of 
melting.  Pharr  et  al.[3]  showed  that  the  liquid  significantly  affects  the  creep  behavior  when  a 
significant  portion  of  grain  boundary  area,  in  excess  of  70  %,  is  wet.  This  study  revealed  that  the 
volume  fraction  of  the  liquid  phase  is  an  important  factor  in  the  deformation  characteristics  in  a  semi¬ 
solid  state.  The  same  trend  has  been  reported  in  a  semi-solid  state  at  solidification  [4].  However, 
the  deformation  in  a  semi-solid  state  is  very  complicated  and  can  not  be  described  only  by  the  volume 
fraction  of  the  liquid  phase.  In  the  present  investigation,  the  deformation  characteristics  in  a  semi¬ 
solid  state  at  the  early  states  of  melting  are  investigated  from  the  viewpoint  of  the  distribution  of  the 
liquid  phase. 


2.  Experimental  Procedure 

A  material  used  in  the  present  investigation  was  a  commercial  Al-5Mg  (5056)  alloy.  The 
chemical  composition  of  the  alloy  is  5.05  Mg,  0.10  Cu,  0.10  Zn,  0.40  Fe,  0.30  Si,  0.15Cr  and 
0.15Mn  in  weight  pet.  The  grain  are  almost  equiaxed  and  the  grain  size  is  20.83  pin.  Double  shear 
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specimens  were  machined  from  as-received  material.  All  tests  were  conducted  double-shear 
conditions,  using  specimens  having  twin  gauge  lengths  2.5  mm  long  and  3  mm  in  diameter  as 
shown  in  Fig.  1,  in  a  strain  rate  range  of  mainly  10  3  ~  2  s'1  and  in  a  wide  temperature  range  of  753 
~  893  K.  The  test  temperature  range  includes  temperatures  below  and  above  the  solidus  temperature. 
Much  attention  was  paid  to  control  of  the  test  temperatures.  The  electric  furnace  with  three  zones 
was  used  for  strict  control  of  the  test  temperatures.  As  a  result,  the  test  temperatures  were  rigidly 
maintained  within  ±0.1  K.  For  the  testing  machine  used,  the  reliable  stress  values  are  more  than 
0.02  MPa  because  of  the  detection  limit  of  the  load  cell.  Therefore,  tests  were  not  conducted  at  low 
strain  rates  below  10'1  or  5  x  10 1  /s  at  more  than  890  K. 

The  annealed  and  the  deformed  specimens  were  rapidly  quenched  to  investigate  the 
microstructure.  The  quenched  specimens  were  mechanically  polished  and  then  etched.  Differential 
scanning  calorimeter  (DSC)  experiments  were  carried  out  for  the  as-received  material  to  investigate 
the  solidus  temperature.  The  solidus  temperature  of  the  alloy  was  853  K. 
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Fig.  1  Illustration  of  the  test  specimen. 


3.  Results 

3.1  Microstructure 

Microstructures  of  the  specimens  annealed  at  the  given  temperatures  above  the  solidus 
temperature  (=  853  K)  are  shown  in  Figs  2  &  3,  where  the  annealing  time  is  1.8ks.  It  can  been  seen 
that  partial  melting  preferentially  occurs  at  the  triple  points  of  grain  boundaries,  as  shown  in  the 
specimen  annealed  at  863  K,  and  then  partial  melting  develops  along  grain  boundaries  with  increasing 
temperature.  Inspection  of  the  microstructures  reveals  that  all  areas  of  grain  boundaries  are  not  wet 
at  temperatures  <888  K,  but  all  areas  of  grain  boundaries  are  wet  at  temperatures  >890  K. 
Therefore,  the  temperature  range  in  the  present  investigation  can  be  divided  into  three  states;  a  region 
of  solid  state  between  753  and  833  K,  a  region  of  semi-solid  state  containing  a  discontinuous 
intergranular  liquid  between  863  and  888  K,  and  a  region  of  semi-solid  state  containing  the 
continuous  intergranular  liquid  between  890  and  893  K.  Partial  melting  occurs  in  the  interior  of  the 
solid  phase  as  well  as  at  grain  boundaries,  however,  each  liquid  phase  in  the  interior  of  the  solid 
phase  is  isolate  at  all  the  testing  temperatures.  Pores  are  found  in  the  interior  of  the  solid  phase.  The 
pores  are  probably  formed  during  solidification  of  liquid  inclusions  by  rapid  quenching. 

The  average  diameter  of  the  solid  phase  and  the  average  thickness  of  the  liquid  phase  at  890  ~  893  K 
are  quantitatively  measured  using  a  LUZEX  F  Stereo  Analyzing  System.  The  results  are  listed  in 
Table  1.  It  is  noted  that  the  thickness  of  the  liquid  phase  significantly  depends  on  the  temperature. 
Microstructures  of  the  specimens  deformed  at  890  K  to  y  =  0.18  and  0.44  are  shown  in  Fig.  4,  where 
the  shear  rate  is  1  s'1.  The  phase  at  890  K  is  the  semi-solid  state  containing  the  continuous  liquid. 
However,  no  aggregation  of  the  liquid  phase  was  found  and  there  were  no  boundaries  where  the 
liquid  was  squeezed  out  of  up  to  y=  0.1.  In  addition,  inspection  of  Fig.  4  reveals  that  cavities  and 
cracks  are  not  formed  at  liquid  boundaries.  Another  important  observation  is  that  the  size  and  shape 
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of  the  solid  phase  in  the  deformed  specimens  are  the  same  as  those  in  the  annealed  specimen.  This 
suggests  that  deformation  does  not  occur  in  the  interior  of  the  solid  phase  and  the  deformation 
mechanism  is  associated  with  the  flow  of  liquid  incorporating  solid  phases. 

Table  1  The  thickness  of  the  liquid  phase  and  the  size  of  the  solid 
phase  at  890-893  K. 


Thickness  of  the 

Size  of  the 

Temperature  (K) 

liquid  phase  (/im) 

solid  phase  (/mi) 

890 

9.3 

125.2 

891 

14.6 

133.4 

893 

23.6 

136.3 

3.2  Deformation  Behavior 

The  shear  stress  -  shear  strain  curves  at  773,  888  and  891  K  are  shown  Fig.  5,  where  the  shear 
rate  is  1  s1.  It  can  be  seen  that  the  flow  stress  is  almost  constant  to  large  strain  of  about  1.5  and  the 
shear  strain  to  failure  is  large  at  773  K  where  the  phase  is  a  solid  state,  however,  the  flow  stress 
rapidly  decreases  after  a  maximum  stress  is  attained  and  the  shear  strain  to  failure  is  very  small  at  888 
and  891  K  where  the  phase  is  the  semi-solid  state.  The  same  trend  of  the  yield  behavior  in  a  semi¬ 
solid  state  has  been  reported  in  thixotropic  metals  [5]. 

The  variation  in  shear  stress  as  a  function  of  shear  strain  rate  at  753  -  893  K  is  shown  in  Fig.  6. 
The  shear  stresses  were  determined  at  a  small  strain  of  y  =  0.05  because  there  was  no  aggregation  of 
the  liquid  phase  at  y  =  0.05.  It  follows  from  Fig.  6  that  the  stress  exponent,  n  (=dlnx/dlnY,  where  t 
is  the  shear  stress  and  Y  is  the  shear  strain  rate),  is  about  3  at  753  -  833  K  where  the  phase  is  a  solid 
state.  Many  solid-solution  alloys  such  as  Al-Mg  alloys  show  creep  behavior  with  n  =  3  because  of 
viscous  dislocation  glide  [6-9].  The  fact  that  the  stress  exponent  was  3  at  753  -  833  K  indicates  that 
the  deformation  mechanism  is  viscous  dislocation  glide  creep.  On  the  other  hand,  the  stress 
exponent  decreases  with  increasing  temperature  in  a  temperature  range  of  863  -  888/\K,  where  the 
phase  is  the  semi-solid  state  containing  the  discontinuous  liquid,  in  particular,  the  low  stress  exponent 
of  about  2  is  attained  at  888  K.  Many  superplastic  metals  show  the  low  stress  exponent  of  2  [10]. 
The  dominant  deformation  process  of  superplastic  flow  is  grain  boundary  sliding  [11-14]. 
Therefore,  the  deformation  at  863  -  888  K  may  be  associated  with  grain  boundary  sliding  enhanced 
by  the  liquid  phase.  At  890  -  893  K,  the  very  low  value  of  n  =  1  is  attained  at  high  strain  rates  of 
more  than  1  s'1. 

On  the  other  hand,  the  stress  exponent  appears  to  be  high  at  low  strain  rates  of  less  than  1  s' 1  at  890  - 
893  K,  however,  we  could  not  investigate  the  stress-rate  relation  at  low  strain  rates  of  less  than  1  s1 
at  890  -  893  K  because  the  flow  stresses  were  close  to  the  detection  limit  of  the  load  cell  used  in  the 
present  investigations. 

3.3  Fracture  Behavior 

The  specimens  deformed  to  failure  by  the  shear  tests  are  shown  in  Fig.  7.  Clearly,  the  shear 
strain  to  failure  at  863  -  893  K,  where  the  phase  is  the  semi-solid  state,  is  much  smaller  than  that  at 
753  -  833  K,  where  the  phase  is  a  solid  state.  The  variation  in  shear  strain  to  failure  as  a  function  of 
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Fig.  2  Microstructures  of  the  specimens  annealed  Fig.  3  Microstructuies  of  the  specimens  annealed 
at  (a)  863  K,  (b)  883  K  and  (c)  888  K,  where  at  (a)  890  K,  (b)  891  K  and  (c)  893  K,  where 

the  annealing  time  is  1.8  ks.  the  annealing  time  is  1.8  ks. 
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temperature  is  shown  in  Fig.  8,  where  the  shear 
strain  rate  is  10'1  s'1  at  753  -  888  K  and  1  s'1  at 
890  ~  893  K.  It  can  be  seen  that  the  shear 
strain  to  failure  significantly  decreases  at  the 
solidus  temperature.  Roth  et  al.  [15]  noted 
that  the  embrittlement  observed  by  high 
temperature  impact  testing  is  associated  with  the 
presence  of  the  liquid  phases  in  Al  alloys 
containing  low-melting-point  inclusions  of  Bi, 
Cd  or  Pb  .  The  low  ductility  in  the  semi-solid 
state  is  probably  attributed  to  intergranular 
decohesion  at  liquid  grain  boundaries. 
Recently,  it  was  reported  that  superplastic 
elongation  is  enhanced  by  the  presence  of  a 
liquid  phase  [16-18].  In  this  case,  the 
thickness  of  a  liquid  phase  is  very  thin  (<  30 
nm)  [19].  In  the  present  investigation, 
however,  the  thickness  of  the  liquid  phase  is 
much  larger  than  that  for  the  superplastic 
materials.  The  critical  stress,  below  which 
decohesion  is  not  caused  at  liquid  boundaries, 
decreases  with  increasing  thickness  of  the  liquid 
phase  [19].  Therefore,  the  thick  liquid  phase 
is  likely  responsible  for  the  low  ductility  in  the 
semi-solid  state  in  the  presentinvestigation. 

4.  Surmary 

(1)  Shear  tests  and  microstructural  observation 
were  carried  out  over  a  wide  temperature  range 
of  753  ~  893K,  including  temperatures  below 
and  above  the  solid  temperature,  for  Al-5%Mg 
alloy. 

(2)  Microstructural  observation  showed  that 
the  phase  at  753  ~  833  K  is  a  solid  state,  the 
phase  at  863  ~  888  K  is  a  semi-solid  state 
containing  the  discontinuous  intergranular  liquid, 
and  the  phase  at  890  -  893  K  is  a  semi-solid 
state  containing  the  continuous  intergranular 
liquid. 

(3)  When  the  phase  is  a  solid  state,  the  stress 
considered  to  be  the  viscous  glide  creep. 

(4)  The  deformation  behavior  in  the  semi-solid  st 
When  the  liquid  phase  is  continuous,  the  stres: 
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Fig.  7  Examples  of  the  specimens  deformed 
to  failure. 

exponent  is  3  and  the  deformation  mechanims  is 

ite  depended  on  the  distribution  of  the  liquid  phase, 
i  exponent  is  unity  and  the  dominant  deformation 
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process  is  likely  to  be  the  lubricated 
flow. 

(5)  On  the  other  hand,  when  the 
liquid  phase  is  discontinuous,  the 
stress  exponent  depended  on  the 
temperature.  This  region  is  likely  a 
transition  from  the  viscous  glide 
creep  to  the  lubricated  flow. 
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ABSTRACT 

The  microstructurs  and  compression  strengths  of  Ir-based  binary  alloys  (Ir-X,  where  X  is  V,  Ti,  Ta, 
Nb,  Hf,  or  Zr)  at  temperatures  between  room  temperature  and  1800  °C  were  investigated.  Several  Ir- 
based  alloys  displayed  superior  strength  throughout  the  temperature  range.  An  fee  and  Ll2  two-phase 
structure  was  observed  in  the  Ir-based  alloys  by  a  transmission  electron  microscope  and  is  believed  to 
be  an  important  element  of  the  strength  performance.  Precipitate  shape  was  observed  to  depend  upon 
the  lattice  parameter  misfit  between  an  fee  matrix  and  Ll2  precipitates.  Cuboidal  Ll2  precipitates  were 
formed  in  the  Ir-Nb  and  Ir-Ta  alloys  with  lattice  misfit  about  0.3%.  Plate-like  precipitates  were 
formed  in  the  Ir-Hf  and  Ir-Zr  alloys  with  lattice  misfit  about  2%,  and  these  precipitates  formed  a  three- 
dimensional  maze  structure.  Precipitation  hardening  was  investigated  in  the  Ir-Nb  and  Ir-Zr  alloys, 
but  was  larger  in  the  Ir-Zr  alloy.  We  observed  different  deformation  mechanisms,  shearing 
mechanism  and  bypass  mechanism  in  the  Ir-Zr  and  Ir-Nb  alloys,  respectively. 

INTRODUCTION 

We  have  investigated  Ir-based  alloys  as  attractive  ultra-high  temperature  materials  [1-5].  Ir  was 
selected  as  the  base  material  because  of  high  melting  temperature  of  Ir  (2447  °C).  In  Ir-V,  Ir-Ti,  Ir- 
Nb,  Ir-Ta,  Ir-Hf,  and  Ir-Zr  binary  systems,  the  fee  structure  equilibrates  with  the  Ll2  structure  [6]. 
Thus  the  fee  and  Ll2  two-phase  coherent  structure  is  expected  in  these  alloys.  In  well  known  Ni- 
based  superalloys,  the  fee  and  Ll2  two-phase  coherent  structure  plays  important  role  to  strengthen  the 
alloy  around  from  800  to  1100°C.  For  example,  both  the  single-phase  alloy  with  the  Ll2  structure, 
and  the  single-phase  alloy  with  the  fee  structure  are  less  resistant  to  creep  deformation  than  the  fee  and 
Ll2  two-phase  alloys  [7].  These  two-phase  alloys  are  more  resistant  to  creep  deformation  since 
precipitates  form  in  the  matrix  with  coherent  interfaces,  and  these  coherent  interfaces  prevent 
movement  of  dislocations  and  coarsening  of  the  precipitates  [8].  If  the  fee  and  Ll2  two-phase  coherent 
structure  is  formed  in  the  Ir-based  alloys,  we  can  expect  that  Ir-based  alloys  also  show  high  strength 
at  high  temperature  which  can  not  be  used  for  Ni-based  superalloys.  We  defined  the  alloy  with  the  fee 
and  Ll2  two-phase  coherent  structure  and  yet  with  considerably  high  melting  temperatures  as 
"refractory  superalloy  s". 

As  a  high  temperature  materials,  platinum  group  metals  and  their  alloys  have  been  investigated. 
Liu  et  al.  observed  that  the  addition  of  small  amounts  of  W  or  Th  to  Ir  with  an  fee  structure  improves 
the  ductility  of  Ir.  An  Ir-0.3%W  alloy  is  used  in  the  primary  containment  of  space  power  systems  or 
general  purpose  heat  sources  [9,  10].  RuAl  and  RuSc  with  a  B2  structure  [11-14]  and  IrNb  and  RuTa 
with  an  Ll0  structure  [14],  and  Ir3Nb  and  Ir3Zr  [15]  with  an  Ll2  structure  have  also  been  investigated. 
However  there  is  little  research  about  the  platinum  group  metals  based  fee  and  Ll2  two-phase  alloys. 

In  this  paper,  we  investigated  strength  behavior  of  the  Ir-based  binary  alloys  up  to  1800  C. 
Deformation  mechanisms  in  the  Ir-Nb  and  Ir-Zr  alloys  as  representative  are  discussed  by  observation 
of  microstructure  and  dislocation  structure  using  transmission  electron  microscope  (TEM). 

EXPERIMENTAL  PROCEDURES 

We  chose  V,  Ti,  Nb,  Ta,  Hf,  and  Zr  as  the  alloying  elements  of  the  Ir  binary  alloys.  All  Ir  binary 
alloys  with  second  element  contents  up  to  25  at%  were  prepared  as  70g  button  ingots  by  arc  melting 
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in  an  argon  atmosphere.  This  composition  range  include  the  fee  single-phase  region,  the  fee  and  LI, 
two-phase  region,  and  Ll2  single-phase  region.  The  table  1  summarized  the  phase  composition  of 
tested  alloys,  the  phase,  and  heat  treatment.  We  cut  3mm-diameter  cylindrical  samples  from  the  binary 
alloy  ingots  and  heat  treated  them.  Heating  at  1200°C  was  carried  out  with  the  samples  encapsulated  in 
quartz  tubes  filled  with  argon  gas,  followed  with  water  quenching.  Heating  above  1200°C  was 
earned  out  in  the  vacuum  furnace.  First,  we  observed  the  microstructure  of  these  heat  treated  alloys 
using  a  TEM.  Next,  the  compression  test  was  carried  out  for  heat  treated  samples  in  air  for  tests  at 
both  room  temperature  and  1200°C,  and  in  argon  for  tests  at  1800°C.  For  the  tests  at  1200°C  and 
1800°C,  the  samples  remained  at  the  test  temperature  for  15  minutes  before  loading.  The  initial 
compressive  strain  rate  for  every  compression  test  was  3.0  x  104/s.  The  compression  test  was 
stopped  when  the  plastic  strain  reached  about  3%.  After  the  compression  test,  thin  discs  were  cut 
from  deformed  samples,  the  dislocation  structure  was  observed  using  TEM.  To  observe 
microstructure  in  the  heat  treated  samples  and  dislocation  structure  in  the  deformed  samples,  thin  discs 
were  cut  from  samples  and  were  ion-milled.  Images  were  taken  in  the  beam  direction  of  [001],  [101], 
and  [112].  Dark-field  images  were  taken  with  superlattice  reflections  (g  =110)  from  the  Ll2  phase  in 
the  beam  direction  of  [001]. 


Table  1  Alloy  composition  (at%),  related  phase, 
and  heat  treatment  of  tested  alloys. 


RESULTS 

The  fee  and  Ll2  two-phase  coherent 
structure  was  formed  in  Ir-based  alloys 
after  heat  treatment  at  1200  or  1400°C  for 
168  hours  in  Fig.  1.  The  phases  with 
bright  contrast  are  Ir3V,  Ir3Ti,  Ir3Nb,  and 
Ir3Zr  with  the  Ll2  structure  (Figs.  1(a), 
(b),  (c),  and  (f),  respectively). 

Precipitates  shape  depends  on  lattice 
misfit  between  the  fee  matrix  and  the  Ll2 

precipitates,  L_  In 

^ matrix 

Fig.l,  L.M.  shows  the  lattice  misfit  of 
these  alloys  [3].  When  lattice  misfit  is 
small  (less  than  0.2%),  irregularly 
shaped  precipitates  were  formed  in  the  Ir- 
V  and  Ir-Ti  alloys  (Figs.  1(a)  and  (b)). 
Cuboidal  precipitates  with  coherent 
interfaces  between  lOOnm  and  200nm  in 
size  were  observed  m  the  Ir-Nb  and  Ir-Ta  alloys  with  moderate  lattice  misfit  (Figs.  1(c)  and  (d)). 
Plate-like  precipitates  with  coherent  interfaces  were  formed  and  a  three-dimensional  maze  structure 
appeared  in  the  Ir-Hf  and  Ir-Zr  alloys  with  large  lattice  misfit  near  2%  (Fig.  1(e)  and  (f)).  In  the  Ir-Hf 
and  Ir-Zr  alloys,  semi-coherent  precipitates  were  also  observed  in  addition  to  the  coherent  precipitates 
(Fig-  1(g)  and  (h)).  Semi-coherent  precipitates  are  larger  than  coherent  precipitates,  and  misfit 
dislocations  were  observed  at  interfaces  between  matrix  and  semi-coherent  precipitates. 

The  temperature  dependence  of  the  0.2%  flow  stress  of  the  Ir-based  binary  alloys  with  50% 
precipitates  is  shown  in  Fig.  2.  Four  well-known  materials  are  also  plotted  for  comparison.  First  is 
the  0.2%  flow  stresses  of  a  Ni-Al-Cr  alloy  with  40%  Ll2  phase  [16].  The  second  is  the  0.2%  flow 
stresses  of  a  commercially  available  Ni-based  superalloy,  MarM247  (Ni-10Co-10W-8.5Cr-5.5Al- 
0.7Mo-3Ta-1.4Hfwt%)  [17].  The  third  is  the  tensile  yield  stresses  of  a  third  generation  single  crystal 
Ni-based  superalloy,  CMSX-10  (Ni-2Cr-3Co-0.4Mo-5W-8Ta-6Re-0.lNb-5.7Al-0.2Ti-0.03Hf 
wt%)  [18].  The  fourth  is  the  tensile  yield  stresses  of  a  W-based  HfC  dispersion  hardening  alloy  (W- 
0.35wt%Hf-0.025wt%C)  [17].  The  strengths  of  the  Ir-Nb,  Ir-Ta,  Ir-Hf,  and  Ir-Zr  alloys  were 
equivalent  to  or  far  higher  than  the  strengths  of  MarM247  and  CMSX-10  at  temperatures  below 
1000  C.  The  strengths  of  these  alloys  were  above  400  MPa  even  at  1200°C  and  much  higher  than  that 
of  MarM247  (50  MPa).  At  1800°C,  the  strengths  of  these  alloys  were  about  200  MPa,  equivalent  to 
the  strength  of  the  W-HfC  alloy  (197  MPa),  which  is  the  strongest  known  metallic  material  available 
at  these  temperature.  The  strengths  of  the  Ir-Ti  and  Ir-V  alloys  were  low  at  all  testing  temperatures. 


Alloy  composition 

Phase 

Heat  treatment  for 
compression  test 

Ir-9Ti 

fee 

1200°C  1  hour 

Ir-15,  17Ti 

fee  +L1, 

1200“C  168  hours 

Ir-25Ti 

Ll2 

2000°  C  17  hours 

Ir-lONb 

fee 

2000°C  72  hours 

Ir-15, 17Nb 

fee  +L1? 

1200°C  72  hours 

Ir-25Nb 

LI, 

2000”C  72  hours 

Ir-2Hf 

fee 

1800UC  1  hour 

Ir-13,  15Hf 

fee  +L17 

1400"C  168  hours 

Ir-24Hf 

Ll, 

2000”C  72  hours 

Ir-2Zr 

fee 

1800"C  1  hour 

Ir-12,  15Zr 

fee  +L17 

1200°C  10  hours 

Ir-25Zr 

Ll? 

2000°C  72  hours 

Ir-18Ta 

fee  +L17 

[1200°C  72  hours 

Ir-18V 

fee  +L17 

1200”C  168  hours 
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Fig.  1  Microstructure  of  the  Ir-15at%  (a)V,  (b)Ti,  (c)Nb,  (d)Ta,  (e),(g)Hf,  and  (f),(h)Zr  alloys,  (d), 
(e),(g),  and  (h)  are  bright-field  images. (a),  (b),  (c),  (f)  are  dark-field  images.  They  were  taken  in  the 
beam  direction  of  [001].  Only  (h)  was  taken  in  beam  direction  of  [101].  All  dark-filed  images  were 
taken  with  a  superlattice  reflection  (g=l  10)  from  the  LI 2  structure.  The  alloys  except  for  the  Ir-Hf 

alloy  were  heated  at  1200°C  for  168  hours.  Only  the  Ir-Hf  alloy  was  heated  at  1400°C  for  168  hours. 


628 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


To  clearly  understand  the  effects  of  precipitate 
shape  upon  strength,  concentration  dependence  of 
the  strength  was  investigated  for  these  alloys. 
Here,  only  the  strength  of  the  Ir-Zr  alloys  is  shown 
in  Fig.  3a  to  understand  clear.  The  strengths  of  the 
two-phase  alloys  at  room  temperature  and  1200°C 
were  higher  than  those  of  the  samples  with  the  fee 
or  Ll2  single-phases.  This  is  attributed  to  the 
precipitation  hardening.  We  estimated  the 
precipitation  hardening  of  these  alloys.  First,  the 
contribution  of  solid-solution  hardening  to  alloy 
strength  can  be  estimated  by  the  law  of  mixture  for 
composite  materials,  as  a  linear  combination  of  the 
strengths  of  the  fee  matrix  and  the  Ll2  precipitates 
(dotted  lines  in  Fig.  3  a).  The  difference  between 
the  experimentally  determined  strength  and  the 
strength  due  to  solid  solution  hardening  is  caused 
by  precipitation  hardening  (arrow  in  Fig.  3a).  The 
precipitation  hardening  at  1200°C  is  plotted  as  a 
function  of  precipitate  volume  fraction  determined 
by  phase  diagrams  [6]  (Fig.  3b).  The  precipitation 
hardening  was  more  effective  in  the  Ir-Zr  alloys 
with  plate-like  precipitates  than  in  the  Ir-Nb  alloys 
with  cuboidal  precipitates.  The  precipitation 
hardening  of  the  Ir-Hf  alloy  was  lower  than  those 
of  the  Ir-Nb  alloy  although  plate-like  precipitates 
were  formed.  In  the  Ir-Ti  alloys,  clear  precipitation 
hardening  was  not  observed. 

(a)  (b) 

co1400 
Q. 

2  1200 
w  1000 

I  BOO 
|  600 

si  400 
™  200 
o 

0 

C 

Atom  percent  /at%  Volume  fraction  of  precipitates  /  % 

Fig.  3  (a)  Concentration  dependence  of  0.2%  flow  stress  in  compression  at  1200  °C  after  heat 
treatment  at  1200°C.  (b)  Precipitation  hardening  effect  as  function  of  volume  fraction  of 
precipitates  at  1200  °C. 

Dislocation  structure  of  the  Ir-Nb  and  Ir-Zr  alloys  compressed  about  3%  at  1200°C  are  shown  in 
Fig.  4.  Cuboidal  precipitate  shape  remained  and  some  dislocations  were  observed  at  the  interface 
between  precipitates  and  the  matrix  in  the  Ir-Nb  alloys  (Fig.  4a).  However,  no  difference  between 
heat-treated  samples  and  deformed  samples  was  observed.  In  the  Ir-Zr  alloys,  the  dislocation  network 
was  observed  at  the  interface  and  shearing  by  bowed  dislocations  in  precipitates  was  also  observed 
(Fig.  4b).  In  addition,  some  dislocations  bowed  into  the  precipitates  from  the  interface  (A  in  Fig.  4b). 

To  understand  deformation  mode  of  the  Ir-Nb  alloy,  compression  test  was  carried  out  for 
samples  heat  treated  at  different  temperature.  When  heat  treatment  at  1200°C  for  168  hours  was 
carried  out,  200  nm  cuboidal  precipitates  were  formed  (Fig.  lc).  However,  after  heat  treatment  at 
1500°C  for  168  hours,  not  only  200  nm  cuboidal  precipitates  in  the  fee  matrix,  but  also  needle  or 
plate-like  fee  phases  were  formed  in  the  cuboidal  Ll2  precipitates(Fig  5a).  Habit  planes  between 
cuboidal  Ll2  precipitates  and  the  fee  matrix  were  {100}  planes.  Habit  planes  between  either  needle  or 


Fig.  2  Temperature  dependence  of  0.2% 
flow  stress  determined  by  compression  tests 
in  Ir-based  binary  alloys  with  50% 
precipitates  in  volume  fraction,  and  strength 
of  the  Ni-  and  W-based  alloys. 
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Fie.  4  Brieht-field  images  of  the  (a)  Ir-15at%  Nb  alloys  plasticaly  deformed  3.0%  at  1200°C  and 
(b)  Ir-15at%Zr  alloy  plastically  deformed  3.2%  at  1200  °C.  The  images  were  taken  in  the  beam 
directions  of  (a)  [1 12],  (g=320)  and  (b)  [101],  (g— 020). 


Fig.  5  Dark-field  images  of  Ir-15at%  Nb  alloys  heat  treated  at  (a)  1500  and  (c)1800  C  for  168 
hours.  All  dark-  field  images  were  taken  with  a  superlattice  reflection  (g=110)  from  the  Ll2 
structure  in  the  beam  direction  of  [001],  (b)  Bright-field  image  of  Ir-15at%  Nb  alloys  heat  treated  at 
1800°C  for  72  hours  in  the  beam  direction  of  [001]. 


plate-like  fee  phases  and  Ll2  precipitates  were  also  {100}  planes.  After  heat  treatment  at  1800°C  for 
72  hours,  spherical  precipitates  with  misfit  dislocation  were  distributed  uniformly  in  the  matrix(Fig. 
5b).  However  after  heat  treatment  at  1800°C  for  168  hours,  precipitates  shape  was  cuboidal  or 
rectangular(Fig.  5c).  These  Ll2  precipitates  grew  to  about  400  nm  in  size.  The  precipitates  were 
continuous  and  were  found  in  arrays  along  the  <100>  direction.  Therefore,  some  of  the  fee  channels 
grew  to  about  300  nm,  compared  with  10  to  100  nm  for  the  fee  channels  in  alloys  heat  treated  at  1200 

and  1500°C.  L 

Figure  6  shows  the  temperature  dependence  of  the  compressive  strength  of  the  alloys.  The 
strength  of  the  samples  heat  treated  at  1200°C  was  about  1200  and  800MPa  at  room  temperature  and 
1200°C,  respectively.  Above  1200°C,  the  strength  decreased  to  about  130MPa  at  1800°C.  Other 
samples  heat  treated  at  1500  and  1800°C  showed  similar  behavior.  The  strength  of  the  samples  heat 
treated  at  1800°C  for  168  hours  was  lower  than  those  of  the  samples  heated  at  1200  and  1500°C.  On 
the  other  hand,  for  the  samples  heat  treated  at  1800°C  for  72  hours,  the  strength  at  room  temperature 
and  1200°C  was  equivalent  to  that  of  the  samples  heat  treated  at  1200°C.  Compared  with  the  strength 
of  the  samples  heat  treated  at  1200  and  1500°C,  at  room  temperature  the  strength  of  the  samples  heat 
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treated  at  1  500 °C  was  lower  than  that  of  the 
samples  heat  treated  at  1200°C.  At  1800°C, 
there  was  no  significant  effect  of  the  heat- 
treatment  temperature  on  the  compressive 
strength  of  the  samples. 

DISCUSSION 


Here  we  discuss  precipitation-hardening 
mechanisms.  Under  compression  testing 
conditions  with  high  strain  rate,  the  climb  of 
the  matrix  dislocations  can  not  occur  because 
thermal  activation  is  needed  to  climb,  and  thus 
the  sample  must  deform  by  bypass  mechanism 
with  an  Orowan  loop  or  shearing  mechanism. 
Bypass  of  dislocations  with  an  Orowan  loop 
around  plate-like  precipitates  may  be  difficult 
in  the  Ir-Zr  alloy.  In  this  case,  shearing  of 
precipitates  becomes  predominant  in 
compressive  condition.  We  observed  shearing 
of  dislocation  into  precipitates  in  the  Ir-Zr 
,  r  .  .  .  alloys.  Thus  we  concluded  that  the  Ir-Zr  alloys 

deforms  by  shearing  of  dislocations.  In  the  Ir-Nb  alloys,  we  did  not  clearly  observe  evidence  of 
bypass  or  shearing  mechanisms.  In  Fig.  6,  the  strengths  of  the  Ir-Nb  alloys  heat  treated  at  1200  and 
1500  C  were  almost  equivalent,  except  for  the  strength  at  room  temperature.  If  the  alloy  deforms  by 
shearing,  the  strength  of  the  samples  heat  treated  at  1500°C  will  be  higher  than  those  heat  treated  at 
1200  C,  because  dislocations  will  meet  not  only  coherent  interfaces  between  Ll2  precipitates  and  the 
fee  matrix,  but  also  coherent  interfaces  from  the  fee  phase  in  the  Ll2  precipitates.  The  equivalent 
strength  of  both  samples  heat  treated  at  1200  and  1500°C  shows  that  Ir-Nb  alloys  deform  by  the 
bypass  mechanism.  From  above  discussion,  we  conclude  that  the  Ir-Zr  alloy  deforms  by  shearing 
mechanism  and  the  Ir-Nb  alloy  deforms  by  bypass  mechanism.  The  precipitation  hardening  effect  was 
larger  in  the  Ir-Zr  alloy  than  in  the  Ir-Nb  alloy.  One  of  the  reasons  is  that  dislocations  in  the  matrix 
will  be  trapped  at  the  coherent  interface  with  large  coherency  strain  and  at  semi-coherent  interface  by 
many  misfit  dislocations  in  the  Ir-Zr  alloy  than  in  the  Ir-Nb  alloy.  This  causes  high  precipitation 
hardening  in  the  Ir-Zr  alloy.  r 

Next  we  discuss  microstructure  and  strength  of  the  Ir-Nb  alloy  in  detail.  The  precipitate  shape  is 
determined  by  minimizing  the  sum  of  the  elastic  strain  energy  of  the  lattice  misfit  between  the  matrix 
and  precipitate,  and  of  the  interfacial  energy  [for  example  19].  The  fee  plate  in  the  LI,  precipitates 
observed  in  the  samples  heat  treated  at  1500°C,  and  arrays  of  precipitates  observed  in  the  samples  heat 
treated  at  1800  C  are  attributed  to  elastic  effect  although  we  do  not  have  data  for  the  elastic  constants 
of  Ir^Nb.  Spherical  precipitates  and  cuboidal  precipitates  were  observed  by  the  heat  treatment  at 
1800  C  for  72  hours  and  168  hours,  respectively.  We  conclude  that  both  of  spherical  and  cuboidal 
precipitates  are  stable  at  this  temperature  similar  to  Ir-Zr  alloy  in  which  we  observed  both  of  coherent 
plate  precipitates  and  semi-coherent  structure. 

At  room  temperature,  the  strength  of  the  sample  heated  at  1200°C  was  higher  than  that  of  the 
sample  heated  at  1500°C  in  the  Ir-Nb  alloy.  This  is  because  in  the  sample  heated  at  1200°C  fine 
precipitates  formed  during  cooling  strengthen  the  alloy.  At  1200°C,  these  cooling  precipitates  are 
dissolved  in  the  matrix,  thus  there  is  no  large  difference  between  strengths  of  samples  heated  at  1200 
and  1500°C.  The  strengths  of  samples  heat  treated  at  1800°C  for  168  hours  were  lower  than  those  at 
lower  heat-treatment  temperatures  because  of  large,  wide  fee  channels.  Dislocations  do  not  need  to 
bypass  precipitates  and  can  move  even  if  confined  to  the  fee  matrix.  On  the  other  hand,  the  strength  of 
the  samples  heat  treated  at  1800°C  for  72  hours  were  equivalent  to  the  strengths  of  the  sample  heat 
treated  at  1200  C,  because  of  uniformly  distributed  200  nm  spherical  precipitates. 

Finally,  we  discuss  possibility  of  the  Ir-based  alloys  as  high  temperature  materials.  Among  the  Ir- 
based  binary  alloys,  the  Ir-Zr  and  Ir-Nb  alloys  are  promising  as  high  temperature  materials  because  of 
their  high  precipitation  hardening  effect.  The  strengths  of  the  Ir-Ta  alloy  were  similar  to  that  of  the  Ir- 
Nb  alloy.  Although  the  precipitation  hardening  effect  of  the  Ir-Ta  alloy  was  not  investigated  the  Ir-Ta 
alloy  is  also  promising  material.  “  ° 


Fig.  6  Temperature  dependence  of  compressive 
strength  in  Ir-15at%  Nb  alloys  heat  treated  at 
1200,  1500,  and  1800°C  for  72  hours  and  168 
hours. 
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CONCLUSIONS 

Compression  strength  up  to  1800°C  and  precipitation  hardening  were  investigated  in  Ir-based 
refractory  superalloys  with  the  fee  and  Ll2  two  phase  structure.  The  compression  strengths  of  several 
Ir-based  alloys  were  superior  throughout  the  temperature  range.  The  precipitate  shape  of  the  Ir-based 
alloys  (Ir-Zr  and  Ir-Hf)  with  large  lattice  misfits  is  a  coherent  or  semi-coherent  plate.  Coherent  plate¬ 
like  precipitates  made  a  three  dimensional  maze  structure.  The  precipitate-shape  of  the  Ir-based  alloys 
(Ir-Nb  and  Ir-Ta)  with  moderate  lattice  misfit  is  cubical.  Precipitation  hardening  of  the  Ir-Zr  alloys 
with  plate-like  precipitates  is  higher  than  that  of  the  Ir-Nb  alloys  with  cuboidal  precipitates  at  1200°C. 
We  conclude  that  the  Ir-Zr  and  Ir-Nb  alloys  deform  by  the  shearing  of  dislocation  and  bypass 
mechanism,  respectively.  Although  deformation  mode  of  the  Ir-Zr  and  Ir-Nb  alloys  is  different,  the 
strength  of  them  was  about  800  MPa  at  1200°C.  We  conclude  that  Ir-Zr,  Ir-Nb  and  Ir-Ta  are 
promising  high  temperature  materials. 
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Abstract 

Creep  behavior  of  Al-lmass%Si-0.5mass%Cu  alloy  foils  with  different  thicknesses  (10- 
500pm)  produced  by  rolling  and  subsequent  annealing  has  been  investigated.  The  results  showed 
that  the  stress  exponent  varied  from  7.9  to  10.4,  depending  on  the  specimen  thickness.  Taking  the 
presence  of  silicon  phase  particles  into  account,  threshold  stress  ath  was  introduced  to  interpret  the 
high  stress  exponent.  The  modified  stress  exponent  was  about  5  with  the  effective  stress,  a-oth, 
where  a  is  the  applied  stress.  Subgrains  were  observed  by  TEM  in  the  specimens  during  the 
steady  state  creep.  Thus,  it  was  reasonably  deduced  that  the  creep  proceeded  following  the 
mechanism  in  which  the  deformation  was  controlled  by  dislocation  climb.  The  creep  rate  of  the 
specimens  with  the  same  texture  decreased  with  increasing  specimen  thickness.  Another  possible 
factor  affecting  the  creep  rate  was  the  texture  formed  in  rolling  and  subsequent  annealing.  The 
textures  of  specimens  with  different  thicknesses  were  assessed  by  orientation  distribution  function. 

Introduction 

In  recent  years,  the  dimension  of  interconnect  lines  in  microelectronic  circuits  has  been 
decreased  with  the  sharp  increase  in  the  scale  of  integration  of  the  circuits.  A  typical  aluminum 
interconnect  line  is  about  0.2pm  in  thickness  with  the  scale  of  6.4xl06  bit  DRAM.  With  the 
decrease  in  dimension,  some  serious  problems  have  been  observed  in  aluminum  interconnect  lines 
[1,  2].  Stress  migration  is  one  of  the  problems  and  a  phenomenon  of  failure  which  takes  place  in 
the  line  when  the  circuit  is  kept  at  about  200°C  with  no  electric  current.  This  failure  is  caused  by 
the  thermal  stress  originated  from  that  the  line  is  surrounded  by  passivation  and  insulation  films 
both  having  expansion  coefficients  smaller  than  that  of  aluminum  line  [3],  and  that  the  final  process 
(  passivation  coating  )  is  performed  at  a  high  temperature  of  about  450°  C. 

The  failure  has  frequently  been  attributed  to  diffusion  creep  [4].  However,  no  evidence  of 
this  mechanism  has  been  obtained  so  far.  Moreover,  in  bulk  metals  and  alloys,  diffusion  creep  is  a 
deformation  mechanism  which  is  dominant  at  higher  temperature  (>0.6Tm)  [5,  6].  To  understand 
the  mechanism  of  stress  migration,  it  is  necessary  to  study  the  deformation  behavior  of  thin  foils  at 
elevated  temperature.  This  paper  describes  a  summary  by  the  authors  [7-11]  on  the  creep  behavior 
of  thin  foils  of  a  low-alloyed  aluminum,  which  is  currently  used  for  the  connect  lines,  as  a  main 
function  of  specimen  thickness  and  grain  size. 

Experimental  procedure 

The  specimens  used  in  this  study  were  Al-0.95mass%Si-0.43mass%Cu  alloy  thin  foils  with 
thicknesses  ranging  from  10  to  500pm  prepared  by  melting,  casting,  rolling  and  annealing.  The 
detail  on  the  preparation  of  the  specimens  of  50  to  500pm  thicknesses  has  been  described 
elsewhere  [7-10].  The  final  rolling  from  the  thickness  of  500pm  to  10  and  30pm  was  carried  out 
by  Rikazai  Co.  Ltd.  with  a  different  rolling  mill.  Tensile  test  pieces  with  gauge  length  of  10mm 
and  gauge  width  of  6mm  were  cut  from  the  foils,  and  subsequently  annealed  at  450°C  for  1  h. 
The  annealing  corresponds  to  the  heat  treatment  of  passivation  coating  carried  out  in  the  final 
manufacturing  process  of  the  actual  microelectronic  circuits.  The  creep  tests  were  performed  in 
the  constant  load  mode  at  initial  applied  stress,  cr,  of  20-50MPa  at  200° C  in  air  atmosphere.  The 
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Fig.  1  Creep  curves  of  the  specimens  with  different 
thicknesses,  t,  and  grain  sizes,  4  at  a  fixed  applied  Fig.  2  Creep  curves  of  thinner  specimens, 

stress,  cr,  of  25MPa. 


specimens  with  10  and  30pm  thickness  were  also  tested  in  a  silicone  oil  bath  in  order  to  prevent 
oxidation  during  the  test.  The  change  in  the  gauge  length  was  measured  photographically  using  a 
camera,  as  mentioned  in  detail  in  the  previous  papers  [7-10].  The  L-ST  section  of  the  specimens 
prior  to  the  test  was  subjected  to  metallographic  observation  for  grain  size  measurement,  and  the 
grain  size  in  L  direction,  d,  was  measured  by  the  mean  intercept  method.  A  3mm-diameter  disk  as 
TEM  specimen  was  cut  from  the  test  piece  which  was  in  the  course  of  the  steady  state  creep  at  an 
applied  stress  of  25MPa  with  a  testing  time  of  6ks.  Then,  the  dislocation  structure  was  observed 
with  a  JEOL-2010  TEM.  The  texture  of  each  foil  was  examined  with  a  Rigaku  X-ray 
diffractometer,  Geigerflex  using  Cu  K*  radiation  operated  at  50kV/150mA.  Orientation 
distribution  function  (ODF)  was  obtained  to  characterize  the  texture. 

Experimental  Results  and  Discussion: 


1*  Effects  of  specimen  thickness  and  grain  size: 

Creep  curves  of  the  specimens  with  different  thicknesses  and  grain  sizes  tested  in  air  are 
shown  in  Fig.  1.  The  three  regimes  of 
creep  states  are  clearly  seen  in  Fig.  1. 

Regression  lines  were  drawn  in  the  steady 
state  of  the  curves  as  boken  lines  in  the 
figure.  Creep  curves  of  thinner  specimens 
are  shown  in  Fig.  2.  The  same  result  is 
obtained  with  respect  to  the  three  regimes  of 
creep  curve  as  that  in  Fig.  1.  The  same 
result  was  also  obtained  when  tested  in 
silicone  oil,  although  not  actually  shown 
here. 

Steady  state  creep  rate  obtained  from 
the  slope  of  such  regression  lines  as 
mentioned  above  is  abbreviated  simply  to 
‘creep  rate5  and  is  plotted  as  a  function  of 
specimen  thickness,  t,  at  a  fixed  stress  in  Fig. 

3.  Creep  rate  is  increased  with  decreasing 
specimen  thickness  when  the  thickness  is 
over  50pm,  while  it  is  decreased  with 
decreasing  specimen  thickness  for  the 
specimen  thickness  below  50pm.  Although 
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Fig.  3  Plot  of  creep  rate  vs.  specimen  thickness 
ranging  from  10  to  100pm 
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not  shown  here,  it  was  demonstrated  that 
the  dependence  of  the  creep  rate  on  t/d 
was  more  manifested  than  that  on  t  in  the 
range  from  50  to  500pm  [7].  The  creep 
rate  data  obtained  in  the  present  study 
have  then  plotted  in  Fig.  4  as  a  function  of 
tld  in  double  logarithmic  coordinate. 
The  creep  rate  is  increased  with 
decreasing  tld ,  being  consistent  with  the 
other  result  obtained  [7,  10]. 

2.  Deformation  mechanism: 

Correlation  between  the  creep  rate 
and  the  applied  stress  is  exhibited  in  Fig. 
5  in  double  logarithmic  coordinate.  The 
stress  exponents  of  high  values  over  8 
have  been  obtained  from  all  of  the  plots 
although  slightly  dependent  on  the 
specimen  thickness.  Since  dispersion  of 
Si  phase  particles  was  observed  in  the 
specimens  by  the  TEM  examination  [7, 
10],  threshold  stress  ( <jth )  should  be 
introduced  into  the  relationship  of  the 
creep  rate  with  the  stress  [5].  From  the 
fact  that  slip  steps  were  observed  on  the 
specimen  surface  after  the  creep  test  [7], 
dislocation  creep,  not  diffusion  creep,  was 
presumed  to  be  the  mechanism  which 
operates  in  the  tested  conditions.  There 
are  two  types  of  dislocation  creep 
mechanisms,  in  which  the  deformation 
process  is  controlled  by:  (  i  )  viscous 
glide  of  dislocation  where  stress  exponent 
of  3  and  uniform  distribution  of 
dislocation  should  be  observed,  and  ( ii ) 
dislocation  climb  where  stress  exponent 
of  5  and  subgrain  formation  is  expected. 
To  determine  the  threshold  stress  and  to 
elucidate  which  of  the  two  types 
mentioned  above  is  operating,  the  l/«'-th 
power  of  strain  rate,  s  ,  was  plotted  as  a 
function  of  cr  both  in  linear  coordinate 
[11],  assuming  the  nr  value  of  3  and  5. 
The  results  obtained  for  nf- 3  and  5  are 
shown  in  Fig.  6  and  7,  respectively.  In 
these  figures,  regression  coefficient  ( r 2) 
for  three  specimen  thicknesses,  are  also 
indicated.  By  comparing  the  regression 
coefficient  values  of  the  lines  in  the  two 
figures,  it  is  found  that  they  are  greater  for 
n'=5  than  for  rt'= 3  in  all  three  specimens. 
Thus,  it  seems  reasonable  to  choose  5  as 
the  n '  value,  supporting  the  climb- 
controlled  creep  mechanism.  Moreover, 
TEM  microstructure  obtained  from  the 
specimen  in  the  course  of  steady  state 
creep,  shown  in  Fig.  8,  demonstrates  a 
subgrain  structure.  This  is  also 


Fig.  4  Double  logarithmic  plot  of  creep  rate  vs.  t/d. 


icr 

1(T3 

IQ4 

nr- 

10’6 

10 


t  /pm 

- 1 — 

n 

y 

50 

10.4 

yy 

—  70 

9.7 

100 

8.8 

fe 

A- 

-a 

20 


30 

a  /  MPa 


40  50 


Fig.  5  Double  logarithmic  plots  of  creep  rate  vs. 
applied  stress.  All  the  data  are  in  the  range  oitld<l 


Fig.  6  Plot  of  £ 13  vs.  a  assuming  the  true  stress 
exponent  of  3. 
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considered  to  be  an  evidence  of  the  dislocation  creep  controlled  by  climb  [5,  6]. 


3.  Effect  of  texture: 

Besides  the  specimen  thickness  and  grain  size,  texture  has  been  examined  as  another  factor  on 
which  may  influence  the  creep  behavior.  The  textures  of  the  specimen  of  the  thicknesses  30  and 
70pm  are  shown  in  Fig.  9  in  which  sections  of  ODF  is  illustrated.  From  Fig.  8  (a),  the  specimen 
of  30pm  thickness  shows  sharp  S  {123}<634>  and  Goss  {011}<100>  components,  while  from  Fig. 
8  (b),  the  specimen  of  thickness  70pm 
shows  a  mild  Cube  {001}<100>  component. 

The  ODF’s  of  the  other  specimens  with 
thickness  from  10  to  100pm  were  also 
obtained,  although  not  shown  here.  The 
texture  for  the  thickness  of  10pm  was 
almost  identical  with  that  for  30pm  with 
higher  density  of  S  components.  In  the 
specimen  thickness  range  from  50  to  100pm, 
textures  are  almost  constant,  i.e.,  the  same  as 
that  of  specimen  of  70pm  thickness,  in 
which  the  Cube  component  is  slightly 
prominent.  In  section  1,  the  creep  rate  has 
been  found  to  decrease  with  decreasing 
specimen  thickness  when  the  specimen 
thickness  is  below  50pm,  contrary  to  the 
tendency  for  the  specimen  thickness  over 
50pm.  This  might  be  attributed  to  the 
above-mentioned  difference  in  texture. 

The  relationship  between  creep  rate  and 
texture  will  be  investigated  further  in  detail 
in  the  near  future. 


Fig.7  Plot  of  £ 1/5  vs.  cr  assuming  the  true  stress 
exponent  of  5.  Threshold  stress  values,  calculated 
by  extrapolating  the  line  as  indicated  by  arrows,  are 
shown  in  the  figure. 


Fig.  8  A  TEM  photograph  taken  from  the  specimen  of  f=50pm  crept  at  25MPa  for  6ks  (a),  and 
corresponding  schematic  drawing  showing  substructure  (b). 
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(a)  30fj,m  (b)  70^im 


■  S  {123}<634>  A  Goss  {011}<100>  •  Cube  {001}<100> 


Fig.  9  Sections  of  orientation  distribution  fimction  (ODF)  of  the  specimen  prior  to  the  creep  with  thickness 
30pm  (a)  and  70pm  (b).  Primary  components  are  indicated  below  the  graphs. 


Conclusion: 

Creep  behavior  of  Al-l%Si-0.5%Cu  alloy  thin  foils  with  thicknesses  ranging  from  10  to 
500pm  has  been  investigated.  Creep  rate  increases  with  decreasing  specimen  thickness  when  the 
thickness  is  over  50pm,  while  on  the  contrary,  the  creep  rate  decreases  with  decreasing  thickness  in 
the  thickness  range  below  50pm.  The  dependence  of  creep  rate  on  applied  stress  follows  power 
law  with  stress  exponents  ranging  from  7.9  to  10.4.  By  applying  threshold  stress  method,  the  true 
stress  exponent  is  modified  to  5  which  indicates  the  dislocation  creep  mechanism  controlled  by 
climb.  The  TEM  observation  on  the  specimen  during  steady  state  creep  showing  subgrain  structure 
further  supports  this  conclusion.  Texture  examination  by  ODF  shows  that  S  and  Cube  textures 
develop  in  the  specimens  with  the  thickness  ranges  of  10  to  30pm  and  50  to  100pm,  respectively. 
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Abstract 

Creep  deformation  of  Ti-48at%Al  PST  crystals  with  various  lamellar  orientation  angles  <|>  with 
respect  to  the  stress  axis  has  been  investigated  at  1148  K  under  the  stress  of  68.6  MPa.  The 
specimen  with  a  lamellar  orientation  nearly  parallel  to  the  stress  axis  (<|)=30)  shows  the  smallest 
creep  rate  and  the  extended  transient  creep  stage,  whereas  the  specimen  with  (|)=63°  exhibits  the 
largest  creep  rate  and  the  shortest  rupture  life.  The  former  exhibits  no  macroscopic  change  in  the 
lamellar  morphology  even  after  creep  tested  for  5200  h.  However,  the  specimen  with  the  (J)=63° 
ruptured  only  after  920  h  shows  many  bent  lamellar  plates  and  dynamically  recrystallized  grains 
near  the  middle  of  the  specimen.  The  dynamic  recrystallization  is  caused  by  the  following 
sequence:  (1)  breakup  of  lamellar  plates,  (2)  formation  of  subboundaries  running  parallel  to  the 
stress  axis,  (3)  further  collapse  and  distortion  of  the  lamellar  plates,  (4)  occurrence  of  dynamically 
recrystallized  grains  along  the  subboundaries.  The  orientation  dependence  of  the  occurrence  of 
dynamic  recrystallization  is  associated  with  the  rotation  of  the  lamellar  plates,  and  can  be 
interpreted  in  term  of  the  difference  in  mode  of  slip  deformation. 

1.  Introduction 

Creep  properties  of  Ti-rich  gamma  TiAl  based  alloys  with  fully  lamellar  structure  have  been 
extensively  studied  recently,  because  of  a  simple  principal  reason  that  these  alloys  show  better 
room-temperature  ductility  than  gamma  single  phase  alloys  [1-4].  However,  most  of  the  studies 
have  been  focused  on  alloy  development  to  realize  high-temperature  applications,  so  that  one 
important  concept  has  been  left  behind,  that  is,  no  conclusive  mechanism  has  been  proposed  on  the 
role  of  the  lamellar  morphology  on  creep  deformation  [5,  6]. 

Matsuo  et  al.  [7-10]  recently  reported  that  the  lamellar  plates  play  an  important  role  in  preventing 
the  dynamically  recrystallized  grains  occurred  along  the  grain  boundaries  from  developing  toward 
the  grain  interior  during  creep,  by  comparing  the  creep  properties  of  fully  lamellar  Ti-48at%Al  with 
those  of  single  phase  Ti-50at%Al  alloys.  They  also  reported  that  the  suppression  of  the  dynamic 
recrystallization  drastically  delays  the  onset  of  accelerating  creep,  thereby  resulting  in  the  longer 
rupture  life. 

In  case  of  a  single  crystal  with  fully  lamellar  structure  (PST)  [12],  the  creep  properties  may  be 
superior  to  those  of  the  polycrystalline  lamellar  alloys,  because  no  grain  boundaries  at  which  the 
dynamic  recrystallization  preferentially  occurs  exist.  Based  on  this  concept,  we  have  examined 
the  creep  properties  of  the  PST  crystals  having  various  orientation  angles  <j>  between  the  lamellar 
plate  and  the  tensile  stress  axis  in  the  range  of  3-63°,  and  found  that  the  creep  properties  are  very 
sensitive  to  the  <j).  These  results  suggest  that  the  difference  in  creep  properties  of  these  PST 
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specimens  could  possibly  be  associated  with  the  different  formation  mode  of  dynamic 
recrystallization. 

In  this  study,  we  will  present  the  orientation  dependence  of  creep  properties  of  the  PST 
specimens  in  detail,  and  have  examined  the  microstructure  changes  during  creep  deformation. 
Since  we  found  that  dynamic  recrystallization  occurs  in  the  specimens  with  large  <|)  values,  the 
formation  process  has  been  discussed. 

2.  Experimental 

The  alloy  made  in  this  study  has  a  chemical  composition  of  Ti-47.5at%Al  containing  300  ppm 
oxygen  and  70  ppm  nitrogen  by  weight.  This  alloy  was  prepared  by  induction  skull  melting, 
followed  by  centrifugally  casting  into  bars  with  12  mm  in  diameter  and  180  mm  in  length,  and  then 
HIPed  at  1473  YJ  176.4  MPa  for  3  h.  The  bars  were  single-crystallized  by  an  optical  floating  zone 
method  at  a  growth  rate  of  30  mm/h  in  a  flowing  purified  argon.  Seven  PST  crystals  were  grown. 
The  oriehtation  angle  <j)  between  the  stress  axis  (growth  direction)  and  lamellar  plate  was  measured 
optically  for  each  crystal  cut  normal  to  the  lamellar  plate  along  the  growth  direction,  and  it  was  in 
the  range  of  3°  to  77°.  Tensile  creep  specimens  with  a  gauge  portion  of  30  mm  in  length  and  6 
mm  in  diameter  were  machined  from  the  grown  crystals. 

Tensile  creep  tests  were  conducted  at  1148  K  under  the  constant  stress  of  68.6  MPa  in  air  using 
the  single-lever  type  creep  machines.  The  constancy  of  stress  during  creep  was  kept  in  an 
accuracy  within  one  per  cent  against  initial  stress  by  adjusting  the  auxiliary  weights.  Creep  strain 
was  automatically  recorded  by  linear  variable-differential  transducers  through  extensometers 
attached  to  annular  ridges  at  both  ends  of  the  specimen  gauge  portion.  The  creep  tests  were 
interrupted  for  some  of  the  specimens  by  rapid  air  cooling  under  load  using  a  compressed  air, 
followed  by  water  quenching.  Macro-  and  microstructure  observations  were  made  using  optical 
and  scanning  electron  microscopes. 

3.  Results 

3_,  J  Initial  microstructure 

Backscattered  electron  images  of  as  grown  crystals  with  <f>=3°  and  63°  are  shown  in  Fig.  1,  where 
the  transverse  direction  is  the  growth  direction,  identical  to  the  stress  axis.  Both  exhibit  a  fully 
lamellar  structure  consisting  of  a2-Ti3Al  (white  contrast)  and  y  phases,  with  no  grain  boundaries. 


Fig.  1.  Backscattered  electron  images  of  Ti-48at%Al  PST  specimens  before  creep  test: 
(a)  <|>=30,  (b)  (|)=630  (Growth  direction:  horizontal) 
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Among  all  grown  crystals,  the  volume  fraction  of  a2  phase  (-15%),  average  thickness  of  theo^ 
plates  (<0.5  pm)  and  the  interphase  spacing  of  the  a2  plates  (~2.3  pm)  are  nearly  the  same, 
regardless  of  the  angle  <j). 

3.2  <|)  dependence  of  creep  rate 

Fig.  2  shows  creep  rate-time  curves  of  PST  specimens  with  various  <]>  (3°^(()^770),  together 
with  that  of  the  polycrystalline  lamellar  specimen  (FL)  for  comparison  [8].  The  specimen  with. 
<j)=3°  and  23°  were  intentionally  interrupted  after  testing  for  5200  h  at  minimum  creep  stage  and  for 
3390  h  at  the  accelerating  creep  stage,  respectively.  The  specimen  with  <])=630  exhibits  the  largest 
creep  rate  during  overall  creep  and  the  shortest  rupture  life.  The  creep  rate  decreases  even  though 
the  (J)  becomes  either  smaller  or  larger  than  63°.  In  comparison  of  the  curves  of  the  specimens 
with  <J)=3°  and  63°,  the  difference  in  creep  rate  just  after  loading  is  relatively  small,  but  becomes 
larger  with  time,  and  finally  reaches  more  than  three  orders  of  magnitude  at  minimum  creep  rate. 

It  should  be  noted  that  the  creep  rate  starts  accelerating  only  after  100  h  for  the  specimen  with 
(J>=63°,  whereas  it  decreases  continuously  even  after  testing  for  more  than  5000  h  for  the  specimen  • 
with  (j)=3°. 

The  creep  rate  plotted  as  a  function  of  creep  strain  of  these  PST  crystals  is  shown  in  Fig.  3.  The 
specimen  with  4>=63°  shows  the  largest  creep  rupture  strain  of  0.65.  The  creep  strain  to  reach  the 
minimum  creep  rate  shows  maximum  when  the  §  is  63°,  and  it  becomes  smaller  with  §  being  either 
smaller  or  larger,  similar  to  the  <|>  dependence  of  the  creep  rate,  as  shown  in  Fig.  2.  It  is  obvious 
that  the  specimen  with  <|)=30  shows  only  0.007  strain. 

3.  3  Microstructures  after  the  creep  test 

Fig.  4  shows  the  macroscopic  view  of  the  longitudinal  section  of  the  specimen  with  <|)=30  after 
creep  testing  for  5200  h,  together  with  the  corresponding  BEI  showing  the  lamellar  morphology. 
Since  the  specimen  was  deformed  only  by  0.007  strain,  macroscopic  ally  and  microscopically  no 
obvious  change  in  microstructure  was  observed.  The  same  observation  was  done  on  the  specimen 
with  c|)=630,  ruptured  at  920  h,  as  shown  in  Fig.  5.  The  specimen  was  heavily  deformed,  and 
surprisingly  an  unusual  microstructure  was  formed  in  the  middle  of  the  specimen  encircled  by  the 
line  in  Fig.  5  (a).  The  high  magnification  view  of  the  area  clearly  shows  that  the  lamellae  are 
heavily  bent  and  the  dynamically  recrystallized  y  as  well  as  spheroidal  a2  particles  were  formed 
there  (Fig.  5  (b)).  The  rest  of  the  region,  however,  exhibits  a  sound  lamellar  structure,  although 
the  <|>  becomes  smaller  as  the  area  approaches  to  the  fractured  surface. 

3.4  Microstructure  change  during  creep 

The  fractured  microstructure  of  the  specimen  with  <j)=63°  is  such  that,  in  order  to  examine  the 
process  to  collapse  the  lamellar  morphology,  other  PST  specimens  with  similar  <J)  values  of  67°  and 
65°  were  creep  interrupted  at  the  minimum  and  accelerating  creep  stages. 

In  the  specimen  interrupted  at  the  minimum  creep  stage  with  0.06  strain,  no  obvious  change  in 
microstructure  was  detected.  However,  in  the  specimen  interrupted  at  the  accelerating  creep  stage 
with  0.17  strain,  a  few  subboundaries  running  parallel  to  the  stress  axis  were  observed,  and  they 
were  traced  macroscopically  as  shown  in  Fig.  6  (a).  The  higher  magnification  view  shown  in  Fig. 

6  (b)  reveals  that  at  the  boundaries  the  lamellar  plates  are  broken  and  misoriented  by  a  few  degrees. 

In  the  specimen  interrupted  with  0.27  strain,  heavily  curved  lamellar  regions  were  macroscopically 
observed  in  the  middle  of  the  specimen  as  marked  in  Fig.  7  (a),  and  many  gamma  grains  are  clearly 
formed  there  (Fig.  7  (b)). 
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Fig.  3.  Creep  rate-strain  curves  of  Ti-48at%Al  PST  specimen  with  various  <|)  at 
1148  K/68.6  MPa. 
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Fig.  4.  Optical  and  backscattered  electron  images  of  Ti-48at%Al  PST  specimen  with 
4>=3°  creep  interrupted  after  testing  for  5200h  at  1 148  K/68.6  MPa.  (a)  macroscopic 
view  of  the  longitudinal  section,  (b)  the  high  magnification  of  the  portion  marked  in  (a). 


Fig.  5.  Optical  and  backscattered  electron  images  of  Ti-48at%Al  PST  specimen  with 
<j>=63°  creep  ruptured  at  1 148  K/68.6  MPa.  (a)  macroscopic  view  of  the  longitudinal 
section,  (b)  the  high  magnification  of  the  portion  marked  in  (a). 
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Fig.  6.  Optical  and  backscattered  electron  images  of  Ti-48at%Al  PST  specimen  with 
0-63 °  creep  interrupted  at  a  strain  of  0. 17  at  1 148  K/68.6  MPa.  (a)  macroscopic  view 
of  the  longitudinal  section,  (b)  the  high  magnification  of  the  portion  marked  in  (a). 


Fig.  7.  Optical  and  backscattered  electron  images  of  Ti-48at%Al  PST  specimen  with 
0=63°  creep  interrupted  at  a  strain  of  0.27  at  1 148  K/68.6  MPa.  (a)  macroscopic  view 
of  the  longitudinal  section,  (b)  the  high  magnification  of  the  portion  marked  in  (a). 
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4.  Discussion 

The  present  study  clearly  demonstrates  that  the  creep  properties  of  Ti-48at%Al  single  crystals 
depend  strongly  on  the  lamellar  orientation  and  that  the  single  crystallization  does  not  necessarily 
make  the  creep  properties  better  than  those  of  the  polycrystalline  alloy  (Fig.  2).  The 
microstructure  observation  clearly  reveals  that  the  dynamically  recrystallized  grains  are  observed 
only  for  the  specimen  accelerated  earlier  but  no  such  microstructure  is  observed  for  the  specimen 
having  a  lamellar  orientation  nearly  parallel  to  the  stress  axis  and,  instead,  an  extensive  period  of 
transient  creep  appears  (Figs.  4  and  5).  These  results  clearly  supports  our  concept  that  dynamic 
recrystallization  is  a  major  cause  to  accelerate  the  creep  rate  even  for  the  single  crystal  materials. 

The  <|)  dependence  of  the  occurrence  of  dynamic  recrystallization  is  associated  with  the 
deformation  mode  of  the  crystals.  As  shown  in  Fig.  6  and  7,  the  microstructure  observation  during 
creep  deformation  for  the  specimens  with  the  large  <|>  values  phenomenologically  suggests  the 
formation  process  of  the  dynamically  recrystallized  grains  in  a  following  sequence:  (1)  breakup  of 
the  lamellar  plates,  (2)  formation  of  subboundaries  running  through  the  gauge  portion,  (3)  further 
collapse  of  the  lamellar  plate  along  the  subboundaries,  (4)  occurrence  of  dynamic  recrystallization 
at  the  subboundaries,  resulting  in  the  y  grains.  Unlike  the  specimen  with  <j)=3°,  which  shows  only 
0.007  strain  at  the  minimum  creep  stage,  the  specimen  with  (j)=63°  already  exhibits  an  order  of 
magnitude  larger  strain  of  0.06  at  the  same  stage  (Fig.  3).  It  is  thus  no  doubt  that  during  the 
transient  creep  the  deformation  of  PST  crystal  with  (>=63°  occurs  mainly  by  the  primary  slip 
systems  parallel  to  the  lamellae  [8].  However,  as  the  creep  strain  increases,  the  primary  slip 
planes  rotate  toward  the  stress  axis  since  the  both  ends  of  the  specimen  are  gripped  in  line,  as 
mentioned  in  Fig.  5.  The  rotation  would  activate  other  slip  systems  to  cross  the  lamellae  and 
cause  the  stress  concentration  at  the  lamellar  interfaces.  Such  a  deformation  process  is  responsible 
for  the  collapse  of  the  lamellar  plates  and  results  in  the  subboundary  formation  to  accommodate  the 
macroscopic  strain.  As  the  creep  deformation  proceeds  further,  high  stress  concentration  occurs 
along  the  subboundaries,  and  eventually  causes  the  dynamic  recrystallization. 

In  the  specimen  with  lamellar  plates  nearly  parallel  to  the  stress  axis,  the  primary  slip  systems 
could  not  easily  be  activated  since  the  Schmid  factors  are  nearly  zero,  so  that  the  rotation  of  the 
lamellar  plates  never  occurs.  Alternatively  the  creep  deformation  has  to  be  caused  by  the  slip  to 
cross  the  lamellae.  However,  such  a  slip  is  constrained  with  the  lamellar  width,  thereby  resulting 
in  a  very  small  creep  strain  (Fig.  3).  This  is  responsible  for  the  extensive  period  of  the  transient 
creep  stage  for  the  specimen  with  4>=30  and  absence  of  dynamic  recrystallization. 
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Abstract 

In  order  to  clarify  the  feature  of  high  temperature  deformation  in  fine-grained  a  Brass,  a  Cu- 
30  mass%Zn  specimen  with  a  grain  size  of  0.012mm  diameter  was  prepared  by  annealing  for  3.6ks 
at  723K.  A  constant  stress  creep  test  was  conducted  for  the  specimen  under  various  stresses  at  623 
and  673  K  in  a  salt  bath.  Their  creep  curves  were  compared  with  each  other.  The  test  under  a  stress 
of  47.4MPa  at  623K  reveals  a  normal  type  of  creep  curve  consisting  of  transient  creep  (the  1st 
creep),  steady-state  creep  (the  2nd  creep)  and  accelerating  creep  (the  3rd  creep).  While  the  test 
under  the  stresses  less  than  29.4MPa  at  673K  reveals  an  anomalous  type  of  creep  curve  in  which 
the  strain  rate  at  the  3rd  creep  increases  with  increasing  strain  in  the  beginning,  attains  peak  value 
and  decreases  again.  It  is  certain  that  the  form  of  the  creep  curve  depends  on  stress  and  temperature, 
and  in  particular  during  the  3rd  creep  the  curves  at  673 K  show  a  sudden  decrease  in  strain  rate, 
which  we  call  the  4th  creep. Under  the  anomalous  creep  conditions  the  amounts  of  strain  to  the  2nd 
creep,  the  peak  strain  rate  and  the  creep  fracture  do  not  depend  on  the  stress  and  correspond  to 
0.35,  0.57,  and  0.67  in  true  strain,  respectively.  The  reason  for  the  anomalous  type  of  creep  curve  is 
discussed  mainly  from  view  points  of  grain  growth  during  creep  deformation,  work  hardening  and 
grain  boundary  sliding. 

Introduction 

Although  70-30  brass  which  is  a  single-phase  alloy  has  high  ductility  at  room  temperature,  an 
embrittlement  is  known  at  an  intermediate  temperature  range[l-5].  However  tensile  test  revealed 
that  70-30  brass  specimens  having  coarse  grain  sizes  showed  the  intermediate  temperature 
embrittlement  and  as  grain  size  gets  smaller,  fractured  elongation  increased  above  200%  at  the 
intermediate  temperature  range  in  a  salt  bath  [6,7],  High  temperature  creep  test  revealed  that  70-30 
brass  specimens  having  fine  grain  sizes  showed  anomalous  creep  curve  at  the  intermediate 
temperature  range  around  673K  in  a  salt  bath,  that  was  in  the  beginning  of  this  process  the  creep 
rate  of  the  specimen  shows  1st  creep  ,  2nd  creep  and  3rd  creep,  and  at  the  end  of  the  process  the 
increasing  creep  rate  markedly  transforms  to  decreasing  creep  rate,  that  is  to  say,  4th  creep  state 
appears  [8,9].  Some  irregular  creep  curves  are  well-known  phenomenon  for  metals  and  alloys  [10- 
13],  but  the  4th  type  of  creep  curves  have  not  been  so  far  reported. 

The  purpose  of  this  paper  is  to  consider  the  peculiarity  of  the  creep  curve  and  creep- 
deformation  behavior  of  a  Cu-30mass%Zn  alloy  with  a  grain  size  of  0.012mm  diameter  considering 
the  effects  of  temperature  and  stress. 

Materials  and  Experimental  Procedure 

The  materials  used  in  this  experiment  are  a  70-30  brass  sheet  having  a  thickness  of  1.6mm 
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on  the  market.  The  specimen  was  analyzed  as  follows  :  Cu  70.67,  Fe  0.001,  Pb  0.001,  Ag^O.OOl, 

Sn^O.OOl,  S  0.001  and  O  0.001  mass%  and  Zn  remainder.  The  specimen  cold  rolled  has  a  gauge 
section  having  length  25.0mm  and  width  5.0mm,  in  which  longitudinal  direction  of  the  specimen  is 
parallel  to  the  rolling  direction.  The  test  pieces  are  annealed  in  an  argon  atmosphere  at  723K  for 
3.6ks,  and  the  resultant  average  grain  size  is  0.012mm.  The  grain  sizes  are  not  uniformity  but  duplex 
grain  structure. 

Constant  stress  creep  tests  were  carried  out  in  the  same  manner  as  method  reported 
elsewhere[8,13].  That  is  to  say,  the  creep  testing  machine  is  of  a  modified  lever  type,  in  which  load 
is  controlled  to  get  a  constant  stress  condition  by  means  of  decreasing  the  load.  The  test  was 
conducted  under  stresses  of  38.2, 47.4,  59.2,  71.3  and  83.9MPa  at  623K,  and  also  under  stresses  of 
9.8, 16.4,  19.6,  24.7,  29.4  and  39.2MPa  at  673K  in  salt  consisting  of  50%  NaN03  and  50%  KN03. 
Their  creep  curves  and  microstructures  were  compared  with  each  other. 

Experimental  Results 

Figure  1  shows  the  creep  curves  of  the  specimens  tested  under  stresses  of  38.2,  47.4,  59.2,  - 
71.3  and  83.9MPa  at  623K.  The  time  interval  between  doting  points  is  7.2ks  (=  2h).  The  figure 
indicates  that  the  fracture  strains  are  relatively  large  and  little  difference  for  stresses.  In  any  event, 
the  creep  curves  have  processes  of  1st,  2nd  and  3rd  creep  and  show  fracture.  Figure  2  shows  the 
creep  curves  of  the  specimens  tested  under  stresses  of  9.8,  16.4,  19.6,  24.7,  29.4  and  39.2MPa  at 
673K.  Although  the  creep  curve  under  39.2MPa  shows  normal  shape,  the  curves  under  the  stresses 
less  than  19.6MPa  reveal  unusual  shape.  That  is  to  say,  these  creep  curves  show  1st,  2nd,  3rd 
creep  curves  and  a  peculiar  state,  namely,  a  different  deformation  process  which  indicates  a  marked 
change  in  state  under  the  stresses  less  than  19.6MPa.  Because  of  clarifying  the  tendency  of  the 
curves,  Fig.3  and  4  show  the  creep  rate  calculated  on  the  basis  of  Fig.  1  and  Fig.2  under  each  applied 
stress.  In  spite  of  presenting  larger  side  in  time-axis  compared  with  that  of  Fig.2,  the  specimen  does 


Fig.l  Creep  curves  of  the  Cu-30mass%Zn  Fig.2  Creep  curves  of  the  Cu-30mass%Zn 
specimens  tested  under  various  stresses  specimens  tested  under  various  stresses 

at  623K.  at  673K. 
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Fig. 3  The  relation  between  the  strain  rate 
and  the  time  of  the  specimens  tested 
under  various  stresses  at  623K. 
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Fig.4  The  relation  between  the  strain  rate 
and  the  time  of  the  specimens  tested 
under  various  stresses  at  673 K. 
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not  rupture  under  9.8MPa  at  673K  as  shown  in  Fig.4.  Figure  3  shows  the  familiar  1st,  2nd  and  3rd 
creep  states,  while  Fig.4  reveal  all  the  details  of  the  event  explained.  As  the  diagram  on  Fig.4 
indicates,  as  the  location  of  showing  the  steady  state  deformation  rate  shifts  to  larger  range  in  time- 
axis,  increasing  with  applied  stress  for  the  specimen.  In  addition,  the  creep  curve  of  the  specimen 
shows  clearly  the  state  of  4th  creep,  namely,  a  deformation  process  which  indicates  a  marked 
decrease  of  strain  rate  at  the  end  of  3rd  creep.  The  ratio  of  the  time  showing  4th  creep  state  to  the 
time  of  total  creep  states  is  large,  and  the  state  of  4th  creep  increases  with  decreasing  stress  in  the 
ratio.  Figures  5  and  6  show  the  strain  rate-true  strain  curves  on  the  basis  of  Figs.  1  and  2  under  each 


True  Strain,  £ 


Fig.5  The  relation  between  the  strain  rate 
and  the  true  strain  of  the  specimens 
tested  under  various  stresses  at  623K. 


Fig.6  The  relation  between  the  strain  rate 
and  the  true  strain  of  the  specimens 
tested  under  various  stresses  at  673K. 


650 


Creep  and  Fracture  of  Engineering  Materiais  and  Structures 


applied  stress.  These  diagrams  in  Fig.5  tell  us  that  at  the  beginning  of  this  process  the  creep  rate  of 
the  specimen  shows  the  1  st  creep  decreasing  with  strain,  the  next  2nd  creep  showing  steady  state 
creep  which  includes  the  minimum  strain  rate  and  presents  the  3rd  creep.  And  Fig.6  shows 
peculiarly  the  increasing  creep  rate  at  the  3rd  creep  state  markedly  transforms  to  decreasing  creep 
rate  at  the  end  of  process,  that  is  to  say,  the  4th  creep  state  appears.  As  a  results  the  creep  rate 
curve  had  a  peak.  The  value  of  steady  state  strain  and  that  of  the  strain  showing  peaks  were  about 
0.32  and  about  0.56,  respectively  independently  of  applied  stress  at  673K. 

Optical  microstructures  of  the  specimens  were  observed  at  several  states  of  creep.  Figure  7 
shows  the  grain  structure  at  the  gauge  part  and  gripped  part  of  the  specimens  in  which  the 
photograph  alphabet  notation  corresponds  to  that  of  the  figure  set  in  Fig.7.  Photograph  (a)  shows 
the  initial  grain  structure  of  the  specimen.  Photographs  (b)  to  (f)  show  microstructure  at  various 
location  on  the  figure  of  strain  rate  vs.  strain  curve  of  the  gauge  section  of  the  specimens  tested 
under  the  stress  of  19.6MPa  at  673K  .  Photograph  (e-0)  shows  the  structure  of  the  gripped  section 
of  the  specimens  at  the  location  (e)  at  the  same  creep  tested  condition.  Generally,  the  grain  size 
increases  with  increasing  the  strain.  In  this  connection  grain  sizes  of  the  gauge  and  the  gripped 
section  are  similar  at  location  (e)  of  the  4th  creep  state.  At  the  2nd  creep  state  (c),  voids  were 
observed  at  grain  boundary.  After  that  the  voids  (  aggregation  of  vacancies)  grew  keeping  round 
shape  with  increasing  strain.  As  shown  at  (e)  the  grains  and  voids  are  similar  in  size. 

Discussion 

Cu-30  mass%Zn  specimen  with  a  grain  diameter  of  0.012mm  shows  normal  creep  curve 
known  to  all  at  623K.  On  the  other  hand,  the  same  specimen  shows  anomalous  creep  curve  at  673K 
under  stresses  less  than  39.2MPa.  The  latter  creep  curves  shows  the  1st,  the  2nd,  the  3rd  creep  and 
a  peculiar  the  4th  state,  namely,  a  different  deformation  process  which  indicates  a  marked  change  in 
state.  On  the  relation  between  strain  rate  and  time  or  strain,  the  creep  rate  curve  at  673K  had  a  peak. 
For  the  specimen  tested  under  the  stress  of  19.6MPa  at  673K  and  shows  the  4th  creep,  the  relation 
between  the  mean  grain  size  and  the  true  strain  is  revealed  as  shown  in  Fig.8,  in  which  the  open 
marks  show  the  gripped  section  and  the  solid  marks  show  the  gauge  section  of  the  specimen.  In  this 
case  the  both  grain  size  monotonously  increases  with  increasing  strain  in  the  same  size.  But  the 
grain  size  of  the  specimen  tested  at  623 K  holed  in  size  during  creep.  It  seems  to  be  due  to  the  low 
diffusion  rate  (low  grain  growth  rate  )  at  the  lower  temperature  and  the  short  time  on  creep.  On  the 
one  hand  let  us  look  closely  at  the  void.  Figure  9  shows  the  changes  in  the  mean  void  number 
density  and  the  total  void  area  ratio  as  a  function  of  true  strain,  which  was  calculated  by  the  optical 
microstructures  observed  at  the  several  states  of  the  creep.  In  this  case  the  mean  void  number 
density  and  the  total  void  area  ratio  monotonously  increase  also  with  increasing  strain.  In  those 
circumstance  source  of  the  4th  creep  sudden  occurring  at  the  end  of  3rd  creep  is  hard  to  understand. 

Figure  10  shows  effect  of  the  true  strain  on  the  integral  width  and  the  half  value  width  of 
Xray  diffraction  profile  for  (220)  lattice  plane  of  the  specimen  tested  under  a  stress  of  19.6MPa  at 
673K.  There  is  a  marked  increase  in  the  amount  of  the  widths,  after  the  maximum  strain  rate 
position.  It  suggests  that  dislocation  density  increases  markedly  during  the  creep  process. 
Consequently,  the  specimen  at  the  4th  creep  state  is  considered  to  have  higher  strength  than  at  the 
3rd  creep  state.  Around  these  states,  however,  it  is  also  concerned  that  the  specimen  becomes 
softening  because  of  notable  void  formation.  That  is  to  say,  the  increase  in  strength  of  the  specimen 
containing  voids  overcomes  specimen’s  softening  which  was  brought  by  void  formation  and  grain 
growth.  Effect  of  these  behavior  seems  to  induce  the  4th  creep. 
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Fig-7  Micro  structures  of  the  gauge  part  and  the  gripped  section  of  the  specimen  tested 
under  a  stress  of  19.6MPa  at  673K.  Photo.(a)  to  (f)  correspond  to  the  alphabets 
on  the  figure  showing  the  relation  between  strain  rate  and  time. 
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Fig.  10  The  relation  between 
the  width  of  the  Xray 
diffraction  profile  and 
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specimen  tested  under 
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Conclusions 

By  using  a  constant  stress  creep  machine,  70-30  brass  specimens,  with  a  grain  diameter  of 
0.012mm,  were  creep-tested  under  different  stresses  at  623K  and  673K.  From  the  facts  described  in 
the  above  chapters,  we  may  conclude  that: 

1.  Creep  curves  for  70-30  brass  specimens  depend  on  temperature.  The  creep  curve  diagrams  show 
the  1st,  the  2nd  and  the  3rd  creep  at  623K.  But  at  673K,  the  curves  show  the  4th  creep  which 
indicates  a  marked  decrease  of  the  strain  rate  during  the  3rd  creep.  As  a  result  the  creep  rate  curve 
at  673 K  exhibits  a  peak. 

2.  The  steady  state  creep  has  a  tendency  to  appear  at  lower  strains  with  increasing  temperature. 
The  strain,  which  causes  the  4th  creep  on  the  creep  curve,  has  the  same  tendency. 

3.  The  state  of  the  4th  creep  can  be  explained  as  the  results  of  the  grain  growth  and  the  increasing 
sudden  work-hardening. 
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ABSTRACT 

Creep  deformation  mechanisms  in  tin,  and  Sn-3.5Ag  and  Sn-5Sb  electronic  solder 
alloys,  have  been  studied  at  various  temperatures  between  ambient  and  473  K. 
Power-law  relationships  between  strain  rate  and  stress  were  generally  observed. 
Stress  exponent  n  =  7.6±0.2,  5.0±0.2  and  5. 0  +  0. 3,  and  activation  energy  for  creep 
Qc  =  60.3±3.8,  60.7±6.6  and  44.7  +  3.7  kJ/mole  were  obtained  in  the  case  of  tin,  Sn- 
3.5Ag  and  Sn-5Sb  respectively.  It  is  suggested  that  the  rate  controlling  deformation 
mechanism  is  dislocation  climb  controlled  by  lattice  diffusion  in  pure  tin  and  Sn- 
3.5Ag  alloy,  and  viscous  glide  controlled  by  pipe  diffusion  in  Sn-5Sb  alloy.  Sn-5Sb 
alloy  is  found  to  be  more  creep  resistant  than  Sn-3.5Ag  alloy. 

INTRODUCTION 

Sn-3.5Ag  eutectic  and  Sn-5Sb  solid  solution  alloys  are  two  potential  candidate 
materials  for  replacing  lead-bearing  solder  materials  for  interconnection  and 
packaging  of  commercial  microelectronics  assemblies'.  Dining  normal  service 
conditions,  the  low  melting  solder  alloys  are  subjected  to  creep  and  fatigue 
deformation.  Even  at  ambient  temperature  of  operation,  the  homologous  temperature 
for  these  alloys  is  high,  around  0.6,  while  the  interconnect  temperatures  can  reach  as 
high  as  350  K  due  to  local  heating,  thereby  causing  creep  deformation  in  the  solder 
material.  Automotive  under-hood,  mainframe  and  supercomputer  applications  impose 
much  higher  operating  temperatures.  Fatigue  deformation  occurs  due  to  induced 
stresses  from  differential  thermal  expansion  between  the  substrate  and  the  solder 
joints.  Therefore,  creep  and  thermal  fatigue  are  two  major  mechanical  properties  that 
control  the  reliability  of  solder  joints.  In  this  paper,  we  discuss  our  recent  results  on 
the  creep  deformation  behaviour  of  tin,  Sn-3.5Ag,  and  Sn-5Sb  alloys.  Pure  tin  metal 
has  been  included  in  this  study  to  facilitate  understanding  the  role  of  alloying 
elements  on  the  deformation  behaviour  of  the  two  alloys. 


656 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


MATERIALS  AND  EXPERIMENTAL  METHODS 

Tin  samples  were  annealed  at  453  K  for  30  minutes  before  creep  testing  (melting 
temperature  of  pure  tin2  is  505  K).  Following  annealing,  the  grain  size  increased  from 


25  pm  to  150  pm.  Sn-3.5Ag  and  Sn- 
5Sb  alloys  were  tested  in  the  as-received 
condition.  The  average  grain  size  of  Sn- 
3.5Ag  and  Sn-5Sb  alloys  were  about  20 
and  25  pm  respectively.  Creep 
specimens  with  a  gauge  length  of  25 
mm,  gauge  width  of  4  mm  and  gauge 
thickness  of  1  mm  were  used  for  the 
tests.  Constant  load  creep  tests  were 
performed  in  air  at  296,  327,  373,  423, 
448  and  473  K,  and  at  stresses  varying 
from  1  to  30  MPa.  A  single  specimen 
was  used  at  each  test  temperature.  In  the 
steady  state  creep  region,  the  stress  was 
increased  in  steps  of  about  2  MPa;  once 
steady-state  region  was  attained  at  the 
new  stress  level,  the  stress  was  further 
increased  till  the  sample  fractured. 

RESULTS 

Figures  la-lc  show  the  variation  of 
steady-state  creep-rate  (s)with  applied 
stress  (ct)  at  various  temperatures  for  tin, 
Sn-3.5Ag  and  Sn-5Sb  respectively.  A 
power  law  relationship  of  the  form 

e=Aan  was  found  to  be  followed  over 
the  entire  stress  range,  and  at  all  the 
temperatures,  for  the  three  materials. 
Tin  showed  a  deviation  from  power  law 
relationship  in  the  high  stress  region  at 
room  temperature.  Sn-Ag  and  Sn-5Sb 
alloys  yielded  values  of  n  =  5.0+ 0.2  and 
5.0 ±0.3  respectively  over  the  entire 
temperature  range,  and  pure  tin  exhibited 


Fig.  1 .  Stress-dependence  of  creep  rate. 


a  higher  value  of  n  =  7.6  +  0.2. 


Key  Engineering  Materials  Vols.  171-174 


657 


The  activation  energy  for  creep  deformation  (Qc)  was  determined  from  an 
Arrhenius  plot  of  In  (s )  versus  reciprocal  of  absolute  temperature  at  a  constant  cr/E 
value  where  E  is  the  elastic  modulus  at  the  test  temperature.  These  plots  are  shown  in 
Fig.  2  for  the  three  materials  corresponding  to  a  =  2.0x1  O^E.  The  estimated  values  of 


Qc  are  60.3  +  3.8  kJ/mole  for  tin, 
60.7 ±6.6  kJ/mole  for  Sn-3.5Ag 
and  44.7 ±3.7  kJ/mole  for  Sn- 
5Sb.  Thus  both  tin  and  Sn- 
3.5Ag  alloy  gave  almost  the 
same  activation  energy  whereas 
the  value  obtained  for  Sn-5Sb 
alloy  was  lower  than  that  for 
pure  tin. 

DISCUSSION 
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The  estimated  values  of  creep 
activation  energy  have  been 
used  to  present  the  isothermal 
plots  (Figs,  la  to  lc)  in  the  form 
of  a  temperature  compensated 
strain  rate  (skT/DEb)  versus 
normalized  stress  (cr/E)  master 
plot.  Here,  k  is  the  Boltzmann 
constant,  D  is  the  diffusivity  and 
b  is  the  Burgers  vector.  In 
calculating  D,  the  frequency 
factor  D0  was  taken  to  be  equal 
to  0.78  cm2/s  for  the  three 
materials3.  These  plots  (Fig.  3) 
show  that  for  a  given  material, 
the  data  points  obtained  at 
different  temperatures  fall  on  a 
single  straight  line. 


Fig.  2.  Arrhenius  plot  to  determine  Qc 


Stress/E 

Fig.  3.  Normalised  strain  rate  versus 
normalised  stress 


Creep  deformation  mechanisms  are  identified  by  the  value  of  the  stress 
exponent  n  and  the  activation  energy  Qc4,5,6.  Dislocation  creep  occurs  as  a  result  of 
glide  and  climb  of  edge  dislocations.  These  are  sequential  processes  so  that  the 
slower  process  becomes  the  rate  controlling  step.  Dislocation  creep  in  pure  metals  is 
characterized  by  a  value  of  n  =  5,  and  climb  of  edge  dislocations  is  the  rate 
controlling  mechanism  since  velocity  of  climb  is  slower  than  velocity  of  glide.  The 
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activation  energy  for  creep  corresponds  to  the  activation  energy  for  self-diffusion  or 
pipe  diffusion,  depending  upon  the  predominant  path  of  diffusion,  which  in  turn 
depends  on  the  deformation  temperature. 

From  a  review  of  the  published  literature  on  tin,  it  becomes  apparent  that  there 
is  no  clear  agreement  on  the  self-diffusion  data  reported  for  this  material,  and  also  on 
the  expected  equivalence  between  the  activation  energy  for  creep  deformation  and 
activation  energy  for  self-diffusion.  Earlier  work  on  the  creep  of  polycrystalline  tin 
by  Breen  and  Weertman7,  in  the  temperature  range  of  ambient  to  near  melting  point, 
yielded  values  of  n  =  12  and  4.5,  at  low  and  high  temperatures  respectively.  Two 
activation  energy  values  for  creep  were  reported;  Qc  =  108  kJ/mole  at  high 
temperatures  (423  to  497  K)  and  Qc  =  46  kJ/mole  at  low  temperatures  (293  to  423 
K).  The  activation  energy  values  for  creep  did  not  agree  with  the  value  for  self¬ 
diffusion  in  single  crystal  tin,  namely,  25  and  44  kJ/mole  in  the  low  and  high 
temperature  regions  respectively.  This  disagreement  was  attributed  to  the  high 
anisotropy  in  diffusion  exhibited  by  single  crystal  tin.  In  p-tin  single  crystals,  Meakin 
and  Klokholm8  measured  activation  energy  for  self-diffusion  of  107  and  97.4  kJ/mole 
along  directions  parallel  and  perpendicular  to  the  c-axis.  Mohammed  et  al.9 
confirmed  that  at  low  stresses  and  high  temperatures,  tin  gave  stress  exponents  of  6  - 
8  and  activation  energy  for  creep  of  96  kJ/mole.  A  stress  exponent  of  1  was  observed 
at  495  K  at  strain  rates  below  10"8  s'1,  which  was  attributed  to  Harper-Dom  creep 
mechanism. 

Sherby  and  Weertman10  rationalised  the  inconsistencies  observed  in  the 
activation  energy  values  for  diffusion  and  creep  for  pure  tin,  from  the  well- 
established  equivalence  between  the  values  of  Qc  and  Qu,  where  Q)d  is  the  activation 
energy  for  lattice  diffusion.  It  is  generally  observed  that  as  the  homologous 
temperature  is  decreased  from  a  high  value,  there  is  a  transition  from  lattice  diffusion 
controlled  creep  to  pipe  diffusion  controlled  creep  such  that  Qc  =  Qpd  where  Qpd  is  the 
activation  energy  for  pipe  or  core  diffusion.  The  transition  temperature  y  is  usually 
about  0.5-0.6  for  most  metals.  The  activation  energy  for  self-diffusion  through  the 
crystal  lattice  is  a  function  of  melting  temperature  Tm,  crystal  structure  and  valence 
K,  while  the  activation  energy  for  diffusion  through  dislocation  core  is  a  function  of 
the  melting  temperature  only.  These  activation  energies  can  be  expressed  as  Qid  = 
RKTm  and  Qpd  =  llRTin.  From  these  equations,  it  can  be  shown  that  y=  (11- 
K)/log(200(a/F.)2).  The  transition  temperature  thus  depends  on  the  values  of  (cr/E) 
and  K.  A  value  of  K=24  is  reported  for  tin  which  is  much  higher  than  the  value  for 
other  metals.  Hence  it  follows  that  y  =  0.90  when  cr/E  =  5x1  O'5  and  y  =  0.99  when  cr/E 
=  1x10'  Thus  creep  deformation  in  tin  would  be  governed  by  dislocation  core 
diffusion  upto  temperatures  close  to  Tm.  The  activation  energy  for  pipe  diffusion  can 
be  estimated  from  the  previous  equation  as  Qpd  =  46  kJ/mole.  The  ratio  Qpd/Qld 
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although  is  a  constant  is  known  to  vary  with  the  material.  For  example,  values  of  0.3 
to  0.4  for  silver,  0.6  for  gold  and  aluminum,  and  0.4  to  0.7  for  tin  have  been 
suggested10.  So,  in  the  case  of  tin,  Qpd  can  be  estimated  to  vary  from  66  kJ/mole 
corresponding  to  Qpd/Qid  =  0.7  to  115  kJ/mole  corresponding  to  QPd/Qid  =  0.4.  We 
feel  that  it  is  unrealistic  to  consider  that  deformation  is  controlled  by  pipe  diffusion  at 
temperatures  even  near  the  melting  point.  In  the  analysis  of  our  experimental  results 
from  ambient  to  0.83  Tm,  we  therefore  assume  a  value  of  Qpd/Qid  =  0.7  and  so  the 
corresponding  estimated  value  of 
Qld  =  66  kJ/mole.  The 

experimentally  determined  value  of 
about  60  kJ/mole  for  Qc  is  thus 
found  to  be  in  reasonably  good 
agreement  with  this  analysis.  So  we 
suggest  that  dislocation  creep 
controlled  by  lattice  diffusion  is  the 
rate  controlling  mechanism  for  the 
range  of  conditions  investigated. 

The  value  of  n  =  7.6  falls  in  the 
range  reported  in  the  literature  (3.6 
to  12),  although,  as  a  pure  metal, 
one  would  expect  a  value  of  n  =  5. 

The  high  stress  data  at  298  K 
deviate  from  the  power  law  relationship  apparently  due  to  power-law  breakdown.  In 
this  region,  exponential  stress  dependence  is  usually  noted.  The  experimental  data 
points  are  fit  to  a  single  sinh  function  which  can  combine  the  low  and  high  stress 

data,  i.e.,  e=  A  — e'Q/RT  sinh  (B-)76  where  A  =  4,514  and  B  =  3,610.  Figure  4  is  a 
T  E 

double-log  plot  of  temperature  compensated  strain-rate  versus  sinh(Ba/E),  and  it  can 
be  seen  that  the  data  at  various  temperatures  follow  a  single  line  with  a  slope  of  7.6. 

Sn-3.5Ag  Alloy 

In  Sn-3.5Ag  eutectic  system,  most  of  the  silver  resides  in  Ag3Sn  intermetallic 
particles  that  are  distributed  in  the  matrix  in  the  form  of  fine  rod  shaped  precipitates. 
Thus,  although  one  may  expect  that  these  particles  would  act  as  dispersion 
strengthened  thereby  resulting  in  n  value  much  higher  than  5,  which  is  generally  the 
case  with  precipitation  strengthened  materials,  the  present  study  yielded  a  value  of  n 
=  5.  The  activation  energy  obtained  (Qc  =  60.7  kJ/mole)  is  almost  exactly  the  same  as 
that  obtained  for  pure  tin.  It  should  be  pointed  out  that  the  published  literature  on  the 
deformation  behavior  of  this  alloy  system  is  very  limited.  In  the  case  of  lead-tin 


Fig.  4.  Double  log  plot  of  strain  rate 
versus  sinh(Ba/E). 
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eutectic,  Grivas  et  al.11  obtained  a  stress  exponent  of  n  =  2  in  the  low  stress  region 
which  was  attributed  to  grain  boundary  sliding.  A  much  higher  value  of  n  =  7  was 
observed  at  higher  stresses  apparently  due  to  the  dominance  of  dislocation  climb. 
From  creep  tests  in  the  temperature  range  of  300  to  405  K,  Darveaux12  observed  a 
stress  dependence  of  5.5  and  activation  energy  of  38  kJ/mole.  The  stress  exponent 
and  activation  energy  obtained  in  this  study  compare  favourably  with  the  results  from 
the  analysis  on  pure  tin  thereby  suggesting  that  creep  takes  place  by  lattice  diffusion- 
controlled  dislocation  creep  in  Sn-3.5  Ag  also,  in  the  temperature  range  of 
investigation.  A  separate  iso-stress  creep  test  at  5  Mpa,  at  several  temperatures 
between  ambient  and  447  K,  yielded  a  value  of  Qc  =  65  kJ/mole. 

Sn-5Sb  Alloy 


Sn-5Sb  is  a  solid  solution  alloy,  and  solid  solution  alloys  are  broadly  categorised  as 
class-M  alloys  if  the  value  of  n  is  equal  to  5,  and  class-A  alloys  if  the  value  of  n  is 
equal  to  3.  In  class-M  alloys,  the  rate  controlling  mechanism  is  the  climb  of  edge 
dislocations  just  as  in  the  case  of  pure  metals.  In  class-A  alloys,  the  rate  controlling 
mechanism  is  solute-diffusion  controlled  dislocation  glide  since  solute  atmospheres 
lock  the  dislocations  such  that  the  rate  of  glide  becomes  slower  than  the  rate  of  climb. 
Such  a  mechanism,  which  is  also  known  as  microcreep,  predicts  activation  energy  for 
creep  which  is  equal  to  the  activation  energy  for  diffusion  of  solute  elements.  In 
either  case,  recovery  takes  place  by  the  climb  of  edge  dislocations.  In  class-A  alloys 
where  creep  is  controlled  by  viscous  glide  of  dislocations,  one  would  expect  the 
dislocations  to  break  away  from  the  solute  atmospheres  as  high  stresses  are 
approached.  Hence,  at  higher  stresses,  climb  would  be  the  rate  controlling 
mechanism,  as  in  pure  metals,  with  a  value  of  n  =  5  and  Qc  -  Qld.  As  Murty14  has 
shown  in  the  case  of  an  Al-Mg  alloy,  the  critical  stress  for  the  transition  from  viscous 
glide  to  climb  in  the  range  of  2x10^  E  to  lxl 0"3  E.  Such  transitions  were  reported  in 
many  class-A  alloys5.  The  transition  stress  in  the  present  investigation  does  fall  in 
this  regime,  and  thus  the  present  creep  results  on  Sn-5Sb  alloy  could  correspond  to 
the  climb  of  the  edge  dislocations.  However,  the  activation  energy  of  44.7  kJ/mole 
determined  from  the  creep  experiments  is  around  0.7  times  the  activation  energy 
determined  in  pure  tin.  This  value  is  comparable  to  the  estimated  activation  energy 
for  low  temperature  dislocation  climb,  assisted  by  vacancy  diffusion  through 
dislocation  core  (46  kJ/mole).  However,  in  that  case,  the  stress  exponent  will  be 
higher  by  a  value  of  2,  i.e.,  equal13,15  to  7  whereas  we  obtained  a  value  of  n  =  5.  It  is 
possible  that  viscous  glide  is  the  rate  controlling  mechanism  in  Sn-5Sb  alloy  under 
the  present  test  conditions.  Solute  diffusion  through  dislocation  core  would  then 


dominate  so  that  the  stram-rate  would  be  proportional  to  the  dislocation  density,  p, 

*  _  A  -Qpipe  3  .  _  -Qnine  ^ 

i.e.,  g  -  Aj  p  e  a  .  Since  poca  ,  e  =  A'  e'  a  .  The  stress  exponent  of  5  and 
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the  activation  energy  of  44.7  kJ/mole  obtained  in  our  experiments  are  in  good 
agreement  with  the  low-temperature  viscous  glide  mechanism. 

CONCLUSIONS 

Creep  deformation  mechanisms  in  pure  tin,  Sn-3.5Ag  and  Sn-5Sb  alloys  were  studied 
in  the  temperature  range  of  ambient  to  473K.  Stress  exponent  of  n  =  7.6  ±0.2, 
5.0 ±0.2  and  5.0 ±0.3  and  activation  energy  for  creep  Qc  equal  to  60.3  ±3.8,  60.7 ±6.6 
and  44.7 ±3.7  were  obtained  for  tin,  Sn-3.5Ag  and  Sn-5Sb  alloys  respectively.  From 
phenomenological  analyses,  activation  energies  for  self-diffusion  through  the  lattice 
and  dislocation  core  for  tin  were  estimated  as  65  and  46  kJ/mole.  Based  on  the 
experimentally  determined  stress  exponent  and  activation  energy  values,  it  is 
suggested  that  the  creep  deformation  mechanisms  are  dislocation  climb  creep 
controlled  by  lattice  diffusion  in  pure  tin  and  Sn-3.5Ag  alloy,  and  viscous  glide 
controlled  by  pipe  diffusion  in  Sn-5Sb  alloy. 
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Effect  of  Microalloying  on  the  Creep  Strength  and  Microstructure  of 

Eutectic  Sn-Pb  Solders 
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Strengthening,  Sn-Pb  Eutectic  Alloy,  Microstructure 


Abstract  Electronic  devices  are  recently  much  more  frequently  loaded  into  more  severe 
environments  of  higher  temperature  and/or  fluctuating  stress  and  temperature.  Accordingly,  the 
improvement  of  creep  strength  properties  and  mechanical  and  thermal  fatigue  ones  of  the  electronic 
joining  material  of  solder  is  strongly  demanded.  The  objective  of  the  present  study  is  to  improve  the 
creep  strength  of  Sn-Pb  eutectic  solder  by  the  addition  of  small  amount  of  effective  elementsof  Sb, 
Ag,  Cu  and  Ga,  which  are  selected  by  preliminary  experiments  and  statistical  analysis.  Creep  tests 
indicated  that  the  microalloying  improved  significantly  the  creep  strength  comparing  with  that  of  the 
regular  Sn-Pb  eutectic  solder. 


Introduction 

Recently,  electronic  devices  are  much  more  frequently  loaded  into  the  more  severe 
environments,  such  as  the  condition  of  higher  temperature  and/or  fluctuating  stress  and  temperature, 
which  induces  the  higher  temperature  creep  fracture  and/or  the  enhanced  mechanical  and  thermal 
fatigue  in  the  electronic  joining  materials  of  solder{12).  Accordingly,  the  improvement  of  creep 
strength  and  mechanical  and  thermal  fatigue  strength  is  strongly  demanded  in  a  technical  field  of 
electronic  materials  joining. 

The  present  authors  have  investigated  the  effect  of  the  small  amount  of  addition  of  Sb,  Ag, 

Cu  and  Ga  on  the  creep  strength  of  the  regular  Sn-Pb  eutectic  solder  .  These  elements  have  shown 
significant  improvement  of  the  creep  and  rupture  strength,  although  there  is  no  difference  between 
the  activation  energies  for  the  minimum  creep-rate  deformation  of  the  microalloyed  solder  and  the 
regular  Sn-Pb  eutectic  alloy.  TEM  (transmission  electron  microscope)  observation  indicates  that 
there  are  no  precipitate  particles  in  the  Pb  side  phase,  but  tiny  particles  are  formed  and  distribute 
densely  in  the  Sn  side  phase  which  is  a  major  part  of  the  matrix  of  the  Sn-Pb  eutectic  alloy. 
Accordingly,  it  is  considered  that  this  dense  distribution  of  the  small  particles  improves  the  creep 
and  rupture  strength  of  the  microalloyed  material. 

Experimental  procedures 

Table  1  shows  the  chemical  compositions  of  the  materials  used.  The  alloy  A  is  a  regular  Sn- 
Pb  eutectic  solder  alloy.  The  alloy  B  contains  0.5%Sb,  0.5%Ag,  0.1%Cu  and  0.003%Ga.  The 
previous  research (3)  indicated  that  this  combined  addition  of  Sb,  Ag,  Cu  and  Ga  to  the  regular 
eutectic  solder  alloy  was  very  beneficial  for  the  improvement  of  thermal  fatigue  strength.  These 
alloys  were  cast  into  metallic  dies  and  the  creep  test  specimens  were  machined  from  the  ingots. 
Creep  test  was  performed  at  the  temperature  range  of  313  to  378K  and  the  stress  level  of  5  to 
15MPa.  Optical  microscope  (OM)  and  TEM  observation  were  made  on  the  specimens  of  the  alloy  B 
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Table  1  The  chemical  compositions  of  the  materials  used  (mass  %) 


Materials 

Sn 

Pb 

Sb 

Ag 

Cu 

Ga 

Solder  alloy  A 

Bal. 

37.0 

— 

— 

— 

Solder  alloy  B 

Bal 

37.0 

0.5 

0.5 

0.1 

0.003 

which  were  aged  at  423K  for  3.6Ms  after  the  casting  into  the  metallic  dies..  Vickers  hardness 
measurement  was  also  done  at  room  temperature  to  clarify  whether  there  is  a  age-hardening 
phenomenon  due  to  the  addition  of  the  microalloying  elements  in  the  alloy  B. 


Experimental  resu 

Figure  1  shows  the  results  of  Vickers 
hardness  measurement  during  the  aging 
treatment  at  353K  for  1800ks  of  the  alloys  A 
and  B  which  were  cast  into  the  metallic  dies. 

This  indicates  that  although  there  is  no  age¬ 
hardening  effect  even  in  the  alloy  B,  the 
strength  of  the  alloy  B  is  larger  than  that  of  the 
alloy  A  Figure  2  shows  typical  creep  curves  of 
the  alloys  A  and  B  at  333K  and  5  to  lOMPa.  It 
can  be  understood  that  the  alloy  B  has  larger 
creep  strength  than  the  alloy  A  In  Fig.3,  a 
creep  rate  curve  is  shown  with  a  usual  creep 
curve  of  the  alloy  B.  The  minimum  creep  rate 
(e  ^  )  can  be  obtained  from  the  minimum 
point  of  this  curve.  The  £  min  of  the  alloy  B  is 
smaller  than  that  of  the  alloy  A  at  the  same 
creep  condition  (stress  and  temperature).  The 
stress  dependences  of  £  min  of  the  alloys  A  and 
B  are  shown  in  Figs.4  and  5,  respectively. 

Stress  exponent,  which  is  designated  to  be  an 
exponent,  n,  to  satisfy  the  following  equation, 

^min00  CT"  -  (1) 

,  where  a  is  a  creep  stress,  is  also  shown  in 
Figs.  4-(a)  and  (b).  It  is  generally  recognized 
that  the  n  value  increases  with  the  increasing  of 
creep  strength  and  decreases  at  higher  creep  test 
tempearature.  The  n  valuses  shown  in  Figs.4  and 
5  also  indicate  this  tendency.  When  we  express 

thc  £  ™  by  the  Eq.  (2), 

e™=  C  a"e“ -  (2) 

,  where  C  is  constant,  Q:the  activation  energy 
for  the  minimum  rate  creep,  R:gas  constant  and 
T  is  the  absolute  creep  test  temperature,  Q  of 
the  alloys  A  and  B  are  obtained  in  Figs.5  (a)  and 
(b).  These  values  of  81  to  103kJ/mol  are 
roughly  near  to  the  activation  energy  (108kJ/ 
mol)  for  the  self  diffusion  of  the  each  element  of 
Sn  and  Fb(4).  Accordingly,  it  can  be  an 
understanding  that  the  creep  strengthening  of  the 
alloy  B  is  due  to  the  decrease  of  the  frequency 
factor,  C  in  Eq.(2). 

Figure  6  shows  the  creep-rupture  curves,  which 


Its  and  discussion 
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Fig.l  Vickers  hardness  measurement  during 
the  aging  treatment  at  353K  for  1800ks 
after  the  casting  into  the  metallic  dies. 
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Fig.2  Typical  creep  curves  of  the  alloys  A 
and  B  at  333K  and  5  to  lOMPa. 
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indicates  the  relationship  between  creep-rupture  stress  and  rupture  time  of  the  alloys  A  and  B.  At  the 
same  test  condition  (stress  and  temperature),  rupture  time  of  the  alloy  B  is  larger  by  one  order  than 
that  of  the  alloy  A.  Accordingly,  it  can  be  seen  that  the  addition  of  Sb,  Ag,  Cu  and  Ga  is  very 
beneficial  for  the  improvement  of  the  creep  and  rupture  strength  of  the  regular  eutectic  solder  alloy 


Rupture  time  /hr 


Fig.6  Creep-rupture  curves  (relationship  between  creep-rupture  stress  and  rupture  time) 
of  the  alloys  A  and  B 


Figure  7  shows  the  optical  micrographs  of  the  alloys  A  and  B  which  are  aging-treated  at 
313K  for  36ks.  No  significant  difference  can  be  observed  between  the  Photos,  (a)  and  (b).  Figure  8- 
(a)  shows  the  TEM  observation  of  the  Pb  phase  in  the  alloy  B  after  the  aging  treatment  at  423K  for 
3.6Ms.  There  is  no  precipitates  in  the  Pb  phase.  On  the  other  hand,  Fig.  8-(b)  indicates  that  a  fairly 
large  number  of  tiny  particles  disperses  in  the  Sn  phase  matrix.  The  constituent  elements  of  the  tiny 
particles  are  not  yet  analyzed  by  the  method  of  EDX  et  al.,  but  these  can  be  considered  to  be 
intermetallic  compounds  formed  by  the  combination  of  the  elements  of  Sn,  Ag  and/or  Cu.  The 


Fig.  7  Optical  micrographs  of  the  alloys  A  and  B  aging  treated  at  313K  for  36ks. 
(a)  alloy  A  (b)  alloy  B 
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Fig.  8  TEM  observation  of  the  alloy  B  aging-treated  at  423K  for  3.6Ms. 
(a)  Pb  phase,  (b)  Sn  phase 


dispersion  of  these  particles  strengthen  the  Sn  phase  which  is  a  major  part  of  matrix  in  the  Pb-Sn 
eutectic  alloy.  Seeing  that  the  activation  energiy,  Q  for  the  minimum  rate  creep  of  tha  alloys  A  and 
B  is  roughly  same,  but  the  frequency  factor,  C  of  the  alloy  B  in  the  Eq.(2)  is  smaller  than  that  of  the 
alloy  A,  it  is  considered  that  the  tiny  particles  dispersion  decreases  the  sweeping  area  of  dislocation 
after  a  thermal  activation  event,  such  as  a  climb  motion  or  cross  slip  of  dislocation  blocked  by  some 
kinds  of  barriers.  Accordingly,  these  partciles  are  considered  to  have  a  particle  dispersion 
strengthening  to  contribute  to  the  significant  improvement  of  the  creep  and  rupture  strengthes  of  the 
alloy  B. 

Conclusion 

The  combined  addition  of  0.5%Sb,  0.5%Ag,  0.1  %Cu  and  0.003%Ga  on  the  regular  Sn-Pb 
eutectic  solder  alloy  has  significantly  improved  the  creep  and  rupture  strengthes.  TEM  observation 
indicates  that  there  is  no  precipitates  in  the  Pb  phase  but  a  large  number  density  of  tiny  particles  are 
formed  and  dispersed  in  the  Sn  phase.  These  particles  are  considered  to  contribute  to  the  significant 
improvement  of  the  creep  and  rupture  strengthes  of  the  alloy  B. 
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Astract  The  effects  of  various  Nb,  Ni,  Mo,  B,  and  C  content  on  the  microstructures  and  deformation 
behaviours  of  Ir-Nb  /cc-Ll  2  two-phase  refractory  superalloys  were  investigated  at  both  room  and  high 
temperatures.  The  results  showed  that  the  intergranular  fracture  occurring  in  Ir  single-phase  alloys 
could  be  governed  by  controlling  the  microstructures  around  GBs  and  alloying  Ni,  B  and  C  in  Ir- 
15at%Nb  two-phase  alloys.  The  results  also  showed  that  Ir-15at%Nb  two-phase  refractory  superalloys 
alloyed  with  about  10at%  Ni  were  superior  to  the  binary  Ir-15at%Nb  two-phase  alloy  as  an  ultra-high 
temperature  structural  material  in  terms  of  strength,  fracture  behavior,  and  density. 

1  Introduction 

Ni-based  superalloys  are  among  the  most  well  known  and  successful  materials  in  the  history  of 
aeronautics  and  gas  turbine  industries^.  However,  new  high  temperature  structural  materials  with 
operating  temperatures  exceed  those  of  conventional  Ni-based  superalloys  are  required  in  various 
fields^2,3 .  Recently,  we  develope  a  new  class  of  two-phase  superalloys,  namely,  refractory  superalloy, 
based  on  platinum  group  metals  (PGMs)[4'7].  These  refractory  superalloys  have  a  coherent  /cc-Ll 2 
structure,  similar  to  y/y'  microstructure  in  nickel-base  superalloys,  and  have  good  potentiality  as 
structural  materials  used  at  ultra-high  temperatures  up  to  2000  °C.  Preliminary  results  showed  that,  of 
these  refractory  superalloys,  Ir-based  /cc-L12  two-phase  alloys,  such  as  Ir-15at%Nb,  Ir-15at%Hf  and 
Ir-15at%Zr  alloys,  are  superior  in  high  temperature  strength  and  oxidation  resistance171. 

Despite  the  importance  of  the  relationship  between  the  microstructures  and  the  deformation 
behaviours  of  these  refractory  superalloys  for  practical  applications,  the  fracture  behaviour  has  also 
needed  to  be  understood.  The  aims  of  the  present  study  are:  (i)  to  examine  the  effects  of  various 
niobium  (Nb)  contents  on  the  microstructures  and  fracture  behaviours  of  Ir-Nb  two-phase  refractory 
superalloys,  (ii)  to  identify  the  effects  of  third  element  (Ni,  Mo,  C,  and  B)  addition  on  the 
microstructures  and  fracture  behaviours  of  Ir-15at%Nb  alloy,  and  (iii)  to  determine  the  relationship 
between  the  microstructure  and  fracture  behaviour  of  the  alloy.  Our  results  show  that  the  intergranular 
fracture  occurred  in  Ir  single-phase  alloys  could  be  governed  by  controlling  the  microstructures  around 
grain-boundary  (GB)  and  alloying  some  third  elements. 

2  Experimental  Procedures 

Samples  were  arc  melted  into  disk- shaped  ingots  using  as  high-purity  components  as 
reasonably  available  (>99.9at%).  Table  1  lists  the  alloy  compositions,  heat  treatment  conditions, 
phase  constituent  and  the  volume  fractions  of  the  phase  with  Ll2  structure,  which  calculated  from 
the  binary  phase  diagram [8].  All  samples  were  electro-machined  and  polished  to  03  x  6  mm. 
Compression  tests  were  done  in  air  in  the  range  from  293K  to  1473K  at  an  initial  strain  rate  of 
3.0x1  O'4  s'1  and  strains  were  determined  from  the  load-displacement  curves  recorded  from  a  strip 
chart. 

We  examined  the  microstructures  of  the  annealed  specimens  by  using  a  scanning  electron 
microscope  (SEM)  and  a  transmission  electron  microscope  (TEM).  The  polished  specimens  were 
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electrolytically  etched  in  a  5%  HC1  ethyl  alcohol  solution.  Using  an  energy-disperse  X-ray 
spectroscope  (EDS)  and  a  back-scattered  electron  (BSE)  imaging  unit  attached  to  the  SEM,  we 
determined  the  phases  and  microstructures  around  the  GB.  For  fracture  surface  investigation, 
fractures  surfaces  developed  during  compression  test  were  examined  used  the  SEM. 


Table  1.  Experimental  Alloys 


Alloy  Nominal  Composition 

Number  (at.  pet) 

Volume 
Fraction 
%  (Ll2) 

Heat 

Treatment 

(°C-h) 

Structure 

1 

Ir75Nb15 

31 

1800-72 

primary  Ir  +  eutectic  (lr3Nb  +  Ir) 

2 

IrgjNbn 

49 

1800-72 

eutectic(Ir3Nb  +  Ir) 

3 

IrgoNb2o 

68 

1800-72 

primary  Ir3Nb  +  eutectic  (Ir3Nb  +  Ir) 

4 

Ir7SNb15Ni10 

33 

1300-168 

fee  +  LI : 

5 

Ir65Nb15Ni2o 

1300-168 

fee  +  LI  2 

6 

Ir55Nb,5Ni3o 

1300-168 

fcc  +  Ll2  +  (Ir,Ni)11Nb9 

7 

Ir80NbisMo5 

1300-168 

fee  +  Ll2 

8 

Ir75Nbi5+  500  ppm  wt%B 

1300-100 

fee  +  LI  2 

9 

Ir75Nbj5+  500  ppm  wt%C 

1300-100 

fee  +  LI  2 

3  Results 

3.1  Microstructure 


rr  JHnT TrTTinilTili 

Fig.  .1.  The  typical  microstructure  around  GBs  in  (a)  Ir-15at%Nb,  (b)  Ir-17at%Nb,  (c)  Ir-20at%Nb, 
(d)  Ir- 1 5at%Nb- 1  Oat%Ni,  (e)  Ir-15at%Nb-20at%Ni,  (f)  Ir-15at%Nb-30at%Ni,  (g)  Ir-15at%Nb- 
5at%Mo,  (h)  Ir-15at%Nb-500  ppm  wt%B,  and  (i)  Ir-15at%Nb-500  ppm  wt%C 


Ir-Nb.  BSE  imagines  and  EDS  analysis  show  that  the  microstructures  for  the  Ir-Nb  two-phase 
refractory  superalloys  could  be  categorized  into  three  types  (I,  II,  and  III).  The  microstructures  of 
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the  alloys  containing  less  than  17at%Nb  showed  a  dendritic  structure,  and  thus  was  type  I.  Type  I 
structure  was  characterized  by  the  dendritic  cones  that  were  formed  by  fee  phase  (according  to  the 
Ir-Nb  binary  phase  diagram)  and  by  the  fee  I  L\2  two-phase  mixture  structure  between  the  dendritic 
cones.  We  noted  that  most  part  of  the  GBs  for  the  type  I  alloys  was  made  up  by  the  connection  of 
single  fee  phase  or  the  single  fee  phase  with  /cc/L12  two-phase  (Fig.  la).  The  microstructure  of  the 
alloy  containing  17at%  Nb  showed  a  eutectic  structure,  and  thus  was  type  II.  Type  II  was 
characterized  by  the  fee  !  L\2  two-phase  mixture  structure  within  grains  and  along  GBs.  The  GBs 
in  the  alloy  were  formed  by  the  connection  of  the  fee  /  LI 2  two-phase  mixture  structure  (Fig. lb). 
The  microstructures  of  the  alloy  containing  more  than  17at%  Nb  showed  another  dendritic 
structure,  and  thus  was  type  III.  Type  III  structure  was  characterized  by  dendrite  cones  formed  by 
LI 2  phase  (according  to  the  phase  diagram)  and  the  fee  /  L 1 2  two-phase  mixture  structure  between 
the  dendrite  cones.  The  most  part  of  the  GBs  in  these  type  III  alloys  was  also  formed  by  the 
connection  of  the  fee  /  LI  2  two-phase  structure  (Fig.lc). 

Ir-Nb-Ni.  The  average  phase  sizes  of  the  Ni  containing  Ir-15at%Nb  alloys  became  coarser  with 
the  Ni  content  increasing  (Figs. Id- If).  The  GBs  in  the  alloy  containing  10at%Ni  were  formed  by 
the  connection  of  the  fee  /  Ll2  two-phase  structure  (Fig. Id),  such  as  the  GB's  structure  in  Ir-Nb 
two-phase  alloys  with  type  II  or  III  structures.  The  connections  of  different  sizes  and  morphologies 
of  the  fee  (dark  part  in  Fig.le)  and  Ll2  phase  (irregular  white  part  in  Fig.le)  formed  the  GBs  of  Ir- 
1 5at%Nb-20at%Ni.  The  results  of  the  EDS  showed  that  there  was  a  third  phase  existing  when  the 
Ni  content  was  30at%(Fig. If). 

Ir- 1 5at%Nb-5at%Mo.  The  microstructure  of  the  Ir-15at%-5at%Mo  alloy  was  characterized  by 
the  fee  /  Ll2  two-phase  mixture  structure  within  grains.  But  along  the  GBs  in  the  alloy,  there  were 
thin  layers  of  fee  phase  (Fig.lg).  Therefore,  the  GB  structure  of  this  alloy  was  same  as  the  type  I 
alloy. 

Ir-15at%Nb-500  ppm  wt%  B  or  C.  Doping  500  ppm  wt%  B  or  C  to  Ir-15at%Nb  changed  the 
microstructure  greatly  (Fig. la,  Ih  and  li).  Most  part  of  the  GBs  in  these  two  doped  alloys  were 
formed  by  the  connection  of  the  fee  /  L1‘2  two-phase  structure,  and  thus  were  same  as  type  II  or  III 
alloys. 


3.2  Mechanical  properties 
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The  results  of  the  room-  and  high-temperatures  compression  tests  are  shown  in  Fig. 2.  The 
significant  trends  are  as  follows: 

•  For  the  Ir-Nb  two-phase  alloys,  the  yield  strengths  increases  with  increasing  Nb  content  up  to 
17at%,  where  the  volume  fraction  of  the  LI 2  phase  was  about  50%,  both  at  room  temperature 
and  1473  K.  When  the  Nb  content  exceeded  17at%,  the  yield  strengths  decreased  with 
increasing  the  Nb  content.  However,  the  Ir-17at%Nb  alloy  had  the  lowest  compression  ductility, 
6.2%. 

•  In  the  case  of  Ir-15at%Nb-Xat%Ni  (X-10,  20,  and  30)  alloys,  the  yield  strength  of  the  Ir- 
15at%Nb-10at%Ni  alloy  was  2150  MPa  at  room  temperature,  which  was  much  greater  than  that 
of  the  binary  Ir-15at%Nb  alloy,  and  the  yield  strength  was  728  MPa  at  1473  K,  similar  to  that  of 
the  binary  alloy.  The  yield  strengths  of  the  other  Ni  containing  Ir-15at%Nb  alloys  were  lower 
than  that  of  the  binary  Ir-15at%Nb,  both  at  room  and  high  temperatures.  The  results  also 
showed  the  Ni  addition  was  beneficial  to  the  compression  ductility  of  the  Ni  containing  alloys  at 
room  temperature  even  when  the  Ni  content  researched  30at%.  The  maximum  value  was 
obtained  in  the  Ir-15at%Nb-20at%Ni  alloy,  and  was  13%. 

•  For  the  Ir-15at%Nb-5at%Mo  alloy,  the  addition  of  5at%Mo  had  little  effect  on  the  strength  and 
ductility  of  the  Ir-15at%Nb  alloy.  500  ppm  wt%B  addition  to  Ir-15a%Nb  improves  the  room 
temperature  strength  of  the  doped  alloy  from  1258  MPa  to  2324  MPa.  But  it  lowered  the 
strength  from  1032  MPa  to  486  MPa  at  1473K.  500  ppm  wt%C  doping  raised  the  yield  strength 
of  Ir-15at%  alloy  at  both  room  temperature  and  1473  K.  The  ductilitity  of  the  binary  Ir- 
1 5at%Nb  alloys  doped  with  B  or  C  was  almost  same  with  the  binary  alloy  at  room  temperature. 

3.3  Fractography 

The  fracture  surfaces  of  the  tested  alloys  after  compression  tests  at  room  temperature  are 
shown  in  Fig. 3.  These  show  the  following  behaviours: 


Fig.  3.  The  fracture  surfaces  of  the  tested  alloys  after  compression  at  room  temperature 
(a)  Ir-15at%Nb,  (b)  Ir-17at%Nb,  (c)  Ir-20at%Nb,  (d)  Ir-15at%Nb-10at%Ni,  (e)  Ir-15at%Nb- 
20at%Ni,  (f)  Ir-15at%Nb-30at%Ni,  (g)  Ir-15at%Nb-5at%Mo,  (h)  Ir-15at%Nb-500  ppm  wt%B, 
and  (i)  Ir-15at%Nb-500  ppm  wt%C 
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□  In  the  Ir-Nb  two-phase  alloys,  intergranular  fracture  occurred  for  the  alloys  with  the  type  I 
structure  (Fig.3a)  and  transgranular  fracture  occurred  for  the  alloys  with  the  type  II  and  III 
structures  (Fig.3b  and  3c).  Cleavage  fracture  was  the  predominant  fracture  mode  on  the  surfaces 
of  the  transgranular  areas,  which  were  indicated  by  the  river  patterns  and  many  cleavage  steps 
microstructure. 

□  The  fracture  surfaces  of  the  Ir-15at%Nb-10at%Ni  alloy  exhibited  transgranular  fracture  in 
compression  (Fig.3d),  whereas  the  other  Ni  containing  Ir-15at%Nb  alloys  exhibited  a  mixture  of 
the  intergranular  and  transgranular  fracture  (Fig.3e  and  3f).  A  close  observation  showed  that  the 
cleavage  fracture  was  still  a  predominant  fracture  on  the  surfaces  of  the  transgranular  areas.  The 
result  of  Auger  spectroscopy  analysis  showed  that  no  significant  segregation  of  Ni  at  the  GBs  in 
Ni-alloyed  Ir-1 5at%Nb  alloys. 

□  The  intergranular  fracture  occurred  for  the  Ir-15at%-5at%Mo  alloy,  which  GB  had  the  type  I 
structure.  500  ppm  wt%B  or  C  doping  changed  fracture  mode  from  the  intergranular  fracture  in 
Ir-15at%Nb  to  the  transgranular  fracture  in  the  doped  Ir-15at%Nb  alloys.  However,  the  cleavage 
fracture  was  still  a  predominant  fracture  on  the  surfaces  of  the  transgranular  areas.  The  result  of 
EDS  analysis  showed  that  there  was  more  B  or  C  concentration  at  the  GBs  for  the  doped  alloys 
than  the  bulk  concentration. 

The  interactions  for  the  deformation  bands  with  GBs  and  cracks  propagate  in  some  of  the 
tested  alloys  are  shown  in  Fig.  4.  The  left-side  photos  in  Fig.4  show  the  microstructures  during  the 


Fig.  4.  The  deformation  microstructure  of  Ir-Nb  two-phase  alloys 
(a),  (b)  Ir-15at%Nb,  arrows  in  (a)  and  (b)  indicate  the  GB 

(c),  (d)  Ir-17at%Nb,  arrows  in  (c)  indicate  slip  bands  across  the  GBs,  arrow  in  (d)  indicate  crack 
across  the  GBs 

(e),  (f)  Ir-20at%Nb,  arrows  in  (e)  indicate  slip  bands  across  the  GBs,  arrow  in  (f)  the  GBs 
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For  the  Ir-1 5at%  Nb  alloy,  the  slip  bands  (white  lines  in  Fig.4a)  had  difficulty  in  crossing 
the  GB  during  the  deformation  and  therefore  terminated  at  the  GB  (Fig.4a).  Because  the  matrix  slip 
bands  terminated  at  the  GB,  large  stress  concentrated  at  the  GB  and  caused  cracks  to  initiate  and  to 
propagate  along  the  GB  (Fig.4b).  For  the  Ir-17at%Nb  (Fig.4c)  and  Ir-20at%Nb  (Fig.4e),  the  slip 
bands  crossed  the  GBs  during  the  deformation.  This  crossing  prevented  a  build-up  of  stress  at  the 
GBs,  thus  allowed  the  cracks  to  transfer  from  one  grain  to  another  (Fig.4d  for  Ir-17at%Nb  and 
Fig.4f  for  Ir-20at%  Nb). 

4  Discussion 

The  strength  of  two-phase  alloy  systems  is  essentially  due  to  the  interaction  between 
dislocations  and  particles  of  the  second  phase.  In  the  last  three  decades,  remarkable  advances  have 
been  made  in  understanding  the  dislocation-particle  interaction  mechanism[2].  The  volume  fraction 
and  the  size  of  LI2  precipitates  and  fee  /  LI 2  lattice  misfit  are  the  main  factors  affecting  the  strength 
of  Ni-based  two-phase  superalloys[9].  The  strength  of  Ni-based  superalloys  peaks  at  a  particular 
volume  fraction  of  the  precipitates,  normally  between  60%  and  70%  .  Because  the  structure  of  the 

alloys  that  we  study  here  is  similar  to  that  of  Ni-based  superalloys,  these  parameters  may  be  still  the 
main  factors  in  our  alloys.  In  our  study,  for  Ir-Nb  binary  two-phase  alloys,  the  fcc/LU  lattice  misfits 
do  not  change  because  the  compositions  of  fee  and  Ll2  phases  were  same  for  all  of  the  tested  Ir-Nb 
binary  alloys.  Therefore,  the  volume  fraction  and  the  size  of  Ll2  precipitates  would  be  the 
governing  factors  for  the  strengths  of  these  alloys.  According  to  our  results,  the  maximum  strength 
occurred  when  the  alloy  contained  about  50%  volume  fraction  of  the  LI2  precipitate.  The  effect  of 
LI 2  precipitate  size  on  the  strength  was  a  yet  more  complicated  problem  and  remains  to  be  resolved. 
For  the  Ni  alloyed  Ir-15at%Nb  two  phase  alloys,  our  results  show  that  the  addition  of  Ni  was 
effective  in  raising  the  room  temperature  strength  of  the  alloy  when  Ni  content  was  about  10  at%. 
Possible  factors  contributing  to  this  strength  improvement  were  (a)  solid  solution  hardening,  (b) 
precipitate  hardening,  and  (c)  grain  boundary  effect.  More  work  needs  to  be  done  to  understand  the 
detail  mechanisms  of  the  Ni  alloyed  alloys.  The  effects  of  doping  B  or  C  on  the  strength  of  Ir- 
15at%Nb  alloys  are  not  fully  understood  now,  more  data  and  investigation  are  needed  to  clear  their 
mechanisms. 

The  fracture  modes  observed  in  some  Ir-Nb  and  Ir-15at%Nb  alloyed  with  10at%Ni,  or  5at%Mo, 
or  500  ppm  wt%  B  ro  C  alloys  are  quite  different  from  the  morphologies  of  GBs  fracture  generally 
observed  in  polycrystalline  Ir  and  Ir  alloys[11].  Because  it  was  reported  that  intergranular  brittleness 
in  polycrystalline  Ir  and  Ir  alloys  are  intrinsic  and  are  not  due  to  impurities  at  the  GBs[i2],  the  GBs 
in  these  alloys  may  always  be  weak  points.  Liu  et  al.[l3]  found  that  GB  fracture  of  the  Ir-0.3  pet  W 
could  be  suppressed  by  doping  200  ppm  Th  and  they  contributed  this  suppression  to  the  GB 
segregation  of  Th.  Wolff  and  Sauthoff*,4]  showed  that  a  small  amount  of  B  could  improve  the 
ductility  and  strength  in  the  Irg4Nbi4  alloy.  They  also  associated  this  improving  with  the  segregation 
of  B  to  the  GBs.  Therefore,  the  fracture  mode  changes  for  Ir-15at%Nb  doped  with  B  or  C  in  this 
research  may  be  contributed  to  the  segregation  of  B  or  C  to  the  GBs.  However,  for  the  Ni  alloyed 
IrgsNbis  alloys,  we  could  not  find  the  segregation  of  Ni  to  the  GBs.  This  implies  that  the  mechanism 
for  Ni  suppression  the  GB  fracture  in  the  Ni  alloyed  IrgsNb^  alloys  is  different  to  that  of  B,  C  and 
Th.  According  to  this  research,  the  microstructure  of  the  GBs  in  the  two-phase  refractory 
superalloys  may  govern  the  intergranular  fracture,  such  as  in  other  two-phase  alloys[15,16].  When  the 
microstructures  around  GBs  have  similar  fcc/L  1 2  mixture  structure  (type  II  and  III),  the  GB 
cohension  would  be  improved,  and  thus  incompatibilities  in  stress  and  strain  at  the  GB  would  be 
avoided.  Therefore,  the  fracture  modes  of  the  alloys  can  be  changed.  More  research  should  be 
conducted  to  understand  this  mechanism. 

5  Conclusions 

1.  For  the  Ir-Nb  two-phase  alloys,  the  yield  strengths  of  the  alloys  reached  the  maximum  value 
when  Nb  content  was  17at%,  where  the  volume  fraction  of  the  LI 2  precipitate  was  about  50  at%. 
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The  fracture  modes  of  the  alloys  ranged  from  predominant  intergranular  in  the  alloys  whose  Nb 
content  was  less  than  17  at%,  to  transgranular  in  the  alloys  whose  Nb  content  was  at  least  17  at%. 

2.  For  the  Ni  alloyed  Ir-15at%Nb  alloys,  the  Ni  addition  was  beneficial  to  the  compression 
ductility  even  when  the  Ni  content  researched  30  at%.  The  yield  strength  of  Ir-15at%Nb-10at%Ni 
was  much  greater  than  that  of  the  binary  alloy  at  room  temperature  and  remained  at  a  level  similar 
to  that  of  the  binary  alloy  at  1473K.  Ni  addition  changed  the  fracture  mode  from  predominant 
intergranular  in  Ir-15at%Nb  to  transgranular  in  Ir-15at%Nb-10at%Ni  and  a  mixture  of  intergranular 
and  transgranular  fracture  in  the  other  Ni  alloyed  Ir-15at%Nb  alloys. 

3.  The  addition  of  5at%Mo  had  little  effects  on  the  strength,  ductility  and  fracture  behaviour  of 
the  Ir-15at%Nb  alloy. 

4.  The  strengths  of  Ir-15at%Nb  doped  with  500  ppm  wt%B  or  C  were  greater  than  that  of  the 
undoped  alloy  at  both  room  temperature  and  1473K.  The  fracture  mode  changed  from  intergranular 
fracture  in  undoped  alloy  to  transgranular  fracture  in  doped  alloy.  The  compression  ductilities  were 
almost  same  for  the  undoped  and  doped  alloys. 

5.  Ir-15at%Nb  two-phase  refractory  superalloys  alloyed  with  about  10at%  Ni  were  superior  to 
the  binary  Ir-15at%Nb  two-phase  alloy  as  an  ultra-high  temperature  structural  material  in  terms  of 
strength,  fracture  behavior,  and  density 
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ABSTRACT  The  microstructure  and  the  fracture  of  the  new  developed  Ir-Nb-Ni-AI  and  Ir-Ta-Ni-AI  were 
investigated.  At  1300°C,  three-phase  equilibrium-fcc,  Ll2-Ni3AI  and  Ir3Nb  were  observed  in  alloys  Ir-5Nb-62.4Ni- 
12.6A1,  lr-15Nb-20.8Ni-4.2Al  and  three-phase  equilibrium-fcc,  Ll2-Ni3Al  and  Ir3Ta  existed  in  alloys  Ir-3.75Ta-62.4Ni- 
12.6A1  and  Ir-ll.25Ta-20.8Ni-4.2AI;  four-equilibrium-fcc,  B2-IrAl,  Ll2-Ni3Al  and  Ir3Nb  or  lr3Ta  were  observed  in 
alloy  Ir-10Nb-41.6Ni-8.4Al  or  Ir-7.5Ta-41.6Ni-8.4Al.  At  1400°C,  the  three-phase  equilibrium  existed  in  all  of  the 
alloys.  The  compressive  strengths  at  1200°C  were  from  79  to  616  MPa.  The  compressive  strain  of  the  quaternary  was 
greatly  improved  compared  with  Ir-based  alloys  (below  10%).  The  lowest  one  was  18.  The  precipitation  hardening  of 
quaternary  alloys  can  be  caused  by  the  precipitate-shearing  mechanism.  The  compressive  strength  of  quaternary  alloys 
can  be  attributed  to  the  precipitation  and  solid  solution  hardening  as  well  as  to  the  interface  strengthening. 

INTRODUCTION 


More  and  more  refractory  elements,  Re,  Mo,  W,  Ta  etc  is  added  into  Ni-based  superalloys  to 
increase  the  temperature  capability.  However,  the  melting  temperature  of  Ni  (1455°C)  limits  the 
temperature  capability.  The  platinum  group  metals  may  be  the  promising  candidates  as  a  matrix  for 
ultra-high  temperature  use,  especially  Ir  (melting  temperature  is  2240°C)  is  a  stronger  candidate. 


Yamabe-Mitarai  et  al.  [1,2]  found  the  Ir-based 
refractory  superalloys  are  of  fcc/Ll2  coherent 
structure  similar  to  Ni-based  superalloys  and 
have  higher  strength  at  high  temperature.  But 
the  intergranular  fracture  in  polycrystalline 
existed  in  the  Ir-based  superalloys  and  the 
ductility  of  the  Ir-based  superalloys  was  lower 
[3,4],  which  limit  the  application  of  the  Ir- 
based  superalloys.  The  another  problem  is  the 
cost  of  Ir,  which  is  very  expensive  due  to  the 
supply  in  the  all  of  the  world  is  about  3000 
kg/year. 

To  enhance  the  temperature  capabilities 
of  Ni-based  superalloys  and  improve  the 
ductility  of  Ir-based  superalloys,  a  novel 
approach  to  improve  the  disadvantage  both  of 
Ir-  and  Ni-based  superalloys  were  found.  It  is 
to  combine  Ir-based  with  Ni-based  binary 
alloys  in  different  proportions  to  prepared 
quaternary  superalloys,  A  sketch  of  a  portion 
of  the  quaternary  phase  diagram  is  shown  in 
Fig.l.  The  details  were  described  in  Ref.(5,6). 


Fig.  1  A  sketch  of  a  portion  of  the  quaternary 
Ir-Nb-Ni-AI  phase  diagram  at  1400°C 
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Two  kinds  of  novel  quaternary  Ir-Nb-Ni-Al  and  Ir-Ta-Ni-Al  alloys  were  investigated.  The  object  is 
to  take  the  advantage  of  Ir-based  alloys  (high  strength  at  high  temperature)  and  Ni-based  alloys 
(good  ductility  and  relatively  lower  density  and  cost). 

The  fracture  mode  both  of  pure  Ir  and  Ir-based  binary  superalloys  belongs  to  the  intergranular 
fracture.  Although  the  fracture  mode  of  ternary  Ir-15Nb-xNi  can  be  changed  from  intergranular 
mode  into  transgranular  by  adding  Ni  to  Ir-15at.%Nb  [3],  the  ductility  was  not  improved  enough. 
Ni-based  single-crystal  superalloys  are  of  the  y/y’  coherent  structure,  the  fracture  is  of  the 
characteristic  of  square-like  facets  oriented  on  <001>  planes  [7,8].  However,  the  fracture  mode  and 
ductility  of  quaternary  Ir-based  superalloys  have  never  been  investigated. 

In  this  paper,  the  microstructure  and  the  fracture  mode  of  quaternary  Ir-Nb-Ni-Al  and  Ir-Ta- 
Ni-Al  refractory  superalloys  is  investigated  and  the  strengthening  mechanism  is  discussed. 

EXPERIMENT  PROCEDURE 

Quaternary  Ir-based  refractory  superalloys  were  prepared  by  two  kinds  of  binary  alloys, 
which  consist  of  fee  and  Ll2  two  phase,  in  different  proportions.  They  are  Ir-20at.%Nb  or  Ir- 
15at.%Ta  and  Ni-16.8at.%A1.  The  proportions  of  Ir-based  and  Ni-based  binary  alloys  were:  Ir- 
based  :  Ni-based  =  25:75,  50:50  and  75:25.  In  abbreviation,  e.g.  in  the  case  of  quaternary  alloys 
with  the  proportion  of  Ir-based  :  Ni-based  =  25  :  75,  it  is  called  “with  75%  Ir-based  alloy”  for  short. 
The  nominal  composition  is  listed  in  Table  1 .  The  ingots  of  quaternary  alloys  were  prepared  by  arc 
melting  in  an  argon  atmosphere.  Cylindrical  sample  with  3mm  diameter  and  6mm  long  were  cut 
from  the  each  ingot  for  compression  test.  These  samples  were  heated  at  1300  and  1400°C  for  168h 
in  vacuum  furnace.  The  compression  tests  were  carried  out  at  1200°C.  Samples  were  kept  at  1200 
°C  for  10  minutes  before  loading.  The  initial  compressive  strain  rate  was  4x10  -3/s. 

The  microstructure  and  the  fractured  surface  of  samples  were  observed  by  scanning  electron 
microscopy  (SEM)  and  transmission  electron  microscopy  (TEM).  The  phase  analysis  was 
investigated  by  X-ray  diffractometry  (XRD)  and  the  compositions  were  measured  by  energy 
dispersive  X-ray  spectroscopy  (EDX)  attached  to  SEM.  These  samples  were  etched  with  5%  HC1 
ethanol  solution  at  AC  10V  for  10  min  before  observed  by  SEM.  The  specimens  with  3mm  in 
diameter  were  ion  milled  for  TEM  observation. 


Table  1  The  nominal  composition  of  Ir-based  refractory  superalloys  (at.%) 


Quaternary 

Sample 

Proportion  of  Ir- 
based:  Ni-based 

Nominal  composition  (at.%) 

Ir-Nb-Ni-Al 

Alloy  A 

25:75 

Ir-5Nb-62.4Ni-12.6Al 

Alloy  B 

50:50 

Ir-10Nb-41.6Ni-8.4Al 

Alloy  C 

75:25 

Ir-15Nb-20.8Ni-4.2Al 

Ir-Ta-Ni-Al 

Alloy  A 

25:75 

Ir-3.75Ta-62.4Ni-12.6Al 

Alloy  B 

50:50 

Ir-7.50Ta-41.6Ni-8.4Al 

Alloy  C 

75:25 

Ir-ll.25Ta-20.8Ni-4.2Al 

RESULTS 

1 .  MICROSTRUCTURES  AND  PHASE  ANALYSIS 

All  of  the  as  cast  microstructures  of  these  two  kinds  of  quaternary  alloys,  Ir-Nb-Ni-Al  and  Ir- 
Ta-Ni-Al,  were  of  dendrite  structure.  In  alloy  A,  the  dendrite  structure  was  fee  matrix,  but  the 
dendrites  were  L 1 2-Ir3Nb  or  Ir3Ta  in  alloy  B  and  C. 
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Figs.2a~c  shows  the  microstructures  of  quaternary  Ir-Nb-Ni-Al  after  heat-treated  at  1300  C 
for  168hrs.  The  results  of  X  -ray  and  composition  analysis  indicated  that  fee  and  two  kinds  of  Ll2- 
Ir3Nb  and  Ni3Al  existed  in  the  three  alloys.  B2  phase  was  observed  in  alloy  B  in  addition  to  the 
three  phases.  More,  a  lot  of  lamella  structure  were  formed  by  fee  with  Ni3Al  or  Ir3Nb  in  alloy  A 
(Fig. la).  The  lamella  space  was  about  1.6-2. 5 pm.  Compared  with  the  as  cast  microstructure,  a  lot 
of  particles  precipitated  and  the  fcc/Ll2  coherent  structure  formed  in  the  fee  matrix  (Fig.3). 

The  microstructure  of  quaternary  Ir-Ta-Ni-Al  (see  Figs.2d,e,f)  was  similar  to  that  of 
quaternary  Ir-Nb-Ni-Al  except  of  the  alloy  A.  There  was  no  lamella  structure  in  the  alloy  A 
(Fig.2d).  The  X-ray  phase  analysis  of  Ir-Ta-Ni-Al  heated  at  1300°C  for  168hrs  is  shown  in  Fig.4. 
The  results  of  X-ray  indicated  that  there  were  fee  and  Ll2-Ir3Ta  and  Ni3Al  in  the  alloy  A  and  C; 
B2-IrAl  phase  also  existed  in  alloy  B  in  addition  to  the  fee  and  Ir3Ta  and  Ni3Al.  This  means  there 
were  the  similar  constituents  in  both  of  quaternary  Ir-based  refractory  superalloys,  i.e.  three-phase 
equilibrium  (fee,  Ir3Nb  and  Ni3Al  or  fee,  Ir3Ta  and  Ni3Al)  in  alloy  A  and  C;  four-phase  equilibrium 
(fee,  B2,  Ir3Nb  and  Ni3Al  or  fee,  B2,  Ir3Ta  and  Ni3Al)  in  alloy  B  at  1300°C. 

After  heated  at  1400°C  for  168hrs,  the  biggest  change,  compared  with  that  formed  at  1300°C 
for  168hrs,  is  the  disappearance  of  B2  phase  from  alloy  B  in  both  of  quaternary  superalloys.  The 
amount  of  fine  Ll2  particles  in  the  matrix  in  all  alloys  at  1400°C  exceeded  that  heat  treated  at 
1300°C.  In  alloy  A  and  C,  the  phase  structure  did  not  change  between  1300°C  and  1400°C. 
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The  compressive  tests  were  carried  out  1200°C.  These  samples  were  heated  at  1400°C  for 
168hrs  before  the  compressive  tests.  The  Figure  5  shows  close-up  view  from  the  base  of  cylindrical 
sample  of  quaternary  Ir-Ta-Ni-Al  after  being  compressed  at  1200°C.  The  Fig.5a  shows  unloaded 
sample  of  alloy  A  after  the  compressive  strain  was  about  15%.  No  macro-crack  could  be  observed 
on  the  surface  of  tested  sample.  We  tried  to  fracture  the  specimen,  but  the  specimen  of  alloy  B  did 
not  fracture  even  the  strain  reached  up  to  90%  (see  Fig.5b)  and  the  specimen  changed  from 
cylindrical  to  disc  shape.  Among  all  of  the  compressive  tests  for  both  of  quaternary  Ir-Nb-Ni-Al 
and  Ir-Ta-Ni-Al  alloys,  only  the  specimen  of  alloy  C  in  quaternary  Ir-Ta-Ni-Al  could  be  fractured 
during  the  compressive  test  (Fig.Sc)  when  the  compressive  strain  was  18.6%.  This  means  the 
ductility  of  quaternary  Ir-based  superalloys  has  been  improved  greatly  compared  with  that  of  Ir- 
based  binary  alloys  and  ternary  alloys  (lower  than  10%). 


Fig.3The  fcc/Lh  coherent  structure  taken  from 
the  fee  matrix 


2Theta[deg. ] 

Fig.4  X-ray  intensity  of  quaternary  Ir-Ta-Ni- 
Al  superalloys  heated  at  1300°C  for  168hrs 


The  0.2%  flow  stress  of  quaternary  Ir-based  superalloys  is  plotted  in  Fig.6a.  For  reference, 
the  0.2%  flow  stress  of  the  binary  Ir-20at.%Nb  and  Ir-15at.%Ta  alloys  [1]  as  well  as  commercial 
Ni-based  superalloys,  MarM247  [9],  at  1200°C  were  also  plotted.  The  0.2%  flow  stress  of 
quaternary  alloys  at  1200°C  were  from  79  to  616  MPa,  which  was  higher  than  that  of  Ni-based 
superalloys  (MarM247,  50MPa)  but  lower  than  that  of  Ir-based  alloy  (Ir-15at.%Ta,  750MPa).  The 
effect  of  heat  treatment  on  the  0.2%  flow  stress  at  1200°C  of  quaternary  Ir-Nb-Ni-Al  were  also 
investigated  and  is  shown  in  Fig.6b.  These  samples  were  heated  at  1300°C  for  168hrs,  and  one 
sample  of  alloy  C  was  heated  at  1500°C  for  72hrs.  For  comparison,  the  0.2%  flow  stress  at  1200°C 
of  quaternary  In-Nb-Ni-Al  heated  at  1400°C  is  also  plotted  in  Fig.6b.  Compared  with  the  0.2% 
flow  stress  at  1200°C  of  the  samples  heat  treated  at  1300  and  1400°C  for  168hrs,  the  strength  of 
alloy  A  was  considerably  increased  about  2.5  times  but  that  of  the  alloy  B  was  decreased.  There  is 
no  significant  effect  of  heat  treatment  at  1300  or  1400°C  for  168hrs  on  the  compressive  strength  of 
alloy  C.  However,  when  the  alloy  C  was  heat-treated  at  1500°C  for  72hrs,  the  0.2%  flow  stress, 
467MPa,  was  increased  greatly  and  was  very  closed  to  that  of  Ir-20at.%Nb  binary  alloy. 
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As  mentioned  above,  most  of  these  samples  could  not  be  fractured  during  the  compress  test.  These 
samples  were  bent  to  fracture  to  observe  the  fracture  surface.  The  fractures  of  the  two  kinds  of 
quaternary  Ir-Nb-Ni-Al  and  Ir-Ta-Ni-Al  heated  at  1300°C  for  168hrs  were  investigated.  No 
significant  macro-fracture  surface  differences  existed  for  the  four  alloys  with  25%  Ir-based  alloy 
(alloy  A)  and  50%  Ir-based  alloys  (alloy  B).  The  scanning  electron  fractograghs  (Fig.  7a,b,d,e) 
indicate  ductile  dimple  fracture  morphology  in  bonded  precipitates  of  all  size,  tear  ridges,  and  no 
cleavage  for  all  the  alloy  A  and  B  alloys  in  the  two  kinds  of  quaternary  alloys.  The  four  alloys  also 
contain  amounts  of  precipitates  fracturing  via  ductile  dimples.  These  micro-fracture  morphologies 


Alloy  A  Alloy  B  10  nUt>  Alloy  C 


Fig.5  The  macro-photos  of  quaternary  Ir-Ta-Ni-Al  after  compressed  at  1200°C.  (a)  Ir-3.75Ta- 
62.4Ni-12.6Al  (alloy  A),  (b)  Ir-7.5Ta-41.6Ni-8.4Al  (alloy  B),  and  (c)  Ir-ll.25Ta-20.8Ni-4.2AI 
(alloy  C) 


Fig.6  (a)  The  0.2%  flow  stress  of  quaternary  Ir-based  superalloys  at  1200°C,  (b)  The  effect  of  heat 
treatment  on  0.2%  flow  stress  at  1200°C  of  quaternary  Ir-Nb-Ni-Al 

can  be  classified  as  ductile.  The  Fig.7c,f  shows  the  scanning  electron  fractographs  of  alloy  C  of  the 
two  kinds  of  quaternary  alloys.  Here,  the  predominantly  ductile  dimpling  with  a  lot  of  precipitates 
fracturing  can  be  observed.  Compared  with  the  precipitates  fracturing  in  alloy  A  and  B,  the  size  of 
the  precipitates  fracturing  in  alloy  C  was  larger.  Therefore,  The  above  micro-fracture  morphology 
can  be  classified  here  as  globally  ductile  and  locally  brittle.  The  fracture  mode  is  different  from  that 
of  Ni-based  superalloys  and  Ir-based  superalloys. 

The  morphology  of  precipitates  and  the  dislocations  were  observed  by  TEM  after  the 
quaternary  Ir-Nb-Ni-Al  superalloys  were  deformed  about  15%  at  1200°C  (the  compression  strain 
were  calculated  by  the  change  in  specimen  height  before  and  after  the  compression  test),  the  Lh 
precipitates  were  still  dendrite  or  cubic.  Only  a  few  dislocations  were  observed  in  fee  matrix.  An 
interfacial  dislocation  was  observed  at  the  interface  between  the  matrix  and  the  dendrite 
structure(Fig.8a).  Shearing  by  bowed  dislocation  was  also  observed  in  the  larger  dendrite  Ll2 
structure  (Fig. 8b).  In  a  few  places,  stacking  fault  left  by  the  shearing  of  cubic  precipitates  on  a 
plane  was  observed  (see  Fig.  8c). 
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Fig.7  The  scanning  electron  fractographs  of  two  kinds  of  quaternary  Ir-based  alloys,  (a)  Ir-5Nb- 
62.4Ni-12.6Al  (alloy  A),  (b)  (Ir-10Nb-41.6Ni-8.4Al  (alloy  B),  (c)  Ir-15Nb-20.8Ni-4.2Al  (alloy  C), 
(d)  Ir-3.75Ta-62.4Ni-12.6Al  (alloy  A),  (e)  Ir-7.5Ta-41.6Ni-8.4Al  (alloy  B),  and  (f)  Ir-11.25Ta- 
20.8Ni-4.2Al  (alloy  C) 


Fig.8  Dislocations  of  quaternary  Ir-Nb-Ni-Al  superalloys  compressed  at  1200°C.  (a)  interfacial 
dislocation  at  the  interface  between  the  matrix  and  the  dendrite  precipitate,  (b)  bowed  dislocation  in 
larger  dendrite  structure,  (c)  stacking  fault  left  by  the  shearing  of  precipitates  on  a  plane 
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Discussion 

Here  we  will  discuss  the  strengthening  behavior  of  the  quaternary  alloy.  The  strength  of 
quaternary  alloys  can  be  estimated  by  the  law  of  mixture  strength  of  composite  materials,  as  a  linear 
combination  ^fillie  strength  of  the  two  types  of  component  binary  alloys.  From  Fig.  6a,  we  see  that 
the  strengths  of  quaternary  alloys  are  located  between  the  strengths  of  Ni-  and  Ir-based  binary 
alloys  and  the  strength  of  qu&emary  alloys  increased  with  increasing  concentration  of  Ir-based 
alloys.  The  compressive  strength^  o|  quaternary  Ir-Nb-Ni-Al  refractory  superalloys  is  higher  than 
that  of  Ni-based  superalloys  but  lowet^than  that  of  Ir-based  superalloys.  Compared  with  quaternary 
Ir-Ta-Ni-Al  alloys,  the  compressive  sig^Qgth  of  alloy  A,  which  included  25%  Ir-based  alloy,  was 
about  60%  higher,  but  that  of  alloy  C,  Which  included  75%  Ir-based  alloy,  was  about  43%  lower. 
For  Ir-Ta-Ni-Al  alloys,  there  were  many  larger  precipitate  particles  at  the  grain  boundaries  in  alloy 
A  and  these  particles  weakened  the  strength  of  the  grain  boundary.  For  alloy  C  of  quaternary  Ir-Ta- 
Ni-Al  alloys,  the  fee  matrix  include  more  Ir  (5).  Therefore,  it  is  reasonable  that  the  strength  of  alloy 
C  in  the  Ir-Ta-Ni-Al  quaternary  alloy  was  higher  than  that  of  alloy  C  in  the  Ir-Nb-Ni-Al  quaternary 
alloy. 

Similar  to  the  characteristics  of  Ni-based  superalloys  that  contribute  to  their  compressive 
strength,  the  compressive  strength  of  quaternary  alloys  can  be  attributed  to  the  precipitation  and 
solid  solution  hardening  as  well  as  to  the  interface  strengthening.  The  solid  solution  hardening 
caused  by  the  increasing  of  Ir  content  was  observed  in  many  kinds  of  Ir-based  alloys  [10]. 
Therefore,  the  increment  of  0.2%  flow  stress  of  alloy  C  in  Ir-Ta-Ni-Al  compared  to  that  in  Ir-Nb- 
Ni-Al  could  be  contributed  to  the  increment  of  Ir  content  in  matrix. 

There  were  coherent  and  incoherent  Ll2  precipitates  in  the  quaternary  alloys.  For  incoherent 
precipitates  (dendrite  structure),  the  interfacial  dislocations  were  left  by  shearing  of  precipitates  or 
just  stopped  at  interfacial  when  the  movement  dislocation  slipped  in  the  matrix  and  met  larger 
dendrite  structure  (Fig. 8a).  The  bowing  dislocation  showed  the  shearing  of  dislocation  in  the 
dendrite  structure  (Fig.8b).  The  similar  dislocations  were  also  observed  in  Ir-based  superalloys 
[11,12].  For  coherent  precipitates,  stacking  fault  were  left  after  the  dislocation  passed  the 
precipitates  (Fig.8c).  Therefore,  the  precipitation  hardening  can  be  caused  by  the  precipitate¬ 
shearing  mechanism  (Fig.8).  The  existence  of  bowing  dislocation  and  stacking  fault  indicated  that 
the  dislocation  was  shearing  or  had  sheared  the  precipitates.  The  shearing  trace  of  dislocation  can 
also  be  observed  from  the  ffactographs  (Fig.7).  The  shearing  of  dislocation  resulted  in  the 
precipitate  fracture. 

The  effect  of  heat  treatment  on  the  strength  is  considered  as  follow.  The  increment  in  strength 
of  alloy  A  heat-treated  at  1300°C  compared  to  that  heat  treated  at  1400°C  is  associated  with 
geometrical  hardening  term.  Since  there  were  a  lot  of  fee/  Ll2  lamella  structure  at  1300°C  but  only 

a  few  lamella  structure  existed  at  1400°C.  The  interface  of  lamella  structure  as  a  barrier  prevented 
from  the  movement  of  dislocation.  In  this  case,  the  strength  at  1300°C  will  be  higher.  The  decrease 
of  strength  of  alloy  B  heat-treated  at  1300°C  for  168hrs  may  be  associated  with  the  existence  of 
IrAl.  It  needs  more  detailed  work  in  the  future.  The  microstructure  was  similar  to  each  other  at 
1300,  1400  and  1500°C,  three-phase  equilibrium  existed  in  the  three  temperature.  The  volume  of 

fine  cubic  precipitates  in  fee  matrix  did  not  change  significantly  at  both  1300  and  1400°C  for 
168hrs,  but  had  a  significantly  increment  after  it  was  heated  at  1500°C  for  72hrs.  Therefore  the 
increment  in  strength  of  alloy  C  heat-treated  at  1500°C  for  72hrs  can  be  attributed  to  the 
precipitation  hardening.  Fine  precipitates  can  act  as  a  barrier  to  dislocation  movement  because  of 
the  small  inter-particles  spacing  and  the  high  interfacial  energy. 
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The  microstructure  and  the  fracture  of  the  new  developed  Ir-Nb-Ni-Al  and  Ir-Ta-Ni-Al  were 
investigated.  At  1300°C,  three-phase  equilibrium-fcc,  Ll2-Ni3Al  and  Ir3Nb  were  observed  in  alloys 
Ir-5Nb-62.4Ni-12.6Al,  Ir-15Nb-20.8Ni-4.2Al  and  three-phase  equilibrium-fcC,  Ll2-Ni3Al  and  Ir3Ta 
existed  in  alloys  Ir-3.75Ta-62.4Ni-12.6Al  and  Ir-ll.25Ta-20.8Ni-4.2Al;  four-equilibrium-fcc,  B2- 
IrAl,  Ll2-Ni3Al  and  Ir3Nb  or  Ir3Ta  were  observed  in  alloy  Ir-10Nb-41.6Ni-8.4Al  or  Ir-7.5Ta-41.6Ni- 
8.4A1.  At  1400°C,  the  three-phase  equilibrium  existed  in  all  of  the  alloys.  The  compressive 
strengths  at  1200°C  were  from  79  to  616  MPa.  The  compressive  strain  of  the  quaternary  was  greatly 
improved  compared  with  Ir-based  alloys  (below  10%).  The  lowest  one  was  18%.  The  pure 
transgranular  fracture  mode  could  be  found  in  four  alloys  with  25%  and  50%  Ir-based  alloys  (alloy 
A  and  B)  in  the  two  quaternary  alloys.  The  alloys  with  75%  Ir-based  alloy  were  of  the  mix  mode 
fracture  with  a  few  proportions  of  intergranular  fractures.  The  precipitation  hardening  of  quaternary 
alloys  can  be  caused  by  the  precipitate-shearing  mechanism.  The  compressive  strength  of 
quaternary  alloys  can  be  attributed  to  the  precipitation  and  solid  solution  hardening  as  well  as  to  the 
interface  strengthening.  The  effect  of  heat  treatment  on  the  strength  is  contributed  to  geometrical 
hardening  term  for  alloy  Ir-5Nb-62.4Ni-12.6Al  and  the  precipitation  hardening  for  alloy  Ir-15Nb- 
20.8Ni-4.2Al. 
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Abstract 

Deformation  mechanisms  of  a  fully  lamellar  TiAl  (/lamellae:  100  —  300  nm  thick,  a2  lamellae: 
10  ~  50  nm  thick)  crept  at  760°C  have  been  investigated.  It  was  found  that,  as  a  result  of  a  fine 
structure,  the  motion  and  multiplication  of  dislocations  within  both  /and  CZ2  lamellae  are  limited  at 
low  creep  stresses  (<  400  MPa).  Thus,  the  glide  and  climb  of  lattice  dislocations  have  insignificant 
contribution  to  creep  deformation.  In  contrast,  the  motion  of  interfacial  dislocations  on  y/a2  and  // 
interfaces  (i.e.  interface  sliding)  dominates  the  deformation  at  low  stresses.  The  major  obstacles 
impeding  the  motion  of  interfacial  dislocations  was  found  to  be  lattice  dislocations  impinging  on 
lamellar  interfaces.  The  number  of  impinging  lattice  dislocations  increases  as  the  applied  stress 
increases  and,  subsequently,  causes  the  pileup  of  interfacial  dislocations  on  the  interfaces.  The 
pileup  further  leads  to  the  formation  of  deformation  twins.  Deformation  twinning  activated  by  the 
pileup  of  interfacial  dislocations  is  suggested  to  be  the  dominant  deformation  mechanism  at  high 
stresses  (>  400  MPa). 

Introduction 

Two-phase  [TiAl  (/)-Ti3Al  ( a2 )]  TiAl  alloys  have  recently  attracted  more  attention  than 
single-phase  /-TiAl  alloys  because  of  their  superior  combination  of  room-temperature  mechanical 
properties.  Great  efforts  have  been  made  to  improve  the  creep  resistance  of  two-phase  TiAl  alloys 
through  alloy  design  and  microstructural  optimization.  By  controlling  thermomechanical 
treatments,  three  different  types  of  microstructures  [equiaxed,  duplex,  and  fully  lamellar  (FL)]  have 
been  developed  [1].  It  is  well  known  that  the  creep  resistance  of  two-phase  alloys  with  a  FL 
micro  structure  is  better  than  that  of  the  alloys  with  equiaxed  and/or  duplex  microstructures  [1-4]. 
Also,  the  creep  resistance  of  powder  metallurgy  FL- TiAl  alloys  is  superior  to  that  of  ingot 
metallurgy  FX-TiAl  alloys  as  a  result  of  a  refined  lamellar  microstructure  [2].  Although  a 
significant  progress  has  been  made  in  improving  the  creep  resistance  of  TiAl  alloys,  little  is  known 
about  the  underlying  creep  mechanisms.  Several  studies  on  the  creep  behavior  of  FL- TiAl  alloys 
have  been  made  [3,5],  only  a  few  of  the  creep  models  have  considered  the  contribution  of  interface 
sliding.  The  motion  of  interfacial  dislocations  was  recently  demonstrated  to  play  an  important  role 
during  the  creep  of  FL- TiAl  [6-8]. 

In  a  manner  similar  to  other  TiAl  alloys,  creep  of  fully  lamellar  FL- TiAl  alloys  revealed  two 
distinct  regimes,  i.e.  low  stress  (LS)  and  high  stress  ( HS ),  as  shown  in  Fig.  1  [8].  A  nearly  linear 
creep  behavior  was  observed  in  the  LS  regime  (<  400  MPa),  i.e.  £=  and  n  ~  1.2  ~1.6,  and  a 
power-law  creep  behavior  with  n  =  6.7  -  10.1  in  the  HS  regime  (>  400  MPa.).  An  apparent 
activation  energy  Q  of  160.4  kJ/mole  was  also  obtained  [8].  This  value  is  much  lower  than  the 
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activation  enthalpy  (Qv  =  295  kJ/mole  [9,10],  330  kJ/mole  [11])  for  lattice  diffusion  of  Ti  in  r- 
TiAl.  However,  it  is  close  to  the  activation  enthalpy  for  diffusion  of  O  in  y-TiAl  (177  kJ/mole) 
rj2].  O  in  Ti  (168  kJ/mole)  [13],  O  in  Ti-6Al-4Zr-2Mo-2Sn  (167.2  kJ/mole)  [14],  and  C  in  Ti 
(127.6  kJ/mole)  [15].  Also,  the  value  is  also  close  to  the  activation  enthalpy  for  dislocation  core 
diffusion  (Qc/Qv  ~  0.6,  i.e.  177  ~  198  kJ/mole).  This  result  indicates  that  the  dislocation  climb 
assisted  by  lattice  diffusion  within  y  laths  is  probably  not  responsible  for  the  creep  deformation  of 
refined  FZ-TiAl  at  low  applied  stresses.  The  purpose  of  the  present  investigation  is  to  correlate 
creep  behavior  with  deformation  (interfacial)  substructure  to  elucidate  further  the  creep 
mechanisms  of  refined  FZ-TiAl. 


Experimental 

A  FZ-TiAl  alloy  with  a  nominal  composition:  Ti-47Al-2Cr-2Nb  (in  at.  %)  was  used  for  this 
study.  The  alloy  was  fabricated  by  a  hot-extrusion  of  gas-atomized  titanium  aluminide  powder  at 
1400°C.  The  interstitial  impurities  [in  parts  per  million  (ppm)  by  weight]  of  the  alloy  are  O:  780; 
N:  40;  C:  260.  Test  specimens  with  a  gauge  dimension  of  24.4  x  5.08  x  1.52  mm  were  prepared 
from  the  annealed  alloy  by  electrical  discharge  machining.  Creep  tests  were  conducted  in  a  dead¬ 
load  creep  machine  with  a  lever  arm  ratio  of  16:1.  Tests  were  performed  in  air  in  a  split  furnace 
with  three  zones  at  760°C.  Detail  information  regarding  the  creep  experiment  and  experimental 
data  was  reported  elsewhere  [2,8].  For  current  study,  the  deformation  substructures  of  two  tested 
specimens  [one  crept  at  a  stress  of  1 38  MPa  (creep  strain:  -0.25%)  in  the  LS  regime,  and  the  other 
crept  at  a  stress  of  518  MPa  (creep  strain:  -3.6%)  in  the  IIS  regime]  were  investigated  TEM  foils 
were  prepared  by  twin-jet  electropolishing  in  a  solution  of  60  vol.  %  methanol,  35  vol.  %  butyl 
alcohol  and  5  vol.  %  perchloric  acid  at  —15  V  and  — 30°C.  The  microstructures  of  the  crept  alloys 
were  examined  using  a  JEOL-200CX  transmission  electron  microscope  equipped  with  a  double-tilt 
goniometer  stage.  Images  of  dislocations  were  recorded  using  a  weak-beam  dark  field  (WBDF) 
imaging  technique  under  g  (3g)  diffraction  conditions. 


Fig.  1  Plots  of  steady  state  creep  rates  versus  applied  stress  at  testing  temperatures  between  650 
and  815°C  [8], 
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Results  and  discussion 
Microstructure  of  As-Fabricated  Alloy 

A  typical  edge-on  lamellar  micro  structure  of  the  as-fabricated  alloy  is  shown  in  Fig.  2  (left). 
The  thicknesses  of  lamellae  were  measured  to  be  in  the  range  of  100  -  300  nm  and  10-50  nm  for 
yand  a2 ,  respectively.  A  WBDF  image  showing  the  dislocation  substructure  of  the  alloy  is  shown 
in  Fig.  2  (right).  Both  lattice  dislocations  (ZD  hereafter),  formed  within  y  lamellae,  and  interfacial 
dislocations  {ID  hereafter),  formed  on  lamellar  interfaces,  can  be  readily  seen.  Evidently,  the 
population  of  ZD  is  much  greater  than  that  of  ZD.  Here,  ZD  includes  both  threading  dislocation 
(i.e.  dislocation  terminates  on  the  lamellar  interfaces)  and  free  dislocation  (i.e.  dislocation  which  is 
physically  distant  from  the  lamellar  interfaces).  It  is  noted  that  the  density  of  threading  dislocation 
is  greater  than  that  of  free  dislocation. 


Fig.  2  Dark-field  images  showing  typical  dislocation  substructures  observed  from  an  as-fabricated 
alloy  sample;  (left)  edge-on  view,  and  (right)  tilt  view. 


Creep  Deformation  in  the  Low  Stress  {LS)  regime 

Deformation  in  a  lamellar  alloy  is,  in  principle,  caused  by  the  multiplication  and  motion  of  ID 
and  ZD.  Since  a2  is  stronger  than  y,  and  also  the  volume  fraction  of  a2  lamella  is  small  (<  10%), 
deformation  by  the  motion  of  ZD  is  expected  to  occur  mainly  in  the  y  lamellae.  Furthermore,  due 
to  the  short  moving  distance  of  free  dislocations  the  motion  (bowing)  of  threading  dislocations 
contributes  primarily  to  deformation  within  the  y  lamellae.  In  general,  an  applied  shear  stress  must 
exceed  the  critical  resolved  shear  stress  in  order  to  bow  the  threading  dislocations.  The  critical 
resolved  shear  stress  {r b  ~  fibld)  is  dependent  upon  the  thickness  (d)  of  y  lamellae.  Taking  (i  =  59 
GPa  (at  760°C),  b  =  0.28  nm,  and  d  =  100  -  300  nm,  the  critical  resolved  shear  stress  is  calculated 
to  be  Tb  =  55  -  165  MPa.  Thus,  the  applied  stress  (cr  ~  2rb)  required  to  bow  the  threading 
dislocations  is  estimated  to  be  greater  than  110  -  330  MPa.  Taking  into  account  the  fact  that  the 
motion  and  multiplication  of  ZD  in  both  yand  a2  lamellae  are  limited  in  the  LS  regime,  as  a  result 
of  the  refined  lamellae,  the  motion  of  pre-existing  ID  is  expected  to  become  important  to 
deformation.  It  is  worth  noting  that  the  cooperative  motion  of  ID  in  FZ-TiAl  deformed  at  room 
temperature  has  been  observed  previously  in  an  in  situ  straining  experiment  [7].  We  now  present 
an  indirect  evidence  of  the  motion  of  ID  in  FL-TiAl  creep  deformed  at  760°C. 

The  interfacial  substructure  of  a  soft  lamellar  grain  (oriented  nearly  -45°  with  respect  to  the 
stress  axis)  in  a  sample  crept  at  138  MPa  is  shown  in  Fig.  3  (left).  The  appearance  of  fringe 
contrasts  trailing  along  ID  can  be  readily  observed.  The  fringe  contrasts  can  be  best  viewed  when 
2ng  •R-  2/3  or  4/3,  where  g  is  the  reflection  vector  and  R  (=  1/3[1 1 1])  is  the  displacement  vector 
of  stacking  fault  in  y  lamella;  this  suggests  the  formation  of  stacking  faults  on  the  wake  of  ID.  The 
triangular  features  are  presumably  formed  by  the  motion  of  three  sets  of  ID  arrays  with  Burgers 
vectors:  l/6[  l  \  2],  I/6[  1 2  1]  and  l/6[ 2  1 1].  The  formation  mechanism  is  schematically  illustrated 
in  Fig.  3  (right),  where  the  equilibrium  y/a2  interface  resulted  from  both  ID  motion  (pure  shear) 
and  chemical  diffusion  is  lagging  behind  the  non-equilibrium  interface  created  solely  by  the  motion 
of  ID.  Here,  a  stacking  fault  is  formed  as  the  first  Shockley  partial,  I/6[  i  1 2],  glides  -along  the 
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interface,  but  is  terminated  by  the  glide  of  the  second  Shockley  partial,  1/6[12  1],  Then,  another 
stacking  fault  is  formed  as  the  third  Shockley  partial,  l/6[ 2  1 1],  glides  along. 


Fl  j'  3,  A  WBDF  image  showing  the  appearance  of  fringe  contrast  trailing  along  ID  on  y/a, 
and  y/y  interfaces,  (right)  a  schematic  illustration  of  the  migration  of  y/a.,  interface  resulted  from 
the  cooperative  motion  of  ID  and  chemical  diffusion.  Notice  that  the  equilibrium  interface  is 
lagging  behind  the  non-equilibrium  interface  generated  by  a  pure  shear.  The  triangular  fault 
ribbons  resulted  from  the  motion  of  three  different  Shockley  partials  are  also  illustrated.  The 
letters  A,  B  and  C  stand  for  the  stacking  sequence. 

It  is  noted  that  the  highly  populated  ID  and  stacking  faults  on  lamellar  interfaces  are  expected 
to  be  the  preferential  sites  for  solute  or  impurity  segregation.  In  fact,  experimental  evidence  of 
solute  segregation  to  y/a2  and  y/y  interfaces  has  recently  been  reported  [16].  These  solute 
segregants  can  act  as  short-range  barriers  for  the  motion  of  ID,  in  a  manner  similar  to  that  of 
Cottrell  atmosphere  and  Suzuki  effect  [17];  this  results  in  the  viscous  glide  of  ID.  The  steady  state 
creep  rate  may  be  described  using  the  Orowan  equation  given  below: 


£  =  &pmbv 

where  &is  a  geometrical  factor  (for  isotropic  polycrystals:  inverse  of  Taylor  factor,  for  single 
crystal:  Schmid  factor),  pm  is  the  density  of  mobile  dislocations,  b  is  the  Burgers  vector,  and  v  is 
the  average  dislocation  velocity.  Since  the  multiplication  of  lattice  dislocations  within  refined  y 
and  a2  lamellae  is  very  limited  when  the  material  is  deformed  at  low  stress,  the  glide  of  pre¬ 
existing  ID  arrays  becomes  the  predominant  deformation  mechanism.  That  is,  the  mobile 
dislocation  density  (pm)  is  approximately  equals  to  the  density  of  ID.  Under  small  creep-strain  low 
creep  stress  and  strain-rate,  it  is  plausible  to  assume  that  ID  arrays  are  moving  with  a  constant 
spacing  so  that  the  density  of  mobile  dislocations  is  insensitive  to  the  applied  stress,  i.e.  pm±  F  (a). 
Accordingly,  the  steady  state  creep  rate  (£)  is  mainly  controlled  by  the  average  velocity  (v)  of  ID 
arrays  [i.e.  £  =  F  (v)],  which  are  considered  to  be  drifting  with  the  pinning  solute  (impurity)  atoms 
at  low  applied  stresses.  r 

o 

Let  there  be  m  solute  atoms  per  unit  length  of  dislocation  line  which  effectively  pin  a 
dislocation  line.  When  a  unit  length  of  LD  drifts  one  atomic  distance  under  an  external  stress  <r  the 
estimated  drift  velocity  of  the  dislocation  line  is  of  the  order  [17,18]: 


v  =  (ab3  v/mkT)  exp  (S/k)  exp  (- Q/kT)  (2) 

where  v  (-10^/sec)  is  the  average  vibration  frequency  of  the  dislocation  line,  S  is  the  entropy  of 
activation  for  the  motion,  and  Q  is  the  activation  energy  associated  with  the  jump  of  a  pinning 
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e  =M(N «At) Lb  v  (5) 

♦ 

where,  M  is  the  number  of  twin  sources  per  unit  volume,  (N  *At)  is  the  number  of  twinning 

dislocations  emitted  from  a  twin  source,  L  is  the  length  of  twinning  dislocation,  b  is  the  length  of 
__  •  — 
Burgers  vector,  and  v  is  the  average  velocity  of  twinning  dislocation.  Quantitatively,  M,  N ,  and  v 

in  the  equation  are  dependent  upon  the  applied  stress  and  initial  micro  structure.  A  rigorous 
quantitative  creep  model  based  upon  the  twinning  process  is  currently  underway. 


Fig.  6  Paired  WBDF  images  showing  the  existence  of  //d[01 1]  stair-rod  dislocations  at  the 
intersections  (indicated  by  arrows)  between  the  ( 1 1 1)  type  DT  and  a  a2  lamella.  (Left)  Invisible  at 
g  ~  200  (g*b  =  0),  (right)  visible  at  g  =  021 ,  Z  (zone  axis)  ~  [0 1 2].  ° 

Summary 

Creep  mechanisms  of  FX-TiAl  with  a  refined  lamellar  micro  structure  (/lamellae:  100  ~ 
300  nm  thick,  a2  lamellae:  10  ~  50  nm  thick)  have  been  investigated.  In  the  low  stress  regime  (< 
400  MPa),  the  motion  and  multiplication  of  lattice  dislocations  are  limited  because  the  refined 
lamellar  spacing,  a  cooperative  motion  of  interfacial  dislocations  (i.e.  interface  sliding)  is  proposed 
to  be  the  dominant  deformation  mechanism.  During  the  sliding  of  lamellar  interfaces,  the  motion 
of  interfacial  dislocations  is  interrupted  by  the  impinged  lattice  dislocations  on  the  interfaces  and 
results  in  the  pileup  of  interfacial  dislocations.  This  is  a  prevalent  process  especially  at  high 
stresses.  To  relieve  stress  concentration  at  the  head  of  dislocation  pileup,  ( 1 1  l)-type  deformation 
twins  are  observed  to  emit  from  the  interfaces  through  the  dissociation  reaction  of  interfacial 
dislocations:  l/6[\  2\  ](U1)  ->  l/6[  01  l]{ioo)  +  l/6[\  12  ](ui).  It  is  thus  suggested  that  deformation 
twinning  activated  by  the  pileup  of  interfacial  dislocations  is  the  dominant  deformation  mechanism 
in  the  high  stress  regime  (>  400  MPa). 
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Abstract  Interrupted  tensile  and  compression  creep  tests  were  performed  at  1100K  and  lOOMPa  to  study 
strain  dependent  microstructural  changes  in  pure-y  Ti-52A1.  A  mean  twin  spacing  (MTS)  and  dislocation 
densities  were  investigated  in  the  range  of  strain  where  sharp  creep  rate  minima  occur.  It  has  been  found 
that  the  overall  dislocation  density  approaches  a  stationary  value  at  strains  close  to  1%.  On  the  other  hand, 
strains  as  large  as  7%  are  not  sufficient  to  establish  a  dynamic  equilibrium  for  deformation  twinning. 

Based  on  these  results  it  is  suggested  that,  in  the  pure-  and  near-y  equiaxed  grain  microstructures,  the 
increase  of  creep  rate  after  minimum  and  its  new  gradual  saturation  reflects  a  sluggish  nucleation  of 
deformation  twins.  A  simple  model  has  been  proposed  which  addresses  competitive  effects  of  strain 
hardening  and  strain  softening  associated  with  the  twinning  process. 

Introduction  Takahashi  and  co-workers  [1]  first  reported  on  sharp  creep  rate  minima  (SCRMa)  during 
creep  in  pure-y  TiAl.  A  similar  type  of  creep  rate  minimum  was  recently  found  for  near-y  Ti48A12Cr2Nb- 
1B  with  an  equiaxed  grain  microstructure  [2,3].  The  sharp  minimum  of  creep  rate  is  associated  with  an 
improved  resistance  of  the  equiaxed  grain  microstructures  to  primary  creep.  However,  this  advantage  has 
to  be  balanced  against  a  substantially  lower  ductility  as  compared  to  the  fully  lamellar  alloy  modification 
[3].  Therefore  a  thorough  understanding  of  underlying  microstructural  processes  is  required  to  profit  from 
both,  the  good  creep  resistance  and  improved  ductility  of  near-y  TiAl  in  engineering  applications. 

Slip  processes  in  y-TiAl  intermetallics,  which  also  contribute  to  creep  strain,  exhibit  . some  specific  features 
caused  by  the  Ll0  crystal  lattice  structure.  Slip  displacements  with  zero  component  into  the  tetragonal  c- 
axis  (dislocations  with  Burgers  vector  1/2<1 10>  referred  to  as  <a>-dislocations  throughout  this  study)  can 
be  easily  activated  [4]  because  they  are  not  associated  with  the  creation  of  anti-phase  boundaries  (APBs). 
Two  types  of  displacement  with  non-zero  component  into  the  c-axis  are  usually  observed  [4]:  (i)  the 
<101>-type  superdislocations  (<c>-dislocations  in  this  study)  and  (ii)  deformation  twins  (DT)  which 
nucleate  and  spread  due  to  the  slip  of  1/6<1 12>-type  partial  dislocations. 

Contributions  of  both,  the  <a>-dislocations  and  DT  to  creep  strain  were  observed  by  Ishikawa  and  Oikawa 
[5].  Recently,  there  also  were  studies  which  concentrated  on  various  aspects  of  twinning  during  creep  of 
near-y  TiAl  alloys  [6-8].  However,  no  microstructurally  based  explanation  has  been  proposed  so  far  which 
would  clarify  the  relation  between  SCRMa  and  elementary  deformation  processes.  Therefore,  the  present 
study  is  aimed  at  (i)  performing  a  quantitative  assessment  of  microstructural  changes  with  increasing  creep 
strain  and  (ii)  discussing  possible  microstructural  sources  of  the  SCRMa. 

! 

Experimental  All  details  on  the  preparation  of  the  experimental  alloy  Ti-52at%Al  and  on  creep  testing 
were  already  given  elsewhere  [2,3].  Metaliographic  cross-sections  were  studied  by  a  conventional  light 
microscopy  and  SEM  in  order  to  describe  the  influence  of  creep  on  grain  size  and  mean  twin  spacing  X 
(MTS).  The  metaliographic  surfaces  were  electro-polished  (electrolyte  25ml  HC104  and  7.5ml  HN03  in 
500ml  ethanol)  and  electro-etched  using  the  5%  solution  of  HBF  in  water.  A  computer  assisted  image 
analysis  was  adopted  [9]  to  collect  representative  data  on  grain  structure.  , 

A  special  care  was  also  given  to  the  preparation  of  transmission  electron  microscopy  (TEM)  foils  to  avoid 
any  damage  due  to  the  foil  thinning.  Slices  cut  out  of  the  creep  specimen  gauge  length  and  the  specimen 
head  were  ground  on  emery  papers  to  thickness  of  0.3mm.  From  this  point  on  only  chemical  methods 
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FjgJ.:  Compression  creep  curves  of  Ti-52A1 
obtained  at  1100K  and  in  the  applied  stress  range 
50-300MPa.  The  curves  change  their  shape  from 
standard  form  (above  200MPa)  to  sharp  minimum 
form  (below  200MPa).  At  low  stresses  the  minimum 
becomes  less  apparent,  see  the  curve  obtained  at 
50MPa. 


0.0  0.1  0.2  0.3  0.4 
STRAIN 

were  applied  during  subsequent  thinning.  The  double  jet  TENUPOL  equipment  was  used  for  final 
perforation  of  the  foil.  The  electrolyte  HCIO4  (5%)  and  methanol  (95%)  was  kept  at  -50°C.  The  method 
proposed  by  Ham  [10]  was  used  to  estimate  dislocation  densities.  A  foil  thickness  was  obtained  either 
with  the  convergent  beam  [11]  or  with  the  stereo-pair  [12]  technique. 

Creep  tests  Compression  creep  curves  of  pure-y  Ti-52A1  are  plotted  in  Fig.l  and  results  of  interrupted 
creep  tests  performed  at  1100K  and  lOOMPa  are  shown  in  Fig.2.  At  the  temperature  HOOK  and  for 
applied  stresses  below  200MPa  the  creep  curves  exhibit  a  sharp  minimum.  The  minimum  is  independent 
of  loading  mode  as  it  has  been  reported  earlier  [2,3].  Curves  in  Fig.2a  represent  three  test  in  compression 
interrupted  at  strains  2%,  8%  and  38%.  A  similar  set  of  tension  tests  is  presented  in  Fig.2b,  where 
terminal  strains  are  0.9%,  2.7%  and  6.8%.  In  passing  we  note  that  the  points  in  which  the  tests  were 
interrupted  are  indicated  by  full  symbols. 


Fi&2:  Interrupted  creep  (full  symbols  indicate  test  terminations)  of  Ti-52A1  at  1 100K  and  lOOMPa: 
a)  compression  -  terminal  strains  2,  8  and  38%,  b)  tension  -  terminal  strains  0.9,  2.7  and  6.8%. 


Metallography  Four  micrographs  in  Fig.3  show  cross-sections  of  Ti-52A1  in  the  undeformed  state 
(Fig.3a)  and  after  tensile  creep  (Figs.3b-d)  to  three  different  levels  of  strain  (creep  curves  presented  in 
Fig.2b).  In  contrast  to  the  undeformed  state,  thin  deformation  twins  can  be  observed  in  Fig.3b.  The 
number  and  the  width  of  deformation  twins  increase  in  the  range  of  strain  where  creep  rate  accelerates 
after  the  minimum  as  it  is  documented  in  Fig.3c  (strain  2.7%)  and  in  Fig.3d  (strain  6.8%).  There  is  not  to 
much  evidence  for  necklace  recrystallization  in  micrographs  of  Fig.3  even  though  it  was  often  reported  in 
literature  [5].  Grain  boundaries  become  increasingly  wavy  with  increasing  creep  strain  which  can  be 
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Fig, 3:  Metallographic  cross-sections  prepared  from  Ti-52A1  specimens  after  interrupted  tensile 
creep  tests.  Corresponding  strains  increase  in  the  succession:  a)  0%  -  specimen  head,  b)  0.9%,  c) 
2.7%  and  d)  6.8%.  There  are  almost  no  deformation  twins  observed  in  the  undeformed  specimen 
head  in  a)  and  the  number  of  twins  in  individual  grains  increases  with  increasing  tensile  strain  in 
b),  c)  and  d). 
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associated  with  forces  acting  on  the  grain  boundaries  from  a  gradually  evolving  subgrain  structure. 
Metallographic  cross-sections  were  also  prepared  from  specimens  after  interrupted  compression  creep, 
fhese  cross-sections  were  processed  by  image  analysis  to  evaluate  grain  size  and  its  changes  with 
compression  strain.  Results  are  shown  in  Fig.4  where  cumulative  relative  distributions  of  the  maximum 
grain  diameter  Dmax  are  plotted.  The  results  suggest  that  grains  of  the  Ti-52A1  alloy  grow  during  creep 
The  mean  twin  spacing  X  was  measured  after  interrupted  tensile  creep  (Figs.2b  and  5).  The  dependence 
plotted  in  Fig.5  indicates  that  the  MTS  steadily  decreases  through  the  whole  investigated  range  of  strain 
and  after  7/o  of  strain  the  deformation  twinning  still  does  not  come  to  dynamic  equilibrium. 


D  max  tUm  ]  strain  [%] 


FigA:  Grain  growth  with  increasing  compression  Fig.5:  Evolution  of  mean  twin  spacing  with  creep 

creep  strain  in  Ti-52A1  at  1 100K  and  lOOMPa.  strain  in  Ti-52A1  at  1100K  and  lOOMPa. 

Transmission  electron  microscopy  TEM  micrographs  taken  with  g={l  11}  and  presented  in  Fig.6 
demonstrate  changes  of  dislocation  structure  with  strain  in  interrupted  tensile  creep  tests  of  Fig  2b  A  low 
dislocation  density  in  undeformed  specimen  head  is  shown  in  Fig.6a.  Dislocations  which  originated  from 
the  deformation  process  move  either  individually  or  start  to  form  new  subgtain  walls  after  approximately 
1  /o  of  strain  (Fig.6b).  With  still  increasing  strain,  dislocation  networks  in  subgrain  boundaries  become 
more  regular  (Fig.6c)  and  after  7%  deformation  a  considerable  part  of  dislocation  density  is  organized  in 
subgram  structure  (Fig.6d).  Majority  of  dislocations  observed  in  micrographs  of  Fig.6  are  ordinary  os- 
dislocations.  Deformation  twins  are  rarely  seen  in  TEM  micrographs  since  the  smallest  measured  MTS 
value  (26pm)  is  still  much  larger  as  compared  to  dimensions  of  TEM  micrographs  in  Fig.6. 

A  summary  of  dislocation  density  measurements  is  presented  in  Fig.7.  Two  important  points  should  be 
highlighted:  (l)  there  is  a  detectable  density  of  co-dislocations  which  represents  approximately  1/4  of  the 
overall  dislocation  density  (o>&<c>-dislocations)  and  (ii)  both  densities,  <o-dislocations  and  also 
<a>&<c>-dislocations,  exhibit  the  most  intensive  growth  during  initial  1%  of  creep  strain.  Only  a  limited 
increased  of  both  densities  could  be  observed  in  later  stages  of  creep. 

Correlation  between  microstructure  and  creep  rate  It  was  shown  by  Mecking  et  al.  [13]  that  all  the 
three  types  of  shear  (<a>-dislocations,  co-dislocations  and  DT)  are  needed  to  fulfil  the  von  Mises 
criterion  of  strain  continuity.  If  one  of  the  displacements  were  missing,  severe  accumulation  of  internal 
stress  would  be  expected  unless  (i)  a  missing  displacement  is  activated  later  in  creep  or  (ii)  a  process 
controlled  by  fast  diffusion  would  be  able  to  supply  required  displacements  and  relax  the  stress  field. 
Results  presented  in  Figs.5  and  7  suggest  that  <a>-  and  co-dislocation  densities  approach  a  dynamic 
equilibrium  with  a  transition  primary  strain  of  the  order  of  1%.  In  contrast,  7%  strain  is  not  sufficient  to 
reach  a  similar  equilibrium  for  the  twinning  process.  Consequently,  it  can  be  stated,  in  agreement  with  the 
conclusion  of  Farenc  et  al.  [14],  that  the  nucleation  of  DT  at  the  beginning  of  creep  requires  a  markedly 
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Fig.6:  TEM  micrographs  taken  with  g={  111}  demonstrate  changes  of  dislocation  structure  with 
increasing  strain  in  tensile  creep  tests  interrupted  at  strains:  a)  0%  -  undeformed  specimen  head,  b) 
0.9%,  c)  2.7%  and  d)  6.8%.  Dislocation  structures  shown  in  this  figure  contain  almost  exclusively 
<a>-dislocations.  The  formation  of  new  subgrain  walls  starts  early  in  the  creep  life  as  it  is 
documented  in  the  micrograph  b). 
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Fig/7:  Summary  of  <c>-  and  <a>&<c>- 
dislocation  density  measurements  after  varying 
amount  of  tensile  creep  strain  accumulated  at 
1100K  and  lOOMPa  in  Ti-52A1  alloy.  Both 
dislocation  densities  reach  almost  stationary 
value  after  1%  primary  strain  transition.  The 
density  of  co-dislocations  represents  approxi¬ 
mately  1/4  of  the  overall  dislocation  density  of 
<a>&<c>-dislocations. 


higher  resolved  shear  stress  as  compared  to  the  nucleation  of  <a>-dislocation  slip.  A  consequence  of  DT 
being  a  “hard”  mode  of  deformation  is  that  considerable  internal  elastic  strains  build  up  at  the  early  stages 
of  creep  which  substitute  the  missing  DT  displacements.  These  mismatch  strains  (elastic)  are  associated 
with  internal  stresses  that,  on  one  hand,  hinder  the  <a>-dislocation  slip  but,  on  the  other  hand,  they 
support  the  nucleation  and  spreading  of  DT.  Once  the  stress  state  required  for  the  twin  nucleation  is 
locally  created,  the  twinning  starts  and  relaxes  the  mismatch  stresses.  The  evolution  of  deformation 
twinning  thus  contributes  to  the  acceleration  of  creep  rate  after  the  creep  rate  minimum.  In  summary,  the 
sharp  minimum  of  creep  rate  results  from  a  superposition  between  a  "normal"  metal-type  primary 
transition  for  deformation  carried  by  <a>-dis!ocations  and  "inverse"  alloy-type  primary  transition  for 
deformation  due  to  twinning.  Contrary  to  the  commonly  accepted  view  that  DT  acts  as  a  strain  hardening 
process  during  creep  of  pure-  and  near-y  TiAl  intermetallics,  e.g.  [6],  our  results  show,  that  DT  can  also 
act  as  a  strain  softening  process  since  with  the  increasing  intensity  of  twinning  the  overall  creep  rate 
increases  after  the  sharp  minimum. 


Strain  hardening  and  strain  softening  due  to  deformation  twinning  In  order  to  demonstrate  the 
mentioned  competitive  effects  of  strain  hardening  and  strain  softening  associated  with  DT,  we  develop 
here  a  simplified  description  which  can  account  for  the  dependence  of  creep  rate  on  the  mean  twin 
spacing  X.  The  description  is  based  on  the  Orowan  equation 

e =  M  b- p-\  (1) 

where  Mis  appropriate  orientation  factor,  b  is  the  Burgers  vector,  p  is  mobile  dislocation  density  and  v  is 
a  mean  velocity  of  dislocations.  Since  at  least  two  distinct  dislocation  families,  namely  <a>-dislocations 
and  partial  1/6<1 12>-twinning  dislocations  (<T>-dislocations)  have  to  be  considered,  the  Eq.l  should  be 
applied  to  both  systems  individually.  However,  in  our  treatment  we  adopt  two  basic  simplifications:  (i)  M 
and  b  are  approximately  the  same  for  both  families  and  (ii)  the  velocity  of  dislocations  in  both  families 
and  its  functional  dependence  on  driving  forces  are  also  approximately  the  same.  Then  the  Eq.l,  with 
P<T>  f°r  a  density  of  twinning  dislocations  and  p™a>  for  mobile  density  of  <a>-dislocations,  becomes 

e  =  M-b(p™a>+p<r>)-v.  (2) 

The  dependence  of  dislocation  velocity  on  driving  force  is  approximated  by  a  power  law 

v_ff  (v-crp -<?m  ~°0 
\  M 

where  B  is  a  rate  parameter,  n  -  driving  force  exponent,  p  -  shear  modulus,  c  -  applied  stress, 
=  P •  b •  ^ p<a>  +  P<t>  ~  mean  internal  stress  due  to  the  overall  dislocation  density,  -  mean  internal 
stress  resulting  from  the  strain  mismatch  and  gq  —  p-b' (/l)  *  represents  the  Orowan  back-stress 
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associated  with  the  presence  of  twin  boundaries  (A,  is  the  mean  twin  spacing).  The  density  of  twinning 
dislocations  can  be  further  expressed  as 

.1  D 


P<T>  “  P<T>  ‘ 


(4) 


with  p\T>  being  the  dislocation  density  which  propagates  in  one  twinning  event  and  with  D  being  the 
mean  grain  size.  Thus  the  overall  mobile  dislocation  density  can  be  written  in  the  form 


P<a>+P<r>=P<a>- 


1  + 


P<T> 

P<a> 


(5) 


There  is  only  limited  knowledge  on  the  mobile  density  of  <a>-dislocations,  however  we  estimate  that  the 


ratio  r  -  P<T>  ’  (P<a>)  1  m  Eq.5  can  be  fairly  well  approximated  by  a  factor  of  the  order  of  unity  for 
twin  widths  in  the  range  of  lOOnm.  Thus  with  <Jm=  0  the  Eq.2  becomes 


i  =  M-b-p"a>-B(\  +  r~) 


f  _ 

- b'4P<a>+  P<T>  “7 

p  A 


or  in  a  simplified  form 

i  =  A-S(X)-h(X) 

where  A  =  M-b  ■  p<a>  B ,  the  strain  softening  term 

and  the  strain  hardening  term 


H(A)  =  A-h(Z)  =  A- 


b‘^P<a>+P<T> 


(6) 


(7) 


(8) 


(9) 


Creep  rate  given  by  Eq.6  is  plotted  in  Fig. 8  together  with  strain  softening  S(A.)  and  strain  hardening  H(X) 
terms.  Following  set  of  input  parameters  was  used  when  calculating  the  dependencies  of  Fig.8: 
o=100MPa,  £=2.8x1 0‘10m,  //=60GPa,  Z^OOpm,  r=0.8,  p<a>  +  p<r>  =  3xlOI3m'2,  n=  1  and  A= 2xl04s'1. 
Values  of  the  input  parameters  were  taken  either  from  literature  or  their  selection  was  guided  by  the 
experimental  results  obtained  in  the  present  study. 


Fig.8:  Correlation  between  creep  rate 
of  pure-y  Ti-52A1  and  mean  twin 
spacing  X  as  predicted  by  Eq.6  and  as 
measured  in  interrupted  creep  tests. 
The  predicted  curve  results  from 
superposition  of  softening  S(X)  and 
hardening  H(X)  terms.  Hardening 
controls  creep  rate  in  submicron  range 
of  X. 


As  it  is  evident  from  Fig.8,  creep  rate  increases  with  decreasing  X  (twinning  causes  strain  softening)  up  to 
the  moment  when  distance  between  neighbouring  twins  approaches  lpm  range.  From  this  point  on  creep 
rate  starts  to  decrease  and  on  further  decrease  of  X  quite  sharp  drop  of  creep  rate  is  expected.  Therefore, 
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for  submicron  values  of  X  the  hardening  effect  associated  with  the  twinning  process  dominates  the  creep 
rate.  Three  experimental  points  shown  in  Fig. 8  demonstrate  the  correlation  between  instantaneous  creep 
rate  and  the  mean  twin  spacing  observed  in  the  interrupted  creep  tests.  In  order  to  facilitate  the 
comparison  of  experimental  results  and  calculated  curves  we  note  that  strain  in  interrupted  tests  increases 
with  decreasing  value  of  X.  It  can  be  seen  that  the  agreement  of  experimentally  based  correlation  and 
model  predictions  given  by  Eq.6  is  quite  satisfactory. 

Conclusions  The  evolution  of  microstructure  with  creep  strain  in  pure-y  Ti-52A1  at  1100K  and  lOOMPa 
has  been  investigated  in  the  range  of  strain  where  sharp  creep  rate  minima  are  observed.  Results  of  the 
quantitative  metallographic  and  TEM  study  can  be  summarized  as  follows: 

1)  Grain  structure  of  the  alloy  is  unstable  during  creep  and  the  initial  grain  size  of  200pm  changes  to 
500pm  after  38%  of  compression  creep.  However,  the  sharp  creep  rate  minima  were  shown  to  be 
independent  of  these  grain  size  changes  [2,3]. 

2)  Deformation  twinning  contributes  to  the  creep  strain  such  that  the  mean  twin  spacing  X  continuously 
decreases  during  initial  7%  of  strain  after  which  the  value  ?i=26pm  has  been  found. 

3)  Dislocations  with  non-zero  component  of  Burgers  vector  into  the  tetragonal  c-axis  of  Ll0  lattice  (<c>- 
dislocations)  and  their  densities  were  evaluated  from  g=(002)  TEM  bright  field  micrographs.  The  density 
of  these  dislocations  is  at  least  four  times  lower  than  the  integral  dislocation  density. 

4)  Both  the  <c>-dislocation  density  and  the  integral  dislocation  density  grow  in  the  early  stages  of  creep 
and  approach  a  stationary  level  after  only  1%  of  creep  strain. 

5)  The  sharp  creep  rate  minima  result  from  the  superposition  of  normal  (metal-type)  primary  transition 
associated  with  the  multiplication  and  motion  of  <a>-dislocations  and  inverted  (alloy-type)  primary 
transition  due  to  the  activation  of  deformation  twinning. 

6)  The  role  of  deformation  twinning  (DT)  in  creep  of  equiaxed  pure-  and  near-y  [2,3]  TiAl  alloys  is  two¬ 
fold  since  DT  contributes  to  both,  strain  hardening  and  strain  softening.  Which  effect  prevails  in  the 
macroscopic  creep  response  depends  primarily  on  the  mean  twin  spacing  X.  In  the  submicron  range  of  X, 
the  hardening  contribution  dominates  while  for  higher  values  of  X  the  strain  softening  effect  controls  the 
creep  behaviour. 

Acknowledgement  The  authors  would  like  to  thank  Mr.  M.  Daniel  for  preparation  of  TEM  foils,  Mrs.  L. 
Polackova  and  Mr.  J.  Brezina  for  technical  assistance  during  metallographic  investigation  and  Mrs.  L. 
Adamcova  for  preparation  of  final  TEM  micrographs.  The  financial  support  was  received  from  GA  CR 
under  the  contract  no.  106/95/1522  and  from  Ministry  of  Education  CR  under  the  contract  no.  OC 
522.100. 

References 

[1]  T.  Takahashi,  H.  Nagai  and  H.  Oikawa,  Mat.  Sci.  Eng.  A  1 14  (1989),  p.13. 

[2]  A.  Dlouhy,  K.  Kucharova  and  T.  Horkel,  in:  Materials  for  Advanced  Power  Engineering  1998,  Part  III, 
Proceedings  of  the  Sixth  Liege  Conference,  edited  by  J.Lecomte-Beckers  et  al.,  Forschungszentrum  Jiilich 

1998,  p.1219. 

[3]  A.  Dlouhy,  K.  Kucharova  and  T.  Horkel,  in:  Creep  Behaviour  of  Advanced  Materials  for  the  21st 
Century,  Proceedings  of  the  1999  TMS  Annual  Meeting, , edited  by  R.  S.  Mishra  et  al.,  TMS,  Warrendale 

1999,  p.207. 

[4]  D.  Shechtman,  MJ.  Blackburn  and  H.A.  Lipsit,  Met.  Trans.  5  (1974),  p.  1373. 

[5]  Y.  Ishikawa  and  H.  Oikawa,  Mater.  Trans.  JIM  35  (1994),  p.336. 

[6]  M.A.  Morris  and  M.  Leboeuf,  Intermetallics  5  (1997),  p.339. 

[7]  B.  Skrotzki,  M.  Unal  and  G.  Eggeler,  Scripta  Mater.  39  (1998),  p.1023. 

[8]  J.G.  Wang,  L.M.  Hsiung  and  T.G.  Nieh,  Scripta  Mater.  39  (1998),  p.957. 

[9]  J.  Nemec  A.  Dlouhy,  K.  Kucharova  and  M.  Cans,  Pract.  Metallography  33  (1996),  p.198. 

[10]  R.K.  Ham,  Phil.  Mag.  6  (1961),  p.l  183. 

[11]  P.M.  Kelly,  A.  Jostons,  R.G.  Blake  and  J.G.  Napier,  Phys.  Stat.  Sol.  A  3 1  (1975),  p.771. 

[12]  A.  Dlouhy  and  J.  Pesicka,  Czech.  J.  Phys.  40  (1990),  p.539. 

[13]  H.  Mecking,  Ch.  Hartig  and  U.F.  Kocks,  Acta  Mater.  44  (1996),  p.l 309. 

[14]  S.  Farenc,  A.  Coujou  and  A.  Couret,  Phil.  Mag.  A  67  (1993),  p.127. 


e-mail  address:  dlouhy@ipm.cz 


Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  701-708 
©2000  Trans  Tech  Publications,  Switzerland 


A  New  Microstructural  View  of  Creep  in  Near-y  TiAI-AIloys 

B.  Skrotzki 

Ruhr-University  Bochum,  Dept,  of  Mechanical  Engineering,  Institute  for  Materials, 
DE-44780  Bochum,  Germany 

Keywords:  Creep  Mechanism,  Duplex  Microstructure,  Microstructural  Evolution,  Dislocations, 
Mechanical  Twinning,  Dynamic  Recrystallization,  Interface  Spacing,  Back  Stress 


Abstract  The  microstructural  evolution  during  creep  of  a  near-y  TiAl-alloy  with  duplex 
microstructure  was  studied.  Three  elementary  processes  have  been  identified  in  the  y-phase,  which 
contribute  to  the  overall  creep  deformation  mechanism:  (i)  Ordinary  dislocation  plasticity  and  (ii) 
mechanical  twinning  contribute  to  creep  deformation  from  the  beginning  on.  Both  deformation 
modes  build  up  back  stresses  due  to  elastic  incompatibilities  that  arise  due  to  the  crystallography  of 
the  ordered  Ll0  lattice  of  the  y-phase.  (iii)  When  the  strain  rate  minimum  is  reached,  dynamic 
recrystallization  starts  to  contribute  to  creep  in  two  ways:  (a)  the  density  of  ordinary  dislocations  is 
decreased  and,  consequently,  back  stresses  are  relaxed;  (b)  grains  may  be  formed  in  those 
orientations,  which  allow  plastic  deformation  in  directions,  which  are  required  for  homogeneous 
macroscopic  deformation.  These  three  elementary  processes  are  coupled  and  jointly  control  the 
creep  behavior. 


Introduction 

Intermetallic  near-y  Titanium  Aluminides  are  regarded  as  promising  candidate  materials  for  high 
temperature  applications.  They  show  attractive  properties  such  as  low  density  combined  with  high 
strength  and  high  Young's  modulus  which  are  retained  at  high  temperature,  and  good  corrosion 
resistance.  The  temperature  and  stress  regime  of  envisaged  applications  of  near-y  TiAl-alloys  (such 
as  turbine  blades)  is  well  within  a  range  where  creep  processes  take  place.  Therefore,  the 
mechanical  behavior  has  to  be  well  characterized  and  a  number  of  creep  studies  have  been  carried 
out  in  the  last  years  (e.g.  see  [1  -  7]).  Most  creep  studies  focused  on  nearly  or  fully  lamellar 
micro  structures,  which  show  the  best  creep  resistance  and  fracture  toughness  but  their  ductility  is 
low.  Duplex  alloys  which  the  present  work  concentrates  on  exhibit  lower  creep  strength  but  provide 
a  good  compromise  between  room  temperature  ductility  and  high  temperature  mechanical 
properties. 

Beside  the  microstructure,  which  strongly  controls  the  deformation  behavior  of  near-y  TiAl-alloys, 
the  crystal  structure  of  the  two  intermetallic  phases  has  to  be  considered  to  understand  the 
deformation  mechanism.  The  ordered  Llo  structure  of  y-TiAl  exhibits  a  tetragonal  distorted  fee  unit 
cell  (c/a  =  1.02)  where  lattice  planes  with  A1  and  Ti  atoms  alternate  in  the  c-direction  (Fig.  1).  Slip 
occurs  by  ordinary  dislocations  with  b0  =  1/2  <1 10]  and  by  superdislocations  with  bsi  =  <101]  and 
bS2  =  1/2  <112]  [8,  9].  Deformation  twins  form  on  {111}  planes  but  only  those  <112>  twinning 
directions  are  observed,  which  preserve  the  order  of  the  Llo  lattice  [10].  (X2-Ti3Al  possesses  a 
hexagonal  ordered  DO19  structure.  Slip  occurs  in  this  crystal  structure  by  dislocations  with  b  =  2/3 
<  1 120  >  on  the  basal,  prismatic  and  pyramidal  planes  [9]. 


702 


Creep  and  Fracture  of  Engineering  Materials  and  Structures 


[001] 


So  far,  no  clear  overall  microstructural  description  of  creep  in  near-y  TiAl-alloys  has  yet  evolved 
which  rationalizes  how  elementary  microstructural  processes  combine  to  yield  the  experimental 
stress  and  temperature  dependence  of  the  creep  rate.  Therefore,  the  main  objective  of  the  present 
work  was  to  study  the  microstructural  evolution  of  a  near-y  TiAl-alloy  with  duplex  microstructure 
during  creep  to  identify  the  key  elements  of  the  overall  creep  deformation  mechanism. 


Material  and  Experimental  Procedure 

An  alloy  of  type  Ti-47Al-2Mn-2Nb  +  0.8  vol.  %  TiE$2  XD™  produced  by  Howmet  Corporation 
(Whitehall,  Mich.,  USA)  was  investigated.  Its  actual  chemical  composition  is  given  in  Table  1.  The 
content  of  interstitial  elements  was  determined  to  be  507  ppm  O,  70  ppm  C,  73  ppm  N  and  5  ppm  H 
(in  wtppm).  Cast  rods  of  15  mm  diameter  and  200  mm  length  were  HIPed  (1260  °C/172  MPa) 
followed  by  a  heat  treatment  in  vacuum  at  1010  °C  for  50  h.  The  mean  grain  size  was  measured  to 
be  15  |im  for  the  y-grains  and  30  pm  for  the  lamellar  grains  with  a  volume  fraction  of  lamellar 
grains  of  15  to  20  %. 


Table  1:  Chemical  composition  of  the  investigated  alloy. 


Ti 

A1 

Nb 

Mn 

Fe 

Cu 

Si 

B 

wt.  % 

Bal. 

32.44 

4.89 

2.85 

0.05 

0.05 

0.04 

0.32 

at.  % 

Bal. 

46.62 

2.04 

2.01 

0.03 

0.03 

0.06 

1.15 

Creep  tests  were  carried  out  in  air  under  constant  tensile  load  at  temperatures  of  650,  700  and  750 
°C  and  initial  stresses  varying  between  150  and  350  MPa.  The  majority  of  tests  were  interrupted 
after  reaching  1  or  2  %  plastic  creep  strain  and  only  a  few  tests  were  deformed  to  fracture.  Further 
details  of  creep  testing  as  well  as  mechanical  data  are  reported  in  [1 1]. 

A  JEOL  JSM  840  scanning  electron  microscope  (SEM)  operating  in  backscatter  mode  was 
employed  to  characterize  the  as  received  and  deformed  material.  Standard  metallographic 
techniques  were  applied  to  prepare  thin  foils  for  transmission  electron  microscopy  from  slices  cut 
from  the  creep  specimens  perpendicular  to  the  stress  axis.  The  samples  were  electrolytically 
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polished  using  the  twin  jet  method  in  a  solution  of  600  ml  methanol,  360  ml  butylcellosolve  and  60 
ml  perchloric  acid  at  -30  °C.  The  thin  foils  were  investigated  using  a  Philips  CM20  transmission 
electron  microscope  at  an  accelerating  voltage  of  200  kV.  Lamellar  grains  and  y-grains  were 
investigated  separately.  All  grains  were  tilted  to  have  the  lamellar  interfaces  and  twin  interfaces 
edge  on,  i.e.  the  interfaces  were  parallel  to  the  electron  beam.  The  mean  interface  spacing  was  then 
measured  by  counting  the  number  of  intersections  of  a  test  line  (being  perpendicular  to  the 
interface)  with  the  lamellae  or  twin  interfaces. 

Results  and  Discussion 

Electron  microscopy  combined  with  quantitative  image  analysis  was  applied  to  study  the 
microstructural  evolution  during  creep  and  to  identify  the  elementary  processes  that  combine  to  the 
overall  creep  mechanism.  Some  of  the  reported  results  were  published  previously  [12,  13].  The 
main  microstructural  features  of  the  creep  deformation  process  are  (i)  ordinary  dislocation 
plasticity,  (ii)  mechanical  twinning  and  (iii)  dynamic  recrystallization. 

During  primary  and  secondary  creep,  the  density  of  superdislocations  remains  constant  while 
ordinary  dislocation  density  increases  in  the  y-phase  with  increasing  strain  [14].  In  agreement  with 
other  studies  (e.g.  [1,  5]),  it  was  found  that  the  majority  of  dislocations  observed  are  ordinary 
dislocations.  An  example  is  given  in  Fig.  2,  which  shows  two  TEM  bright  field  images  of  a  y-grain 
after  creep  under  two  different  diffraction  conditions.  Fig.  2a  was  taken  with  g  =  002  and  only  a  few 
dislocations  are  present.  Fig.  2b  was  taken  with  g  =  020  and  a  considerable  number  of  dislocations 
is  visible.  However,  the  majority  of  dislocations  is  invisible  with  g  =  002  and  are  therefore  ordinary 
dislocations  with  b0  =  1/2  <110].  It  is  important  to  note  that  ordinary  dislocations  do  not  provide 
any  deformation  in  c-direction  (cf.  Fig.  1). 


(a)  (b) 

Fig.  2:  TEM  bright  field  images  of  a  y-grain  after  creep  (750  °C/204  MPa/2  %)  (a)  g  -  002  and  (b) 
g  =  020.  The  majority  of  dislocations  are  ordinary  dislocations  with  b0  =  1/2  <110]. 

Early  studies  on  y-TiAl  already  reported  that  mechanical  twins  (or  deformation  twins)  are  formed 
during  plastic  deformation  [15,  16].  Mechanical  twinning  was  identified  to  be  an  important 
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deformation  mechanism  during  creep  as  well.  However,  traditional  creep  theories  do  not  take  into 
account  any  contribution  by  mechanical  twinning  to  the  creep  deformation  process.  Mechanical 
twinning  contributes  from  the  beginning  on  in  the  y-phase,  both  in  the  equiaxed  grains  as  well  as  in 
the  y-lamellae  [13].  Quantitative  image  analysis  on  SEM  micrographs  revealed  that  mechanical 
twinning  occurs  in  the  y-phase  already  after  loading  and  at  stresses  as  low  as  150  MPa.  Fig.  3  shows 
that  the  fraction  of  twinned  y-grains  increases  with  increasing  stress  and  strain.  After  fracture,  more 
than  50  %  of  the  y-grains  were  found  to  have  twins  but  only  part  of  the  grains  are  favorably  oriented 
for  twinning  since  the  texture  in  the  studied  material  is  random  and,  therefore,  grain  orientations  are 
statistically  distributed. 
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Fig.  3:  Volume  fraction  of  twinned  y-grains  in  the  as  received  state  (AR),  after  loading  (OL)  and 
after  creep  deformation  at  750  °C. 

Fig.  4  shows  the  results  of  a  quantitative  analysis  of  both  grain  types.  The  interface  spacing  of  the 
lamellar  grains  decreases  significantly  already  after  small  creep  strains  (0.3  %)  but  remains  almost 
constant  during  further  deformation  [13],  In  contrast  to  the  lamellar  spacing,  the  twin  spacing  of  the 
y-grains  continuously  decreases  with  increasing  stress  and  strain.  The  early  formation  of  mechanical 
twins  shows  that  this  deformation  mode  contributes  to  creep  from  the  beginning  on.  Obviously, 
mechanical  twinning  is  an  easy  deformation  mode  in  y-TiAl  favored  by  the  low  intrinsic  stacking 
fault  energy  [17,  18]. 

Further  quantitative  image  analysis  on  SEM  micrographs  proved  that  the  grain  size  of  the  y-grains 
changed  during  creep  [12].  The  grain  size  is  not  affected  by  small  strains  (2  %)  as  compared  to  the 
as  received  condition  (AR).  Creep  strains  of  5  %  or  higher  result  in  a  shift  towards  smaller  grain 
sizes,  which  implies  that  dynamic  recrystallization  occurred  during  creep.  TEM  results  indicate  that 
the  first  small  dislocation  free  grains  are  present  already  after  2  %  strain.  More  and  more  such 
grains  form  as  strain  increases  and  these  dynamically  recrystallized  grains  undergo  plastic 
deformation  during  subsequent  deformation.  Dynamic  recrystallization  starts  at  high  angle  grain 
boundaries,  which  impede  dislocation  motion  and  deformation  twinning.  High  stress  concentrations 
result  in  these  regions  which  represent  locations  where  the  new  grains  form.  Dynamic 
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recrystallization  (rather  than  recovery  processes  with  subgrain  formation)  is  favored  in  y-TiAl  due 
to  its  low  stacking  fault  energy  [19]. 


Stress  [MPa] 


Fig.  4:  Mean  interface  spacing  of  lamellar  grains  and  mean  twin  spacing  of  y-grains  before  (AR) 
and  after  creep  deformation  at  750  °C. 

The  micro  structural  results  suggest  that  ordinary  dislocation  activity  and  mechanical  twinning 
jointly  control  primary  creep.  From  the  fact  that  mechanical  twinning  is  already  observed  from  the 
beginning  on,  it  is  concluded  that  this  deformation  mechanism  is  equally  important  in  early  plastic 
creep  deformation  as  ordinary  dislocation  mobility.  Both  processes  are  driven  by  the  intensity  of  the 
resolved  shear  stress  in  individual  y-grains  and  -lamellae. 

It  is  important  to  note  that  ordinary  dislocations  with  b0  =  1/2  <110]  do  not  provide  any  deformation 
in  [001]  direction  (see  Fig.  1).  When  only  ordinary  dislocations  contribute  to  deformation,  elastic 
incompatibilities  arise  due  to  the  absence  of  plastic  deformation  in  c-direction,  which  result  in  back 
stresses.  Superdislocations,  which  would  provide  strain  in  [001]  direction,  were  only  rarely 
observed.  However,  Fig.  5  reveals  that  mechanical  twinning  does  contribute  to  deformation  in  c- 
direction  and  it  can  be  easily  shown  that  it  results  in  a  shortening  of  the  y-crystal  in  [00 Indirection 
[20].  Therefore,  mechanical  twinning  can  reduce  the  back  stresses  caused  by  ordinary  dislocations. 
On  the  other  hand,  deformation  twins  also  build  up  local  elastic  constraints  at  grain  boundaries  and 
twin  intersections,  which  in  turn  provide  driving  forces  for  ordinary  dislocations. 

If  only  one  of  these  two  processes  is  active  in  a  grain  (due  to  its  orientation  with  respect  to  the 
external  creep  stress),  back  stresses  quickly  increase  and  are  reduced  as  the  second  process  starts  to 
contribute.  However,  it  has  been  shown  by  Mecking  et  al.  [10]  that  the  von  Mises  criterion,  which 
requires  five  independent  slip  systems  for  the  accommodation  of  strain,  is  not  satisfied  by  the 
contribution  of  ordinary  dislocations  and  mechanical  twinning.  Based  on  microstructural  results  it  is 
suggested  that  dynamic  recrystallization  is  the  third  process  which  contributes  to  creep  deformation: 
it  decreases  the  overall  dislocation  density  when  the  new  grains  are  formed  and,  consequently,  the 
back  stresses  due  to  ordinary  dislocations  are  reduced.  Besides,  new  grains  might  be  formed  in 
orientations,  which  are  favorably  oriented  for  plastic  deformation  in  directions  that  are  required  to 
allow  for  homogeneous  macroscopic  deformation.  Currently,  texture  measurements  are  being 
carried  out  to  identify  the  recrystallization  texture  established  during  dynamic  recrystallization.  It  is 
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expected  that  the  results  will  provide  information  with  respect  to  the  orientation  of  the  newly 
formed  y-grains. 


Fig.  5:  (a)  Parent  y-crystal  cut  through  the  (llO)  plane.  Dashed  lines  mark  the  (1 1  l)-twinning 
plane,  (b)  y-crystal  with  (1 1 1)[1 12]  deformation  twin.  The  original  y-crystal  is  shortened  by  the 
amount  of  8  in  c-direction  [001]  and  lengthened  in  [1 10]  direction. 

The  mechanical  data  published  elsewhere  [11]  showed  that  the  strain  rate  rapidly  decreases  during 
primary  creep  until  a  creep  rate  minimum  is  reached  between  1  to  2  %  strain.  In  contrast  to  model 
materials,  near-y  TiAl  does  not  exhibit  a  wide  secondary  creep  regime  with  constant  creep  rate.  The 
creep  rate  rather  slowly  increases  again  when  the  minimum  is  exceeded.  Necking  is  not  observed  in 
this  stage  of  deformation.  Later  on,  the  creep  rate  quickly  increases  and  necking  takes  place  at  about 
10  %  strain.  The  results  provided  by  micro  structural  analysis  of  the  duplex  near-y  TiAl-alloy 
suggest  that  the  decrease  of  the  strain  rate  in  the  primary  regime  is  accompanied  by  an  increase  of 
ordinary  dislocation  density  and  the  formation  of  deformation  twins.  High  stress  concentrations 
arise  at  high  angle  grain  boundaries,  which  represent  obstacles  to  dislocations  and  to  deformation 
twins.  Both  deformation  modes  are  associated  with  macroscopic  and  microscopic  back  stresses  and 
influence  the  strain  rate.  When  the  creep  rate  minimum  is  reached  dynamic  recrystallization  starts  at 
these  locations  of  high  stress  concentrations  and  begins  to  contribute  to  creep  as  a  third  mechanism. 
As  a  consequence,  the  minimum  creep  rate  increases  again.  During  the  early  stages  of  the  tertiary 
creep  regime,  the  volume  fraction  of  recrystallized  grains  grows  and  causes  the  creep  rate  to  further 
increase.  Later  on  during  creep  life,  the  creep  rate  accelerates  due  to  necking  and  formation  of 
voids. 

Summary  and  Conclusion 

Microstructural  results  were  presented  and  discussed  with  respect  to  the  creep  deformation 
mechanism  in  a  duplex  near-y  TiAl-alloy.  The  following  conclusions  were  drawn: 
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•  Ordinary  dislocation  plasticity  and  mechanical  twinning  contribute  to  creep  from  the  beginning 
on.  Both  deformation  modes  build  up  back  stresses  due  to  incompatibility  strains. 

•  Superdislocations  are  only  infrequently  observed  and,  therefore,  do  not  reduce  strain 
incompatibilities. 

•  Dynamic  recrystallization  contributes  to  plastic  deformation:  (i)  by  decreasing  the  dislocation 
density  and,  therefore,  back  stresses  due  to  incompatibility  strains  and  (ii)  possibly  by  providing 
grains  in  those  orientation  which  allow  plastic  deformation  in  directions  that  are  needed  for 
homogeneous  macroscopic  deformation. 

•  These  three  elementary  processes  (i)  movement  of  ordinary  dislocations,  (ii)  mechanical 
twinning,  and  (iii)  dynamic  recrystallization  are  coupled  and  govern  the  overall  creep  rate. 
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Abstract  To  investigate  the  influence  of  the  orientation  of  the  lamellar  plates,  present  in  two-phase 
(a2+y)  Ti-Al  alloys,  on  the  creep  resistance,  four  orientation  variants  of  a  PST  crystal  of  the  nominal 
composition  Ti-48mol%Al  were  deformed  in  compression  for  different  applied  stresses  at  1150  K. 
When  the  angle  of  the  lamellar  interfaces  with  respect  to  the  compression  axis  is  denoted  as  <|>,  the 
investigated  variants  were  A  (<|)=0o),  B1  (<|>=350),  B2  (4>=55°),  and  N  (<|>=90o).  The  soft  orientation 
variant  B1  featured  normal  creep  behavior,  however,  in  the  case  of  the  soft  orientation  variant  B2  no 
tertiary  creep  was  encountered  within  strains  up  to  0.15.  This  basically  different  behavior  under 
creep  condition  was  attributed  to  the  rotation  of  the  PST  crystal  with  strain.  The  orientation  variant 
B1  rotates  towards  the  softer  45°  orientation,  whereas  the  orientation  variant  B2  rotates  towards  the 
hard  orientation  N.  The  rotational  hardening  in  the  case  of  orientation  B2  explains  the  absence  of 
tertiary  creep.  The  hard  PST  orientations  revealed  an  entirely  different  behavior  with  distinct  creep 
rate  minima  at  plastic  strains  around  0.02-0.03.  The  lowest  minimum  creep  rates  and  longest  creep 
lives  at  all  investigated  stresses  were  given  by  orientation  variant  N.  This  is  to  be  understood  on  the 
basis  of  the  resolved  shear  stress  criterion.  The  Schmid  factors  for  the  orientation  variant  N  are  in  all 
six  domains  lower  than  in  the  other  hard  orientation  variant  A.  The  soft  orientations  revealed  a  tran¬ 
sition  stress  near  200  MPa.  For  the  low  stress  regime  a  high  stress  exponent  of  about  9  was  evalu¬ 
ated  but  for  the  high  stress  regime  the  stress  exponent  equals  unity.  The  hard  PST  orientations  ex¬ 
hibit  for  all  considered  stresses  a  constant  stress  exponent  of  7.3.  The  low  stress  exponent  for  the 
soft  orientations  at  high  stresses  was  ascribed  to  microstructural  instability  in  the  consequence  of 
mechanical  twinning  parallel  to  the  lamellar  interfaces,  which  becomes  significant  for  stresses  higher 
than  200  MPa. 

1  Introduction 

Titanium  aluminides  have  received  great  attention  as  a  new  light-weight  material  for  structural  appli¬ 
cations  because  of  their  attractive  properties  such  as  low  density,  relatively  high  melting  temperature, 
strength,  and  modulus  retention  with  temperature  [1].  Since  two -phase  TiAl/TisAl  alloys  exhibit 
better  ductility  and  toughness  than  single-phase  TiAl  alloys  the  main  interest  concentrates  on  tWo- 
phase  materials.  The  prospective  usage  of  these  materials  is  in  aircraft  gas  turbines,  e.g.  turbine 
blades.  One  of  the  primary  requirements  for  this  application  is  a  high  creep  resistance  at  elevated 
temperatures.  By  controlling  thermomechanical  processing  and  subsequent  heat  treatment,  four  types 
of  micro  structures  can  be  produced:  fully  lamellar,  near  lamellar,  duplex  and  near  gamma.  Lamellar 
microstructures  with  colonies  composed  of  the  stacking  of  parallel  aligned  a2  and  twin  related  y  la¬ 
mellae  are  considered  as  the  most  favorable  for  forthcoming  applications  owing  to  their  higher 
strength  and  creep  resistance  [2-8].  The  y  phase  forms  with  the  particular  crystallographic  orientation 
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relationship  during  cooling  from  the  a  single  phase  field:  { 111 ^//(OOOl)^  and  < ll0)T//<l  120)o2 
known  as  the  Blackburn  relationship  [9].  The  lamellar  interface  is  given  by  (111)Y.  Due  to  the  slight 
tetragonality  of  the  Ll0-structure  of  TiAl  the  <  llO)  directions  are  not  equivalent  and  three  domains 
exist  rotated  about  the  [111]  axis  by  multiples  of  120°  within  the  matrix  and  the  twinned  lamellae. 
The  basic  understanding  of  the  deformation  characteristics  of  the  lamellar  microstructure  has  been 
substantially  pushed  forward  by  the  research  work  of  Yamaguchi  and  his  co-workers  using  a  funda¬ 
mental  unit  of  the  lamellar  structure  without  grain  boundaries,  namely  polysynthetically  twinned 
(PST)  crystals  [10-18].  Many  important  aspects  of  the  deformation  characteristics  of  the  lamellar 
(X2/Y  structure  have  been  successfully  worked  out  at  a  large  range  of  temperatures  up  to  1273  K,  but 
the  mechanical  behavior  of  a  PST  crystal  under  creep  condition  has  not  been  addressed  so  far. 

2  Experimental  procedures 


The  material  used  in  this  study  was  an  as-grown  polysynthetically  twinned  (PST)  Ti-Al  crystal, 
which  was  fabricated  with  a  growth  rate  of  1.4xl0'3  mms*1  by  Kyoto  University,  Japan.  The  nominal 
composition  is  binary  Ti-48mol%Al.  Details  of  the  crystal  growing  process  are  described  elsewhere 
[10].  This  PST  crystal  was  oriented  using  a  Laue  camera  equipped  with  a  two-axis  goniometer.  Par¬ 
allelepipeds  of  the  average  size  of  2  x  2  x  3  mm3  were  cut  with  a  diamond  saw. 


Fig.  1  Illustration  of  four  orientation  variants  of  the  PST  specimens,  a)  specimen  sketches,  b)  posi¬ 
tion  of  the  compression  axes  in  the  (1 1 1)  stereographic  standard  projection  of  the  y  phase. 
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Before  application  of  the  creep  load  the  specimens  were  held  at  the  creep  testing  temperature  for  in 
average  7.2x1 03s  in  order  to  have  a  stable  elongation  signal.  The  creep  tests  were  terminated  after 
different  strains,  e.g.  in  the  primary  creep  regime,  in  the  creep  rate  minimum,  or  in  the  tertiary  creep 
regime.  The  specimens  were  cooled  down  to  room  temperature  at  an  initial  cooling  rate  of  0.25  Ks"1 
under  full  load  in  order  to  retain  the  deformation  microstructure. 

Four  orientation  variants  were  studied  with  different  angles  §  as  illustrated  in  Fig.  1,  i.e.  0° 
(orientation  A),  35°  (orientation  Bl)  55°  (orientation  B2),  and  90°  (orientation  N).  The  angle  $  de¬ 
notes  the  angle  of  the  lamellar  plates  with  respect  to  the  compression  axis  about  the  x-axis  parallel  to 
(1120).  According  to  the  work  of  Inui  et  al.  [16]  and  Kishida  et  al.  [18]  the  compression  axes  are 
indicated  with  respect  to  the  six  domains  of  the  y  phase  as  shown  in  Table  1.  The  testing  temperature 
of  1150  K  was  always  kept  constant  within  ±1  K.  The  creep  tests  were  carried  out  in  an  argon  at¬ 
mosphere  to  protect  the  specimens  against  oxidation. 

Table  1 :  Miller  Indices  of  the  compression  axes  in  each  domain  of  the  y  phase 
Orientation  Miller  Indices _ 


I  Matrix 

I  Twin 

II  Matrix 

II  Twin 

III  Matrix 

III  Twin 

A 

Il2 

112 

l2l 

121 

21 J 

211 

Bl 

001 

22l 

010 

2l2 

100 

122 

B2 

114 

110 

141 

101 

411 

011 

N 

111 

111 

111 

111 

111 

111 

3  Results 

The  creep  curves  of  the  two  soft  PST  orientations  Bl  and  B2  for  various  applied  stresses  are  dis¬ 
played  in  Fig.  2a  and  Fig.  3a,  respectively.  It  can  be  seen  that  for  the  soft  orientation  Bl  with  the 
angle  (|>  of  35°  normal  creep  behavior  was  found  with  the  three  characteristic  regimes:  primary  creep, 
a  more  or  less  extended  stationary  regime  followed  by  tertiary  creep  with  an  increasing  slope  of  the 
creep  curve  (Fig.  2a). 


Fig.  2  Effect  of  the  applied  stress  on  the  creep  behavior  of  the  soft  PST  orientation  B 1 .  a)  plastic 
strain  vs.  time,  b)  creep  rate  vs.  plastic  strain. 
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Time  / 1 0%  Plastic  Strain  e 

Fig.  3  Effect  of  the  applied  stress  op  the  creep  behavior  of  the  soft  PST  orientation  B2.  a)  plastic 
strain  vs.  time,  b)  creep  rate  vs.  plastic  strain. 

The  creep  curves  for  the  orientation  B2  with  the  angle  <|)  of  55°  showed  also  a  primary  creep  regime, 
which  is  connected  to  a  indefinite  regime  of  infinite  decreasing  slope  of  the  creep  curve  (Fig.  3a).  In 
contrast  to  the  observation  of  a  distinct  tertiary  regime  for  all  specimens  of  the  orientation  B1  no 
tertiary  regime  was  observed  for  none  of  the  4  creep  specimens  of  the  orientation  B2  at  least  up  to 
the  termination  strains  used  for  these  creep  tests. 

i 

When  comparing  the  function  of  the  strain  rate  plotted  versus  the  plastic  strain  of  the  two  soft  ori¬ 
entation  variants  the  basic  difference  is  more  clearly  visible  (Fig.  2b  and  Fig.  3b).  Whereas  all  creep 
specimens  of  the  orientation  B1  for  all  investigated  stresses  show  at  least  a  slight  increase  of  the 
strain  rate  after  passing  through  a  stationary  regime  (Fig.  2b),  no  such  tertiary  creep  acceleration  is 
to  be  observed  for  none  of  the  investigated  specimens  of  the  orientation  B2  irrespective  of  the  plastic 
strain  at  the  termination  point  of  the  particular  creep  experiment  (Fig.  3b).  For  the  stresses  of  126, 
200  and  25 1  MPa  (orientation  B2)  the  strain  rate  becomes  nearly  a  linear  function  of  the  plastic 
strain  with  a  negative  or  almost  zero  slope.  The  creep  experiment  at  a  stress  of  45  MPa  was  defi¬ 
nitely  terminated  to  early  in  the  primary  creep  regime  so  that  no  statement  about  the  development  of 
the  strain  rate  at  higher  strains  can  be  provided. 


Time  / 1 05  s  Plastic  Strain  e 

Fig.  4  Effect  of  the  lamellar  orientation  on  the  creep  behavior  for  the  applied  stress  of  200  MPa.  a) 
plastic  strain  vs.  time,  b)  creep  rate  vs.  plastic  strain. 
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An  entirely  different  creep  behavior  of  the  hard  PST  orientations  A  and  N  was  observed.  Fig.  4 
shows  the  effect  of  the  lamellar  orientation  on  the  creep  behavior  in  terms  of  the  creep  curves  (Fig. 
4a)  and  the  strain  rate  versus  the  plastic  strain  (Fig.  4b)  for  the  applied  stress  of  200  MPa.  In  contrast 
to  the  creep  behavior  of  the  soft  orientations  described  in  the  forehand  both  hard  PST  orientations 
exhibit  distinct  creep  rate  minima  at  relatively  low  plastic  strains  around  0.02-0.03.  After  passing 
through  the  minima  sharp  creep  rate  accelerations  follow,  which  is  even  more  pronounced  for  the 
orientation  N  than  for  the  orientation  A.  The  lowest  minimum  creep  rates  were  measured  for  the 
orientation  N  (Fig.  5).  The  orientation  A  shows  minimum  creep  rates  that  are  about  twice  of  that  of 
the  orientation  N. 

When  plotting  the  minimum  or  stationary  strain  rate  versus  the  applied  stress,  shown  in  Fig.  5,  two 
regimes  are  to  be  distinguished  for  the  soft  orientations.  For  low  stresses  up  to  200  MPa  a  high 
stress  exponent  of  9.1  was  evaluated.  In  the  case  of  the  orientation  B2  no  real  minimum  creep  rates 
were  measured.  However,  the  strain  rates  at  the  termination  point  were  probably  close  to  the  final 
minimum  creep  rate  in  the  case  of  the  high  stresses  200  and  251  MPa  (cf.  Fig.  3b),  but  the  strain  rate 
at  the  termination  point  was  probably  less  close  to  the  final  minimum  creep  rate  in  the  case  of  the 
low  stress  of  126  MPa.  This  fact  is  reflected  by  the  arrow  downwards  for  the  data  point  at  126  MPa 
for  orientation  B2  in  Fig.  5.  In  the  consequence  of  a  lack  of  successful  experiments  in  the  case  of 
orientation  B2  only  a  lower  limit  for  the  stress  exponent  for  low  stresses  up  to  200  MPa  of  6.2  can 
be  stated  at  the  present  time  of  knowledge.  Nevertheless,  the  presented  data  supports  the  view  that 
both  soft  orientations  show  a  similar  transition  stress  of  about  200  MPa.  At  high  stresses  above  200 
MPa  stress  exponents  near  unity  were  evaluated.  The  hard  PST  orientations  A  and  N  exhibit  both  a 
stress  exponent  of  7.3  for  the  investigated  stresses  above  200  MPa. 


Stress  a  /  MPa  Stress  c  /  MPa 

Fig.  5  Effect  of  the  applied  stress  on  the  mini-  Fig.  6  Dependence  of  the  lamellar  spacing  on  the 
mum  creep  rate  at  1150  K  for  the  differ-  applied  stress  for  soft  PST  orientations, 

ent  considered  lamellar  orientations.  The  error  bars  mark  the  95%  confidence 

interval.  AG:  As  grown  condition.  Data 
taken  from  [22]. 

4  Discussion 

The  effect  of  the  lamellar  orientation  on  the  creep  resistance  is  discussed  on  the  basis  of  the  resolved 
shear  stress,  which  is  given  by  the  product  of  the  Schmid  factor  and  the  applied  stress.  Since  the  y 
phase  is  considerably  weaker  than  the  CX2  phase  at  high  temperatures  the  creep  resistance  is  expected 
to  be  controlled  by  the  deformation  of  the  y  constituent.  Slip  systems  with  a  lattice  translation  vector 
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contained  in  the  (111)  lamellar  plane  are  regarded  to  as  soft  modes  and  slip  systems  with  a  lattice 
translation  vector  contained  in  a  glide  plane  inclined  to  the  lamellar  interfaces  are  regarded  to  as  hard 
modes  in  accordance  to  the  work  of  Inui  et  al.  [16]  and  Kishida  et  al.  [18].  The  creep  experiments 
with  the  applied  stress  of  200  MPa  (cf.  Fig.  4)  show  that  the  hard  PST  orientations  exhibit  substan¬ 
tially  longer  creep  lives  than  the  soft  PST  orientations.  The  pronounced  orientation  effect  is  easily 
understandable  due  to  the  high  Schmid  factors  for  soft  slip  modes  in  four  of  the  six  y  domains  and 
for  the  soft  parallel  twinning  mode  in  all  y  domains  in  the  case  of  the  soft  PST  orientations  [19].  In 
contrast  to  the  soft  PST  orientations  the  hard  PST  orientations  do  not  have  any  resolved  shear  stress 
on  any  of  the  soft  deformation  modes.  In  a  previous  study  we  demonstrated  by  TEM  observations 
that  the  deformation  structures  of  soft  PST  orientations  are  dominated  by  soft  deformation  modes 
and  that  the  deformation  structures  of  the  hard  PST  orientations  are  dominated  by  hard  slip  systems 
inclined  to  the  lamellar  interfaces  and  by  cross  twinning  [19]. 

Table  2:  Maximum  Schmid  factors  for  the  two  soft  orientations  in  all  existing  domains. 

Ordinary  dislocation  slip,  superdislocation  slip,  and  twinning  systems  are  analyzed. 


Orientation 

I  Matrix 

II  Matrix 

IITwin 

III  Matrix 

III  Twin 

Bl,  35° 

B2,  55° 

0.408 

0.408 

0.408 

0.454 

0.408 

0.408 

In  contrast  to  the  expectations  derived  from  the  Schmid  factors  the  soft  orientation  B2  appears 
harder  than  the  orientation  B1  for  the  investigated  creep  conditions.  When  considering  the  maximum 
Schmid  factor  as  the  governing  criterion  for  the  strength  of  a  particular  orientation  variant  (Table  2), 
the  orientation  B2  should  be  slightly  softer  than  the  orientation  B 1  since  the  matrix  domains  II  and 
El  offer  higher  Schmid  factors  with  0.454  than  the  matrix  domains  of  the  orientation  B 1  with  0.408. 
The  matrix  domain  I  and  the  twin  domains  of  both  orientation  variants  have  identical  maximum 
Schmid  factors.  In  the  very  early  state  of  creep  at  low  stains  (<  0.005)  the  maximum  Schmid  factor 
criterion  holds  and  the  orientations  B1  and  B2  show  a  similar  creep  behavior  (cf.  Fig.  4b).  But  with 
increasing  strain  the  orientation  B2  exhibits  an  increasingly  higher  creep  resistance  compared  with 
the  orientation  Bl.  This  unexpected  behavior  is  associated  with  the  crystal  rotation.  During  creep 
deformation  the  orientation  Bl  is  rotating  about  the  [llO]  axis  in  the  direction  of  a  45°  orientation, 
and  the  orientation  B2  is  rotating  towards  the  hard  orientation  N.  The  Schmid  factors  for  the  domi¬ 
nating  soft  deformation  modes  are  increasing  in  the  case  of  orientation  Bl,  whereas  they  are  de¬ 
creasing  in  the  case  of  orientation  B2  (rotational  hardening).  In  the  consequence  of  this,  the  speci¬ 
men  of  the  orientation  B 1  becomes  weaker  in  the  course  of  creep  deformation,  but  the  specimen  of 
the  orientation  B2  becomes  harder.  The  decreasing  Schmid  factors  in  the  orientation  B2  result  in  a 
higher  creep  resistance.  In  addition  to  that,  the  continuous  hardening  of  the  orientation  B2  in  the 
course  of  deformation  is  responsible  for  the  difficulty  to  establish  a  stationary  or  a  minimum  creep 
rate  (cf.  paragraph  3). 

The  stress  exponents  for  the  soft  PST  orientations  below  200  MPa  and  for  the  hard  PST  orientations 
are  significantly  higher  than  4-5,  which  in  general  indicates  a  climb  controlled  creep  mechanism.  A 
possible  explanation  for  the  high  stress  exponents  of  9.1  and  7.3  is  the  existence  of  a  threshold  stress 
due  to  the  abundance  of  the  lamellar  interfaces  in  accordance  to  the  concept  of  Gibeling  and  Nix 
[20].  The  remarkably  low  stress  exponent  of  1.1  for  the  soft  orientations  at  applied  stresses  above 
200  MPa  can  be  attributed  to  the  micro  structural  instability  of  the  PST  specimens  during  creep  at 
1 150  K.  A  stress  exponent  in  the  range  of  unity  is  usually  associated  with  diffusion  controlled  creep 
mechanisms  [21],  which  are  certainly  not  the  rate  controlling  mechanisms  for  the  soft  PST  orienta¬ 
tions  at  the  considered  conditions.  In  a  previous  study  [22]  we  were  able  to  demonstrate  that  the 
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lameUar  micro  structure  is  considerably  modified  during  creep  deformation  owing  to  the  mechanism 
of  parallel  twinning.  Severe  parallel  twinning  took  place  during  creep  with  applied  stresses  above 
200  MPa  in  the  soft  orientations.  By  the  parallel  twinning  activity  the  lamellar  spacing  was  particu¬ 
larly  reduced  from  868nm  in  the  undeformed  condition  to  304nm  after  creep  deformation  in  the  case 
of  the  specimen  of  orientation  B2  tested  with  251  MPa.  As  shown  in  Fig.  6  the  reduction  of  the  la¬ 
mellar  spacing  that  is  brought  about  by  parallel  twinning  is  greatly  increased  with  increasing  applied 
stress  for  high  stresses,  at  least  above  200  MPa.  Not  only  by  the  research  work  of  the  co-author’s 
laboratory  [23]  but  also  by  other  groups  [24-26]  it  is  well  accepted  that  the  creep  resistance  is  en¬ 
hanced  by  a  reduction  of  the  lamellar  spacing.  The  mechanical  twinning  parallel  to  the  lamellar  inter¬ 
faces  strengthens  the  lamellar  structure  of  a  soft  orientation  in  the  course  of  creep.  The  strengthening 
effect  becomes  more  pronounced  with  increasing  applied  stress,  which  results  in  the  evaluated  stress 
exponent  of  about  1.1. 

The  observation  of  a  transition  stress  for  the  stress  exponent  of  the  soft  PST  orientations  may  sug¬ 
gest  a  critical  stress  for  the  occurrence  of  parallel  twinning.  Even  though  the  number  of  data  points 
in  Fig.  6  is  too  low  to  establish  an  exact  amount  of  the  proposed  critical  stress,  the  existence  of  such 
a  critical  stress  is  supported  by  the  lamellar  spacing  data.  Such  a  critical  stress  for  parallel  twinning 
would  rationalize  the  observed  transition  from  a  high  stress  exponent  at  low  stresses  to  a  low  stress 
exponent  at  high  stresses  in  the  case  of  the  soft  orientations.  The  activity  of  j)arallel  twinning  in  the 
hard  PST  orientations  was  much  less  than  in  the  soft  orientations,  what  can  be  understood  by  the 
absence  of  a  resolved  shear  stress  for  this  deformation  mode  in  the  hard  PST  orientations.  Therefore, 
only  a  moderate  micro  structural  modification  in  terms  of  a  lamellar  refinement  was  encountered  in 
the  hard  PST  orientations,  which  obviously  did  not  reduce  the  stress  exponent  as  severe  as  in  the 
case  of  the  soft  PST  orientations. 

5  Conclusions 

1.  PST  orientations  with  their  lamellae  parallel  (A)  or  perpendicular  (N)  to  the  compression  axis 
show  higher  creep  lives  and  lower  minimum  creep  rates  than  soft  oriented  PST  specimens.  The 
hard  PST  orientations  deform  mainly  by  hard  deformation  modes  oblique  to  the  lamellar  inter¬ 
faces,  whereas  the  soft  orientation  deform  by  slip  and  twinning  parallel  to  the  lamellar  interfaces  in 
accordance  to  the  resolved  shear  stress  criterion  for  the  operative  deformation  modes. 

2.  The  higher  creep  resistance  of  the  soft  orientation  B2  compared  with  the  orientation  B1  was  in¬ 
terpreted  as  the  result  of  the  crystal  rotation  that  takes  place  during  creep  deformation.  The 
specimens  of  the  orientation  B1  rotate  towards  a  softer  45°  orientation  and  the  orientation  B2 
rotates  towards  the  hard  orientation  N. 

3.  A  remarkably  low  stress  exponent  value  for  the  soft  PST  orientations  was  evaluated  for  high  ap¬ 
plied  stresses  above  200  MPa.  This  was  interpreted  as  the  result  of  microstructural  instability 
during  creep  at  1 150  K  due  to  mechanical  twinning  parallel  to  the  lamellar  interfaces,  which  leads 
to  a  lamellar  refinement  and  self-strengthening  of  the  lamellar  structure  in  the  course  of  creep  de¬ 
formation.  A  critical  stress  (-200  MPa)  for  the  operation  of  parallel  twinning  is  proposed,  which 
would  explain  the  transition  from  a  high  stress  exponent  of  9.1  at  low  stresses  (<  200  MPa)  to  a 
low  stress  exponent  near  unity  at  high  stresses. 
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Abstract 

High  temperature  creep  of  a  binary  Ti-42mol%Al  alloy  with  a  fully  lamellar  structure  was 
studied  in  order  to  clarify  the  effects  of  lamellar  spacing  on  creep  strength.  Specimens 
having  three  different  values  of  lamellar  spacing  (0.1,  0.25,  and  1.5  pm)  were  prepared  by 
changing  the  cooling  process  after  the  solution  treatment.  All  the  specimens  had  the  same 
grain  size  of  180  pm.  Creep  tests  were  carried  out  at  1 100  K  and  1200  K  under  stresses  from 
60  MPa  to  500  MPa. 

At  high  stresses,  the  decrease  of  creep  rate  (strain  hardening)  in  the  primary  creep  stage 
was  more  significant  in  the  finer  lamellar  structure,  and  creep  rate  acceleration  in  the  tertiary 
creep  stage  was  independent  of  lamellar  spacing.  Therefore,  the  creep  rate  of  the  lamellar 
structure  decreases  with  decreasing  lamellar  spacing,  suggesting  that  a  finer  lamellar  structure 
is  better  for  improving  creep  strength.  At  low  stress,  on  the  other  hand,  the  dependence  of 
creep  strength  on  lamellar  spacing  diminished,  since  the  creep  rate  acceleration  in  the  tertiary 
creep  stage  was  substantial  in  the  finer  lamellar  structure. 

Lamellar  spacing  affects  creep  strength  differently  at  different  stress  levels.  The  strain 
softening,  which  is  due  to  microstructural  degradation  (spheroidization  and  discontinuous 
coarsening)  of  the  lamellar  structure,  is  the  major  cause  of  the  disappearance  of  the  lamellar 
spacing  dependence  of  creep  strength  at  low  stresses. 
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1.  Introduction 

TiAl  based  intermetallic  alloys  have  low  specific  gravity  and  good  elevated  temperature 
strength.  Because  of  these  beneficial  properties,  they  are  a  candidate  for  high  temperature 
structural  applications  [1].  Even  for  high  temperature  applications,  however,  structural 
materials  must  also  have  sufficient  ductility  at  room  temperature.  To  fulfill  this  requirement, 
dual  phase  "TiAl  alloys’'  composed  of  YTiAl  and  a2Ti3Al  phases  have  attracted  the  attention  of 
many  researchers  [2,3].  TiAl  alloys  take  various  microstructures  depending  on  their  heat 
treatment.  Among  these  microstructures,  a  fine  grained  fully  lamellar  structure  provides  a 
good  combination  of  room  temperature  ductility  and  high  temperature  creep  strength  [3]. 

It  is  known  that  lamellar  spacing  has  significant  effects  on  high  temperature  strength. 
For  example,  the  creep  strength  of  directionally  solidified  eutectic  alloys  increases  with 
decreasing  lamellar  spacing  when  their  lamellar  interfaces  are  aligned  parallel  to  the  stress 
axis  [4,5].  The  high  strength  has  been  explained  by  enhanced  strain  hardening  of  the  fine 
lamellar  structure  [6-8]. 

Several  inconsistent  results  have  been  reported  on  the  creep  of  fully  lamellar  TiAl  alloys. 
Lamellar  structures  usually  give  a  lower  creep  rate  than  the  constituent  single  phase  materials 
[8-12].  This  result  supports  the  strengthening  by  the  lamellar  structure.  In  a  report  by 
Beddos  et  al.  [13],  a  fine  lamellar  structure  (lamellar  spacing,  X  =  0.12  pm)  of  Ti-48mol%Al 
showed  a  higher  creep  strength  than  a  coarse  one  (X  =  0.45  pm).  On  the  other  hand,  Jones  et 
al.  [14,15]  reported  that  a  specimen  with  intermediate  lamellar  spacing  (X  =  0.12  pm)  had  the 
highest  creep  strength  among  Ti-48Al-2Nb-2Mn  specimens.  It  is  thus  necessary  to  know  the 
cause  of  the  different  effects  of  lamellar  spacing  on  the  creep  strength  of  TiAl  alloys  with  fully 
lamellar  structure. 

Two  kinds  of  structural  change  are  found  in  tertiary  creep.  The  first  is  void  or  crack 
formation  along  grain  boundaries  and  y/a2  interfaces  [16].  The  second  is  the  spheroidization 
of  lamellar  plates  (small  dynamically  recrystallized  grains)  along  grain  boundaries,  which  is 
important  because  creep  rate  is  known  to  increase  with  increasing  numbers  of  spheroidized 
grains  [6].  Though  it  is  clear  that  both  void  (crack)  formation  and  spheroidization  influence 
tertiary  creep  deformation  behavior,  it  is  not  well  known  how  this  influence  changes  with 
creep  conditions. 

In  the  present  paper,  effects  of  lamellar  spacing  on  creep  rate  are  studied  with  a  fully 
lamellar  TiAl  alloy  over  wide  ranges  of  stress  and  temperature.  It  is  also  discussed  how  and 
why  the  effects  of  lamellar  spacing  change  with  stress  level  based  on  structural  changes  during 
creep. 


2.  Experimental  Procedure 
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The  material  studied  was  a  binary  Ti-42mol%Al  alloy  having  almost  equal  volume  of  y 
and  a2  phases.  The  alloy  was  arc-melted  in  a  vacuum,  and  then  hot  extruded  at  1473  K. 
The  reduction  of  area  was  80%.  Compression  creep  specimens,  2  mmx2  mm  in  cross 
section  and  3  mm  in  height,  were  cut  from  the  extruded  rod.  Their  stress  axis  was  parallel  to 
the  direction  of  extrusion.  They  were  annealed  in  a  vacuum  at  1500  K  for  600  s.  This 
annealing  (solution  treatment)  in  the  a  single  phase  regime  determines  the  prior  a  grain  size 
and  the  subsequent  grain  size  of  the  fully  lamellar  structure.  All  specimens  thus  had  the 
same  grain  size  of  about  180  pm.  Lamellar  spacing  was  controlled  by  a  cooling  procedure 
after  the  annealing.  The  procedures  are  listed  in  Table  1  together  with  the  average  lamellar 
spacing  of  each  specimen.  Hereafter,  the  specimens  having  the  three  different  lamellar 
spacings  will  be  referred  to  as  Sp.A,  Sp.B  and  Sp.C.  Sp.A  was  furnace  cooled  at  an  initial 
cooling  rate  of  0.6  K/s.  During  the  cooling,  Sp.B  was  held  for  43.2  ks  at  1375  K,  a  little 
below  the  eutectoid  temperature.  Sp.C  was  initially  furnace  cooled  to  1450  K  and  then 
slowly  cooled  at  1.7  xlO'3  K/s  to  make  the  coarse  lamellar  spacing.  In  this  paper,  the 
lamellar  spacing  is  taken  as  the  average  thickness  of  each  phase  lamella,  and  is  the  same  in 
both  y  and  ce2  phases.  The  grain  boundary  morphology  changes  with  cooling  rate:  Sp.A  has  a 
smooth  grain  boundary,  Sp.B  a  wavy  grain  boundary,  and  Sp.C  a  zig-zag  grain  boundary  with 
a  blocky-y-phase. 


Table  1  Heat  treatment  used  for  making  the  different  lamellar  spacings. 


Specimen 

Solution  treatment 

Cooling  procedure 

Lamellar  spacing 

Grain  size 

Sp.A 

1500  K,  600  s 

Furnace  cool 

0.1  pm 

180  pm 

Sp.B 

1500  K,  600  s 

1375  K,  43.2  ks  hold 

0.25  pm 

180  pm 

Sp.C 

1500  K,  600  s 

0.0017  K/s  from  1450  K 

1.5  pm 

180  pm 

Creep  tests  were  carried  out  in  an  argon  gas  atmosphere.  Creep  stress  was  kept  constant 
within  ±1%  deviation.  Some  creep  tests  were  interrupted  to  study  micro  structural  changes 
during  creep. 


3.  Results  and  Discussion 

3.1  Effects  of  Lamellar  Spacing  on  Creep  Rate 

Minimum  creep  rates  of  the  three  different  lamellar  structures  are  compared  in  Fig.  1. 
The  stress  exponent  n  decreased  with  decreasing  lamellar  spacing:  n  =  4.5,  4.1,  and  3.7  in 
Sp.A,  B  and  C,  respectively.  At  the  high  stresses,  the  fine  lamellar  spacing  gave  a  lower 
creep  rate,  suggesting  that  the  refinement  of  lamellar  spacing  was  effective  in  improving  creep 
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strength.  At  the  low  stresses,  on  the  other 
hand,  the  difference  in  minimum  creep  rate 
diminished. 

The  activation  energies  Q  for  creep  rate  did 
not  evidently  vary  among  the  three  lamellar 
structures:  Q  =  400,  380,  and  420  kJ/mol  in 
SpA,  Sp.B  and  Sp.C,  respectively.  This 
finding  indicates  that  the  effects  of  lamellar 
spacing  varied  with  stress  level,  but  did  not 
change  with  temperature. 

3.2  Cause  of  the  Lamellar  Spacing 
Dependence  of  Creep  Rate 

Minimum  creep  rate  is  attained  by  a  balance 
between  strain  hardening  and  softening  [17]. 
In  primary  creep,  a  decrease  of  creep  rate  occurs 


Fig.  1.  Comparison  of  minimum  creep  rate 
among  Sp.A,  B  and  C  (Adamellar  spacing). 


due  to  strain  hardening,  and  becomes  more  significant  with  the  decreasing  lamellar  spacing,  as 
is  the  case  in  directionally  solidified  eutectic  alloys  [4,5].  On  the  other  hand,  microstructural 
degradation  also  takes  place  during  creep,  causing  a  creep  rate  acceleration  in  the  tertiary 
creep  stage.  The  extensive  degradation  makes  the  creep  rate  acceleration  more  remarkable. 


Fig.  2.  Representative  creep  curves  of  the  three  different  lamellar  microstructures, 
(a)  at  high  stress,  and  (b)  at  low  stress. 


Figure  2  shows  representative  creep  curves  of  the  three  lamellar  microstructures. 
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Variation  of  creep  rate  during  each  creep  test  is  drawn  as  a  function  of  test  duration.  At  the 
high  stress  (see  Fig.  2(a)),  the  creep  rate  acceleration  in  the  tertiary  creep  stage  is  similar 
among  the  three  different  lamellar  structures.  The  creep  rate  deceleration  in  the  primary 
creep  stage  becomes  more  significant  as  the  lamellar  spacing  decreases.  The  lower  creep  rate 
of  the  finer  lamellar  structure  can  be  explained  by  this  structure  enhanced  strain  hardening  [6- 
8]. 

At  the  low  stress  (see  Fig.  2(b)),  however,  the  creep  acceleration  is  more  significant  with 
decreasing  lamellar  spacing.  This  adverse  effect  of  fine  lamellae  on  creep  acceleration 
cancels  the  beneficial  effect  on  strain  hardening.  As  will  be  shown  in  Section  3.3,  the  rapid 
acceleration  is  ascribed  to  microstructural  degradation  at  the  grain  boundaries.  This 
degradation  is  a  cause  of  the  lamellar  spacing  insensitive  creep  rate  and  the  further  increase  in 
creep  rate  of  the  fine  lamellar  microstructure  at  low  stresses. 

3.3  Degradation  of  the  Lamellar  Structure 

Backscattered  electron  SEM  (BS-SEM)  micrographs  of  Sp.A,  which  was  crept  at  1200K 
under  100  MPa  to  £=0.051,  are  shown  in  Fig.  3,  where  the  dark  areas  are  Y phase  and  the  bright 
areas  are  (X2  phase.  Before  creep,  there  were  no  small  grains  along  the  grain  boundaries. 
The  formation  of  small  grains  along  grain  boundaries  is  shown  Fig.  3(a),  and  indicates  the 
spheroidization  of  lamellar  plates  during  high  temperature  deformation.  This  spheroidization, 
which  corresponds  to  a  nucleation  type  of  dynamic  recrystallization  (DRX),  has  been  reported 
by  other  researchers  [6,18]  and  has  been  demonstrated  to  increase  the  creep  rate  of  lamellar 
TiAl  alloys  [6].  Grains  having  coarse  lamellae  can  be  seen  at  the  grain  boundaries  in  Fig. 
3(b).  This  changing  lamellar  structure  is  called  discontinuous  coarsening  (DC),  and  is  often 
observed  after  annealing  TiAl  alloys  at  high  temperature  [19],  The  discontinuous  coarsening 
is  accompanied  by  migration  of  grain  boundaries  and  corresponds  to  a  bulging  type  DRX. 
The  migrating  grain  boundaries  sweep  away  the  dislocations  that  caused  the  strain  hardening 
in  the  primary  creep,  resulting  in  the  softening  of  the  lamellar  microstructure  during  the 
tertiary  creep. 
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Fig.  4.  Optical  micrographs  of  crept  specimens;  (a)  and  (b)  Sp.A,  (c)  Sp.C.  The 
specimens  were  crept  to  15%  strain  at  1200K  under  (a)  and  (c)  lOOMPa,  and  (b)  316MPa. 


Optical  micrographs  of  Sp.A  and  C  after  creep  tests  are  shown  in  Fig.  4.  Before  creep, 
there  were  no  small  grains  along  the  grain  boundaries  of  Sp.A,  but  Sp.C  had  some  gamma 
grains  formed  during  heat  treatment.  After  creep,  dynamic  recrystailized  (DRX)  grains 
(nucleation  +  bulging  types  of  DRX)  were  evident  in  the  fine  lamellar  specimen  (Sp.A)  at  the 
low  stress  (Fig.  4(a)).  As  seen  in  Fig.  4(b),  the  microstructural  degradation  was  not  so 
evident  at  the  high  stress,  even  in  the  fine  lamellar  specimen.  At  high  stress  the 
spheroidization  occurs  more  frequently,  while  discontinuous  coarsening  is  dominant  at  low 
stress.  The  microstructural  degradation  was  not  seen  in  the  coarse  lamellar  specimen,  Sp.C, 
even  at  the  low  stress  (Fig.  4(c)). 

The  area  fraction  of  DRX  region  (nucleation 
+  bulging  types  of  DRX)  is  given  in  Fig.  5  as  a 
function  of  creep  stress.  The  fraction  is  small  in 
all  the  specimens  at  high  stresses,  but  increases 
with  decreasing  lamellar  spacing  at  low  stresses. 

The  prominent  DRX  of  the  fine  lamellar  structure 
at  low  stresses  was  responsible  for  the  rapid  creep 
acceleration  and  the  consequent  increase  in 
minimum  creep  rate  of  Sp.A  at  low  stress  (see  Fig. 

2(b)).  This  instability  at  the  grain  boundaries 
was  responsible  for  the  increased  creep  rate  of  the 
fine  lamellar  structure  at  low  stresses. 

Therefore,  in  order  to  utilize  the  strengthening  by 
a  fine  lamellar  structure,  the  grain  boundaries 
must  be  stabilized  by  some  means. 


Fig  5.  Area  fraction  of  dynamically 
recrystailized  grains  after  15%  creep 
deformation  at  1200K. 
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4.  Summary 

Creep  of  fully  lamellar  Ti-42mol%Al  with  three  different  lamellar  spacings  was 
investigated,  and  the  following  results  were  obtained: 

(1)  The  decrease  in  strain  rate  (strain  hardening)  during  the  primary  creep  stage  was  more 
significant  in  the  finer  lamellar  structure.  The  minimum  creep  rate  of  fully  lamellar  TiAl 
alloys,  therefore,  decreases  with  decreasing  lamellar  spacing  at  high  stresses. 

(2)  Microstructural  degradation  (discontinuous  coarsening  of  the  lamellar  microstructure  and 
spheroidization  of  the  lamellar  plates)  took  place  along  grain  boundaries,  especially  in  the 
fine  lamellar  structure  at  low  stresses.  This  microstructural  degradation  caused  the 
increase  in  creep  rate  of  the  fine  lamellar  spacing  at  low  stresses. 
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Abstract 

A  variety  of  approaches,  ranging  from  microstructural  studies  to  analyses  of  creep  curve  shapes, 
have  been  used  to  identify  the  processes  controlling  the  high  temperature  creep  and  creep  rupture 
properties  of  SiCf/SiC  and  SiCf/A^O^  composites  produced  with  similar  fibre  types,  volume 
fractions  and  architectures. 


Introduction 

At  high  temperatures,  most  materials  display  normal  creep  curves,  ie  after  the  initial  strain  on 
loading,  the  creep  rate  decays  with  time  during  the  primary  stage  until  a  minimum  or  secondary  rate 
is  attained,  after  which  the  rate  accelerates  during  the  tertiary  stage  which  leads  to  fracture. 
However,  many  ceramics  and  other  creep-brittle  materials  exhibit  creep  curves  with  little  or  no 
tertiary  period,  so  the  creep  rate  decreases  to  a  minimum  value  which  is  reached  essentially  at  the 
point  of  failure.  Yet,  irrespective  of  the  shapes  of  the  recorded  creep  curves,  it  has  become  common 
practice  to  discuss  creep  and  creep  fracture  properties  in  terms  of  just  a  few  standard  parameters, 
conventionally,  the  minimum  creep  rate,  the  time  to  fracture  and  the  creep  ductility.  Since  the 
fracture  times  often  depend  inversely  on  the  minimum  creep  rate[l],  creep  behaviour  patterns  are 
then  generally  described  through  the  stress  (a)  and  temperature  (7)  dependences  of  the  minimum 
rate  (em)  and  rupture  life  (tf),  using  equations  of  the  form 

sm  =M/tf  =  Act”  exp-  Qc  / RT  W 

where  A  and  Mare  considered  as  constants,  n  is  the  stress  exponent  and  Qc  is  the  activation  energy 
for  creep  (in  units  of  tool'1  when  the  gas  constant,  R  =  8.314  JK'WjI'1).  The  fact  that  n  and  Qc  are 
themselves  functions  of  stress  and  temperature  has  then  usually  been  explained  by  assuming  that 
different  mechanisms  become  dominant  in  different  stress/temperature  regimes.  Conversely,  the 
dominant  creep  mechanism  has  traditionally  been  identified  by  comparing  measured  n  and  Qc 
values  with  the  values  predicted  theoretically  for  different  creep  processes. 

The  limitations  of  these  conventional  approaches  are  illustrated  by  reference  to  tensile  creep  data 
obtained  for  two  ceramic-fibre-reinforced  ceramic-matrix  composites  (CFCCs),  namely, 

(a)  a  SiC-fibre-reinforced  SiC  matrix  (SiCf/SiC)  composite[2]  and 

(b)  a  SiC-fibre-reinforced  A^C^-matrix  (SiCf/A^C^)  material[3, 4]. 

Although  both  CFCCs  were  reinforced  with  0.38  volume  fractions  of  ~20pm  diameter  Nicalon 
NL202  fibres  (Nippon  Carbon,  Japan)  aligned  parallel  and  normal  to  the  tensile  stress  direction, 
significant  differences  in  creep  and  creep  fracture  properties  were  noted.  Even  so,  by  supporting 
microstructural  studies  with  qualitative  and  quantitative  analyses  of  creep  curve  shapes,  all  features 
of  the  creep  behaviour  patterns  observed  for  these  high-performance  CFCCs  can  be  interpreted  in 
terms  of  the  processes  governing  creep  strain  accumulation  and  creep  ductility. 
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Experimental  Procedures 

With  both  CFCCs,  bundles  of  fibres  were  woven  into  2D  layers  or  plys  which  were  aligned,  stacked 
and  densified  to  produce  multi-layer  samples  having  0/90°  fibre  architectures.  Yet,  while  the 
SiCf/SiC  composite  had  a  plain  weave,  an  eight-harness  satin  weave  reinforced  the  SiCf/Al203 
material.  In  addition,  these  products  had  different  fibre  coating  types  and  porosity  distributions[2-4], 

(a)  Carbon  layers  (<0.5 pm)  provided  the  fibre/matrix  interfaces  of  the  SiCf/SiC  samples,  whereas 
thin  boron  nitride  interfaces  surrounded  by  dense  SiC  coatings  (~5pm  thick)  introduced  double 
BN/SiC  layers  between  the  fibres  and  matrix  of  the  SiCf/Al203  specimens  (Fig.  1). 

(b)  While  pores  (~1  to  ~20pm)  were  readily  apparent  within  the  fibre  bundles  of  each  composite, 
only  in  the  SiC/SiC  samples  were  macropores  (up  to  several  100pm  in  length)  widely  observed 
in  the  matrix  regions  between  the  interwoven  fibre  bundles. 

Tensile  creep  data  for  these  0/90°  CFCCs  were  obtained  using  high-precision  machines[2,  5],  with 
the  tensile  stress  applied  parallel  to  one  fibre  direction.  Tests  were  completed  in  air  over  a  range  of 
stresses  at  1573K  for  the  SiCf/SiC  specimens^]  and  at  1473K,  1573K  and  1673K  for  the 
SiCf/Al203  testpieces[3,  4].  Under  all  conditions,  continuously  decaying  creep  curves  were 

recorded,  essentially,  with  no  tertiary  stages  displayed,  (Fig.  2). 


Figure  1.  Scanning  electron  micrographs  showing  (a)  the  carbon-coated  fibres  in  the  SiCf/SiC 
composite[2]  and  (b)  the  fibres,  with  double  BN/SiC  coatings,  in  the  SiCf/Al203  material^,  4]. 
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Figure  2.  Creep  curves  obtained  for  the  SiCf/SiC  and  SiCf/Al203  composites  in  air  at  1573K  under 
a  stress  of  75  MPa,  showing  early  curve  termination  for  the  low-ductility  SiCf/SiC  material[4]. 


ef=  0.0018 
tf  =  5.7ks 


e,=  0.02 

•  t,  =  1 540ks 


( 


0  SiC/SiC 
•  SiC/AIA 


Key  Engineering  Materials  Vols.  171-174 


727 


Power  Law  Representation  of  Creep  Data 

Figs.  3  and  4  show  the  stress/creep  rate  results  for  each  composite,  together  with  data  available  at 
1 573K  under  argon  for  Nicalon  fibres[6],  plotted  according  to  eqn.  1 . 

(a)  Fig.  3  reveals  that,  at  the  same  stress,  the  creep  rates  recorded  for  the  SiCf/SiC  samples  at  1573K 
are  about  ten  times  faster  than  those  reported  for  the  SiCf/AkOs  material. 

(b)  At  1573K,  similar  high  n  values  are  found  for  both  composites  (Fig.  3)  but,  particularly  at 
1673K,  n  decreases  with  decreasing  stress  from  the  very  high  values  (~50)  displayed  in  short¬ 
term  tests  carried  out  for  the  SiCf/A^Cb  samples  (Fig.  4). 

From  Fig.  3,  it  is  evident  that  stresses  about  five  times  higher  must  be  applied  to  the  Nicalon  fibres 
in  order  to  achieve  creep  rates  comparable  with  those  exhibited  by  the  Nicalon-fibre-reinforced 
composites  (Fig.  3).  The  creep  properties  of  both  0/90°  CFCCs  must  therefore  be  governed  by  the 
longitudinal  fibres,  which  occupy  approximately  one  fifth  of  the  specimen  cross-sections[2,  3]. 
Moreover,  the  creep  strength  of  Nicalon  fibres  deteriorates  with  time  at  temperatures  above 
~1500K[6-8].  Hence,  the  decrease  in  n  with  increasing  test  duration  (Fig.  4)  is  a  consequence  of 
microstructural  instability  of  the  Nicalon  fibres  at  high  temperature  rather  than  any  change  in  basic 
creep  mechanism[3]. 


50  100  500  1000 

STRESS  (MPa) 


Figure  3.  The  stress  dependences  of  the  minimum  creep  rates  for  the  SiCf/SiC  composite[2],  for  the 
SiCf/Al203  material[3,  4]  and  for  Nicalon  NL202  fibres[6]  at  1573K. 


STRESS  (MPa) 

Figure  4.  The  stress  dependences  of  the  minimum  creep  rates  recorded  in  air  at  1473, 1573  and 
1673K  for  the  SiCyAl203  composite[3]. 
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Creep  Fracture  Properties 

At  1573K,  the  creep  rates  for  the  SiCf/SiC  composite  are  about  an  order  of  magnitude  faster  than 
those  for  the  SiCf/Al203  material  (Fig.  3)  but,  even  for  the  same  creep  rate,  the  rupture  lives  of  the 
SiCf/SiC  product  are  a  further  order  of  magnitude  lower  than  those  for  the  SiCf/Al203  (Fig.  5).  Yet, 
since  the  creep  strengths  are  determined  by  the  fibres,  similar  property  values  would  be  expected  for 
these  0/90°  CFCCs,  both  of  which  were  produced  with  comparable  fibre  types,  volume  fractions  and 
architectures.  In  fact,  as  evident  from  Fig.  2,  the  initial  creep  rates  differ  only  by  a  factor  of  four 
under  the  same  test  conditions.  However,  when  decaying  creep  curves  are  displayed  under  uniaxial 
tension  (Fig.  2),  the  creep  rate  (z)  decreases  with  time  (t)  such  that  s  a m  and  t  tf  as  the  creep 
strain  (s)  approaches  the  limiting  creep  ductility  (sf).  Consequently,  the  minimum  creep  rate  and 
rupture  life  are  affected  by  the  magnitude  of  the  creep  strain  to  failure[4]. 

(a)  With  the  SiCf/SiC  samples,  the  strains  to  failure  are  low  at  all  stresses  (Fig.  6),  so  the  creep 
curves  terminate  early  (Fig.  2)  giving  high  s  m  and  low  tf  values  (Figs.  3  and  5). 

(b)  With  the  SiCf/AI203  specimens,  sf  increases  with  decreasing  stress  (Fig.  6).  Hence,  particularly 
in  long-term  tests,  the  creep  rate  decays  until  fracture  occurs  at  relatively  high  strains  (Fig.  2), 
resulting  in  lower  minimum  creep  rates  and  much  longer  times  to  fracture  (Figs.  3  and  5). 


Figure  5.  The  relationships  between  the  minimum  creep  rate  and  the  time  to  fracture  for  the 
SiCf/SiC  composite  at  1573K  and  for  the  SiCf/Al203  material  at  1473  to  1673K[2,  3]. 


Figure  6.  The  stress  dependences  of  the  creep  strains  to  failure  for  the  SiCf/SiC  composite  at  1573K 
and  for  the  SiCf/Al2Q3  material  at  1473  to  1673K[2,  3]. 
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Analysis  of  Creep  Curve  Shapes 

The  results  in  Fig.  5  indicate  that,  while  the  rupture  life  varies  inversely  with  the  minimum  creep 
rate  for  the  SiCf/SiC  samples  (ie  M  in  eqn.  1  is  a  constant),  the  value  of  M  increases  with  decreasing 
stress  for  the  SiCj/Al203  specimens  at  all  temperatures.  Even  so,  for  both  CFCCs, 

emJ,=M  =  Xef  (2) 

with  X  =  0.5  for  the  SiCf/SiC  composite  at  1573K  and  for  the  SiCf/Al203  material  at  1473  and 
1573K  but  with  X  =  0.75  for  the  alumina-matrix  material  at  1673K  (Fig.  7).  This  dependence  of 
s  m.tfOn  Sf  has  been  explained  quantitatively [4]  by  describing  decaying  curves  (Fig.  2)  as[9,10] 
s  -  0X  [l  —  exp(-  02/)] + 030At 

where  0i  scales  the  primary  strain,  02  quantifies  the  curvature  of  the  primary  stage  and  0304  =  sm. 
However,  more  simply,  the  various  creep  curves  recorded  for  each  0/90°  CFCCs  can  be 
superimposed  (Fig.  8)  using  the  expression 

s  =  atx  (4) 

accounting  for  eqn.  2  when  x  =  X.  With  the  SiCf/Al203  composite,  the  ratio  £  m.tf/  s  f  (=  X  in  eqn. 
2)  then  increases  from  0.5  to  0.75  (Fig.  7)  as  the  curvature  of  the  primary  stage  diminishes  with 
increasing  test  temperature  (equivalent  to  x  -»  1  in  eqn.  4). 


Figure  7.  The  dependences  of  the  product  s  m.tfon  creep  ductility  for  the  SiCf/SiC  composite  at 
1573K  and  for  the  SiCf/Al2Q3  material  at  1473,  1573  and  1673K. 
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Figure  8.  Superimposition  of  the  creep  curves  recorded  at  1573K  under  different  applied  stresses 
for  the  SiCf/Al2Q3  composite,  showing  progressively  later  curve  termination  with  decreasing  stress. 
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Creep  Damage  Processes 


For  both  0/90°  CFCCs,  differences  in  the  stress  dependences  of  the  creep  rate  (Fig.  3),  the  rupture 
life  (Fig.  5)  and  the  product  £m.tf  (Fig.  7)  can  be  explained  qualitatively  and  quantitatively  in  terms 
of  ductility  variations  (Figs.  2  and  8).  Yet,  while  the  ductility  patterns  differ  substantially  (Fig.  6), 
the  process  governing  creep  and  creep  fracture  are  broadly  comparable  for  both  composites.  Thus, 
the  longitudinal  fibres  control  the  rate  of  creep  strain  accumulation  (Fig.  3),  with  creep  of  the  fibres 
accompanied  by  cracking  of  the  weak  porous  matrices.  The  cracks  grow  relatively  easily  through 
the  transverse  fibre  bundles  and  through  the  fibre-free  matrix  regions  between  the  interwoven  fibre 
bundles  (Fig.  9)  but,  on  growing  into  the  longitudinal  bundles,  the  cracks  become  bridged  by  fibres. 
Hence,  the  deformation  rates  and  the  crack  growth  rates  are  determined  by  the  longitudinal  fibres, 
accounting  for  the  observed  dependence  of  the  rupture  life  on  creep  rate  (Fig.  5).  However,  during 
tests  in  air,  oxygen  penetration  accelerates  failure  of  the  crack-bridging  fibresfl  1-13],  so  that  cracks 
grow  with  fibre  fracture  occurring  essentially  in  the  crack  plane[4].  The  cracks  then  grow  until  the 
remaining  numbers  of  unfractured  longitudinal  fibre  bundles  cannot  sustain  the  creep  load.  For  both 
CFCCs,  the  resulting  fracture  surfaces  therefore  show  crack-growth  zones  with  in-plane  fibre  failure 


Figure  10.  Typical  appearance  of  the  fracture  surfaces  of  the  SiCf/SiC  composite.  Fractographs 
showing  crack  growth  zones  and  fibre  pull-out  regions  were  also  found  with  the  SiCf/Al203  samples. 
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Creep  Crack  Growth  Rates 


Although  the  processes  controlling  creep  and  creep  fracture  are  broadly  similar  for  both  0/90° 
CFCCs,  the  crack  growth  rates  (and,  therefore,  the  creep  ductilities)  are  microstructure  dependent. 
With  the  SiCf/SiC  testpieces,  cracks  nucleate  preferentially  at  macropores  present  in  the  matrix 
regions  between  the  interwoven  fibre  bundles  (Fig.  11).  Surface-nucleated  cracks  then  grow  and 
link  up,  resulting  in  low-ductility  failure  at  all  stress  levels  (Fig.  6)  as  a  dominant  crack  grows 
rapidly  through  the  longitudinal  fibre  bundles  by  direct  oxygen  penetration  along  the  growing  crack. 
In  contrast,  in  the  as-processed  state,  the  SiCf/Al203  samples  contain  residual  stress-induced 
microcracks[14].  During  creep,  cracks  therefore  form  extensively  throughout  the  alumina-matrix 
composite  (Fig.  12).  However,  in  this  case,  the  crack  growth  rates  are  reduced  by 

(a)  the  protection  conferred  by  the  double  BN/SiC  coatings  on  the  Nicalon  fibres  (Fig.  lb)  and/or 

(b)  low  rates  of  indirect  oxygen  ingress  through  the  micro-cracked  alumina  matrix[4]. 

Low  crack  growth  rates  then  defer  fracture  to  longer  times  and  higher  strains  (Fig.  2). 
Consequently,  the  creep  strain  to  failure  increases  (Fig.  6)  as  the  critical  crack  area/specimen  cross- 
section  ratio  required  to  cause  sudden  failure  by  fibre  pull-out  (Fig.  10)  increases  with  decreasing 
applied  stress[4], 


,**  '  V* 


* 


Figure  1 1 .  Scanning  electron  micrograph  showing  the  development  of  cracks  from  a  macropore  in 
matrix  regions  between  the  interwoven  fibre  bundles  in  the  SiCf/SiC  composite. 


Figure  12.  Scanning  electron  micrograph  showing  the  extensive  development  of  cracks  during 
creep  of  the  SiCf/Al203  testpieces. 
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Conclusions 

The  complex  creep  behaviour  patterns  observed  for  0/90°  CFCCs  have  been  rationalized  by 
supporting  conventional  data  comparison  methods  not  only  with  microstructural  studies  but  also 
with  qualitative  and  quantitative  analyses  of  creep  curve  shapes[4].  Using  this  combination  of 
approaches,  the  tensile  creep  properties  of  SiCf/SiC  and  SiCf/Al203  composites  are  shown  to  be 
determined  by  the  fibres,  with  microstructural  instability  of  the  Nicalon  fibres  rather  than 
mechanism  changes  accounting  for  the  recorded  variations  in  n  value  with  changing  stress  and 
temperature  conditions [3].  Creep  of  the  fibres  is  accompanied  by  matrix  crack  formation.  These 
cracks  can  develop  relatively  easily  through  the  transverse  fibre  bundles  and  through  the  matrix 
regions  between  the  interwoven  fibre  bundles  whereas,  on  growing  into  the  longitudinal  bundles, 
crack  growth  rates  become  limited  by  crack-bridging  fibres.  Even  so,  oxygen  penetration 
accelerates  failure  of  the  crack-bridging  fibres,  with  fracture  then  taking  place  when  the  crack 
area/cross-section  ratio  reaches  the  critical  value  needed  to  cause  sudden  failure  by  fibre  pull-out. 
Although  the  0/90°  composites  were  produced  with  similar  fibre  types,  volume  fractions  and 
architectures,  the  superior  creep  and  creep  fracture  properties  of  the  SiCf/Al203  composite  can  be 
rationalized  in  terms  of  variations  in  crack  growth  rates  and  creep  ductilities  which,  in  turn,  depend 
on  the  susceptibility  of  the  crack-bridging  fibres  to  oxidation-assisted  failure[4]. 
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Elasticity,  Stress  Relaxation  and  Creep  in  SiC  Particle  Reinforced 

Oxynitride  Glass 

T.  Rouxel,  J.-C.  Sangleboeuf,  P.  Verdier  and  Y.  Laurent 
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Keywords:  Brittle  Particulate  Composites,  Stress  Relaxation,  Creep,  Viscosity,  Rheology 


Abstract  -  SiC  particle  reinforced  oxynitride  glass  composites  with  remarkable  mechanical 
properties  and  suitability  to  viscoplastic  forming  techniques  were  successfully  synthesized.  In  order 
to  better  understand  the  complex  nature  of  flow  in  these  composites,  the  stress  relaxation  and  creep 

behaviors  were  characterized  for  particle  size  and  volume  fraction  from  3  to  150  pm  and  0  to  40  % 
respectively.  A  good  modelling  of  the  relaxation  curves  was  reached  using  the  Kohlrausch-Williams- 
Watt  analytical  expression.  The  viscosity  coefficient,  as  calculated  from  relaxation  data  by  means  of 
the  Boltzmann  superposition  principle,  is  very  close  to  the  creep  viscosity,  as  determined  from  the 
stationary  creep  regime.  The  presence  of  rigid  particles  results  in  significant  decreases  in  the 
relaxation  kinetics  and  creep  rates.  The  smaller  the  particle  size  or  the  higher  the  particle  volume 
fraction  is  and  the  lower  the  flow  kinetics  becomes.  Furthermore,  the  apparent  viscosity  of  the 
composites  exhibits  a  strain-hardening  behavior,  and  a  critical  strain  at  which  flow  is  apparently 
blocked,  depending  on  both  particle  size  and  volume  fraction,  has  been  successfully  introduced  to 
interpret  the  data. 

I.  MATERIALS 

The  oxynitride  glass,  with  stoichiometric  composition  Yoj24-Mgoj60-Sio.414-Alo.302-Ol.4-No.l51, 
hereafter  referred  as  YBC6,  has  been  prepared  by  heating  up  to  1700°C  under  nitrogen  atmosphere 
a  mixture  of  Y2O3,  MgO,  Si02,  AIN  and  AI2O3  powders,  and  subsequent  quenching.  The  silicon 
carbide  has  been  synthesized  by  reaction  between  silicon  and  carbon  at  elevated  temperature  under 
nitrogen  atmosphere.  The  SiC  particle  size  ranges  from  1  to  10  microns.  Composites  are  fabricated 
from  glass  and  SiC  powders,  by  mixing  various  amounts  of  each  constituent  and  hot-pressing  under 
nitrogen  atmosphere  [1,2].  Dense  and  homogeneous  materials  were  prepared  (Fig.l). 


a)  70  pm  b) 


i - 1 

Fig.l  -  Scanning  electron  microscope  picture  of  a  polished  section  of  (a)  a  composite  with  28  vol.%  particles,  16 
microns  in  diameter,  and  (b)  a  composite  with  28  vol.%  particles,  6  microns  in  diameter. 
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The  mode  1  fracture  toughness,  Kic,  was  estimated  by  means  of  Vickers  indents.  Kic  was  calculated 
using  the  equation  derived  by  Marshall  et  al.  [3]: 


Kic  =  0.036  E0-4  F°-6  (d/2)0-8  C'1-5  (1) 

where  F  (N)  is  the  load  applied  on  the  indent,  d  (m)  is  the  length  of  the  inverse  pyramid  diagonal,  and 
c  (m)  is  half  the  crack  length.  A  load  of  98.1  N  was  chosen  to  favour  the  median  (half-penny  shaped) 
crack  system,  and  to  ensure  a  much  larger  size  for  the  indent  than  the  microstructural  scale.  It  is 
noteworthy  that  such  a  high  load  did  not  induce  chipping,  whereas  chipping  occurs  at  much  lower 
load  in  oxide  glasses.  The  elastic  moduli  were  measured  by  means  of  an  ultrasonic  technique,  with  10 
MHz  piezoelectric  transducers,  in  direct  contact  with  the  specimen.  The  fracture  toughness,  Kic,  and 

the  effective  fracture  surface  energy,  yeff,  of  oxynitride  glass(m)  /  SiC(p)  brittle  particulate  composites 
were  also  measured  by  means  of  stable  fracture  tests,  using  chevron-notch  three-point  bend 
specimens  [4]  (Table  1). 


Table  1.  Physical  and  mechanical  properties  of  the  materials. 


a(io-6  °C'1) 
100-500°C 

ar( MPa) 

3-pts 

Kic(MPa.m0-5) 
10  kg,  10  ind. 

Kic(MPa.m°-5) 
Chevron  Notch. 

E(GPa) 

V 

SiC* 

4.0  ±  0,1 

450  ±20  (30  spe.) 

3.5  ±  0.2 

/ 

420  ±  1 

0.16 

Window  glass 

10.3  +  0.1 

119  ±  19  (3  spe.) 

0.6  ±  0.2 

0.63  ±0.10 

74  ±  1 

0.23 

YBC6 

7.3  ±  0,1 

116  ±30  (3  spe.) 

1.2  ±0.2 

1.18  ±0.10 

134  ±  1 

0.28 

YBC6+28%  SiC 

/ 

251  ±  42  (3  spe.) 

2.6  ±  0.2 

2.15  ±  0.10 

194  ±  1 

0.24 

YBC6+40%  SiC 

/ 

3 17  ±23  (3  spe.) 

2.8  ±  0.2 

2.49  ±0.10 

216  ±  1 

0.23 

*:  data  from  "Ceramiques  &  Composites",  CCSiC-100. 

In  comparison  to  oxide  glasses,  the  oxynitride  glass  matrix  is  noticeably  tougher:  Kicm  =  1.2 
MPa.Vm  and  yeff  =  5  J/m2.  The  addition  of  SiC  particles,  6  jam  in  diameter,  results  in  a  significant 
toughening:  Kic  =  2.5  MPa.Vm  and  yeff  =  9.1  J/m2  for  the  composite  with  40  vol%  SiC  [3,4].  In 
such  systems,  with  strong  particle-matrix  interfacial  bonding,  and  where  (Ep,  Kicp,  arp)  >  (Em, 

Kicim  tfrm)>  the  main  toughening  contribution  is  due  to  a  discrete  pinning  of  the  crack  by  particles 
near  the  crack  tip  in  conjunction  to  bowing  of  the  crack  front  between  particles,  and  to  a  small  scale 
bridging  mechanism  [4]. 


n.  THE  VISCOPLASTIC  FORMING  RANGE:  AN  ULTRASONIC  STUDY 

Young's  modulus  was  used  as  a  probe  to  follow  the  materials  evolution  during  heating  from  the 
room  temperature  up  to  1 100°C.  A  schematic  drawing  of  the  experimental  device  is  shown  in  Fig.2. 
Ultrasonic  longitudinal  short  pulses  are  generated  by  a  300  kHz  magnetostrictive  transducer  in  a 
thin  tungsten  wave  guide  coupled  to  the  sample.  Data  analysis  is  based  on  the  “long  bar  mode” 
approximation.  Young's  modulus,  E,  is  calculated  from  the  longitudinal  wave  velocity,  Vi,  and  from 
the  sample  specific  mass,  p,  using: 


E  =  pVi2  (2) 
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Results  obtained  on  the  matrix  and  on  composites  with  30.9  and  50.2  vol.%  SiC  particles  are 
plotted  together  in  Fig.3. 


Fig.2  -  Schematic  drawing  of  the  high  temperature  ultrasonic  testing  equipment 


Fig.3  -  Temperature  dependence  of  Young's  modulus 

E  decreases  slowly  and  almost  linearly  up  to  800°C,  with  a  slope  (dE/dT)g~  -11  MPa  0C_T  This 
slope  characterizes  the  glassy  state.  Then  E  decreases  more  rapidly  due  to  the  rapid  softening  of  the 
glass  in  the  supercooled  liquid  state,  with  again  for  all  grades:  (dE/dT)iiq  «  -105  MPa  °C_1. 
According  to  the  conventional  way  of  determination  of  the  glass  transition  range,  Tg  is  obtained  by 
intersecting  the  lines  corresponding  to  the  glassy  (region  I)  and  to  the  supercooled  liquid  (region  II) 
behaviors.  This  way  of  determination  results  in  Tg  between  820  and  840°C,  slightly  below  the 
dilatometric  result:  Tgdii  *  863  °C.  A  detailed  inspection  of  the  curves  reveals  that  the  supercooled 

| 

i 
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liquid  range  can  be  divided  into  two  stages,  corresponding  to  different  softening  rates.  The  second 
stage  (region  III)  extends  from  1000  to  1 100°C  and  is  associated  to  a  fast  decrease  of  E  with  rising 
temperatures:  dE/dTm=  270  MPa  °C"1.  This  peculiar  behavior  has  not  been  observed  in  standard 
oxide  glasses  (Ca,Al  silicates).  It  is  suggested  that  the  softening  is  hierarchically  constrained,  with 
the  weakest  interatomic  bonds  controlling  the  first  softening  regime  while  the  strongest  ones  relays 
on  in  region  III.  With  regards  to  the  selected  heating  rate  of  5°C  min.'1,  crystallization  starts  at 
1100°C  with  the  precipitation  of  yttrium  and  magnesium  silicates,  inducing  a  net  improvement  of 
the  materials  stiffness.  X-ray  diffraction  spectra  were  recorded  in-situ  at  1 100°C  during  the  glass  to 
glass-ceramic  transformation.  The  main  crystallized  phases  are  MgAl204  (magnesium  spinel), 
MgSiC>3  (clinoenstatite),  z-  and  §-Y2Si207  idiomorphic  phases. 

For  a  glass  to  be  plastically  deformed  at  a  speed  suitable  for  shaping  techniques,  the  temperature 
must  be  higher  than  Tg  but  lower  than  the  first  crystallization  temperature.  In  the  present  case,  the 
viscoplastic  forming  range  is  in-between  850  and  1050°C. 


m.  RELAXATION  AND  CREEP 


III.l  Experimental  method 

Relaxation  and  creep  experiments  were  carried  out  both  in  compression,  on  3x3x7  (height)  mm3 
rectangular  specimens,  and  in  3-point  bending  (SiC  device)  on  3(height)x4(width)x25  mm3 
rectangular  bars,  with  a  span  length  of  20  mm.  However,  because  results  obtained  in  compression 
show  exactly  same  trends  as  in  bending  [5],  only  these  latter  results  are  discussed  in  this  paper. 
Relaxation  experiments  were  performed  with  an  electro-mechanical  testing  machine  (INSTRON 
8562)  using  silicon  carbide  pistons  and  bending  device.  After  a  rapid  loading  of  the  specimen  at  a  rate 

of  1000  N.mhr1  to  a  stress  c0  at  time  origin  of  50  MPa,  the  distance  between  the  upper  and  lower 
pistons  was  kept  constant  by  enslaving  the  actuator  position  on  the  value  of  a  differential  displacement 
measuring  device  (LVDT),  using  alumina  rods  in  contact  with  the  bending  device  in  the  hot  zone, 
which  gives  the  actual  specimen  displacement.  It  must  be  emphasized  that  the  specimen  deformation 
is  much  smaller  than  the  actuator  displacement,  especially  at  relatively  low  temperature  (T~Tg),  when 
the  specimen  deforms  little  while  the  thermal  equilibrium  of  the  whole  equipment  takes  much  time  to 
be  reached.  A  rapid  loading  is  required  to  insure  a  quasi-elastic  regime  during  this  stage,  so  that  the 
relaxation  curve  won't  be  affected  by  this  stage  through  a  memory  effect.  Relaxation  experiments 
were  fully  computerized  and  an  average  of  2000  points  were  recorded  for  a  single  experiment.  Such  a 
large  number  of  (stress,  time)  points  is  required  to  model  the  behavior  by  means  of  analytical 
expression,  especially  during  the  early  relaxation  stage,  when  the  relaxation  kinetics  is  very  fast. 

The  creep  behavior  was  studied  with  a  dead-load  machine,  at  a  stress  of  40  to  50  MPa,  with  a 
differential  displacement  measuring  device  using  an  LVDT. 

The  apparent  viscosity  of  the  specimen,  rja,  was  determined  from  the  strain-rate  corresponding  to 
the  quasi  stationary  creep  stage,  using  the  relationship  stemming  from  the  well-known  analogy 
between  Hookean  elasticity  and  Newtonian  flow: 


— 5 2—  0) 
2(l+v)e 


where  a,  e  and  v  are  the  flow  stress,  the  strain-rate  and  Poisson’s  ratio  respectively. 


III.2  Results  and  discussion 

Typical  relaxation  curves  obtained  on  the  matrix  between  840  and  900°C,  and  on  composites  with  28 
and  40  vol.%  SiC  at  860°C,  are  plotted  in  Figs. 4a  and  b  respectively.  A  good  fitting  of  the  relaxation 
curves  is  obtained  by  the  so-called  Kohlrausch-Williams-Watt  (KWW)  [6]  analytical  expression  for 
the  relaxation  function: 


<j>(t)  =  exp[-(t/T)b]  (4)  (<|>(t)  is  defined  as:  <j)(t)  =  a(T)/a0) 
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where  b  is  named  correlation  factor  and  ranges  between  0  and  1 ,  and  T  is  the  relaxation  time  constant. 


a) 


b) 


0  50  100  150  200  250  300 


TIME  (s) 


Fig.4  -  Stress  relaxation  for  an  initial  stress  of  50  MPa:  a)  glass  matrix;  b)  composites  with  28  and  40  vol.%  SiC 
particles  6  microns  in  diameter,  at  860°C. 


Values  for  b  and  x  as  a  function  of  the  temperature  are  summarized  in  table  2.  The  exponent  b 
increases  from  0.33  at  780°C  to  an  average  value  of  0.75  above  Tg.  Following  previous  works  [7,8], 
this  parameter  can  be  tentatively  regarded  as  a  structural  factor  reflecting  the  correlation  between  the 
different  possible  molecular  movement  in  the  glass  atomic  network.  At  T<Tg  the  correlation  is  very 
high,  or  in  other  terms  the  very  strong  intermolecular  coupling  allows  for  elastic  deformation  only, 
and  b  approaches  zero.  On  the  contrary,  at  T>Tg  the  correlation  becomes  weaker  and  weaker  as  the 
matter  state  get  closer  to  the  liquid  state,  and  b  becomes  high,  between  0.7  and  0.8  in  the  present 

case,  1  for  the  simple  Debye  relaxation  (Maxwell  description).  The  decrease  of  x  with  rising 
temperatures,  from  40  min  at  780°C  to  2.54  sec  at  915°C,  seems  to  be  faster  in  the  supercooled  liquid 
range  (i.e.  for  T>Tg)  than  in  the  glassy  state  region. 

The  higher  the  particles  content  is  and  the  smaller  the  relaxation  rate  becomes.  For  instance,  at  860°C, 
a  given  value  of  the  stress  relaxation,  say  <j)=0.368  to  get  t-x  in  eq.4,  corresponds  to  annealing  times 
of  78  sec  for  the  matrix,  and  186  and  347  sec  for  the  28  and  40  vol%  SiC  composites  respectively.  It 
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is  noteworthy  that  the  KWW  analytical  form  for  $  is  no  longer  suitable  to  describe  the  behavior  of 
composites  with  more  than  28  vol%  SiC. 

Table  2.  Parameters  derived  from  -  or  used  to  model  -  the  relaxation  data. 
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matrix 
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Fig.5  -  Three-point  bending  creep  at  860°C  under  53.3  MPa 

As  shown  in  Fig.5,  the  creep  resistance  increases  with  decreasing  particle  size  or  with  rising  second 
phase  volume  fraction.  The  creep  strain-rate  keeps  decreasing  according  to  a  linear  hardening 
behavior  expressed  as  follow: 

£=£0(1  -e/O  (5) 

where  eo  is  an  extrapolated  strain  rate  value  corresponding  to  the  stationary  flow  regime  that  would 
be  observed  in  the  absence  of  any  transient  stage,  immediately  after  loading  (i.e.  at  £=0).  £<*, 
represents  an  upper  limit  for  the  creep  strain,  which  has  the  meaning  of  a  rigidity  threshold  occurring 
under  constant  stress  (creep  testing)  with  respect  to  the  linear  hardening  considered  here.  In  fact,  as  £ 
approaches  this  value  a  slower  diffusional  flow  regime  may  occur,  with  a  creep  rate  of  less  than  10- 
^seck  According  to  this  phenomenological  relationship,  the  apparent  actual  viscosity  is  given  by: 
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^la=  ~~7T~  (6) 

1- 

£oo 

where  rj0  is  the  viscosity  coefficient  extrapolated  to  zero  strain, 

tlo  = 


" - s -  (7) 


2(l+v)e0 


and  is  close  to  the  value  obtained  from  relaxation  data  as  long  as  fp<0.4  and  <J)p>6  jitm  (see  table  2). 

It  follows  from  the  Boltzmann  superposition  principle  that  the  creep  viscosity  (r|)  relates  to  the 

relaxation  kinetics,  and  in  the  present  case  where  <(>(t)  is  expressed  by  the  KWW  relationship,  the 
following  expression  can  be  derived  for  the  viscosity: 

11=bTr(b)  (8) 


where  where  [i  is  the  shear  modulus  and  F  is  the  gamma  function. 

The  viscosity  of  the  matrix  follows  an  Arrhenius  law  with  an  apparent  activation  energy  of  785  kJ 
mol-1,  over  the  whole  temperature  range.  For  a  composite  with  28  vol.%  particles,  6  microns  in 
diameter,  the  calculated  viscosity  exhibits  the  same  activation  energy  as  for  the  matrix,  but  the 
viscosity  is  60  to  80  times  higher  than  that  of  the  matrix  at  a  given  temperature,  and  for  a  given 
viscosity  a  temperature  shift  of  about  30°C  is  observed.  However,  a  viscosity  coefficient  can  hardly 
be  given  a  physical  meaning  in  the  case  of  composites  with  more  than  28  vol%  SiC  because  the  flow 
behavior  becomes  then  clearly  strain-dependent. 


Fig.6  -  Apparent  creep  viscosity  as  a  function  of  the  creep  strain.  The  experimental  data  are  fitted  by  means  of  eq.6. 

Beside  the  elasticity-based  models,  experimental  studies  of  the  rheology  of  suspensions  gave  birth  to 
several  semi-empirical  models,  among  which  the  widely  used  Krieger  and  Dougherty's  model  [11]. 

The  normalized  viscosities,  rj/rj0,  of  the  studied  composites,  are  well  described  by  the  Krieger  and 
Dougherty's  equation, 


f  \  ■  khfpc 

r»0/Tlm  =  1 1  -7s-  (9) 


pc 
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where  fn  is  the  particle  volume  fraction,  fpc  is  the  critical  second  phase  volume  fraction  at  which  the 
flow  is  blocked,  and  kh  is  defined  as  a  shape  factor,  which  is  close  to  2.5  for  spherical  particles  and 
can  increase  up  to  5  for  acicular  particles,  as  particle  rotation  produces  a  large  hydrodynamic  volume. 
fpC  is  close  to  the  maximum  particle  packing  fraction,  which  can  been  estimated  from  the  apparent 
specific  volume  (ASV)  of  powders  with  different  particle  sizes  using: 


fpc  ASVpsc 


(10) 


where  psic  is  the  SiC  specific  mass  (  psic  =  3.22  g.cnr3). 

A  value  of  3.7  was  determined  for  kh  by  fitting  of  the  experimental  viscosity  data. 

In  the  present  study,  a  good  description  of  the  strain-  and  second  phase  characteristics-  dependence 
was  reached  using  eq.6  for  the  apparent  viscosity  (Fig. 6).  In  this  equation,  the  upper  limit  for  the 

creep  strain,  £oo,  characterizes  the  strain-hardening  behavior.  This  parameter  is  found  to  depend  on 
the  particle  size  and  volume  fraction  according  to: 


(11) 


where  fpc  is  the  only  and  purely  size  dependent  factor.  The  exponent  a  is  close  to  unity,  and  fpc 
increases  from  0.33  to  0.49  as  fp  increases  from  0,1  to  0.4  with  a  rapid  increase  for  fp  smaller  than 
0.2  (see  ref. [5]  for  detail). 
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Abstract 

Effect  of  grain  boundary  crystallization  on  high  temperature  strength  and  creep  of  Y-a-sialon  was 
investigated.  Powder  mixture  of  Si3N4,  AIN  and  Y203  was  sintered  by  hot  pressing  at  1750  °C 
for  lh  with  sintering  additives  of  yttrium  aluminum  garnet  (YAG)  composition.  The  as-sintered 
material  was  mainly  consisted  of  a-sialon,  Y-Si-Al-O-N  crystalline  phases  and  amorphous  phase. 
Annealing  at  1550  °C  for  4  hs  was  conducted  for  crystallization  of  grain  boundary.  The  annealed 
one  was  consisted  of  a-sialon,  YAG  and  amorphous  phase.  Strength  of  as-sintered  material 
decreased  with  the  increase  of  temperatures  up  to  1300  °C,  recovered  between  1400  and  1500  °C 
and  then  decreased  at  1600  °C.  The  strength  recovery  might  be  due  to  crystallization  of  grain 
boundary.  The  strength  of  annealed  one  was  almost  constant  until  at  1300  °C  and,  at  higher 
temperature,  decreased  with  the  increase  of  temperature.  Deformation  behavior  of  as-sintered 
material  under  compressive  stress  of  198  MPa  at  1200  °C  was  almost  same  as  that  of  annealed  one 
at  1300  °C  under  the  same  stress  condition. 

1  Introduction 

Sialon  is  a  solid  solution  of  silicon  nitride  and  a  candidate  for  structural  use  at  high 
temperature[l,2].  It  is  conventionally  fabricated  by  liquid  phase  sintering  method.  Sintering 
additives,  usually  metal  oxide  and/or  nitrides,  are  added  to  raw  powder  in  order  to  assist  the 
densification  and  grain  growth.  They  form  liquid  phase  during  heating,  reacting  with  silicon 
dioxide  on  the  surface  of  raw  silicon  nitride  powder.  The  existence  of  liquid  phase  is  helpful  for 
grain  movement  and  mass  transportation.  The  liquid  solidifies  at  grain  boundary  of  sialon  grains 
and/or  diffuses  into  the  grains.  The  solidified  phase,  called  grain  boundary  phase,  is  usually 
amorphous  and  softens  at  high  temperatures,  which  means  that  high  temperature  properties  of  the 
material  are  dominated  by  the  grain  boundary  phase.  An  a-sialon  has  a-Si3N4  structure  in  the 
system  Me-Si-Al-O-N  (Me:  metal)  [3].  General  formula  in  Si3N4-Y203-AlN  system  is  written 
below. 

(4-1.5x)Si3N4+0.5x(Y2O3+9AlN)  -  Yx(Sii2.4.5xAl4.5x)(Oi.5xN16.i.5x)  (0<x<2) 


The  a-sialon  can  incorporate  many  cations  of  the  additives  in  their  interstitial  holes.  Therefore,  a 
material  with  small  amount  of  residual  glass  may  possibly  obtained,  which  is  advantageous  to  heat 
resistance.  Crystallization  of  the  grain  boundary  phase  has  been  investigated  with  respect  to  the 
improvement  of  high  temperature  properties.  Sialon  ceramics  with  yttrium  aluminum  garnet 
(Y3AlsOi2:  YAG)  grain  boundary  phase  have  been  investigated  [4-6].  Lewis  et  al.  [4] 
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investigated  effect  of  crystallization  of  garnet  phase  in  normal  pressure  sintered  p-sialon  with  Y  or 
Nd  additives  on  mechanical  properties.  Strength  at  higher  temperature  than  1000  °C  was 
improved  by  the  crystallization.  Creep  resistance  of  a/p-sialon  with  YAG  grain  boundary  phase 
is  higher  than  that  of  p-sialon  with  YAG  by  complete  removal  of  residual  amorphous  phase  [5]. 
Bandyopadhyay  suggested  that  high  temperature  strength  of  gas  pressure  sintered  Y-a-sialon  was 
improved  by  crystallization  of  YAG  [6].  Therefore,  improvement  of  high  temperature  properties 
of  a-sialon  with  YAG  is  expected  by  reduction  of  amorphous  phase  and  crystallization  of  grain 
boundary.  Until  now,  effect  of  YAG  crystallization  on  high  temperature  properties  of  a-sialon  has 
never  been  reported.  For  the  purpose,  phase  relationships  and  microstructural  change  were 
preliminary  investigated.  Y-a-sialon  was  stable  with  YAG  liquid  composition  at  1750  °C  which 
could  be  devitrified  to  YAG  by  post  sintering  annealing  at  1500  °C  for  4  h  [7].  Phase  and 
microstructural  change  due  to  post  sintering  annealing  of  R-a-sialon  with  rare  earth  aluminum 
garnet  (RAG)  was  examined  (R:  Nd,  Dy,  Y  and  Yb).  For  R  is  Y,  only  a-sialon  was  detected  after 
sintering  and  a-sialon  and  YAG  after  annealing  at  1450  °C  for  72  h.  Grain  boundary  film 
thickness  between  sialon  grains  decreased  by  the  annealing  [8].  In  the  present  paper,  effect  of 
crystallization  of  YAG  on  high  temperature  properties  of  Y-a-sialon  is  investigated. 

2  Experimental  procedure 

Si3N4(Ube  Industries  Co.,  Tokyo,  Japan,  SN-E10),  Y203  (Shin-Etsu  Chemical  Co.,  Tokyo,  Japan, 
99.9%  pure)  and  AIN  (Tokuyama,  Tokyo,  Japan,  Type  F)  powders  were  mixed  in  a  Si3N4  pot  with 
hexane  and  Si3N4  balls  for  2  hs  using  planetary  mill.  The  composition  of  the  powders  was  chosen 
as  x=0.45  in  the  general  formula  of  a-sialon.  A1203  (Sumitomo  Chemical  Co.  ltd.,  Osaka,  Japan, 
AKP20)  and  Y203  with  YAG  composition  were  added  to  the  mixed  powder  as  sintering  aids. 
The  amount  of  the  additives  was  totally  10  mass%[6,7].  The  mixed  powder  was  hot-pressed  in  a 
carbon  die  coated  with  boron  nitride  powder  at  1750  °C  for  lh  under  compressive  stress  of  20  MPa 
in  static  nitrogen  of  0.1  MPa.  Rectangular  plates  with  dimension  of  about  3.5  x  21  x  25  mm3 
were  obtained  (designated  as-sintered  material  in  this  paper).  Post  sintering  annealing  was 
conducted  at  1550  °C  for  4  hs  in  nitrogen  atmosphere  (designated  annealed  material).  Bending 
specimens  with  dimension  of  2.5  x  3  x  25  mm3  were  prepared  from  the  plates  by  cutting,  grinding 
and  polishing.  Bending  strength  was  measured  at  elevated  temperatures  up  to  1600  °C.  Four- 
point  jig  with  inner  and  outer  span  of  10  mm  and  20  mm  was  used.  Atmosphere  at  room  and 
high  temperatures  was  air  and  nitrogen,  respectively.  Constant  crosshead  speed  of  0.5  mm/min 
was  used  for  room  and  high  temperature.  High  temperature  strength  was  also  measured  at  slower 
crosshead  speed  of  0.005  mm/min,  in  order  to  investigate  effect  of  slow  crack  growth.  Creep 
behavior  was  measured  in  nitrogen  atmosphere  at  1200-1500  °C  under  compressive  stress  of  198 
MPa.  Microstructures  were  investigated  by  scanning  transmission  electron  microscope(STEM). 
High  resolution  electron  microscope  (HREM)  was  used  for  observing  grain  boundary  film. 

3  Results  and  discussion 

3.1  Microstructural  change  by  annealing 

Bulk  density  of  as-sintered  and  annealed  material  was  3.31  Mg/m3  and  3.36  Mg/m3,  respectively. 
Crystalline  phases  were  identified  by  X-ray  diffraction  analysis.  The  primary  crystalline  phase  of 
as-sintered  material  was  a-sialon.  Weak  peaks  of  melilite  (Y2Si3N403)  and  12H  sialon 
(SiAl502N5)  were  observed,  but  YAG  phase  was  not  detected.  From  the  annealed  material,  a- 
sialon,  YAG  and  small  amount  of  p-sialon  were  detected.  Only  a-sialon  was  detected  from  as- 
sintered  material  and  a-sialon  and  YAG  from  the  material  annealed  at  1500  °C  in  the  previous 
work  [7,8].  The  difference  might  result  from  larger  sample  dimension  and  higher  annealing 
temperature. 
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Figure  1  shows  typical  STEM  dark  field  image  of  both 
materials.  Dark  part  corresponds  to  sialon  arid  other 
crystalline  phases  and  white  part  amorphous  grain  boundary 
phase.  The  amorphous  phase  in  as-sintered  material  exists 
continuously  both  between  silicon  nitride  grains  and  at  grain 
boundary  pockets  (Fig.  1  (a)).  That  in  annealed  material 
exists  isolatedly  mainly  at  grain  boundary  pockets  (Fig.  1 
(b)).  These  microstructural  features  are  consistent  to  that 
of  small  samples  from  same  powder[6,7]. 

In  the  Fig.  1  (b),  grain  boundary  film  between  sialon  grains 
cannot  be  observed.  So,  grain  boundary  between  sialon 
grains  of  annealed  material  was  observed  by  HREM. 
Typical  image  is  shown  in  Fig.  2.  Amorphous  grain 
boundary  film  with  thickness  of  about  1  nm  is  observed. 
Grain  boundary  film  thickness  reduces  by  annealing,  but  the 
film  still  exists.  Lewis  et  al.  [5]  reported  that  thickness  of 
amorphous  film  between  sialon  grains  decreased  and 
crystallized  YAG  distributed  isolatedly  in  P’/ot’-sialon. 
Curved  interface  between  YAG  and  sialons  resulted  from 
equilibration  of  triple  phase  junctions.  The  authors 
claimed  that  the  interface  was  evidence  for  complete 
removal  of  non-stoichiometric  glass-stabilizing  elements  by 
solid  solution  within  a’.  In  the  present  annealed  material, 
amorphous  phase  still  exists.  It  could  be  removed  by 
precise  control  of  initial  chemical  composition. 


Fig.  1  Microstructure  of  Y-a-sialon 
before  (a)  and  after  (b)  annealing. 


3.2  High  temperature  strength 

Bending  strength  was  measured  at  cross  head  speed  of  0.5  mm/min  at  elevated  temperature.  The 
results  were  plotted  in  Fig.  3  together  with  the  data  in  reference  5  and  6.  Strength  of  as-sintered 
material  at  800  and  1000  °C  is  slightly  lower  than  that  at  room  temperature.  The  strength 
decreases  with  the  increase  of  temperature  up  to  1400  °C,  recovers  at  1500  °C  once,  and  decreases 
again  at  1600  °C.  Load-displacement  curves  of  as-sintered  material  are  almost  linear  up  to 


maximum  load  at  1000,  1200  and  1500  °C  and 
shape  of  the  curve  is  rather  convex  at  1300, 
1400  and  1600  °C.  Fractured  surfaces  after 
bending  test  were  rough  at  800-1200  °C  and  flat 
at  1300  °C  and  higher.  The  strength  of 
annealed  material  is  almost  constant  up  to  1300 
°C  and,  at  higher  temperature,  decreases  with 
increase  of  temperature.  The  load- 
displacement  curves  are  linear  at  1000-1400  °C 
and  convex  at  1500  and  1600  °C.  Fractured 
surfaces  were  rough  up  to  1400  °C  and  flat  at 
1500  and  1600  °C.  Strength  degradation, 
fracture  behavior  and  observation  of  fractured 
surfaces  suggest  that,  in  the  fracture  of  as- 
sintered  material,  slow  crack  growth  starts  from 
1000  °C  and  becomes  dominant  at  1200  °C  and 
higher.  Softening  point  of  Y-Si-Al-O-N  glass 


Fig.  2  Grain  boundary  film  in  annealed  Y-a- 
sialon. 
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was  reported  to  be  within  a  range  865-975  °C  [9].  The  strength  degradation  at  800-1400  °C  could 
be  explained  by  the  softening.  Recovery  of  strength  at  1500  °C  resulted  from  crystallization  of 
grain  boundary,  which  was  confirmed  by  XRD  analysis  of  the  sample  after  test.  For  the  annealed 
material,  slow  crack  growth  starts  from  1400  °C  and  is  dominant  at  1500  °C  and  higher. 
Softening  of  residual  amorphous  might  occur  between  1300  and  1400  °C.  The  residual 
amorphous  phase  has  different  chemical  composition  from  amorphous  phase  before  annealing. 

At  1500  and  1600  °C,  strength  of  as-sintered  and  annealed  materials  is  almost  same.  This 
suggests  that  residual  amorphous  phase  after  crystallization  softens  at  that  temperature  and 
crystallization  of  grain  boundary  is  effective  up  to  1400  °C.  Strength  of  p’-sialon  with 
amorphous  grain  boundary  phase  decreased  at  about  800  °C  and  that  with  crystalline  grain 
boundary  phase  was  constant  up  to  1000  °C.  For  the  material,  high  temperature  strength  was 
improved  by  the  crystallization,  but  the  strength  of  the  material  with  crystalline  grain  boundary 
phase  decreased  at  1200  °C,  which  is  200  °C  lower  than  the  present  result.  Strength  at  1200  °C  of 
a-sialon  was  recovered  from  328  to  430  MPa  by  crystallization  of  grain  boundary  to  YAG.  The 
improved  strength  was  almost  same  as  room  temperature  strength  of  the  initial  material.  At 
1350  °C,  the  strength  was  improved  by  the  crystallization,  but  the  value  was  361  MPa,  which  is 
lower  than  that  at  1200  °C,  430  MPa.  Crystallization  of  YAG  contributed  to  the  strength,  but  the 
strength  of  annealed  material  with  elevated  temperature  is  not  investigated.  The  present  result 
suggests  that  the  crystallization  is  effective  on  the  strength  within  a  certain  temperature  range. 
Higher  limit  for  effect  of  crystallization  has  never  been  reported. 

Fatigue  is  one  of  important  evaluation  for  application  of  ceramics.  Precise  evaluation  did  not 
conducted  in  the  work,  but  bending  strength  was  measured  at  slower  crosshead  speed,  0.005 
mm/min  at  1200-1500  °C  in  order  to  estimate  the  effect  of  slow  crack  growth  on  dynamic  fatigue. 
The  strength  was  plotted  with  the  data  measured  at  crosshead  speed  of  0.5  mm/min  (Fig.  4).  The 


Temperature  /°C 

Fig.  3  Effect  of  grain  boundary  crystallization 
on  high  temperature  strength  of  Y-a-sialon. 
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Fig.  4  Effect  of  crosshead  speed  on  high 
temperature  strength  of  Y-a-sialon 
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strength  of  as-sintered  material  decreases  with  the  increase  of  temperature  recovers  at  1400  °C  and 
decreases  again  at  1500  °C.  Temperature  of  the  strength  recovery  is  lowered.  The  strength  at 
0.005  mm/min  is  almost  the  same  as  that  at  0.5  mm/min  at  1200  °C  but  lower  at  1300  and  1500  °C. 
Load-displacement  curves  of  as-sintered  material  are  almost  linear  at  1200  and  1400  °C  and 
convex  at  1300  and  1500  °C.  Fractured  surface  was  rough  at  1200  and  1400  °C  and  flat  1300  and 
1500  °C.  Crystallization  of  YAG  was  confirmed  by  XRD  analysis  of  sample  after  test  at  1400  °C. 
It  might  be  a  reason  for  the  strength  at  1400  °C.  The  strength  of  annealed  material  at  0.005 
mm/min  is  almost  same  as  that  at  0.5  mm/min  at  1200,  1300  and  1400  °C  and  is  lower  than  that  at 
0.5  mm/min  at  1500  °C.  The  load-displacement  curves  of  annealed  material  is  linear  at  1200, 
1300  and  1400  °C  and  convex  at  1500  °C.  Fractured  surface  was  rough  at  1200-1400  °C  and  flat 
at  1500  °C.  The  results  suggest  that  slow  crack  growth  is  already  dominant  at  1200  °C  in  the  as- 
sintered  material.  In  the  annealed  material,  slow  crack  growth  starts  1400  °C  and  is  dominant 
1500  °C,  i.e.  dynamic  fatigue  is  apparent  at  1300  °C  for  the  fracture  of  as-sintered  material  and  at 
1500  °C  for  that  of  annealed  material. 

Strength  of  as-sintered  material  recovered  at  1500  °C,  0.5  mm/min,  and  1400  °C,  0.005  mm/min. 
YAG  crystallization  was  confirmed  by  XRD  analysis.  At  1400-1500  °C,  deformation  and 
crystallization  of  YAG  are  competing.  The  time  for  fracture  was  within  five  minutes  at  0.5 
mm/min  and  longer  than  one  hour  at  0.005  mm/min.  When  the  cross  head  speed  is  low,  the  time 
for  crystallization  is  long  enough,  though  crystallization  rate  is  low  even  at  low  temperature. 
Fracture  behavior  of  as-sintered  material  might  be  explained  below: 

T<1 000  °C:  Brittle  fracture  dominated  by  a  defect. 

1000<T<1300  °C:  Fracture  by  softening  of  amorphous  phase. 

1300<T<1500  °C:  Softening  of  amorphous  phase  and  crystallization  occur  simultaneously. 
1500  °C<T  :  Fracture  by  softening  of  residual  amorphous  phase  after  crystallization. 

Fracture  behavior  of  annealed  material  is  more  simple, 

T<1300  °C:  Brittle  fracture  dominated  by  a  defect 
1300  °C<T:  Softening  of  residual  amorphous  phase. 


0  10  20  30  40  50 

Time/hs 


Fig.  5  Effect  of  grain  boundary  crystallization  on  creep  of  Y-a-sialon. 
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3.3  Creep 

Creep  behavior  of  both  samples  was  measured 
at  1200  and  1300  °C  in  nitrogen  under 
compressive  stress  of  198  MPa.  Strain 
curves  are  shown  in  Fig.  4.  Data  plot  of 
annealed  material  at  1200  °C  is  scattered. 
Absolute  deformation  was  so  small  and  in 
same  level  of  precision  of  measurement,  which 
might  be  a  reason  of  the  scattering.  .  The 
strain  is  believed  to  increase  monotonously. 

At  1200  °C,  the  final  strain  of  as-sintered 
material  is  0.15  %,  which  is  five  times  of  that 
of  annealed  material.  The  strain  curves  of  as- 
sintered  material  at  1200  °C  is  almost  the  same 
as  that  of  annealed  material  at  1300  °C. 
Creep  measurement  of  annealed  material  was 
conducted  up  to  1500  °C.  Relationship 
between  creep  rate  and  inverse  of  temperature 
is  plotted  in  Fig.  5.  Steady-state  creep  rate  of 
annealed  material  is  about  one  tenth  of  that  of 
as-sintered  material.  Creep  resistance  of  Y- 
a-sialon  is  improved  by  the  crystallization  of 
YAG.  Apparent  activation  energy  of 
annealed  material  is  calculated  from  the  slope  of 
effect  of  crystallization  on  creep  resistance,  more 
elswhere  future. 


5.8  6  6.2  6.4  6.6  6.8  7  7.2 
Inverse  temperature  (x  1  O'4  K' 1 ) 


Fig.  6  Creep  behavior  of  Y-a-sialon  ceramics. 

plots.  It  is  294  kJ/mol.  In  order  to  discuss  on 
5  experiments  are  necessary.  It  will  be  reported 
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Abstract  Tensile  creep  behavior  and  creep  damage  in  SN  281,  SN  88M  and  ST  1  silicon  nitride 
ceramics  have  been  investigated  at  1200°C  -  1400°C  in  order  to  reveal  basic  creep  mechanisms.  HIP-ed 
SN  281  exhibits  the  highest  creep  resistance  and  the  lowest  failure  strains  less  than  0.7%  at  1400°C- 
1450°C.  The  minimum  strain  rates  in  the  gas-pressure  sintered  (GPS)  SN  88  M  are  two  orders  of 
magnitude  higher  and  the  failure  strains  are  <  3.5%.  The  nano-sized  GPS  grade,  ST  1,  exhibits  a 
transition  from  creep  resistant  to  quasi-ductile  behavior  at  temperatures  above  1300°C.  Creep  above 
1300°C  was  strongly  affected  by  oxidation,  and  the  failure  stains  were  around  20%.  Despite  the  very 
wide  range  of  failure  strains  and  minimum  strain  rates,  the  common  features  of  creep  behavior  in  all 
materials  are  cavitation  and  secondary  phase  evolution.  Multigrain  junction  cavities  are  present  in  each 
material  and  their  apparent  density  is  proportional  to  the  strain.  Cavitation  according  to  the  recent 
model  of  Luecke  and  Wiederhom  was  concluded  to  be  the  common  creep  mechanism.  This  model  is 
based  on  a  repeated  sequence  of  grain  boundary  sliding,  viscous  flow  and  cavitation  due  to  the 
redistribution  of  secondary  phases  between  the  multigrain  junctions.  The  gradual  changes  in  secondary 
phases  related  to  oxidation  and/or  phase  transformation  are  also  involved  in  the  long-term  creep 
processes.  These  effects  change  the  properties  of  the  secondary  phases  and  indirectly  affect  cavitation 
and  creep  behavior.  A  simple  model  including  the  effect  of  secondary  phase  evolution  on  cavitation  is 
proposed.  Different  creep  behavior  of  silicon  nitride  ceramics  can  be  explained  by  differences  in  the 
properties  of  the  secondary  phases. 


I.  Introduction 

Silicon  nitride  ceramics  are  two-phase  materials  which  consist  of  elongated  p-Si3N4  grains  embedded  in 
the  secondary  phases  originating  from  the  sintering  additives.  Tailoring  the  microstructure  via  control 
of  a  grain  size  distribution  and  properties  of  the  secondary  phases  results  in  the  materials  with  high 
strength,  high  fracture  toughness  or  high  creep  resistance  depending  on  the  requirements  for  their’ 
applications  [1-3]. 

Since  creep  is  one  of  the  principal  design  limitations  for  the  components  in  gas  turbines,  and  silicon 
nitride  is  the  most  promising  high  temperature  material,  a  number  of  silicon  nitride  ceramics  with  high 
creep  resistance  have  been  developed  over  the  last  decade  [1-13].  The  microstructure  of  these  materials 
usually  has  a  bimodal  grain  size  distribution  with  the  matrix  grain  size  in  the  range  of  0.5-1  pm  and 
considerably  larger  elongated  grains  used  for  reinforcement  [12-14].  HIP-ed  grades  are  often  more  creep 
resistant  than  GPS  ones  because  of  lower  content  of  the  secondary  phases.  The  stress  exponents,  n,  are 
usually  in  the  range  from  4  to  10  in  both  GPS  and  HIP-ed  grades  [4-13].  Creep  models  based  on 
diffusional  mechanisms  cannot  explain  such  a  strong  stress  dependence.  Since  cavitation  is  always 
present  in  the  deformed  materials,  the  enhancement  of  cavitation  in  tension  and  its  suppression  in 
compression  are  considered  to  be  responsible  for  the  high  values  of  stress  exponents  and  creep 
asymmetry  [4,  6-8].  Several  recent  works  suggest  that  cavitation  plays  a  dominant  role  in  creep 
deformation  [12-18].  Luecke  and  Wiederhom  developed  a  creep  model  based  on  cavitation  at 
multigrain  junctions  [16].  They  assumed  that  any  sliding  in  a  fully  dense,  granular  material  causes  its 
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dilatation.  This  results  in  a  build-up  of  the  local  hydrostatic  tensile  stresses  in  the  viscous  phase  in 
multigrain  junctions.  Cavities  are  nucleated  in  the  pockets  with  maximum  stresses.  The  stress  gradients 
between  the  cavitated  junctions  and  the  adjacent  junctions  without  cavities  drive  the  redistribution  of 
the  secondary  phase  toward  the  cavity  free  junctions  by  viscous  flow  or  solution-precipitation,  leading 
to  their  expansion  [16,  18].  The  stress  dependence  of  the  minimum  strain  rate  is  described  as  [16] 

es  =  Ac  a  exp  (-QC/RT)  exp(pca)  ,  ( 1 ) 

where  Ac  and  Qc  are  a  dimensional  constant  and  an  apparent  activation  energy,  respectively,  and  pc  is 
the  ratio  of  the  critical  stress  necessary  for  cavity  nucleation  to  the  square  width  of  a  stress  distribution 
at  multigrain  junctions.  The  model  predicts  an  increase  in  stress  dependence  at  high  stress  and  a 
decrease  of  creep  asymmetry  at  low  stresses.  This  prediction  agrees  very  well  with  the  experimental 
data  obtained  on  SN  88  [16,  18].  However,  it  is  not  clear  if  this  model  is  valid  in  the  other  silicon 
nitride  materials  with  high  and  low  creep  resistance,  respectively. 

The  current  study  summarizes  tensile  creep  investigations  in  three  different  silicon  nitride  ceramics 
performed  within  Japanese  national  project  “Research  and  Development  of  the  Ceramic  Gas  Turbines 
(300  kW  class)”.  The  aim  of  the  work  is  to  investigate  the  role  of  cavitation  in  silicon  nitride  ceramics 
with  veiy  different  creep  behavior,  from  highly  creep  resistant  up  to  quasi-ductile,  in  order  to  verify  the 
dominant  creep  mechanism  in  silicon  nitride  ceramics. 


II.  Experimental  Procedure 

Three  types  of  silicon  nitride  ceramics  have  been  investigated.  The  first  material  studied  is  designated  as 
SN  281.  It  is  relatively  new  grade  produced  by  hot  isostatic  pressing  (Kyocera  Corp.,  Kyoto,  Japan).  It 
consists  of  matrix  grains  with  a  mean  diameter  of  ~1  pm  and  an  aspect  ratio  from  2  to  4,  and  a  small 
number  of  large  grains  with  the  length  from  6  to  30  pm  and  diameter  of  3-6  pm  [12],  The  second 
material  is  a  gas-pressure-sintered,  self-reinforced  nano-composite  silicon  nitride  designated  as  SN  88M 
(NGK  Insulator  Co.,  Ltd.,  Nagoya,  Japan).  The  grade  is  a  modified  version  of  the  commercial  grade,  SN 
88.  The  microstructure  of  this  material  consists  of  large  silicon  nitride  grains  (  up  to  50-80  pm  long, 
diameter  5-10  pm)  embedded  in  a  fine  matrix  of  P-Si3N4.  The  mean  size  of  the  matrix  grains  is 
approximately  0.5  -  0.8  pm  with  an  aspect  ratio  of  3  to  5.  Secondary  phases  contain  Yb  and  Y  cations 
[12-14,  17].  The  third  material,  ST  1,  is  high  strength,  self- reinforced,  nano-sized  silicon  nitride 
produced  by  gas-pressure  sintering  by  NGK  Spark  Plug,  Co.,  (Nagoya,  Japan).  The  mean  grain  size  of  the 
matrix  grains  is  approximately  0.2  pm,  and  their  aspect  ratio  is  less  than  3.  The  diameters  of  the 
reinforcing  grains  are  0.5- 1.5  pm  and  the  aspect  ratios  are  from  5  to  10.  Secondary  crystalline  phases 
contain  Yb  and  A1  cations  [10,  19]. 

Most  of  the  tensile  tests  were  performed  on  flat  dog-bone  shape  specimens  with  rectangular  cross 
section  (4  x  2.5  mm2).  The  specimens  were  tested  in  nine  creep  machines  with  the  four  pin  SiC  hot  jigs, 
and  dead  weight  loading  at  temperatures  ranging  from  1200°C  to  1450°C  in  air.  The  bending  strains 
were  minimized  to  less  than  5%  under  a  load  corresponding  to  the  applied  stress.  The  details  of 
specimen  geometry  and  testing  are  described  elsewhere  [12-14]. 

Creep  damage  introduced  during  the  deformation  was  investigated  by  transmission  electron  microscopy 
(TEM)  (models  JEM  100  CX  II,  JEM  2010  and  JEM-4000  FX,  JEOL,  Japan,  respectively)  on  thin  foils 
prepared  from  the  bulk  of  8  creep  tested  specimens  of  material  SN  88M,  5  specimens  of  material  SN 
281  and  10  specimens  from  ST  1.  X-ray  diffraction  was  used  to  investigate  the  phase  changes  in  each 
material  after  testing. 


III.  Results 

1.  Creep  Behavior  and  Stress  Exponents 

The  materials  studied  exhibit  significant  differences  in  creep  behavior  depending  on  the  temperature  and 
stress.  SN  281  has  the  highest  creep  resistance:  its  deformation  starts  at  the  temperatures  above  1350°C 
and  stresses  above  150  MPa  whereas  the  onset  of  the  deformation  in  SN  88M  is  below  1250°C  (Fig.  1 
(A)-(B)).  ST  1  is  the  least  creep  resistant  material,  however,  its  behavior  strongly  depends  on 
temperature.  At  the  temperatures  below  1300°C  it  is  comparable  to  SN  88M,  at  higher  temperatures  it 
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transforms  into  “quasi-ductile”  material  with  maximum  failure  strains  around  20%  accumulated  during 
prolonged  accelerated  stage  (Fig.  1  (C))  [10,  19].  The  maximum  failure  strains  obtained  in  SN  88M  are 
around  3.5%  [13]  whereas  in  SN  281  are  less  than  0.6%  [12].  The  accelerated  stage  was  not  observed  in 
SN  281  at  1400°C  -  1450°C. 


Fig.  1.  The  comparison  of  tensile  creep  curves  in  SN  281  -  (A),  SN  88M  -  (B)  and  ST  1  -  (C). 


Fig.  2.  Stress  dependence  of  the  minimum  strain 
rate  in  SN  281  at  1400°C  -  (A),  and  at  different 
temperatures  in  SN  88M  -  (B)  and  ST  1  - 
(C), which  are  plotted  according  to  the  Norton 
power  law  [10,  12-13,  19]. 

Figures  2  (A) -(C)  summarize  the 

dependence  of  the  minimum  strain  rates  on 
stress  at  different  temperatures  plotted  according 
to  the  Norton  power  law  [10,  12-13,  19].  The 
scatter  of  the  minimum  strain  rates  results  in  a 
scatter  of  the  stress  exponents,  however,  the 
values  of  the  stress  exponents  are  in  the  range 
from  7  to  10  in  all  the  materials. 


2.  Cavitation 

Creep  damage  was  investigated  in  detail  for  SN  88M  and  the  creep  defects  were  classified  in  two  groups 
depending  on  the  phase  in  which  they  formed  (see  Table  1)  [12,  14,  20].  The  first  group,  called  inter¬ 
granular  creep  defects,  consists  of  defects  in  the  boundary  phase.  The  second  group,  intra-granular 
defects,  are  formed  in  the  silicon  nitride  grains.  The  most  common  in  all  the  materials  studied  were  the 
multigrain  junction  cavities.  Fig.  3  (A)-(C)  illustrate  such  cavities  in  SN  281,  SN  88M  and  ST  1,  res- 
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Table  1.  Classification  of  creep  damage  in  different  silicon  nitride  ceramics  (GBS  -  grain  boundary 
sliding,  * -crack  formation  depends  on  the  creep  conditions). 


CREEP 
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✓ 

BB 

Flow 

/\ivi  wivx  nu  u  o 

BOUNDARY 

not 

not 

GBS  +  Viscous 

PHASE 

Two  Gram  Junction  Cavities 

found 

few 

found 

Flow 

Microcracks 

♦not 

GBS  +  Viscous 

Cracks 

found 

Flow  +(soIution- 

Main  Crack 

*S 
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S 
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NO 
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✓ 

(GBS  +  Viscous  Flow) 

NO 

Crack-like 

not 

very 

not 

+  Stress-Solution- 

Cavities 

found 

few 

found 

Precipitation 

pectively.  Their  shapes  are  similar  and  varied  depending  on  the  geometry  of  the  grains.  The  size  of  the 
individual  multigrain  junction  cavities  is  comparable  with  the  size  of  matrix  grains.  The  main  difference 
between  the  materials  after  creep  at  similar  conditions  is  the  apparent  density  of  the  cavities  estimated 
from  TEM  micrographs.  The  local  density  of  cavities  in  SN  281  with  the  failure  creep  strain  of  -  0.6% 
is  lower,  than  in  SN  88M  with  six  times  higher  strains.  A  very  high  concentration  of  cavities  is  present 
in  ST  1  for  strains  of -20%.  Two-grain  junction  cavities  inside  the  glassy  phase  were  observed  only 
in  SN  88M  and  very  rarely  in  comparison  with  the  multigrain  junction  cavities  [12].  They  were  not 
found  in  SN  281  and  ST  1  materials.  Creep  cracks  formation  was  inversely  proportional  to  the  failure 
strains.  A  high  concentration  of  large  cracks  was  observed  in  ST  1,  whereas  the  number  of  cracks  in  SN 
281  was  negligible  The  morphology  of  the  creep  cracks  in  SN  88M  suggests  that  they  formed  most 
probably  by  interconnection  of  numerous  multigrain  junction  cavities.  Broken  large  grains  were 
observed  in  SN88M  after  both  short-term  and  long-term  tests  under  high  and  low  loads,  respectively. 
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Small  symmetrical  and  asymmetrical  cavities:  The  cavities  symmetrically  penetrating  into  the 
Si3N4  grains  were  found  at  two  grain  junction  boundaries  with  very  thin  boundaiy  phase  [12-14].  The 
geometry  of  these  cavities  is  very  similar  to  the  lenticular  cavities  reported  in  other  silicon  nitride 
ceramics  [5,  7-8].  Crack-like  intragranular  cavities  were  found  in  SN  88M  simultaneously  with  the 
small  asymmetrical  cavities  in  some  of  the  large  grains  after  long-term  tests  [12-14,  20]. 
Intergranular  creep  defects  were  not  present  in  ST  1.  Although  they  were  not  found  in  SN  281,  their 
presence  and  the  presence  of  two-grain  junction  cavities  or  other  defects  cannot  be  excluded. 


3.  Evolution  of  Phase  Composition 

The  X-ray  diffraction  analysis  revealed  significant  phase  changes  in  the  secondary  phases  after  heat 
treatment  and  creep  in  the  interior  of  the  materials  (Fig.  4).  In  SN  88M,  the  Yb4Si2N207  phase  in  the 
as-received  material  evolved  into  Yb2Si207  after  creep  (Fig.  4  (A))  [21-22].  The  secondary  phases  in  SN 
281  were  not  identified,  however,  the  changes  are  also  visible  (Fig.  4  (B)).  The  most  pronounced  phase 


25  30  35  40 

(A)  2  theta 


Fig.  4.  The  comparison  of  the  phase  composition 
in  SN  281(1400°C,150  MPa,  2804  h)  -  (A),  SN 
88M  (1250°C,  11114  h,  200  MPa)  -  (B)  and  ST 
1(1400°C,  50  MPa,  128  h)  -  (C)  in  the  as- 
received  state- (a),  in  the  interior  of  the  oxidized 
flag-(b),  and  in  the  interior  of  the  gage  part  after 
creep  -(c).  Significant  changes  of  the  secondary 
crystalline  phases  occurs  in  all  materials  during 
heat  treatment  and  creep  [19,  21-22].  The  cc-fl 
Si3N4  transformation  is  also  present  in  ST  1. 


changes  were  observed  in  ST  1  ceramics  at  temperatures  above  1300°C,  and  they  were  related  to 
oxidation  which  drives  redistribution  of  Yb  cations  toward  the  surface  [10,  19].  A  thick  white  layer, 
consisting  of  large  elongated  grains  of  Yb2Si207  embedded  in  the  amorphous  phase,  likely  silica,  was 
formed  at  the  surface.  The  first  subsurface  layer  was  almost  pure  (3-Si3N4.  The  precipitates  in  the 
following  layer  containing  Yb  and  A1  were  identified  as  Yb4AI209  [19].  The  crystalline  secondary  phases 
in  the  core  zone  of  the  specimen,  besides  p-Si3N4,  were  unidentified,  however,  their  composition  is 
completely  different  from  the  initial  composition  (Fig.  4  (C)).  The  thickness  of  the  oxidation  related 
layers  was  larger  and  new  phases  formed  under  the  effect  of  stress,  as  compared  to  that  oxidized  at  the 
same  conditions  (see  Fig.  4  (C»  [10,  19].  The  disappearance  of  the  residual  a-Si3N4  phase  in  the  creep- 
tested  specimen  confirms  the  presence  of  solution-precipitation. 
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IV.  Discussion 


The  difference  in  minimum  creep  rate  between  ST  1  at  1450°C  under  60  MPa  and  SN  281  at  the  same 
temperature,  however,  much  higher  stress  of  210  MPa,  is  approximately  3  orders  of  magnitude.  Creep 
resistance  of  SN  88M  is  in  between  those  two  materials.  However,  cavitation  and  secondary  phase 
changes  are  the  common  features  in  all  three  materials.  In  SN  88M  silicon  nitride,  the  contribution  of 
cavities  to  the  total  tensile  strain  was  found  to  exceed  90%  [17].  From  the  viewpoint  of  cavitation,  the 
only  principal  difference  between  the  materials  with  the  highest  and  the  lowest  creep  resistance  is  the 
density  of  the  cavities.  Very  low  densities  were  observed  in  SN  281  at  low  strains  whereas  high  densities 
were  seen  in  ST  1  with  high  strains  (Fig.  3).  The  multigrain  junction  cavities  are  present  in  all  the 
materials  studied  (Table  1)  while  other  types  have  been  observed  only  in  SN  88M.  Thus,  the  multigrain 
junction  cavities  are  the  most  important  type  of  cavities  for  volume  generation  and  for  creep  behavior. 
Creep  deformation  via  cavitation  at  multigrain  junctions  is  involved  in  the  creep  model  of  Luecke  and 
Wiederhom.  The  strain  rate  dependence  on  stress  is  described  in  this  case  by  the  Eq.  1  [16].  If  this  is  a 
general  model  for  creep  in  two-phase  materials  such  as  silicon  nitride,  strain  rate  data  have  to  fit  Eq.  1 . 
Fig.  5  (A)  -  (C)  show  the  fits  of  the  data  taken  from  Fig.  2  (A)-(C),  plotted  according  to  this  equation. 
It  can  be  seen  that  the  data  agree  very  well  with  the  expected  dependence.  In  the  case  of  ST  1,  even  the 
transition  from  high  to  low  stress  exponents  at  low  stresses  is  eliminated  [19].  The  agreement  between 
the  data  in  different  silicon  nitride  ceramics  and  cavitation  creep  model  suggests  that  cavitation  at 
multigrain  junction  is  the  main  and  common  creep  mechanism  in  materials  with  behavior  varying  from 
negligible  creep  up  to  quasi-ductile  deformation. 


Fig.  5.  Stress  dependence  of  the  minimum  strain 
rate  from  Fig.  2  replotted  according  to  the 
cavitational  creep  model  of  Luecke  -  Wiederhom 
[16]  in  SN  281  -(A),  SN  88M -(B),  and  ST  1-  (C) 
[19]. 

Cavitation  is  evidently  suppressed  in  SN  281  and 
considerably  enhanced  in  ST  1.  When  the 
possible  effect  of  grain  size  of  the  major  (Si3N4) 
phase  is  eliminated,  creep  properties  seem  to  be 
controlled  mainly  by  the  secondary  phases. 
Suppression  of  cavitation  can  be  obtained  by  the 
reduction  of  GBS  and  viscous  flow  via  reduction 


of  the  amount  of  secondary  phases  and/or  by 
.  using  sintering  additives,  that  form  highly 

refractory  crystalline  phases  and  more  refractory  residual  glasses.  The  aluminium-containing  additives 
present  in  ST  1  besides  Yb  cations,  significantly  reduce  the  softening  temperature  of  the  glassy  phase  at 
the  grain  boundaries.  Ytterbium-  and  yttrium-containing  additives  without  A1  in  SN  88M  result  in  more 
refractory  secondary  phase  and  less  cavitation.  Reduction  of  the  amount  of  additives  via  HIP-ing  and 
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high  refractory  rare-earth  oxides  in  SN  281  result  in  an  increase  of  creep  resistance  by  almost  100°C  in 
comparison  with  SN  88M.  Additional  effects  may  result  from  the  evolution  of  the  secondary  phases 
(Fig.  4).  These  changes  are  connected  either  with  oxidation  and  stress  enhanced  redistribution  of 
additives  between  the  surface  and  bulk,  as  it  is  in  ST  1  at  temperatures  over  1300°C  [10,  19],  or  from 
oxidation  at  the  surface  and  Yb-oxynitride  >=>  Yb-disilicate  phase  transformation  in  the  bulk,  as  observed 
in  SN  88M  [21-22].  The  phase  evolution  in  SN  88M  can  be  described  by  a  reaction  [21-22] 

2  Yb4Si2N207  +  7  Si02  ->  4  Yb2Si2C>7  +  Si3N4  .  (2) 


which  is  similar  to  the  YAM  apatite  transformation  in  yttria-aluminium  nitride  doped  silicon  nitride 
[23].  In  both  cases,  silica  at  the  grain  boundaries  is  consumed.  This  reduces  the  possibilities  for  GBS, 
viscous  flow,  solution  precipitation  contributing  to  cavitation.  Possibly,  this  is  one  of  the  reasons  the 
creep  lifetime  of  GPS  SN  88M  at  1400°C  is  even  better  than  that  of  HIP-ed  grade  NT  154  [12]. 

GBS  and  viscous  redistribution  of  the  glassy  phase  are  the  principal  mechanisms  to  generate  high  local 
tensile  stresses  required  for  cavity  nucleation  and  development  [4  -  20].  Solution-precipitation  may  also 
contribute  to  the  formation  of  some  of  creep  defects  (see  Table  1).  As  a  result,  GBS,  viscous  flow  and 
solution-precipitation  are  the  basic  mechanisms  necessarily  involved  in  creep  damage  development. 
Figure  6  is  a  simplified  flow  chart  of  these  mechanisms  resulting  in  the  formation  of  different  types  of 
cavities.  Each  of  them  contributes  into  the  volume  conservative  deformation  which  can  account  for  up 
to  10  %  of  the  total  tensile  strain  [17].  However,  more  than  90  %  of  the  total  tensile  strain  results 
from  non-conservative  processes,  predominantly  from  the  volume  of  cavities  at  multigrain  junctions. 
The  linear  dependence  of  cavitation  strain  contribution  on  strain  is  possible  due  to  repetition  of  the 
sequence  “GBS  ■=>  cavitation  at  multigrain  junctions  ■=>  viscous  flow”.  Crucial  to  this  process  is  a  release 
of  the  contacts  between  the  grains  via  the  redistribution  of  the  secondary  phase  among  the  cavity  free 
pockets. 
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Fig.  6.  A  scheme  of  the  relationships  between  different  creep  mechanisms  for  cavitation  including  the 
effects  of  oxidation,  phase  transformation  and  others.  The  changes  in  the  secondary  phases  influence 
cavitation  via  modification  of  the  properties  of  the  residual  glass  (*-  volume  conservative  strain). 

Phase  transformation,  crystallization,  and  additive/impurity  redistribution  associated  with  oxidation 
modify  the  amount  and  viscosity  of  the  residual  glassy  phase.  These  changes  affect  the  mechanisms 
involved  in  cavitation  and  consequently,  creep  behavior  (Fig.  6).  The  model  implies  that  the  key  issue 
in  increasing  the  high  temperature  properties  of  silicon  nitride  ceramics  is  residual  glass  engineering 
(RGE).  The  use  of  high  refractory  rare-earth  oxide  additives,  reduction  of  impurity  content,  HIP  and 
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the  intentional  introduction  of  the  metastable  boundary  phases,  such  as  oxynitrides  or  apatites,  are  the 
possible  RGE  methods  resulting  in  the  reduction  of  cavitation  and  ceramics  with  higher  creep  resistance. 


V.  Conclusions 

Tensile  creep  behavior  ranging  from  highly  creep  resistant  (SN  281)  to  “quasi-ductile”  (ST  1)  exhibits 
common  features,  which  include  cavitation  at  multigrain  junctions  and  secondary  phase  evolution. 
Cavitation  according  to  the  recent  model  of  Luecke  and  Wiederhom  was  concluded  to  be  the  main  creep 
mechanism  despite  differences  in  microstructure  and  creep  behavior  in  the  materials.  This  model  is 
based  on  a  repeated  sequence  of  grain  boundary  sliding,  viscous  flow  and  cavitation,  which  are  possible 
due  to  the  redistribution  of  secondary  phases  between  the  multigrain  junctions.  The  gradual  changes  in 
secondary  phases  related  to  crystallization,  oxidation  and  phase  transformation  are  also  involved  in  the 
long-term  creep  processes.  These  effects  change  the  properties  of  the  secondary  phases  and  indirectly 
affect  cavitation  and  creep  behavior.  The  differences  in  creep  resistance  between  different  ceramics  can 
be  explained  by  differences  resulting  from  different  properties  of  the  secondary  phases. 
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Abstract 

The  tensile  creep  tests  of  SiC  fiber  reinforced  SiC  composites  at  1000-1300  C  were  conducted.  The 
apparent  stress  exponent  and  activation  energy  for  creep  increase  with  a  decrease  in  stress.  The 
threshold  stress  approach  was  used  to  interpret  the  experimental  data.  Creep  of  SiC  matrix  is 
attributed  to  the  rate-controlling  process  for  the  creep  of  the  SiC/SiC  composites.  Creep  fracture 
mechanism  and  life  prediction  method  were  also  discussed. 

Introduction 

Creep  behavior  of  continuous  fiber  reinforced  ceramic  matrix  composites  was  recently  investigated 
[1-17].  The  incorporation  of  SiC  fiber  into  Si3N4  results  in  substantial  improvements  in  creep 
resistance  [7].  Multiple  fiber  fracture  rather  than  multiple  matrix  cracking  was  observed  and  creep 
mechanism  was  a  repetitive  matrix  stress  relaxation-fiber  rupture-load  transfer  and  distribution 
scheme  [7].  Moreover,  a  threshold  stress  was  found  for  tensile  creep  of  unidirectional  SiCf/HPSN 
(Hot  Pressed  Silicon  Nitride)  composite,  which  was  much  higher  than  proportional  limit  [4,5]. 

The  different  mechanisms  were  found  in  creep  of  SiCf/glass-ceramics  at  1200  °C  at  different  tensile 
stress  levels  [8].  At  low  stresses,  cavities  formed  in  the  matrix  with  no  significant  fiber  or  matrix 
damage  [8].  At  moderate  stresses,  periodic  fiber  rupture  occurred  and  at  high  stresses  matrix 
fracture  and  rupture  of  the  highly  stressed  bridging  fibers  limited  creep  life  [8].  Since  grain  growth 
in  Nicalon  fibers  enhanced  creep  resistance,  creep  deformation  was  found  transient  in  nature  at 
1200  °C  [9]. 

For  SiCf/SiC,  flexural  creep  experiments  in  vacuum  were  reported  at  the  temperatures  of  1000  to 
1400  °C  [14-17].  A  threshold  stress  for  creep  was  found,  which  corresponded  to  the  stress  for 
matrix  cracking.  Considering  that  the  state  of  stress  in  a  flexural  specimen  is  a  strong  function  of 
time  and  temperature  during  creep,  tensile  creep  tests  are  necessary  to  be  carried  out  in  order  to 
understand  creep  behavior  and  mechanism  of  SiC/SiC  and  to  establish  a  method  for  creep  life 
prediction  in  SiC/SiC  composites  [18-20].  Carbon  layer  in  SiC/SiC  leads  to  low  oxidation 
resistance  at  high  temperatures  [21-26]  .  Therefore,  the  tensile  creep  tests  of  the  SiC/SiC  composite 
were  conducted  in  argon  in  this  paper. 

Experimental  Procedure 

The  composites  used  in  the  investigation  were  processed  by  chemical  vapor  infiltration  (CVI)  of 
SiC  into  plain-woven  0790°  Nicalon-fiber  preforms  (made  by  Du  Pont  Lanxide  Composites  Inc., 
U.S.A.).  Before  the  infiltration  the  preforms  were  coated  with  carbon  by  CVD  to  decrease  interface 
bonding  between  fibers  and  the  matrix  lead  to  increases  in  strength  and  toughness.  The  composites, 
processed  as  200  mm  X  200  mm  panels  with  a  thickness  of  3.4  mm  and  11  plies,  contained  40  vol% 
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Nicalon  fibers  and  9.7  %  porosity.  The  diameter  of  fibers  was  about  12  and  each  bundle 
consisted  of  500  fibers.  The  density  of  the  composite  was  2.58  g/cm3. 

The  tensile  specimens  were  machined  from  the  panels  using  diamond  cutting  tools.  The  dimensions 
of  the  plate-shaped  specimens  for  tensile  creep  tests  were  30  x  8  x  2.2  mm  [19,27].  The  surfaces  of 
the  specimens  were  machined  by  800  grit  grinding  wheel  before  testing. 

The  monotonic  tensile  and  constant  load  tensile  creep  tests  were  performed  in  argon  and  air  at  the 
temperatures  of  1000  to  1300  °C  with  MTS  810  testing  system.  The  alignment  between  the  upper 
and  lower  grips  of  the  load  unit  was  adjusted  using  a  steel  specimen  to  allow  the  bending  strain 
below  5  %.  The  displacement  rate  for  monotonic  tensile  tests  was  0.5  mm/min.  The  specimens  were 
allowed  to  soak  over  30  min.  at  the  testing  temperatures  before  starting  tensile  creep  tests.  Young's 
modulus  during  creep  tests  was  measured  by  periodically  unloading  and  reloading.  The  unloading 
and  reloading  rate  was  2  MPa  s  \  The  amount  of  unloading  was  10  MPa.  The  crept  specimens  were 
observed  by  both  optical  microscopy  and  scanning  electron  microscopy  (SEM). 

For  high  temperature  tests,  MTS  659  controlled  atmosphere  furnace  was  used.  The  chamber  was 
first  allowed  to  pump  down  to  less  than  13.3  Pa  (100  millitorr)  and  then  backfill  the  chamber  with 
high  purity  argon  gas.  The  steps  were  repeated  three  times  to  ensure  a  thorough  purge.  The  argon 
gas  was  flowed  through  the  chamber  enough  to  equal  five  times  the  chamber  volume.  The  volume 
percentage  of  oxygen  in  the  high  purity  argon  gas  was  less  than  1  ppm. 

Results 

Creep  Deformation 

A  constant  tensile  load  produces  an  instantaneous  strain  response  followed  by  a  time  dependent 
strain  [19].  The  instantaneous  strain  consists  of  recoverable  (elastic)  strain  at  low  stresses  and 
nonrecoverable  strain  at  high  stresses.  The  time  dependent  (creep)  strain  is  transient,  and 
continuously  decreasing  strain  rate  (primary  stage)  appears  at  first.  Then  it  goes  to  a  steady  state 
(constant  strain  rate,  secondary)  stage,  at  last  accelerating  (tertiary  stage)  to  rupture.  The  existence 
of  one  or  two  or  three  stages  depends  on  stress  and  temperature  conditions.  At  high  stresses,  there  is 
no  tertiary  stage  or  even  no  secondary  stage.  The  accelerating  creep  stage  appears  after  the  steady 
state  creep  at  low  stresses.  Abbe  et  al  [14,15]  also  found  steady  state  creep  in  flexure  tests  of 
SiC/SiC  in  vacuum  at  temperatures  of  1100  to  1400  °C. 

The  minimum  creep  strain  rate  as  a  function  of  stress  is  shown  in  Fig.  1.  The  minimum  creep  strain 
rate  (em  )  can  be  described  by  power  law 

em  =  A- an  -  exp (-Q/RT)  (1) 

where  A  is  a  constant,  n  is  the  apparent  stress  exponent  for  creep,  Q  is  the  apparent  activation 
energy  for  creep,  R  is  gas  constant  and  T  is  the  absolute  temperature.  The  apparent  stress 
exponent  for  creep  increases  with  decreasing  stress.  The  minimum  apparent  stress  exponent  is  5 
and  the  maximum  is  25.  Moreover,  an  apparent  threshold  stress  exists  at  a  given  temperature,  below 
which  creep  strain  rate  falls  below  the  detectable  level.  The  apparent  threshold  stress  is  75  MPa  at 
1000  and  1100  °C,  60  MPa  at  1200  °C,  and  30  MPa  at  1300  °C.  The  apparent  activation  energies 
for  creep  calculated  from  equation  (1).  The  apparent  activation  energy  for  creep  decreases  with 
increasing  stress  and  tends  to  be  a  constant  value  at  high  stresses. 

Creep  Rupture 

Young's  modulus  during  creep  was  periodically  measured  to  examine  the  cracking  evolution.  It  was 
found  that  the  variation  of  the  Young's  modulus  was  related  to  the  evolution  of  matrix  cracks  (Fig. 
2).  The  modulus  decreases  with  time  at  stresses  (120  and  180  MPa)  higher  than  the  matrix  cracking 
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stress  and  remains  constant  at  lower  stresses  (45  and  60  MPa). 

The  creep  rupture  time  versus  stress  can  be  fitted  by  the  empirical  relation 

tr-B-o’N  (2) 

where  tr  is  time  to  rupture,  B  is  a  constant  and  N  is  the  stress  exponent  for  stress  rupture. 
According  to  equation  (2),  N  is  5.8  at  1000  °C,  4.1  at  1100  °C,  8.1  at  1200  °C  and  4.2  at  1300  °C. 
Most  of  them  are  similar  to  the  stress  exponents  for  creep  at  high  stresses.  The  value  at  1200  °C  is 
unusually  higher  than  others,  since  the  data  at  75  MPa  are  offset  from  others. 

The  steady  state  creep  strain  rates  versus  time  to  rupture  is  shown  in  Fig.  4.  The  data  fall  into  a 
straight  line,  i.e.,  fit  Monkman-Grant  relation  [38] 

h-t>cM_G  (3) 


where  q  is  the  strain  rate  exponent  and  CM_G  is  a  constant.  Fig.  3  shows  that  q  is  0.72. 
Monkman-Grant  relation  provides  a  method  for  creep  life  prediction  of  SiC/SiC  composite.  If 


Fig.  1  Tensile  minimum  creep  strain  rate  versus 
stress  in  argon  at  1000,  1100,  1200  and 
1300  °C. 


Fig.  2  Variation  of  Young’s  modulus  measured 
by  partial  unloadings  with  time  during  creep  at 
1300  °C,  E0  is  the  modulus  in  the  linear  portion 
during  loading. 


the  steady  state  creep  rate  is  known,  the  creep  life  can  be  easily  calculated  by  the  equation  (3). 
However,  creep  rate  is  often  difficult  to  be  measured  for  a  component  in  structures.  In  this  case, 
some  parameters  may  be  useful  for  creep  life  prediction. 

Larson-Miller  parameter  ( P )  [39]  is  one  of  the  useful  parameters  used  for  predicting  creep  life  in 
metallic  materials.  The  basic  assumptions  of  it  are  that  q  -  1  and  Q  is  a  function  of  stress.  The 
present  results  are  approximately  satisfied  with  these  assumptions.  It  can  be  used  for  correlating 
stress-temperature-life  relationship  in  SiC/SiC  composite  in  the  following  expression: 

P  =  T-(C  +  logtr)  (4) 

It  was  found  that  data  at  different  temperatures  fall  on  the  same  line  with  the  best  fit  when  the 
constant  C  is  between  5  and  10,  when  the  curves  of  log  tr  vs  1  IT  were  drawn.  Fig.  4  shows  the 
relation  of  stress  with  Larson-Miller  parameter  with  C  of  7.  The  constant  ( C  )  of  Larson-Miller 
parameter  is  20  for  metals  and  alloys.  For  monolithic  silicon  nitride,  it  is  among  30  and  40, 
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depending  on  grades  of  silicon  nitride  [40,41].  For  oxides,  it  ranges  from  10  to  22  [42].  The  values 
of  the  constant  for  SiC/SiC  composite  are  5-10,  determined  by  the  data  at  four  temperatures. 


Time  to  Rupture,  s 

Fig.  3  Tensile  minimum  creep  strain  rate  versus 
time  to  rupture  at  different  stresses  in  argon  at 
1000, 1100, 1200  and  1300  °C. 


6  8  10  12  14 

P=T10'3  (7+logtr) 

Fig.  4  Tensile  stress  versus  Larson-Miller 
parameter  at  different  stresses  in  argon  at  1000, 
1100, 1200  and  1300  °C. 


Creep  rupture  surfaces  exhibit  that  the  fracture  mode  prefers  to  main  0°  bundles'  fracture.  This  is 
different  from  the  fracture  mode  of  monotonic  tension  at  elevated  temperatures,  in  which  both  0° 
and  90°  bundles  fracture  [27].  At  low  stresses,  fracture  surfaces  consist  of  two  regions:  one  is  rough, 
with  evident  fiber  pullout;  another  is  plain,  flush  with  the  matrix.  The  lateral  section  of  creep 
ruptured  specimens  shows  that  the  matrix  cracking  occurs  in  the  rough  region,  similar  to  that  at 
high  stress  (Fig.  5  (a)  and  (b)).  In  the  plain  region,  fibers  fracture  flush  with  the  matrix  and  there  are 
few  cracks  in  the  matrix  (Fig.  5  (c)).  At  high  stresses,  cracks  initiated  at  large  pores  between  fiber 
bundles  are  bridged  by  intact  0°  fibers.  Crack  propagation  in  90°  bundles  is  along  fibers-matrix 
interfaces  or  connected  by  pores  in  the  bundles.  Crack  propagation  in  0°  bundles  at  high  stresses  is 
similar  to  that  in  unidirectional  fiber  reinforced  CMCs.  A  difference  is  that  there  is  bundle’s 
bending  in  plane  woven  CMCs,  which  produces  stress  concentration  at  the  crossover  points  of  fiber 
weaving  structures.  This  may  be  why  fiber  pullout  length  in  plane  woven  materials  is  smaller  than 
that  in  unidirectional  materials.  The  crack  cuts  through  the  0°  fibers.  This  means  that  creep  fracture 
first  took  place  in  the  plain  region  and  finally  in  the  rough  region. 
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Discussion 

Since  little  is  known  about  creep  behavior  of  CVI  SiC  matrix  at  the  temperatures  of  1000-1300  °C, 
it  is  difficult  to  say  if  creep  rate  of  the  matrix  is  higher  than  that  of  the  fiber  in  SiC/SiC  although  it 
was  classified  to  the  creep  mismatch  ratio  <  1  [6].  The  minimum  steady-state  creep  rate  of  CVD 
SiC  is  9.3  x  10'10  s'1  in  argon  at  1400  °C  and  220  MPa  [28],  which  is  lower  than  the  that  (10  7-10  s- 
1)  of  Nicalon  fiber  in  argon  at  1300  °C  and  200  MPa  extrapolating  from  the  data  at  high  stresses 
[29,30].  If  CVI  SiC  in  the  composite  is  considered  to  be  similar  to  CVD  SiC,  SiC/SiC  composite 
should  be  classified  to  creep  mismatch  ratio  >  1.  Therefore,  a  time  dependent  redistribution  in  stress 
will  be  from  the  less  creep  resistant  fibers  to  the  more  creep  resistant  matrix  after  loading.  In  this 
case,  the  stress  transfer  to  the  matrix  will  cause  matrix  cracking.  However,  this  is  base  on  no  matrix 
cracking  during  the  initial  loading  and  a  good  stress  transfer  through  interfaces. 

Since  the  thermal  expansion  coefficient  of  SiC  matrix  is  larger  than  that  of  Nicalon  fibers,  the 
residual  stress  on  the  fibers  is  compressive  when  the  temperature  is  lower  than  the  processing 
temperature,  and  relaxes  with  increasing  temperature.  Because  the  CVI  processing  temperature  is 
about  1000  °C,  the  residual  stress  on  the  fibers  is  close  to  zero  at  1000  °C  and  above  1000  °C.  The 
stress  state  at  the  interface  and  the  weak  interface  caused  by  carbon  coating  are  inferior  to  stress 
transfer  of  the  interface.  Therefore,  the  extent  of  the  stress  redistribution  according  to  CMR  is  very 
difficult  to  be  estimated. 

At  high  stresses,  there  is  only  transient  creep  stage.  This  is  similar  to  creep  behavior  of  Nicalon 
fibers  [29,30].  Fibers  creep  is  likely  to  be  attributed  to  the  rate  controlling  creep  mechanism  for  the 
composite  in  tension.  However,  creep  strain  of  SiC/SiC  composite  is  one  order  of  magnitude  lower 
than  that  of  Nicalon  fibers  at  a  given  rupture  time  [29-31].  This  means  that  creep  of  fibers  is 
constrained  by  either  the  matrix  or  the  weaving  architecture.  Moreover,  the  stress  exponent  and 
activation  energy  for  creep  of  the  composite  are  inconsistent  with  those  of  Nicalon  fibers,  as 
described  later. 

At  low  stresses,  there  are  three  stages  of  creep:  transient,  steady-state  and  tertiary  stages.  The 
steady-state  stage  is  sometimes  short  and  only  exhibits  a  minimum  creep  rate.  The  tertiary  stage  is 
evident  and  covers  a  large  portion  of  the  creep  strain.  The  progressive  debonding  of  interfaces  and 
the  statistical  rupture  of  fibers  were  attributed  to  the  mechanism  of  tertiary  creep  in  an 
Al203(f)/CVI-SiC  composite  with  a  2D  woven  fiber  architecture  [13].  Since  the  stress  is  lower  than 
the  matrix  cracking  stress,  few  matrix  cracks  exist  in  the  crept  specimens  (Fig.  5(c)).  The  stiffness 
remains  constant  with  time  (Fig.  2)  and  the  flat  fracture  surfaces  appear  (Fi&.  6(b)).  Evans  and  Zok 
[32]  stated  that  the  rupture  ductility  of  the  ceramic  fibers  is  typically  quite  low,  and  consequently, 
matrix  cracking  by  stress  transfer  often  leads  to  creep  rupture  with  brittle  characteristics. 

The  present  tensile  creep  strain  rates  at  a  given  stress  and  temperature  were  in  the  same  order  of 
magnitude  as  the  flexural  creep  rates  by  Vicens  et  al  [33].  The  apparent  activation  energy  for  tensile 
creep  was  also  similar  to  that  for  flexural  creep  [33].  However,  the  stress  exponent  for  tensile  creep 
was  found  to  be  larger  than  that  for  flexural  creep.  The  phenomena  were  often  seen  in  creep  tests  in 
monolithic  ceramics  [34].  In  monolithic  ceramics,  the  higher  stress  exponent  in  tensile  creep  than  in 
flexural  creep  is  generally  attributed  to  cavitation  or  microcracking  in  tension  but  not  in 
compression. 

To  examine  the  effects  of  fibers,  we  compare  the  present  results  with  the  tensile  creep  behavior  of 
an  Al203(f)/CVI-SiC  composite  (Al2(ySiC)  with  a  2D  woven  fiber  architecture  [12,35].  The 
steady-state  creep  rate  in  Al203/SiC  exhibited  two  distinct  regimes  depending  on  creep  stress  at  the 
temperatures  of  950  to  1100  °C.  The  stress  exponent  for  creep  was  9.5  at  low  stresses  and  4.5  at 
high  stresses.  This  result  is  similar  to  the  present  result  in  the  similar  temperature  and  stress 
conditions.  However,  creep  strain  of  Aip^SiC  is  one  order  of  magnitude  higher  than  that  of 
SiC/SiC.  Although  A1203  fibers  are  less  creep  resistant  than  Nicalon  fibers,  their  creep  onset 
temperatures  and  creep  ductility  are  similar  [36].  Since  the  difference  in  thermal  expansion 
coefficient  between  the  fibers  and  matrix  in  Al203/SiC  is  larger  than  that  in  SiC/SiC,  the  matrix 
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cracking  in  Al203/SiC  is  much  more  extensive  than  that  in  SiC/SiC.  Thus,  the  constraint  of  the 
matrix  on  creep  of  fibers  in  Al2CySiC  is  less.  The  stress  exponent  for  creep  of  Al2<ySiC  is  similar 
to  that  of  A1203  fibers.  Therefore,  it  was  suggested  that  creep  rate  of  Al203/SiC  was  controlled  by 
creep  of  the  bridging  fibers  at  high  stresses.  Evidently,  creep  behavior  of  SiC/SiC  is  different  from 
that  of  Al2CySiC. 

2D  SiCf/CAS  composite  has  the  same  fibers  and  different  matrix  as  SiC/SiC.  Creep  strain  of 
SiC/CAS  [8]  is  also  one  order  of  magnitude  higher  than  that  of  SiC/SiC.  Here  it  should  be  noted 
that  the  matrix  contributes  little  resistance  to  creep  strain  of  the  composite  in  SiCf/CAS  at  1200  °C. 
Moreover,  the  stress  exponent  for  creep  of  SiCf/CAS  is  consistent  with  that  of  Nicalon  fibers, 

indicating  that  the  composite  creep  rate  appears  to  be  primarily  controlled  by  creep  of  Nicalon 
fibers. 

From  creep  of  Al203/SiC  and  SiC/CAS,  we  can  conclude  that  creep  of  fiber  controls  the  creep  of 
the  composite  only  when  the  matrix  contributes  little  to  creep  deformation  of  the  composite. 
SiC/SiC  does  not  satisfy  the  prerequisite,  since  the  matrix  cracking  is  not  very  extensive  and  creep 
resistance  of  the  matrix  is  higher  than  that  of  Nicalon  fibers.  The  apparent  stress  exponents  for 
creep  of  SiC/SiC  are  much  higher  than  those  of  SiC  fibers  (1-2  [29]).  The  apparent  activation 
energies  for  creep  of  the  composite  at  high  stresses  are  lower  than  those  of  the  fibers  (370-490 
kJ/mol  [29]). 

In  fact,  a  crack  propagation  in  the  matrix  depends  on  both  creep  of  the  bridged  fibers  in  wake  of 
crack  and  creep  of  the  matrix  in  front  of  crack  tip.  Since  the  both  processes  are  intercorrelated,  the 
lowest  one  is  the  rate-controlling  process.  Compression  creep  of  CVD  SiC  showed  that  the  stress 
exponent  for  creep  is  2.3  and  the  activation  energy  is  175  kJ/mol  [28].  The  latter  is  very  close  to 
that  of  the  composite  at  high  stresses  (Fig.  6).  The  stress  exponent  for  compressive  creep  of  CVD 
SiC  is  similar  to  that  for  flexural  creep  of  the  composite  [14].  Therefore,  creep  of  the  composite 
might  be  controlled  by  creep  of  the  matrix. 

The  apparent  stress  exponent  and  activation  energy  for  creep  of  SiC/SiC  increase  with  decreasing 
stress  (Fig.  2).  This  is  similar  to  creep  behavior  of  SiC  whiskers  reinforced  aluminum  composites 
[37].  It  was  explained  by  introducing  a  resisting  stress  (threshold  stress)  which  may  be  related  with 
the  interaction  of  whiskers  with  dislocations  in  the  matrix.  Following  this  approach,  we 
phenomenologically  treat  the  present  creep  data  of  SiC/SiC. 

If  we  ploted  e'J"  with  a,  n  was  5  for  a  best  fit  of  a  linear  relation  (Fig.  6).  Defining  the 
threshold  stress  as  the  applied  stress  to  which  zero  creep  rate  corresponded  at  a  given  temperature, 
the  values  of  the  threshold  stress  ( a„, )  could  be  calculated  at  different  temperatures.  Then,  the 
creep  rates  normalized  to  exp (~QL  /RT)  (QL  is  the  activation  energy  (175  kJ/mol)  for  creep  of 
CVD  SiC  [28])  were  plotted  against  the  effective  stress  (o-o,h ),  as  shown  in  Fig.  7.  It  can  be  seen 
that  all  the  data  points  can  be  well  fitted  by  a  single  straight  line  with  a  slope  of  5.  However,  if  the 
activation  energy  for  creep  of  Nicalon  fibers  was  used  to  normalize  creep  rates,  all  the  data  could 
not  fall  on  the  same  line.  This  means  that  creep  of  the  composite  is  controlled  by  creep  of  the 
matrix. 

Introducing  the  threshold  stress,  the  equation  (1)  becomes 

=  A  (o  -  oth  Y  •  exp(-Q'  / RT)  (5) 

where  «'  =  5  and  Q ’  is  the  activation  energy  of  the  matrix  (175  kJ/mol).  Combining  this  equation 
with  Eqs.  (1)  and  assuming  that  the  modulus  of  the  matrix  does  not  vary  with  temperature,  the 
apparent  stress  exponent  and  apparent  activation  energy  for  creep 

5‘<7 
n  = - 


and 


o-oth 


(6) 
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riRT*  dQfr 


o-oth  dT 


V) 


is  obtained.  It  can  be  seen  that  both  the  apparent  stress  exponent  and  activation  energy  decrease 
with  increasing  temperature  from  Eqs.  (6)  and  (7). 


Conclusions 


Tensile  creep  behavior  of  SiC-fiber  reinforced  SiC  composite  has  been  investigated  in  argon  at  the 
temperatures  of  1000-1300  °C.  The  apparent  stress  exponents  for  creep  of  the  composite  and  the 
apparent  activation  energies  for  creep  increase  with  the  decrease  of  stress.  The  threshold  stress 
approach  can  be  used  to  treat  the  data.  Creep  of  the  matrix  controls  creep  of  the  composites.  The 
relationship  between  creep  rate  and  time  to  rupture  can  be  described  by  Monkman-Grant  equation. 
Moreover,  Larson-Miller  parameter  can  also  be  used  for  creep  life  prediction  of  the  composite 
when  a  proper  constant  is  selected. 


Fig.  6  Relationship  between  e%n  and  o(n  is 
5). 


cr-ath  (MPa) 


Fig.  7  Creep  strain  rates  normalized  to 
exp(-<2L  l  RT)  versus  the  effective  stress 
( o-  o th ),  Ql  is  175  kJ/mol,  the  activation 
energy  for  creep  of  CVD  SiC  [28]. 
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Abstract  High  temperature  tensile  failure  in  a  fine-grained  alumina  with  zirconia  particle 
dispersion  is  found  to  relate  closely  to  the  separation  distance  among  micrometer-sized  cavities 
growing  from  preexistent  defects  and  from  newly  formed  ones  during  deformation.  As  the  separation 
distance  is  decreased  to  a  certain  level  with  an  increase  in  both  density  and  size  of  such  cavities, 
extensive  cavity  interlinkage  starts  to  cause  microcracking,  and  the  microcracking  leads  to  the 
occurrence  of  macroscopic  cracks  propagating  in  a  direction  perpendicular  to  the  tensile  axis  toward 
the  final  failure.  The  dependence  of  the  onset  strain  of  microcracking  on  temperature  and  grain  size 
is  also  found  to  relate  closely  to  the  dependence  of  cavity  formation  and  growth  rates  on  these 
factors. 

1.  Introduction 

Earlier  studies  [1-4]  have  often  pointed  out  that  failure  in  fine-grained  ceramics  undergoing 
superplastic  or  superplastic-like  tensile  deformation  is  controlled  by  microcracks  propagating  in  a 
direction  perpendicular  to  the  tensile  axis.  In  spite  of  the  general  accordance  of  such  qualitative 
observation  for  the  final  process  of  tensile  failure,  however,  mechanisms  relating  to  the 
microcracking  have  still  been  unclear  owing  to  rather  limited  information  on  the  evolution  of 
damage  accumulation  in  superplastic  ceramics.  For  example,  even  the  nature  of  microcracking  noted 
in  the  earlier  studies  is  essentially  different  to  each  other.  Kim  et  al.  [1]  proposed  that  microcracks 
occur  from  preexistent  defects  and  propagate  from  the  beginning  of  tensile  deformation  to  failure 
in  a  brittle  manner.  In  contrast,  Schissler  et  al.  [2]  and  Chokshi  et  al.  [3,  4]  associated  the 
microcracking  with  extensive  cavity  interlinkage.  In  this  process,  plastic  deformation  is  latently 
assumed  for  internal  necking  in  the  matrix  lying  between  the  adjacent  cavities.  To  obtain  a  definite 
basis  for  discussing  the  mechanisms  of  tensile  failure  in  superplastic  ceramics,  quantitative 
information  is  therefore  necessary  on  the  occurrence  and  growth  of  microcracks.  From  this  point  of 
view,  the  present  study  examine  the  damage  evolution  in  a  superplastic  alumina  containing  10  vol% 
zirconia  particles  [5,  6].  An  emphasis  was  placed  on  the  relationship  between  cavity  damage 
accumulation  and  microcracking. 

2.  Experimental  Procedure 

Colloidal  processing  [6]  was  applied  to  high  purity  a-Al203  (>99.99%,  TM-DAR,  Taimei 
Chemical)  and  3  mol%  yttria-stabilized  tetragonal  zirconia  (>99.97%,  TZ-3Y,  Tosoh)  powders 
with  nominal  particle  diameters  of  0.2  pm  and  0.03  pm,  respectively.  An  aqueous  suspension 
prepared  electrosterically  from  these  powders  and  an  ammonium  polycarboxylate  was  consolidated 
by  slip  casting  followed  by  cold-isostatical  pressing  at  400  MPa.  Sintering  at  1673  K  for  2  h  in  air 
resulted  in  a  relative  density  of  99.6  %  and  an  equiaxed  grain  structure  with  uniform  dispersion  of 
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zirconia  particles  with  an  average  size  of  0.1  pm.  The  average  alumina  grain  size,  d0,  was  0.45  jam, 
where  the  size  was  determined  by  scanning  electron  microscopy  (SEM)  and  defined  as  1.56  times 
the  average  intercept  length  of  grains  corrected  for  second  phase  dispersion  [7].  Some  of  the  sintered 
compacts  were  aged  at  1773  K  for  9  h  and  1873  K  for  22  h  to  obtain  coarser  grain  sizes  of  0.95 
and  2.0  pm,  respectively. 

From  the  compacts  with  and  without  aging,  dog-bone-shaped  flat  tensile  specimens  were 
machined  with  gauge  dimensions  of  l10-3-w3.5  mm.  By  using  an  Instron-type  machine,  the 
specimens  were  deformed  to  prescribed  tensile  strains  at  1673-1773  K,  at  an  initial  strain  rate  of 
e0=1.7xlO'4  s2.  After  loading,  a  surface  layer  of  about  500  pm  was  removed  from  each  deformed 
specimen  for  polishing  to  a  1  pm  diamond  finish. 

Quantitative  microstructural  examination  for  the  numerical  density,  size  and  shape  of  cavities 
[8,  9]  was  carried  out  near  the  center  of  the  as-polished  gauge  portion  using  an  optical  microscope 
equipped  with  an  image  analyzer.  The  resolution  of  the  examination  was  set  to  1.0  pm  and  cavity 
numbers  counted  were  (l~2)xl04  for  each  specimen. 

3.  Results  and  Discussion 


3.  1.  Tensile  Flow  Behavior 

As  shown  in  Fig.  1,  the  as-sintered  material  shows  substantial  superplasticity,  where  tensile 
elongation  to  failure  reaches  300  and  550  %  at  1723  and  177  K,  respectively.  The  dependence  of 
tensile  behavior  on  temperature  and  grain  size  is  consistent  with  the  general  trend  reported  in  some 
fine-grained  oxides  such  as  tetragonal  zirconia  [10]  and  magnesia  doped  alumina  [11]:  a  decrease 
in  temperature  or  an  increase  in  grain  size  heightens  the  level  of  flow  stress  and  results  in  decreased 
tensile  ductility.  A  noticeable  decrease  in  flow  stress  with  increasing  strain  appearing  at  1773  K  for 
do=2.0  pm  and  at  1673  K  for  d0=OA5  pm  is  due  to  active  cavity  damage  accumulation  as  will  be 
shown  in  the  following  sections. 


3.2  Aspects  of  Damaged  Microstructure 

Damaged  microstructures  were  observed  as  a  function  of  true  strain  normalized  with  failure 
strain,  E/E^  Regardless  of  the  variation  in  tensile  behavior  due  to  the  difference  in  temperature  and 
grain  size  as  shown  in  Fig.  1,  there  was  close  resemblance  in  the  aspects  of  damaged 
microstructures  against  the  E/E^value.  At  strains  up  to  E/E^O.8,  more  than  95%  of  cavities  were 
rounded  with  aspect  ratios  (=major  axis  length/minor  axis  length)  smaller  than  2.0  and  dispersed 
uniformly  with  a  very  little  indication  of  coalescence.  At  larger  strains,  although  cavity  coalescence 
had  already  started,  it  was  localized  in  a  region  around  individual  cavities  and  their  sizes  stayed 
smaller  than  10  pm  (Fig.  2(a)).  As  the  E/Ey- value  exceeded  about  0.8,  extensive  interlinkage 
occurred  among  the  cavities.  The  extensive  interlinkage  was  enhanced  with  an  increase  in  the  E/Er 
value,  resulting  in  microcracks  growing  in  a  direction  perpendicular  to  the  stress  axis  with  sizes 


Fig.  1  The  dependence  of  tensile  flow  on  (a)  temperature  and  (b)  grain  size. 
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Fig.  2  Cavitated  microstructures  (1773  K,  <4=0.45  pm),  (a)  E/E^O.85.  (b)  E/E^O.93. 


larger  than  20  pm  (Fig.  2(b)).  From  this  observation,  cavities  with  major  axis  lengths  larger  than 
20  pm  and  with  aspect  ratios  smaller  than  2.0  are  noted  as  microcracks  in  the  following 
examination.  As  shown  in  Fig.  3,  the  final  failure  in  each  specimen  took  place  by  the  propagation 
of  one  or  more  macroscopic  cracks.  The  sign  of  such  macroscopic  cracking  was  not  observed  until 
the  E/E^-v alue  exceeded  0.9-0.95.  The  present  observation  typically  shown  in  Fig.  3(a)  indicates  that 
the  macroscopic  cracks  occurred  from  the  interlinkage  of  the  microcracks. 

Extensive  observation  of  failed  and  interrupted  specimens  drew  the  following  information  on  the 
nature  of  the  macroscopic  cracks.  Large  crack  opening  (Figs.  3(a)  and  (b)),  heavy  damage  zone 
beside  the  cracks  (Fig.  3(b))  and  winding  crack  paths  (Fig.  3(a))  are  characteristics  of  the 
macroscopic  cracks  propagating  in  the  present  material.  These  are  the  strong  indications  that  the 
cracks  did  not  propagate  in  such  a  fully  brittle  manner  as  proposed  by  Kim  et  al.  [1],  but  that  plastic 
deformation  did  pertain  during  propagation. 

To  obtain  a  support  to  this  observation,  examination  was  made  on  the  critical  stress  intensity 
factor,  Kc  for  the  final  failure.  In  specimens  pulled  to  failure,  observation  along  the  crack  axis 
enabled  us  to  distinguish  the  portion  of  gradual  crack  propagation  from  that  of  rapid  propagation 
toward  the  final  failure  and  hence  to  evaluate  the  crack  length  just  before  the  rapid  propagation  had 


Fig.  3  Macroscopic  view  of  crack  propagation,  (a)  1773  K,  d0= 0.45  pm.  (b)  1773  K,  <4=2.0  pm. 
Arrows  indicate  the  direction  of  crack  propagation  and  white  arrows  indicate  the  detected  onset 
points  of  rapid  propagation,  respectively. 
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started.  The  onset  stress  of  the  rapid  crack  propagation 
can  be  evaluated  by  regarding  the  point  from  which 
steep  reduction  in  flow  stress  appears  just  before 
failure  (see  open  triangles  in  Fig.  1)  as  the  initiation  of 
the  rapid  propagation.  Table  1  lists  the  iCc-value 
evaluated  from  the  crack  length  and  the  onset  stress 
which  was  obtained  directly  from  the  load- 
displacement  curve  and  the  dimensions  beside  the  crack 
in  each  failed  specimen.  Although  little  information  is 
available  on  the  high  temperature  fracture  toughness  of 
zirconia  dispersed  alumina,  values  for  fine-grained 
alumina  at  room  temperature  can  be  regarded  as  an 
upper  bound  for  fully  brittle  fracture  in  the  present  specimens.  This  is  because,  at  the  temperatures 
used  in  this  study,  toughening  by  phase  transformation  in  zirconia  particles  does  not  work  and  a 
decrease  in  Young's  modulus  is  expected  to  decrease  fracture  toughness.  We  should  also  note  that 
porosity  in  deformed  specimens  causes  a  reduction  in  fracture  toughness  as  K1C  ~KlC0Qxp(-4.2Pf)  in 
alumina  [12],  where  K1C0  is  the  fracture  toughness  without  porosity  and  is  the  fraction  of  porosity. 
Applying  the  best  iCiC0-values  of  3.5~5.5  MPam1/2  for  virgin  alumina  with  d0~  1  ^im  [12]  and  the 
damaged  area  fraction,  Ad,  listed  in  Table  1  to  this  equation  yields  K1C=0.1~2.2  MPam172  as  the  upper 
bound  of  the  present  consideration.  The  Kc-v alues  evaluated  in  Table  1  are  markedly  higher  than 
this  upper  bound.  Fully  brittle  fracture  can  thus  be  ruled  out  in  the  present  specimens.  Intervention 
of  plasticity  during  crack  propagation  is  therefore  the  most  reasonable  explanation  for  such  large 
^-values  and  the  features  of  cracks  observed  in  Fig.  3. 

3.3.  Microcracking  in  Relation  with  Cavitation  Damage 

To  obtain  quantitative  information  on  microcracking,  the  numerical  density  of  microcracks  was 
examined  as  a  function  of  local  strain  defined  as  G^ln (Sq/S)\  where  S0  is  the  cross-sectional  area 
of  the  gauge  portion  before  deformation  and  S  is  the  cross-sectional  area  of  the  gauge  portion  at 


Table  1  Evaluation  of  ^-values. 


Tf. K 

dj\xm 

a; 

KJ MPam1'2 

1773 

0.45 

0.39 

5.7 

1723 

0.45 

0.34 

5.5 

1673 

0.45 

0.26 

12.1 

1773 

0.95 

0.27 

3.0 

1773 

2.0 

0.24 

5.7 

*  damaged  area  fraction  just  befor 
failure. 
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Fig.  4  Occurrence  of  microcracking  ((a))  and 
failure  strain  as  a  function  of  the  onset 
strain  of  microcracking  ((B)). 

*  By  use  of  e/5  we  can  avoid  interference  from  deformation 
occur  at  strains  near  failure. 


Fig.  5  Cavity  separation  distance  as  a  function 
of  local  true  strain.  Arrows  indicate  the  onset  of 
microcracking 

at  the  specimen  shoulders  and  from  broad  necking  which 
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which  the  measurement  was  performed.  In  this  examination,  the  crack  density  is  corrected  against 
areal  expansion  due  to  cavitation  damage  as  Nac=NJ(l-Ad),  where  Nat  is  the  total  number  of 
microcrack  per  unit  area  and  Ad  is  the  damaged  area  fraction  at  each  strain.  The  results  shown  in 
Fig.  4(a)  reveal  a  threshold-like  feature  in  microcracking:  as  tensile  strain  reaches  to  a  certain  level, 
microcracks  start  to  occur  and  the  microcrack  density  increases  steeply  with  an  increase  in  strain. 
As  demonstrated  in  Fig.  4(b),  tensile  true  strain  to  failure  is  proportional  to  the  onset  strain  of 
microcracking.  Microcracking  is  thus  a  strong  indication  of  the  initiation  of  failure  process  in  the 
present  material. 

Since  the  brittle  propagation  is  not  the  case  for  the  macroscopic  cracks,  intervention  of  plasticity 
is  a  reasonable  assumption  for  microcracking,  that  is,  internal  necking  in  the  matrix  between  cavities 
is  assumed  to  control  microcracking.  According  to  the  models  for  internal  necking  [13,  14],  the 
onset  strain  of  internal  necking  is  a  strong  function  of  the  separation  distance  among  the  existent 
cavities.  To  examine  this  point,  the  cavity  separation  distance,  X,  was  evaluated  as 

^=L~Dav 


where  lav  and  Dav  are  the  average  center  to  center  spacing  and  the  average  area-equivalent  circle 
diameter  of  cavities  larger  than  1.0  pm,  respectively,  Nai  is  the  cavity  density  and  Dt  is  the  cavity 
diameter  of  size  class  i.  As  shown  in  Fig.  5,  the  separation  distance  decreases  with  an  increase  in 
strain  owing  to  an  increase  in  both  density  and  size  of  cavities.  Comparison  with  Fig.  4(a)  reveals 
that  microcracking  starts  when  the  separation  distance  decrease  to  a  critical  value,  Xc,  of  about  4±1 
pm  except  for  a  slightly  large  value  at  1773  K  for  d0-OA5  pm.  The  onset  of  microcracking  from 
X,c=3~4  pm  has  also  been  observed  in  an  earlier  study  [9]  on  a  zirconia-dispersed  alumina  prepared 
by  conventional  processing  and  a  magnesia-doped  alumina  deformed  at  1723  K.  Such  a  close 
relationship  between  the  cavity  separation  distance  and  microcracking  strongly  supports  the  internal 
necking  mechanism.  A  trend  of  increasing  Xc-value  with  increasing  temperature  or  decreasing  grain 
size  also  support  this  mechanism,  because  a  decrease  in  flow  stress  due  to  smaller  grain  sizes  and/or 
higher  temperatures  is  expected  to  decrease  the  X,c-value. 

3.  4.  Temperature  and  Grain  Size  Dependence  of  Microcracking 

As  expressed  by  Eq.  (1),  the  cavity  separation  distance  is  a  function  of  the  numerical  density  and 
size  of  cavities.  This  means  that  the  onset  strain  of  microcracking  depends  on  cavity  formation* 
and/or  growth  rates.  Figure  6  represents  the  total  cavity  density,  Nact~1Nail (1-Ad)  as  a  function  of 
local  strain.  The  nonlinear  dependence  of  cavity  formation  on  strain  at  E<~0.8€:f  relates  to  a 
constraint  for  growth  of  cavity  nuclei  into  sizes  larger  than  the  current  grain  size  [15],  and  the 
tendency  toward  saturated  density  near  failure  is  due  to  extensive  cavity  coalescence.  The  figure 
demonstrates  that  the  total  cavity  density  depends  strongly  on  temperature  and  grain  size:  the  density 
noticeably  increases  either  with  a  decrease  in  temperature  for  a  given  temperature  or  with  an 
increase  in  grain  size  for  a  given  temperature.  Quantitative  examination  by  SEM  [15]  confirmed  that 
the  temperature  and  grain  size  dependence  of  cavity  formation  reflects  the  dependence  of  cavity 
nucleation  rate  on  these  factors. 

To  get  information  on  cavity  growth  without  interference  from  continuous  cavity  formation,  the 
average  cavity  diameter,  Dav ,  was  evaluated  in  the  tail  of  each  cavity  size  distribution  as 


--ZNadD,/ZNa 

i=j-k  i-]-k 


(2) 


*  Since  the  examination  was  confined  to  cavities  larger  than  1.0  \im,  the  usual  term  cavity  nucleation  was  not  used. 
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Fig.  6  Total  cavity  density  as  a  function  of 
local  true  strain. 


0  1  2 
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Fig.7  Average  cavity  diameter  as  a  function  of 
local  true  strain. 


where  Nac~NJ(l-Ac)  is  the  corrected  numerical  density  of  cavities  in  size  class  i  and;  is  the  largest 
size  cla$s  in  each  size  distribution.  The  range  of  size  class,  k ,  is  determined  so  that  INaci  remains 
constant  for  the  respective  size  distributions  at  different  strains.  Setting  2^=400  mm'2,  which  is 
the  cavity  density  before  deformation,  Eq.  (2)  gave  the  average  cavity  sizes  plotted  in  Fig.  7.  For 
strains  where  extensive  cavity  interlinkage  was  inactive,  a  linear  relationship  holds  between  In  ( Dav ) 
and  e,  in  each  specimen.  This  leads  to  the  following  growth  law,  which  also  appears  in  a  magnesia- 
doped  alumina  [9]  and  a  tetragonal  zirconia  [16]: 


A,v(e)=A^exp(aE),  (3) 

where  Dav0  is  the  diameter  from  which  cavity  growth  obeys  Eq.  (3)  and  a  is  the  rate  constant.  At 
1723-1773  K  for  <^,=0.45-0.95,  both  a- value  and  intersection  to  the  ordinate  are  almost  the  same, 
that  is,  the  growth  behavior  is  almost  the  same  under  these  conditions.  The  data  indicate,  however, 
that  a  lowered  temperature  (1673  K  for  d0=0.45  pm)  or  a  larger  initial  grain  size  (d0= 0.2  pm  at  1773 
K)  enhances  cavity  growth,  since  the  cavity  tends  grow  more  rapidly  to  about  3  pm  than  the 
prediction  of  Eq.  (3)  and  a  larger  a-value  appears  for  d0- 2.0  pm.  Such  a  trend  may  possibly  be 
correlated  with  localized  cavity  coalescence  in  sizes  finer  than  the  resolution  of  optical  microscopy, 
which  was  observed  by  SEM  for  these  cases. 

From  Figs.  5  through  7  and  Eq.  (1),  the  dependence  of  microcracking  and  hence  tensile  ductility 
(Fig.  4(b))  on  temperature  and  grain  size  can  be  explained  as  follows.  For  higher  temperatures  or 
smaller  grain  sizes,  namely  at  1723-1773  K  for  ^=0.45-0.95,  cavity  growth  is  not  closely 
associated  with  a  difference  in  the  onset  strain  of  microcracking.  Under  these  conditions,  the  rate 
of  cavity  formation  controls  the  onset  of  microcracking.  A  lowered  temperature  (1673  K,  d0=OA5 
pm)  or  a  larger  initial  grain  size  (1773  K,  d0-2.0  pm)  enhances  both  growth  and  formation  of 
cavities  and  thereby  decrease  the  onset  strain  of  microcracking  and  tensile  ductility. 

4.  Summary  and  Conclusions 

(1)  In  a  zirconia-dispersed  alumina  with  initial  grain  sizes  of  0.45-2.0  pm,  tensile  failure  during 
superplastic  or  superplastic-like  deformation  at  1673-1773  K  takes  place  through  the  propagation 
of  one  or  more  macroscopic  cracks  in  a  direction  perpendicular  to  the  stress  axis.  Evidence  is 
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obtained  that  the  cracks  do  not  propagate  in  such  a  brittle  manner  as  proposed  in  earlier  work. 

(2)  The  macroscopic  cracks  are  formed  at  strains  larger  than  90-95%  of  failure  strain  by  the 
interlinkage  of  microcracks.  The  microcracks  start  to  occur  as  the  separation  distance  of 
micrometer-sized  cavities  decreased  to  a  certain  level,  indicating  that  internal  necking  of  the  matrix 
between  the  adjacent  cavities  controls  microcracking. 

(4)  The  dependence  of  tensile  ductility  on  temperature  and  grain  size  arises  from  the  dependence 
of  cavity  formation  and  growth  rates  on  these  factors:  lower  temperatures  and  larger  initial  grain 
sizes  enhance  cavity  formation  and/or  growth,  and  thereby  decrease  the  onset  strain  of  microcracking 
and  tensile  ductility. 
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Abstract 

Effect  of  second-phase  particles  upon  the  deformation  behavior  was  studied  using  both  ZrO/TiC 
composite  and  Al20/TiC  composite  whose  contents  of  TiC  varied  from  0  to  26  vol%.  These 
composites  were  deformed  at  a  strain  rate  of  8  X  lO-^"1  and  at  1600  °C,  where  grain  coarsening  of 
matrix  phase  was  expected.  The  flow  stress  of  Zr02/TiC  composite  increased  with  increasing 
fraction  of  TiC,  whereas  elongation  of  the  composite  decreased  with  increasing  TiC  content.  On 
the  contrary  to  the  ZrO/TiC  composite,  the  ALO/TiC  composite  with  8  vol%  TiC  deformed  with 
the  lowest  stress  among  the  other  low  and  high  TiC  content  specimens  and  showed  maximum 
elongation.  Grain  growth  due  to  the  deformation  was  negligible  in  the  specimen  with  26  vol% 
TiC,  whereas  severe  grain  growth  was  observed  in  the  ALO/TiC  composite  with  less  amount  of 
TiC.  It  was  supposed  that  the  role  of  TiC  particles  in  AfrO/TiC  composite  was  inhibition  of  the 
grain  growth  at  high  temperatures.  The  difference  in  the  effects  of  TiC  on  the  deformation 
behavior  of  both  composites  was  discussed  with  both  rheological  model  and  the  pinning  effect  of 
TiC  on  the  grain  growth  of  matrix. 

I.  Introduction 

Superplasticity  of  ATO/TiC  composite  was  reported  by  Katsumura  et  al.  and  Nagano  et  al 
[1,2].  The  composite  is  a  unique  superplastic  ceramics  since  it  consists  of  relatively  large  grains, 
1.2  pm  [2].  However,  there  are  few  studies  of  the  composite  regardless  of  the  uniqueness.  In 
this  study,  effect  of  TiC  content  upon  the  flow  stress  of  the  composite  was  compared  with  that  of 
superplastic-like  ZrO/TiC  composite.  In  general,  grain  size  of  TZP  is  stable  during  the 
superplastic  deformation,  whereas  that  of  alumina  grows  during  the  deformation.  It  is  expected 
that  pining  effect  of  TiC  particles  upon  the  matrix  grains  would  be  significant  in  case  of  Al20/TiC 
composite.  Both  composites  were  deformed  at  1600°C  and  at  a  strain  rate  of  8X 10-4  s”1,  then 
the  effect  of  fraction  of  TiC  particles  upon  the  flow  stress  of  both  composites  was  studied.  The 
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dependence  of  the  flow  stress  upon  the  fraction  of  TiC  was  analyzed  by  combination  of  the 
rheological  model  [3]  with  the  Zener’s  pinning  effect  against  grain  growth  of  matrix  phase  [4]. 


II.  Theory 

(1)  When  grain  size  of  major  phase  is  not  affected  by  minor  phase: 

Flow  stress  of  the  composite  with  hard  inclusion  is  estimated  using  rheological  model  when 
stress  exponent,  n  is  constant  regardless  of  the  fraction  of  minor  phase  [3,5,6]. 

o*=  (1  -f)~2~{nl2)A  X  e  XDP  Eq.  1 

Where  a  is  the  true  stress,  D  is  the  grain  size  of  major  phase,  p  is  the  grain  size  exponent,  e  is  the 
true  strain  rate,  /  is  the  volume  fraction  of  minor  phase  and  A  is  a  constant  depending  on  the 
material.  The  equation  indicates  increment  of  flow  stress  of  the  composite  with  higher  fraction  of 
minor  phase. 

(2)  When  grain  size  of  major  phase  is  controlled  by  minor  phase  whose  growth  rate  is  slower  than 
that  of  major  phase: 

Grain  size  of  the  major  phase  is  known  to  follow  the  Zener’s  relation  [4,7,8], 

D  =  4df(3f)  Eq.  2 

where  d  is  the  grain  size  of  minor  phase.  Then  the  flow  stress  of  the  composite  is  estimated  as 
follows: 

-f)~2~(ttl2)AX  s  X{4d/(3f)}p  Eq.  3 

When  the  composite  with  different  fraction  of  minor  phase  is  deformed  under  the  same  condition, 
i.e.,  deformation  temperature  and  strain  rate,  dependence  of  the  flow  stress  upon  the  fraction  of 
minor  phase  is  estimated  as  follows: 

o-  (I-/  )~W- 1/2 f  ~pht  X  d  p!"  {  e  X  A  X  (4/3)  p  } 1/H  Eq.  4 


III.  Experimental  procedure 

The  starting  powder  of  the  Zr02  composite  was  fine-grained  co-precipitated  zirconia 
containing  3  mol%  of  yttria  in  solid  solution  (TZ-3Y,  Tosoh,  Tokyo,  Japan)  with  an  average 
particle  size  of  0.027pm.  TiC  powder  (TiC-007N,  Nippon  Shin-kinzoku,  Japan)  with  an  average 
grain  size  of  0.63  pm  was  added  to  the  matrix  powder.  The  fraction  of  TiC  was  varied  from  0  to 
26  vol%.  The  powders  were  mixed  using  ball-mill  with  zirconia  balls  for  24h  in  ethanol.  The 
mixed  powder  was  hot-pressed  with  a  graphite  resistance  furnace  (Hi-Multi  5000,  Fuji-dempa, 
Japan)  in  vacuum  under  compressive  stress  of  30MPa  for  30  min.  The  sintering  temperature  of 
the  monolithic  ZrO,  was  1400°C,  whereas  those  of  the  composites  with  8  and  26  vol%  were  1450 
and  1550  °C,  respectively.  The  relative  densities  of  the  composites  were  >  98%.  X-ray 
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diffraction  of  the  specimen  revealed  that  the  main  phase  of  Zr02  was  tetragonal  and  that  small 
amount  of  cubic  phase  existed. 

A^O/TiC  composite  was  synthesized  from  high-purity  (>99.99%)  alumina  (TM-D,  Taimei 
Chemicals,  Tokyo,  Japan)  with  an  average  particle  size  of  ^0.2  pm.  The  same  TiC  powder 
mentioned  above  was  added  to  the  matrix  powder.  An  amount  of  TiC  was  0,  0.8,  2.4,  8  and  26 
vol%.  The  synthesis  procedure  of  the  composite  was  almost  the  same  as  that  of  the  Zr02/TiC 
composite  except  hot-pressing  temperature.  The  hot-pressing  temperature  of  the  monolithic 
A1203  and  that  of  the  Al20/TiC  composite  was  varied  from  1250  to  1650  °C  according  to  the 
fraction  of  TiC,  which  was  determined  to  obtain  the  relative  density  of  the  composite  of  more  than 
95%. 

The  tensile  specimens  were  diamond-machined  from  the  as-sintered  plates.  The  tensile 
specimens  had  the  gage  length  of  10  mm  and  rectangular  cross  section  of  2  mm  X  2  mm.  Tensile 
tests  at  a  constant  cross-head  speed  were  conducted  in  vacuum  at  1600°C,  using  a  universal  testing 
machine.  The  initial  strain  rate  was  8X10~4s~\  The  elongation  of  the  specimens  was 
measured  from  the  displacement  of  the  cross-head.  The  polished  surfaces  of  both  the  as-sintered 
and  the  deformed  Zr02/TiC  composites  were  thermally  etched  in  vacuum  at  1400  °C  for  10^20 
min.  ALO/TiC  composite  was  also  etched  at  1300  °C  for  5^20  min.  The  surfaces  of  the 
deformed  specimens  contained  the  tensile  axis.  Microstructure  of  the  as-sintered  and  the 
deformed  specimens  was  observed  by  scanning  electron  microscopy  (S800,  S3500,  Hitachi, 
Japan). 


IV.  Results  and  discussion 

(1)  Deformation  behavior  of  Zr02/TiC  composite 

Fig.l  shows  the  deformation  behavior  of  Zr02/TiC  composite  at  1600°C.  The  flow  stress  of 
the  composite  increased  with  increasing  TiC  content,  whereas  the  elongation  at  fracture  decreased 
at  higher  ratio  of  TiC.  It  is  supposed  that  hard  TiC  particles  [9,10]  suppressed  the  superplastic¬ 
like  flow  of  TZP. 

Fig.  2  shows  the  microstructure  of  the  composite  both  before  and  after  the  deformation.  The 
grain  sizes  of  the  as-sintered  Zr02/TiC  composite  of  0,  8  and  26  vol%  TiC  were  0.4,  0.5  and  0.6 
pm,  respectively.  Little  grain  growth  occurred  after  the  deformation  of  each  composite.  After 
the  deformation,  the  grain  size  of  monolithic  TZP  was  larger  than  that  of  the  composites.  This 
may  be  attributed  to  3  times  longer  deformation  time  of  the  monolithic  specimen  than  that  of  the 
composite.  It  is  supposed  that  the  grain  size  of  the  composite  and  monolithic  at  a  small  strain 
was  almost  the  same.  Then,  grain  growth  of  Zr02  phase  was  slightly  affected  by  the  presence  of 
TiC  particles.  Okada  et  al.  showed  that  little  difference  was  observed  in  the  growth  rate  of 
zirconia  particles  in  the  pure  TZP  and  in  the  TZP  with  6.7  vol%  A120,  [8].  They  attributed  the 
small  effect  of  alumina  grain  upon  the  growth  of  zirconia  grain  to  sluggish  grain  growth  of 
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zirconia  particles.  Therefore,  it  is  reasonable  to  suppose  that  the  little  influence  of  TiC  particles 
upon  grain  growth  of  zirconia  in  the  ZrO/fiC  composite  was  also  caused  by  sluggish  grain  growth 
of  zirconia  particles. 

The  dependence  of  the  flow  stress  upon  the  fraction  of  TiC  is  shown  in  Fig.  3,  where  the  strain 
is  0.03.  The  observed  stress  exponent  (n)  of  the  Zr02/  8  vol%  TiC  composite  was  2.1,  which  was 
almost  the  same  as  that  of  reported  value  for  3Y-TZP.  Then  the  flow  stress  of  the  Zr02/TiC 
composite  was  calculated  with  Eq.  1  by  assuming  that  grain  size  exponent  p= 2  (solid  line  in  Fig. 
3).  It  is  clear  that  the  rheological  model,  i.e.  Eq.  1,  is  valid  for  the  Zr02/TiC  composite.  Wakai 
et  al.  reported  the  effect  of  fraction  of  alumina  upon  the  superplasticity  of  TZP/A1203  composite 
[6,11].  They  indicated  that  larger  fraction  of  alumina  increased  the  flow  stress  of  the  composite 
and  that  rheological  model  which  was  proposed  by  Chen  [3]  was  effective  to  analyze  the 
superplastic  behavior  of  the  composite.  All  these  results  reveal  that  the  effect  of  TiC  in  Zr02/TiC 
composite  is  suppression  of  the  grain  boundary  sliding. 

It  is  strange  that  the  observed  elongation  of  the  monolithic  Zr02  was  c.a.  1/3  of  that  of  3Y-TZP 
reported  by  Wakai  et  al  [12].  The  origin  of  the  small  elongation  of  our  sample  might  be  our 
unique  synthesize  procedure  of  the  samples  since  3Y-TZP  is  usually  fabricated  in  air,  whereas  our 
samples  were  hot-pressed  using  graphite  jig.  Koike  et  al.  reported  that  the  deformation  behavior 
of  MgO-doped  alumina  was  affected  by  the  segregation  of  carbon  impurity  at  the  grain  boundary 
[13].  They  explained  that  the  origin  of  the  contamination  of  carbon  was  a  graphite  susceptor 
which  was  used  in  HIPing  the  samples  [14].  Farther  experiments  to  clarify  the  effect  of  carbon 
impurity  on  the  superplastic  behavior  of  the  3Y-TZP  are  now  on  going  [15]. 


(2)  Deformation  behavior  of  AFO/TiC  composite 

Fig.4  shows  the  true  strain  versus  true  stress  curves  of  the  Al203/TiC  composite  tested  at 
1600°C.  The  monolithic  A1203  fractured  immediately  after  start  of  the  test  and  plastic  behavior 
was  not  observed.  When  the  fraction  of  TiC  was  below  8  vol%,  the  flow  stress  of  the  composite 
decreased  with  increasing  TiC  content  and  the  elongation  increased,  concurrently.  In  contrast,  the 
flow  stress  increased  above  8  vol%  TiC  composite  and  the  elongation  decreased,  concurrently. 
These  phenomena  were  against  the  prediction  from  the  rheological  model  described  in  section  II. 
(!)• 

Fig.  5  shows  the  microstructure  of  the  composite  both  before  and  after  the  deformation. 
Before  the  deformation,  grain  size  of  the  major  phase  of  the  composite  decreased  from  2.5  to  1.2 
pm  with  increasing  the  fraction  of  TiC.  The  decrease  in  the  grain  size  of  matrix  with  increase  of 
TiC  content  regardless  of  higher  sintering  temperature  indicates  that  grain  growth  of  alumina 
during  sintering  was  suppressed  by  pinning  effect  of  TiC  particles.  However,  the  pinning  effect 
of  TiC  in  A120 J  26  vol%  TiC  composite  was  not  so  significant  as  expected.  This  is  probably 
caused  by  the  agglomeration  of  TiC  particles  in  A1203/  26  vol%  TiC  composite.  In  A12CV26 
vol%  TiC  composite,  2~3  TiC  particles  coalesced  into  a  large  grain  whose  size  was  c.a.  1.5  times 
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larger  than  the  size  of  TiC  particles  in  other  composites  with  lower  content  of  TiC.  Large  grain 
growth  was  observed  after  the  deformation  of  both  the  monolithic  and  the  composite  with  lower 
fraction  of  TiC.  Grain  growth  was  slightly  observed  in  the  composite  with  higher  content  of  TiC. 
It  is  obvious  that  grain  growth  was  inhibited  by  the  TiC  particles. 

Xue  and  Chen  examined  the  superplastic  deformation  of  A1203  composite  with  Zr02  in 
temperature  range  of  1200  to  1400  °C  [16].  He  showed  that  second-phase  particles  inhibited  the 
grain  growth  of  matrix  during  deformation  and  improved  the  superplasticity.  The  reduction  of 
the  flow  stress  of  AljO/TiC  may  be  explained  by  the  pining  effect  of  TiC  as  well.  It  is 
reasonable  to  suppose  that  the  simple  rheological  model  is  not  suitable  to  analyze  the  dependence 
of  the  flow  stress  upon  the  TiC  content  since  grains  size  differed  depending  on  the  content  of  TiC. 

Okada  et  al.  examined  the  grain-size  distribution  in  ALCyZrO,  generated  by  high-temperature 
annealing  [8].  They  showed  the  constant  ratio  of  grain  size  of  alumina  to  that  of  zirconia  in 
ALO3/  6.7  vol%  TZP  regardless  of  annealing  time.  It  is  considered  that  growth  rate  of  alumina 
grain  in  the  composite  is  controlled  by  the  zirconia  grains.  The  relation  of  grain  size  of  major 
phase  and  minor  phase  follows  Zener’s  equation  in  their  experiments.  Then,  the  grain  size  of 
alumina  grain  in  the  ALO/TiC  composite  also  can  be  approximated  by  using  Zener’s  equation 
[15].  The  rheological  model  used  in  Eq.  (4)  is  based  on  the  assumption  that  the  minor  phase  is 
harder  than  major  phase.  TiC  is  harder  than  A1203  at  1600°C  [17].  Therefore,  Eq.  (4)  is 
appropriate  to  analyze  the  tendency  of  flow  stress  in  the  AbOyTiC  composite  with  different  TiC 
content. 

The  flow  stress  at  e  =0.03  are  plotted  against  the  fraction  of  TiC  in  Fig.  6.  The  flow  stress 
was  calculated  by  substituting  the  observed  stress  exponent  n  =2.4  into  Eq.  4  and  by  assuming  that 
the  grain  size  exponent  p= 2[18](line  in  the  Fig.  6),  From  these  results,  it  is  clear  that  the 
suppressed  grain  growth  due  to  TiC  particles  reduces  the  flow  stress  of  the  composite,  whereas  the 
large  addition  of  TiC  cancels  the  merit  of  small  grain  size  since  the  resistance  against  grain¬ 
boundary  sliding  is  increased  by  hard  TiC  particles. 


V.  Summary 

In  order  to  study  the  effect  of  TiC  particles  on  the  deformation  behavior  of  oxide  composite, 
both  ZrOVTiC  and  Al203/TiC  composites  were  synthesized  by  hot  pressing.  The  content  of  TiC 
in  the  composites  was  varied  from  0  to  26  vol%.  These  composites  were  deformed  at  1600°C 
under  tensile  stress  with  initial  strain  rate  of  8X10”4s  \  Effects  of  TiC  particles  upon  the  flow 
stress  of  both  the  composites  were  compared.  In  the  case  of  ZrOVTiC  composite,  the  flow  stress 
increased  with  increasing  the  fraction  of  TiC,  whereas  the  elongation  of  the  composite  decreased. 
On  the  contrary,  the  flow  stress  of  the  AbO/TiC  composite  went  through  minimum  when  the 
fraction  of  TiC  was  around  8  vol%.  The  grain  growth  of  alumina  during  both  the  sintering  and 
the  deformation  was  suppressed  when  TiC  content  increased.  The  reduction  of  the  flow  stress 
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due  to  small  amount  of  TiC  in  the  Al203/TiC  composite  was  attributed  mainly  to  the  pinning  effect 
of  TiC  particles  against  the  grain  growth  of  alumina.  The  increment  in  the  flow  stress  at  higher 
fraction  of  TiC  was  accounted  by  the  increased  resistance  against  grain-boundary  sliding  that 
canceled  the  merit  of  small  grain  size.  The  dependence  of  the  flow  stress  upon  the  fraction  of  the 
TiC  could  be  explained  quantitatively  with  the  combined  equation  of  the  rheological  model  and 
Zener’s  pinning  effect  on  the  grain  growth  of  matrix  particles. 
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True  strain 

Fig.  1.  Deformation  behavior  of  Zr02/TiC 
composite  at  initial  strain  rate  of  8X10“4s~l 
and  at  1600°C.  Volume  fraction  of  TiC  are  a:  0, 
b:  8  and  c:  26  %,  respectively. 


Content  of  minor  phase 

Fig.  3.  Dependence  of  the  flow  stress  upon  the 
fraction  of  TiC  at  true  strain,  e=0.03.  The 
line  shows  the  calculated  flow  stress  using  Eq. 


monolithic  Zr02  Zr02/  26vol%  TiC  composite 

Fig.  2.  SEM  micrographs  of  Zr02/TiC  composite  both  before  (upper  two)  and  after  the 
deformation  (lower  two).  The  dark  and  bright  contrasts  correspond  to  TiC  and  Zr02  grains. 


Dark  spots  in  ZrO 2/  26vol%  TiC  composite  before  deformation  are  probably  pores  caused  by 
thermal  etching. 
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Fig.  4.  Deformation  behavior  of  AkCyTiC 
composite  at  initial  strain  rate  of  8  X 10  4  s  1 
and  at  1600°C.  Volume  fraction  of  TiC  are  a: 
0,  b:  0.8,  c:.2.4,  d:  8  and  e:  26  %,  respectively. 


Content  of  minor  phase 

Fig.  6.  Dependence  of  the  flow  stress  upon  the 
fraction  of  TiC  at  true  strain,  e  =0.03.  The 
line  indicates  calculated  flow  stress  using  Eq. 
4. 


A1203/  0.8  vol%  TiC  composite  Al2(y  8vol%  TiC  composite 
Fig.  5.  SEM  micrographs  of  Al20/riC  composite  both  before  (upper  two)  and  after  the 
deformation  (lower  two).  The  dark  and  bright  contrasts  correspond  to  A1203  and  TiC  grains. 


For  correspondence  with  readers:  H.  Miyazaki,  e-mail:  hmiyazak@oxc.titech.ac.jp, 

Fax:  +81-3-5734-3352 


Key  Engineering  Materials  Vols.  171-174  (2000)  pp.  779-786 
©2000  Trans  Tech  Publications,  Switzerland 


Is  there  Diffusion  Creep  in  Alumina? 

R.S.  Kottada  and  A.H.  Chokshi 

Department  of  Metallurgy,  Indian  Institute  of  Science,  Bangalore  560  012,  India33 
Keywords:  Grain  Growth,  Grain  Shape,  Stress  Exponent,  Alumina,  Diffusion  Creep 


Abstract  Although  early  studies  on  polycrystalline  alumina  attributed  creep  to  diffusional 

processes,  a  re-analysis  of  the  data  and  additional  experimental  results  indicated  that  the  creep 

•  • 

behavior  was  non-linear,  with  a  stress  exponent  of  n~2,  where  £  oc  <jn  and  s  and  a  are  the  strain 
rate  and  stress,  respectively.  Recently,  there  has  been  renewed  interest  in  characterizing  the 
mechanical  properties  of  alumina-based  ceramics,  in  view  of  the  possibility  of  obtaining 
superplastic-like  large  elongations  in  such  materials.  However,  the  occurrence  of  concurrent  grain 
growth  and  extensive  cavitation  has  precluded  a  complete  characterization  of  the  mechanisms  of 
tensile  flow.  This  paper  reviews  some  of  the  earlier  studies,  and  then  describes  results  from  recent 
experimental  results  on  alumina  doped  with  300  ppm  magnesia.  The  mechanical  testing  was 
accompanied  by  detailed  micro  structural  investigations  on  grain  growth,  changes  in  grain  shape  and 
cavitation.  These  experimental  results  and  appropriate  analysis  are  used  to  critically  examine  the 
possibility  of  diffusion  creep  in  polycrystalline  alumina. 

Introduction  The  time  dependent  plastic  deformation  of  materials,  termed  creep,  is  an  important 
design  criterion  for  structural  applications  at  elevated  temperatures.  Creep  deformation  can  occur 
generally  by  the  movement  of  dislocations,  grain  boundary  sliding  and  diffusion  creep  processes 
[1].  High  temperature  deformation  can  be  characterized  in  terms  of  the  following  rate  equation: 


ADGbf  b'' 

P 

M 

kT  UJ 

^gJ 

where  s  is  the  strain  rate,  A  is  a  dimensionless  constant,  D  is  the  appropriate  diffiisivity,  G  is  the 
shear  modulus,  b  is  the  magnitude  of  the  Burgers  vector,  k  is  Boltzmann's  constant,  T  is  the 
absolute  temperature,  d  is  the  grain  size,  p  is  the  inverse  grain  size  exponent,  a  is  the  stress  and  n  is 
termed  the  stress  exponent.  The  diffusion  coefficient  may  be  expressed  as  D=Do  exp(-Q/RT), 
where  D0  is  a  frequency  factor,  Q  is  the  activation  energy  and  R  is  the  gas  constant. 

Theoretically,  it  is  anticipated  that  at  sufficiently  low  stresses,  where  dislocation  mobility  is 
limited,  deformation  will  occur  largely  by  diffusion  creep  mechanisms.  Consequently,  an 
understanding  of  diffusion  creep  mechanisms  is  a  matter  of  considerable  interest,  from  both 
theoretical  and  practical  viewpoints.  The  theoretical  foundations  of  diffusion  creep  processes  were 
developed  over  fifty  years  ago,  and  there  are  no  significant  arguments  regarding  the  theoretical 
basis  for  diffusion  creep  models  [2-4].  An  application  of  stress  biases  the  production  of  vacancies 
on  grain  boundaries,  so  that  the  vacancy  concentration  is  either  increased  or  decreased  over  the 
thermal  equilibrium  value  with  the  application  of  a  tensile  or  compressive  stress  component.  The 
gradient  in  vacancy  concentration  then  leads  to  a  flow  of  vacancy,  and  this  process  is  termed 
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diffusion  creep.  The  Nabarro-Herring  creep  model  [2,3]  involves  vacancy  flow  through  the  lattice 
whereas  the  Coble  model  [4]  involves  vacancy  flow  along  grain  boundaries.  While  both  models 
lead  to  a  stress  exponent  of  n=l,  the  Nabarro-Herring  process  involves  Q=Ql  and  p=2  whereas  the 
Coble  model  leads  to  Q=Qgb  and  p=3;  here  QL  and  QGb  are  the  lattice  and  grain  boundary 
activation  energies,  respectively. 

Recently,  there  has  been  considerable  debate  in  the  literature  regarding  the  experimental 
validity  of  the  diffusion  creep  models,  and  various  discrepancies  have  been  noted  between  the 
theoretical  expectations  and  the  experimental  observations  [5-8]. 

In  contrast  to  metallic  materials,  there  have  been  numerous  reports  of  stress  exponent  of  ~1 
in  ceramics,  and  these  have  been  attributed  largely  to  diffusion  creep  mechanisms  [1].  As  noted 
elsewhere,  these  observations  arise  probably  from  the  fine  grain  sizes  of  ceramics  that  are  produced 
usually  from  powders,  and  the  possibility  of  a  change  in  the  rate  controlling  diffusing  ion  so  that 
the  transition  from  diffusion  to  dislocation  creep  is  increased  to  higher  stress  levels  [1], 

Following  preliminary  studies  on  the  torsional  creep  behavior  of  alumina  in  the  1950's 
[9,10],  creep  experiments  conducted  largely  in  bending  mode  revealed  a  stress  exponent  of  n~l 
[11,12],  and  such  data  were  attributed  to  either  Nabarro-Herring  or  Coble  diffusion  creep.  A 
reanalysis  of  the  early  data  and  more  recent  experimental  results  indicated  that  deformation  in 
alumina  was  associated  more  with  a  stress  exponent  of  n~2  [13-15].  These  experimental  results 
have  been  attributed  variously  to  grain  boundary  sliding,  interface  reaction  controlled  diffusion 
creep  and  a  transition  from  diffusion  creep  to  dislocation  creep. 

The  fine  grain  size  of  alumina,  the  measurement  of  a  significant  contribution  by  grain 
boundary  sliding  [16]  and  a  stress  exponent  of  n~2  are  all  factors  consistent  with  reports  of 
superplasticity  in  metallic  alloys  [17,18].  Consequently,  there  has  been  renewed  interest  in 
characterizing  the  tensile  creep  properties  of  alumina,  following  the  observation  of  large  strains  in 
compression  [19,20]  and  the  large  ductility  reported  in  zirconia  based  ceramics  [21-23].  The 
occurrence  of  significant  grain  growth  and  extensive  cavitation  has  precluded  the  complete 
characterization  of  the  deformation  characteristics  of  polycrystalline  alumina  [24-27]. 

The  present  report  describes  experimental  results  from  a  recent  study  on  alumina  doped 
with  300  ppm  magnesia.  Following  the  pioneering  work  by  Coble  [28],  it  is  recognized  that 
magnesia  doping  assists  densification  of  alumina,  and  the  retention  of  a  fine  and  uniform  grain  size. 
The  mechanical  testing  is  accompanied  by  detailed  micro  structural  characterization  in  terms  of 
changes  in  grain  size  and  shape  as  well  as  cavitation. 

Experimental  Materials  and  Procedures  Alumina  powders  doped  with  300  ppm  magnesia  were 
obtained  from  Ceralox,  U.S.A.  Flat,  dog-bone  shaped  tensile  specimens  were  prepared  by  cold 
pressing  and  sintering  at  1773  K  for  4  hours,  using  a  procedure  described  elsewhere  [29].  Selected 
specimens  were  annealed  at  temperatures  between  1773  and  1873  K  for  periods  up  to  10  hours  for 
characterizing  static  grain  growth. 

Tensile  testing  was  conducted  on  a  modified  Instron  machine  operating  at  a  constant  cross 
head  velocity.  The  specimens  were  soaked  at  1773  K  for  one  hour,  and  then  taken  quickly  to  the 
testing  temperature  prior  to  loading.  Most  of  the  specimens  were  pulled  to  failure  -over  a  range  of 
conditions.  Tests  on  selected  specimens  were  interrupted  prior  to  failure  for  characterizing 
micro  structural  evolution.  Densities  of  the  gauge  sections  of  deformed  specimens  were  measured 
using  Archimedes  principle. 
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The  gauge  and  the  gripping  sections  of  deformed  specimens  were  polished 
metallographically,  and  etched  thermally  at  1723  K  for  one  hour.  Quantitative  image  analysis 
techniques  were  used  to  determine  the  mean  grain  size  parallel  (L})  and  perpendicular  (L2)  to  the 

2  I/3 

tensile  axis.  The  mean  linear  intercept  grain  size  was  defined  as  d  =  (. LXL2 )  ,  and  the  grain 
aspect  ratio  was  defined  as  Li/L2.  Scanning  electron  microscopy  was  utilized  for  characterizing 
cavitation. 

Experimental  Results 

Initial  Material  Characterization  Figure  la  is  a  scanning  electron  micrograph  of  the  as-sintered 
■specimen,  illustrating  a  reasonably  uniform  and  equiaxed  grain  size  and  a  lack  of  porosity.  The 
density  of  the  as-sintered  specimens  were  estimated  to  be  >99%,  based  on  a  theoretical  full  density 
of  3.96  Mgm  m*3  for  pure  alumina.  The  as-sintered  grain  size  was  2.0±0.1  pm,  and  the  aspect  ratio 
(L1/L2)  was  1.06+0.05.  Since  cavities  nucleate  frequently  at  very  coarse  grains  in  a  fine 
microstructure,  it  was  necessary  to  characterize  the  distribution  of  grain  sizes  in  the  material 
[30,31].  Figure  lb  is  a  histogram  depicting  the  frequency  distribution  of  grain  sizes  in  an  as- 
sintered  specimen;  the  distribution  is  clearly  log-normal,  and  there  was  no  evidence  for  abnormally 
large  grains  in  the  micro  structure. 


Since  grain  growth  is  a  very  common  occurrence  during  high  temperature  deformation  in 
fine  grained  materials,  the  static  grain  growth  characteristics  were  obtained  oyer  a  range  of 
annealing  times  and  temperatures.  Grain  growth  is  usually  represented  in  a  form:  dN  -d*  =  K  t , 


where  do  is  the  initial  grain  size,  d  is  the  grain  size  at  time  t,  and  Kg  is  a  constant.  The  temperature 
dependence  of  grain  growth  can  be  expressed  as  Kg=Ko  exp  (-Qg/RT),  where  K0  is  a  constant  and 
Qg  is  the  activation  energy  for  grain  growth.  Analysis  of  all  the  data  revealed  that  values  of  N 
between  2  and  4  all  yielded  fits  with  regression  coefficients  of  >0.99.  Using  N=3,  the  present 
analysis  yielded  a  value  of  Kg  ~2xl0‘21  mV1,  and  an  activation  energy  Qg~630  kJ  mol*1. 


Fig.  1  Scanning  electron  micrograph  of 
as-sintered  specimen. 


0  1  23  4  5678 

Grain  size  (pm) 


Fig.  2  Grain  size  distribution  in  an  as-sintered 
specimen. 
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Microstructural  Observations  Concurrent  cavitation  was  noted  in  deformed  specimens  by  both 
density  measurements  as  well  as  microstructural  characterization.  Figure  3a  is  a  scanning  electron 
micrograph  illustrating  the  formation  of  voids  during  tensile  deformation.  The  cavities  appear  to 
nucleate  predominantly  at  triple  points,  and  grow  into  grain  boundary  facet  cracks  perpendicular  to 
the  tensile  axis,  in  a  manner  similar  to  a  superplastic  zirconia-alumina  composite  [32].  Density 
measurements  indicated  that  the  levels  of  cavitation  varied  from  ~1  to  6%  depending  on  the 
experimental  conditions. 


Concurrent  grain  growth  was  observed  under  all  experimental  conditions.  However,  as 
illustrated  in  Fig.  3b,  measurements  revealed  that  the  grain  sizes  were  essentially  identical  in  the 
deformed  gauge  sections  and  the  undeformed  gripping  sections,  thereby  indicating  that  grain 
growth  was  essentially  a  time  related  process.  In  view  of  this  observation,  additional  small  pieces' 
of  the  as-sintered  specimens  were  annealed  for  periods  corresponding  to  the  times  taken  to  reach 
the  maximum  stresses  during  tensile  testing,  and  these  grain  sizes  are  referred  to  as  dm  in 
subsequent  analysis.  Measurements  revealed  also  that  the  grains  retained  their  equiaxed  shapes 
after  significant  tensile  deformation  (fig.  3a),  with  the  grain  aspect  ratio  ranging  from  0.97  to  1.04 
for  all  specimens  tested  with  an  initial  grain  size  of  2.0  pm. 


Fig.  3a  Scanning  electron  micrograph  depicting 
cavitation  and  retention  of  equiaxed  grain  size; 
the  tensile  axis  is  vertical. 


Fig.  3b  Variation  in  final  grain  sizes  in 
the  gauge  and  gripping  sections  of  specimens 
tested  at  1773  and  1823  K. 


Mechanical  Properties  Figure  4  illustrates  the  shapes  of  the  tensile  specimens  during  processing 
and  after  superplastic  deformation.  The  top  specimen  is  in  the  as-pressed  green  state  whereas  the 
middle  specimen  is  in  the  as-sintered  state,  ready  for  tensile  testing.  The  bottom  specimen  depicts 
the  uniformity  of  deformation  under  optimum  conditions,  corresponding  to  an  elongation  to  failure 
of  44%. 

The  variation  in  flow  stress  with  elongations  is  shown  in  Fig.  5  for  specimens  with  different 
initial  grain  sizes  from  2.0  to  4.9  pm  tested  at  1823  K  and  an  initial  strain  rate  of  3.5xl0'5  s*1.  In 
general,  high  strain  rates,  low  temperatures  and  coarser  grain  sizes  led  to  a  sharp  peak  in  the  flow 
behavior.  At  lower  strain  rates,  higher  temperatures  and  finer  grain  sizes,  the  data  seemed  to  favor 
steady-state  type  behavior. 
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Fig.  6  Variation  with  stress  in  strain  rate  (right  axis)  and  grain  size  compensated  strain  rate  (left 
axis)  for  specimens  with  an  initial  grain  size  of  2.0  pm  tested  at  1823  K. 
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Figure  6  illustrates  the  variation  in  strain  rate  with  stress  on  a  logarithmic  scale  (right  axis); 
the  stresses  correspond  to  the  maximum  values  noted  from  appropriate  stress-strain  curves.  The 
slope  of  the  curve  gives  a  stress  exponent  of  n~1.7.  However,  it  is  clear  from  eqn.  1,  that  the  stress 
exponent  can  be  calculated  in  such  a  manner  only  when  the  temperature  and  grain  size  are  kept 
constant.  As  noted  in  Fig.  3b,  there  was  considerable  grain  growth  during  tensile  testing,  and  the 
level  of  grain  growth  varied  with  testing  time.  Consequently,  it  is  necessary  to  compensate  the  data 
for  varying  grain  sizes. 

Experiments  such  as  those  shown  in  Fig.  5  were  utilized  to  characterize  the  inverse  grain 
size  exponent  p.  Logarithmic  plots  of  flow  stress  versus  grain  sizes  at  maximum  stress,  at  two 
different  strain  rates,  yielded  an  average  value  of  p~3  [33], 

From  eqn.  1,  it  follows  that  variations  in  grain  size  during  testing  can  be  compensated  by 

plotting  data  in  the  format  sd^w s  a  on  a  logarithmic  scale.  The  grain  growth  compensated  data 
are  also  shown  in  Fig.  6,  with  a  value  of  p=3.  It  is  clear  that  when  grain  growth  is  taken  into 
account,  the  true  stress  exponent  for  deformation  is  n=l. 3+0.2,  which  is  close  to  the  value 
anticipated  for  diffusion  creep  (n=l). 

Discussion  Microstructurai  observations  and  quantitative  measurements  of  grain  size  distributions 
did  not  reveal  the  development  of  abnormally  coarse  grains,  so  that  ductility  was  not  limited  by  the 
formation  of  cavities  at  such  sites. 

Many  of  the  early  studies  on  alumina  reporting  values  of  n  in  the  range  of  ~1  to  2  were 
performed  in  3-point  or  4-point  bending  mode  [11-16].  As  recognized  now,  the  analysis  of  such 
data  is  quite  complex,  in  view  of  the  possible  differences  in  cavitation  and  deformation  behavior  in 
tension  and  compression  [34]. 

Many  recent  studies  in  tension  in  alumina-based  materials  have  noted  the  occurrence  of 
grain  growth.  The  stress  exponents  reported  under  such  conditions  have  typically  been  in  the  range 
of -1.7  to  2.1  [24-27],  However,  as  clear  from  eqn.  1,  and  demonstrated  above  in  Fig.  6,  the 
occurrence  of  grain  growth  can  lead  to  errors  in  determination  of  the  stress  exponent.  Detailed 
analysis  of  the  present  data,  incorporating  grain  growth,  shows  clearly  that  the  material  is 
deforming  with  a  true  stress  exponent  of  n~l,  which  is  consistent  with  diffusion  creep. 

The  grain  size  dependence  of  creep  is  given  by  the  exponent  p~3,  which  is  consistent  with 
Coble  diffusion  creep,  involving  vacancy  flow  along  grain  boundaries.  Since  alumina  is 
stoichiometeric  and  has  a  high  energy  for  defect  formation,  it  acts  as  a  highly  extrinsic  material; 
consequently,  it  is  anticipated  that  the  diffusion  coefficients  will  vary  significantly  with  the  exact 
levels  of  additives  and  trace  impurities.  In  view  of  this  behavior,  and  the  considerable  variations 
reported  in  the  activation  energies  for  diffusion  in  alumina,  it  is  not  possible  to  utilize 
measurements  of  activation  energies  to  confirm  grain  boundary  diffusion  control  of  creep 
deformation. 

One  of  the  major  predictions  of  standard  diffusion  creep  models  is  that  the  grains  will 
elongate  along  the  tensile  axis.  In  most  experimental  studies  attributed  to  diffusion  creep,  the  strain 
rates  for  deformation  are  relatively  slow  and  the  total  strains  accrued  are  very  limited. 
Consequently,  it  has  not  been  possible  to  experimentally  evaluate  critically  the  existence  of  grain 
elongation  along  the  tensile  axis.  In  the  present  study,  substantial  elongations  of  up  to  44%  were 
obtained,  so  that  significant  grain  elongation  is  anticipated.  However,  in  contrast  to  anticipated 
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grain  aspect  ratios  of  up  to  -1.7,  the  experimental  measurements  indicate  clearly  that  grains 
essentially  maintain  their  original  equiaxed  shapes. 

It  is  argued  below  that  grain  elongation  is  not  likely  during  diffusion  creep.  In  general, 
diffusion  creep  involves  mass  transport  over  distances  on  the  order  of  the  grain  sizes,  whereas  grain 
growth  involves  mass  transport  over  much  shorter  distances.  Therefore,  conditions  favoring 
diffusion  creep  are  also  likely  to  encourage  grain  growth.  Consequently,  it  is  anticipated  that  grain 
growth  will  occur  concomitantly  with  diffusion  creep.  As  recognized  earlier  by  Smith  [35]  and 
Burke  and  Turnbull  [36],  grain  growth  topologically  involves  the  elimination  of  small  grains  in  a 
distribution  as  well  as  exchange  of  grain  neighbors.  This  process  is  similar  to  the  model  developed 
by  Ashby  and  Verrall  [37]  for  superplasticity  essentially  involving  diffusion  creep  with  grain 
exchange.  It  is  suggested  that  the  process  of  grain  rearrangement,  occuring  as  a  consequence  of 
grain  growth,  will  mask  the  development  of  an  elongated  grain  structure  during  diffusion  creep. 
Consequently,  the  retention  of  an  equiaxed  grain  shape  is  not  inconsistent  with  the  occurrence  of 
diffusion  creep. 

Lifshitz  [38]  pointed  out  that  grain  boundary  sliding  must  accompany  diffusion  creep  in 
order  to  maintain  grain  contiguity.  In  a  parallel  study  on  compression  creep  on  the  same  batch  of 
alumina,  micro  structural  surface  observations  on  polished  and  deformed  specimens  provided  ample 
evidence  for  the  occurrence  of  grain  boundary  sliding. 

It  is  clear  from  the  above  discussions  that  the  tensile  deformation  and  microstructural 
characteristics  of  polycrystalline  alumina  doped  with  300  ppm  magnesia  are  consistent  with  Coble 
diffusion  creep. 

Summary  and  Conclusions 

Tensile  experiments  at  elevated  temperatures  indicate  that  deformation  in  magnesia  doped 
alumina  is  associated  with  a  stress  exponent  of  —1.7.  However,  microstructural  examination 
reveals  that  there  is  considerable  grain  growth  during  the  tensile  deformation  of  polycrystalline 
alumina.  When  the  mechanical  data  are  corrected  for  concurrent  grain  growth,  it  is  noted  that  the 
true  stress  exponent  for  deformation  is  —1.3.  The  stress  exponent  of  — 1  and  a  inverse  grain  size 
exponent  of -3  are  consistent  with  deformation  by  diffusion  creep.  It  is  argued  that  the  occurrence 
of  concurrent  grain  growth,  and  the  associated  grain  rearrangement,  will  mask  the  appearance  of 
grain  elongation,  so  that  microstructural  observations  indicating  a  retention  of  an  equiaxed  grain 
shape  as  well  as  grain  boundary  sliding  are  also  consistent  with  deformation  by  diffusion  creep. 
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Abstract.  Compressive  deformation  experiments  were  carried  out  at  temperatures  T  ~  0.5  Tm  over 
a  range  of  stresses  and  strain  rates  on  fully  dense  samples  of  nanocrystalline  4  mol%  Y203 -parti ally 
stabilized  Zr02  with  an  average  grain  size  of  40  nm.  The  measured  creep  rates  are  comparable  or 
even  lower  than  the  corresponding  coarse-grain  rates.  Microstructural  observations  show  the 
formation  of  cavities  at  moderate  strains.  These  results  are  opposite  to  expectations  of  enhanced 
superplasticity  in  nanocrystalline  ceramics. 

1.  Introduction 

In  the  last  decade,  many  investigations  have  studied  the  high  temperature  plastic  deformation  of 
Y203-stabilized  Zr02  (YSZ)  polycrystals.  A  like-metal  superplasticity  has  been  observed  in  YSZ 
with  submicronic  grain  sizes  (0.2  pm  -  1  pm)  [1-4].  Based  on  these  results,  high  strain  rate  and  low 
temperature  superplasticity  would  be  then  expected  in  materials  prepared  with  sufficiently  small 
grain  sizes.  A  variety  of  processing  techniques  are  now  available  which  allow  the  production  of 
ceramics,  as  well  as  metals  and  intermetallics,  with  grain  sizes  below  100  nm  [3,5].  In  this  paper, 
the  preliminary  results  of  high  temperature  deformation  of  fully  dense  nanostructured  YSZ  are 
reported.  These  results  are  compared  to  the  expected  flow  behavior  based  on  superplasticity 
observed  in  submicronic  YSZ. 

2.  Experimental  procedure 

Nanocrystalline  4  mol%  Y203-Zr02  powders  of  10  nm  in  size  were  obtained  by  chemical 
precipitation  from  mixed  nitrate  solutions.  The  calcined  powders  were  cold  pressed  at  300  MPa  into 
cylinders  and  then  sintered  at  1100°C  in  air  for  2  hours.  The  resulting  green  bodies  were  hot- 
isostatically  pressed  (HIP)  in  argon  pressure  of  150  MPa  at  1350°C  for  4  hours.  A  detailed 
description  of  the  processing  procedure  can  be  found  elsewhere  [6].  After  HIP,  the  density  of  the 
samples,  measured  by  Archimedes’  method,  was  close  to  the  theoretical  density.  Rectangular 
specimens  4x2x2  mm3  were  used  for  mechanical  tests.  Compression  experiments  were  carried 
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out  in  air  at  temperatures  between  1100°C  and  1200°C  at  constant  cross-head  speed  in  an  Instron 
universal  testing  machine  and  at  constant  load  in  a  creep  machine.  The  recorded  data  were  plotted 
as  a  -  s  or  log  s  -  s  curves,  where  a  and  s  are  the  engineering  stress  and  strain,  respectively,  and  s 
the  strain  rate.  The  microstructural  characterization  of  the  as-received  and  deformed  samples  was 
carried  out  using  scanning  (SEM)  and  transmission  (TEM)  electron  microscopy  (Microscopy 
Service,  University  of  Sevilla,  Spain).  Line  broadening  of  X-ray  diffraction  spectra  was  also  used  to 
evaluate  the  grain  size  before  and  after  testing. 

3.  Results  and  discussion 

X-ray  diffraction  showed  that  the  material  consisted  of  40  vol%  monoclinic-phase  and  60  vol% 
tetragonal-phase  grains.  An  average  grain  size  d  of  40  nm  was  estimated  from  the  line  broadening 
in  these  spectra.  A  slightly  larger  grain  size  of  60  nm  was  found  from  TEM  observations.  However, 
twinning  effect  complicated  these  observations,  which  could  result  in  an  underestimation  of  the 
number  of  the  finer  grains,  thus  shifting  the  mean  grain  size  to  higher  values.  The  grains  were 
equiaxed  and  well  faceted.  No  porosity  was  detected  in  the  as-received  materials,  in  agreement  with 
density  measurements. 

Fig.  1  shows  a  creep  curve  plotted  as  log  e  -  s  showing  several  determinations  of  the  stress 
exponent  and  the  activation  energy  by  stress  and  temperature  changes,  respectively.  There  are  very 
small  transients,  the  steady-state  stage  being  reached  almost  immediately  upon  loading.  The 
maintenance  of  the  strain  rate  level  after  positive  and  negative  temperature  changes  evidences  that 
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the  grain  size  was  quite  stable  during  deformation.  This  point  was  confirmed  by  line  broadening  of 
X-ray  spectra  taken  from  deformed  samples. 

The  mechanical  data  have  been  analyzed  using  the  standard  high  temperature  power  law  for  steady 
state  deformation: 

e  =  Aand_p  exp(-  Q/RT)  (1) 

where  A  is  a  constant,  n  the  stress  exponent,  p  the  grain  size  exponent  and  Q  the  activation  energy 
for  flow.  Average  values  of  n  =  1.4  ±  0.2  and  Q  =  660  ±  40  kJ/mol  were  estimated  from  eq.  (1). 
Chen  et  al.  [7]  have  reported  n  =  2  and  Q  =  585  kJ/mol  in  a  2.2  mol%  Y203-stabilized  Zr02  with  a 
grain  size  ranging  from  60  to  150  nm  at  temperatures  between  1075  and  1150°C.  The  creep 
parameters,  and  the  absolute  magnitude  of  the  strain  rate  as  well,  are  far  from  those  expected  for  an 
enhanced  superplastic  material,  as  discussed  below.  Secondary  creep  regimes  were  also  found  in 
Instron  experiments  at  an  initial  strain  rate  e0  =  5x1 0"6  s4  between  1100  and  1200°C.  By  contrast, 
a  brittle  behavior  was  observed  at  8  0  =  2xl0"5  s4  at  1 100°C;  the  failure  occurred  at  only  s  =  0.03 
after  a  peak  stress  of  900  MPa  was  achieved. 

SEM  observations  of  deformed  samples  showed  a  high  level  of  cavitation  after  moderate  strains,  as 
can  be  seen  in  Fig.  2  for  a  specimen  tested  to  a  total  strain  of  0.55  at  a  temperature  of  1200°C.  A 
large  density  of  small  cavities  was  distributed  throughout  the  sample.  Large  cavities  of  a  few 
micrometers  in  size,  formed  by  coalescence  of  the  small  ones,  could  be  also  found  in  some  regions, 
which  were  likely  the  source  of  eventual  failure.  This  feature  is  opposite  to  that  found  in 
submicronic  YSZ,  where  very  large  macroscopic  strains  are  reached  without  significant 


Fig.  2.  SEM  micrograph  of  nanocrystalline  4  mol%  Y203 -stabilized  Zr02  tested  at  1200°C  up  to  a  total 

strain  e  =  0.55. 
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microstructural  changes.  It  should  be  noted,  however,  that  extensive  intergranular  cavitation  has 
been  reported  in  microcrystalline  YSZ  deformed  at  very  low  stresses  [8],  where  the  stress  exponent 
seems  to  be  close  to  unity  [4]. 

It  is  interesting  to  compare  the  deformation  results  on  Y203 -stabilized  Zr02  with  different  grain 
sizes.  Fig.  2a  shows  the  8  -  cr  curves  at  1150°C  for  YSZ  with  grain  sizes  ranging  from  0.1  pm  to  1.2 
pm  [1-3,9],  along  with  the  present  results.  In  order  to  have  a  single  reference,  all  the  grain  sizes 
reported  in  these  investigations  have  been  converted  to  d  =  1.78  L,  where  L  is  the  mean  linear 
intercept  length.  As  can  be  seen,  the  magnitude  of  strain  rate  for  nanocrystalline  YSZ  is  similar,  and 
even  lower,  than  that  corresponding  to  submicronic  materials.  The  comparison  is  more  dramatic  if 
the  strain  rate  is  compensated  with  grain  size,  as  shown  in  Fig.  3b.  On  this  normalized  basis,  the 
strain  rates  for  nanocrystals  fall  two  orders  of  magnitude  below  those  of  the  submicronic  YSZ  (the 
use  of  d3  instead  of  d2  compensation  in  Fig.  3b  leads  to  higher  differences  between  both  grain  size 
ranges).  Recently,  Jimenez-Melendo  et  al.  [4]  have  noted  that  the  superplastic  data  of  YSZ  with 
submicronic  grain  sizes  at  temperatures  ranging  from  1250  to  1450°C  can  be  represented  by  a 
generalized  equation  with  n  =  2,  p  =  2  and  Q  =  460  kJ/mol,  with  a  threshold  stress  g0  below  which 
grain  boundary  sliding  cannot  proceed.  The  prediction  of  such  an  equation  in  the  superplastic  region 
(g0  =  0)  is  shown  in  Fig.  3b  (dotted  line).  A  rather  good  correlation  with  experimental  data  for 
submicron-grained  YSZ  can  be  seen.  Similar  results  are  found  at  1 100  and  1200°C. 

The  low  strain  rates,  along  with  the  extensive  damage  exhibited  by  the  samples,  indicate  that  grain 
boundary  sliding  is  not  an  easy  deformation  mechanism  in  nanocrystalline  YSZ,  at  least  in  the 
present  experimental  conditions.  In  the  threshold  stress  formalism  developed  for  submicronic  YSZ 
[4],  grain  boundary  sliding  is  increasingly  inhibited  as  the  applied  stress  approaches  the  threshold 
value  and  another  deformation  mechanism  must  be  operative  at  very  low  stresses.  Diffusional  creep 
is  the  likely  mechanism  responsible  for  this  stress  region,  as  predicted  for  all  creep  theories  at 
sufficiently  low  stresses.  Since  the  stress  range  used  in  this  investigation  is  well  below  the  threshold 
stress  predicted  for  this  temperature  and  grain  size  [4],  the  low  values  of  n  and  the  presence  of 
cavitation  are  consistent  with  this  idea.  However,  our  results  are  clearly  too  preliminary  to  make 
definite  conclusions.  Further  work,  particularly  TEM  observations  of  the  as-received  and  deformed 
specimens,  is  required  to  understand  the  mechanisms  responsible  for  the  mechanical  behavior  at 
elevated  temperatures  of  nanocrystalline  YSZ  and  to  critically  test  whether  the  framework 
developed  for  submicronic  YSZ  is  applicable. 

In  this  regard,  it  is  interesting  to  note  that  a  change  in  flow  behavior  has  been  also  found  in 
nanocrystalline  metals  with  respect  to  coarse-grained  ones.  For  example,  a  transition  in  stress 
exponent  from  2.5  to  1.2  has  been  reported  in  Ni-P  alloy  with  decreasing  the  grain  size  from  0.3  pm 
to  30  nm  [10];  in  addition,  the  strain  rate  increased  only  by  a  factor  of  2,  while  d  decreased  by  a 
factor  of  10.  A  similar  trend  has  been  reported  in  nanocrystalline  titanium  aluminide  (d  =  25  -  50 
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Fig.  3.  (a)  Variation  of  strain  rate  with  stress  at  1 150°C  for  submicronic  (A:  0.24  pm  [1];  O:  0.34 
jum  [2];  O:  0.5  pm  [9];  □:  0.53  pm  [3];  V:  0.14  pm  [3])  and  nanocrystalline  (•:  present  work) 
YSZ  polycrystals,  (b)  Grain-size  compensated  strain  rate  vs  stress.  Prediction  of  the  generalized 
equation  derived  by  Jimenez-Melendo  et  al.  [4]  for  superplasticity  (n  =  2)  in  YSZ  is  also  shown 

(dotted  line). 


nm)  [11],  nickel  aluminide  (d  =  50  nm)  [12]  and  Cu  and  Pd  (d  =  10  -  55  nm)  [13],  where  the 
measured  creep  rates  are  also  two  to  four  orders  of  magnitude  smaller  than  the  creep  rates 
extrapolated  from  the  corresponding  coarse-grained  materials. 
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4.  Conclusions 

The  high  temperature  mechanical  properties  of  4  mol%  Y203 -partially  stabilized  Zr02  polycrystals 
with  a  mean  grain  size  of  40  nm  have  been  studied.  Compression  tests  were  performed  at  constant 
load  and  at  constant  initial  strain  rate  in  the  temperature  range  1100  -  1200°C.  Grain  growth  was 
minimal  at  the  present  experimental  conditions.  The  measured  creep  rates  are  similar  to  those  found 
in  submicronic  YSZ,  which  means  a  much  higher  creep  resistance  than  that  expected  for  very  fine¬ 
grained  materials.  In  addition,  the  samples  exhibited  extensive  cavitation  after  moderate  strains. 
Therefore,  a  grain  size  reduction  does  not  results  in  a  shifting  of  the  grain  boundary  sliding 
mechanism  to  lower  temperatures,  as  would  be  expected. 
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Abstract: 

Depending  on  its  concentration,  yttrium  in  polycrystalline  a-alumina  can  exist 
as  solute/segregant  or  as  solute/segregant/in  precipitates.  At  low  concentrations 
and/or  very  small  grain  sizes,  yttrium  occurs  as  solute  in  the  bulk  and  segregant  at  the 
grain  boundaries.  As  the  dopant  concentration  is  increased  and/or  the  ceramic  is  heat 
treated  such  that  grain  growth  happens,  yttrium  is  also  accommodated  in  yttrium 
aluminate  precipitates  in  addition  to  being  a  solute  and  a  segregant. 

Alpha  alumina  samples  doped  with  varying  amounts  of  yttrium  (from  0  to  3000 
wt  ppm  Y2O3)  were  prepared  by  pressureless  sintering  in  air.  Their  sintering 
behavior,  microstructure,  and  microchemistry  were  investigated. 

In  the  solute/segregant  regime  (I),  the  excess  concentration  of  yttrium  at  the 
grain  boundaries  increased  in  a  predictable  manner,  proportional  to  the  amount 
added  and  inversely  related  to  the  available  interface  area.  The  grain  size  was 
uniform  and  small  (1-2  pm).  In  the  solute/segregant/precipitate  regime  (III), 
however,  the  average  excess  concentration  of  yttrium  atoms  at  grain  boundaries  was 
unexpectedly  low.  In  this  regime  III,  explosive  grain  growth  was  observed.  Grains  of 
sizes  50-100  pm  existed  in  the  microstructure,  and  with  successive  annealing,  a  large 
and  uniform  grain  size  microstructure  was  obtained. 

This  explosive  grain  growth  may  be  closely  related  to  the  peculiar  creep 

deformation  behavior  of  yttrium-doped  a-aluminum  oxide  ceramic. 


Introduction 

Additions  of  small  amounts  of  various  rare-earth  oxides  were  shown  to 
enhance  the  creep  resistance  of  polycrystalline  a-alumina  [1-5].  Among  these,  yttrium 
appears  to  be  the  most  effective  cation  in  reducing  the  strain  rate  of  the  ceramic  during 
high  temperature  deformation  (about  2  orders  of  magnitude  reduction  in  strain  rate 
with  yttrium  additions)  [1,4-6].  Yttrium’s  influence  is  closely  related  to  its  limited 
solubility  (6-10  ppm  [7-8]),  and  consequent  segregation  behavior  in  a-alumina. 
Numerous  studies  have  shown  that  yttrium  strongly  segregates  to  the  grain 
boundaries  and/or  precipitates  as  yttrium  aluminate  garnet  phase  [9-10]  depending  on 
the  total  amount  of  the  dopant  and/or  the  grain  size  of  the  ceramic. 
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Carry  and  his  co-workers  conducted  experiments  with  fine  grained,  MgO-doped, 
polycrystalline  a-aluminas  which  were  co-doped  with  two  different  amounts  of 
yttrium  (500  and  1500  wt  ppm  Y203)  [11].  In  500  wt  ppm  yttrium  co-doped,  fine 
grained  alumina  ,  the  dopant  existed  as  solute  in  the  bulk  and  segregant  at  the  grain 
boundaries  (regime  I).  It  was  shown  that  yttrium  was  an  effective  suppressant  of  the 
creep  rate  as  a  segregant.  Highly  yttrium  co-doped  sample  (1500  wt  ppm)  where  the 
dopant  existed  as  solute/segregant/precipitate  (regime  III)  exhibited  similar  creep 
behavior.  In  a  cleverly  devised  experiment  where  the  transition  between  regime  I  and 
regime  III  due  to  grain  growth  occurred  during  creep  rate  measurements,  Priester  et  al 
[3]  observed  a  plateau  region  in  the  strain  rate  versus  grain  size  plots.  During  this 
plateau,  strain  rate  remained  almost  constant  although  the  grain  size  doubled.  An 
explanation  for  this  behavior  as  well  as  a  possible  mechanism  for  yttrium's  role  in 
reducing  creep  rate  in  a-alumina  are  still  elusive.  Several  mechanisms  have  been  put 
forward  by  different  groups:  (i)  One  involving  a  hindered  accommodation  process  of 
dislocations  at  the  segregated  boundaries  [3],  (ii)  another  one  suggesting  reduced 
diffusion  rate  of  cations  along  the  segregated  grain  boundaries  which  assumes  large 
rare-earth  cations  plugging  the  "fast  diffusion  paths"  along  the  boundaries  [4],  and  (iii) 
or  existence  of  a  sub-monolayer  coverage  second  phase  which  interferes  with 
dislocation  motion  (and  hence  grain  boundary  sliding  and/or  dislocation 
accommodation  processes)  and  diffusion  of  ions  along  the  segregated  grain  boundaries 
[10,  12-13].  Although  all  these  suggested  mechanisms  are  plausible,  no  clear 
experimental  evidence  exists  to  clarify  the  issue. 

Yttrium's  effect  in  sintering  and  densification  of  a-alumina  has  been  addressed 
by  two  separate  groups  [11,  14-15].  Carry  et  al.  [11]  conducted  experiments  with  two 
different  amounts  of  yttrium/MgO  co-doping  and  reported  a  peculiar  final  stage 
densification  behavior  in  a-alumina  ceramic  when  doped  with  yttrium.  Harmer  and 
co-workers  studied  heavily  doped  and  hence  precipitated  (regime  III)  alumina  and 
concluded  that  yttrium  also  suppressed  sintering  and  densification  processes  similar 
to  its  role  in  reduced  creep  deformation. 

In  order  to  clarify  yttrium's  role  in  sintering  and  densification,  as  well  as  creep 
deformation,  a  systematic  study  of  microstructure  and  microchemistry  of 
polycrystalline  a-alumina  doped  only  with  varying  amounts  of  yttrium  was 
conducted.  The  somehow  unexpected  results  are  presented  and  discussed  in  this 
publication. 


Experimental  Procedure 

Pure  alumina  powders  (AKP3000  or  AKP53,  Sumitomo  Chem.,  Osaka,  Japan) 
were  doped  with  0,  150,  300,  500,  1000,  1500,  and  3000  wt  ppm  Y2O3.  Yttrium  was 
added  to  the  powders  as  stoichiometric  amount  of  Y(N03)3  •  6H2O  (Strem  Chem., 
Newburyport,  MA).  One  set  of  green  compacts  were  prepared  by  the  temperature 
induced  forming  technique  (TIF)  [16].  Other  samples  (CIP)  were  prepared  from 
powders  that  were  mixed  with  zirconia  milling  balls  (later  with  99.7%  pure  alumina 
milling  balls)  in  200  proof  isopropanol.  Dried  powders  were  then  uniaxially  pressed 
in  cylindrical  dies  under  20  MPa,  and  subsequently  cold  isostatically  pressed  at  800  MPa 
for  one  minute.  Green  compacts  were  pressureless  sintered  in  air  at  temperatures 
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ranging  from  1500  to  1650°C  for  periods  of  2  to  24  hours.  All  samples  were  thermally 
etched  at  1400°C  for  half  an  hour. 

The  microstructure  and  microchemistry  of  the  sintered  bodies  were  analized 
with  optical  microscopy  (OM),  scanning  electron  microscopy  (SEM),  transmission 
electron  microscopy  (TEM),  and  analytical  electron  microscopy  (AEM).  Quantification 
of  the  segregated  yttrium  at  the  grain  boundaries  was  performed  using  the  procedure 
detailed  in  previous  publications  [10]. 


Results  and  Discussion 

Samples  were  analized  before  and  after  sintering  using  optical  emission 
spectrometry  (ICP-OES).  Table  I  lists  the  amount  of  various  cations  in  different 
samples.  Silicon  and  calcium  in  the  first  set  of  samples  were  most  likely  introduced  to 
the  samples  during  TIF  processing  of  the  green  compacts.  Second  set  of  samples  were 
produced  through  conventional  ceramic  processing  routes,  and  zirconia  was  the  only 
detected  impurity  at  the  detection  limits  for  the  available  OES  equipment.  Yttrium 
concentrations  followed  the  intended  dopant  level  in  lightly  doped  samples,  deviated 
from  the  intended  amount  for  highly  doped  samples. 


Table  1.  Concentrations  of  cations  other  than  A1  in  the  samples  (ICP-OES). 


Sample 

Y  [wt  ppm] 

Si  [wt  ppm] 

Ca  [wt  ppm] 

Mg[wtppm]  Zr[wtppm] 

TIF  Y0 

<2 

300  ±50 

20110 

40  ±10 

- 

TIF  Y150 

123  ±6 

300  ±50 

220  ±20 

30110 

- 

TIF  Y300 

242  ±12 

300150 

30110 

40110 

- 

TIF  Y500 

400+20 

330150 

30110 

40110 

- 

TIF  Y1000 

824  +40 

300  ±50 

30  ±10 

40110 

- 

TIF  Y1500 

1110160 

320150 

30  ±10 

30110 

- 

TIF  Y3000 

1320  ±70 

370150 

30  ±10 

40110 

- 

CIP  Y0 

<2 

<200 

<10 

<10 

<10 

CIP  Y150 

13616 

<200 

<10 

<10 

30110 

CIP  Y300 

334  ±17 

<200 

<10 

<10 

60  ±10 

CIP  Y500 

472  125 

<200 

<10 

<10 

80110 

CIP  Y1000 

1000160 

<200 

<10 

<10 

80110 

CIP  Y3000 

1730  ±150 

<200 

<10 

<10 

30110 

"safe  detection"  limit  for  Si  about  100  ppm,  for  Zr,  Mg  and  Ca  10  ppm 


Figures  1  a-f  show  the  microstructure  of  TIF  series  a-alumina  doped  with  0,  150, 
300,  500,  1000,  and  1500  wt  ppm  Y2O3  sintered  at  1550°C  for  2  hrs  except  for  0  wt  ppm 
sample  which  was  sintered  at  1500°C  for  2  hrs.  Respective  average  grain  sizes  given  as 
mean  linear  intercept  length  are  1.85  (Y0),  2.14  (Y150),  2.10  (Y300),  2.06  (Y500),  7.49 
(Y1000),  and  13.8  pm  (Y1500).  In  these  samples,  relatively  high  silicon  and  calcium 
impurity  contents  (especially  in  Y150  sample)  caused  few  grains  to  grow  exaggeratedly. 
Undoped  sample  and  samples  with  small  amounts  of  yttrium  addition  had  grain  sizes 

in  the  order  of  1-2  pm  whereas  the  highly  doped  samples  exhibited  an  explosive  grain 
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Figure  1.  SEM  micrographs  of  Y-doped  ct-alumina  samples  prepared  through  TIF- 
process  and  sintered  at  1550°C  for  2  hrs.  Microstructures  shown  are  from  (a)  "pure", 
(b)  150  wt  ppm,  (c)  300  wt  ppm,  (d)  500  wt  ppm,  (e)  1000  wt  ppm,  and  (f)  1500  wt  ppm 
Y2O3  doped  samples.  A  sudden  jump  in  grain  size  was  observed  in  (e)  and  (f). 
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growth  under  identical  sintering  conditions  and  impurity  levels.  In  1000  wt  ppm  and 
1500  wt  ppm  Y2O3  doped  samples,  precipitates  of  YAG  were  observed.  Samples  with 
lesser  amounts  of  the  dopant  were  free  from  precipitates.  Similar  observation  were 
made  with  silicon  and  calcium  free  samples  which  were  doped  with  0,  150,  300,  and 
500  wt  ppm  Y2O3  and  sintered  at  temperatures  between  1500,  1550,  and  1650  °C  for 
various  times  between  2  and  24  hrs.  Undoped  (Y0)  or  lightly  doped  samples  (Y150) 
had  a  very  fine  grain  size  distribution.  Samples  with  300  wt  ppm  and  500  wt  ppm 
doping  had  a  fine  grain  size  when  sintered  at  lower  temperatures  for  shorter  times. 
However,  as  the  sintering  time  or  temperature  were  increased,  again  explosive  grain 
growth  was  observed.  Figures  2  a-c  show  the  change  in  the  grain  size  with  increasing 
sintering  time  at  1550°C  for  500  wt  ppm  Y2O3  doped  sample.  Despite  the  sudden  jump 
in  the  average  grain  size  between  figures  2  (a)  and  (c),  the  grain  size  distribution  of 
both  microstructures  is  uniform.  During  the  transition  (figure  2  (b)),  few  grains  grow 
making  the  microstructure  look  like  few  scattered  basketballs  in  a  field  of  tennis  balls. 
This  bimodal  uniformity  is  in  strong  contrast  to  the  samples  that  contained  silicon 
and  calcium  impurities  and  hence  exhibited  few  exaggeratedly  grown  slab-like  grains. 


Figure  2.  SEM  Micrographs  of  CIP-Y500  samples  sintered  at  1550°C  for  (a)  2  hrs,  (b)  6 
hours  and  (c)  12  hrs.  The  transition  from  a  uniform  fine  grained  microstructure  to  a 
uniform  large  grained  microstructure  is  illustrated  in  the  micrographs. 
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Chemistry  of  the  grain  boundaries  were  quantified  using  a  dedicated  scanning 
transmission  electron  microscope  (STEM)  and  procedures  outlined  in  an  earlier 
publications  [10].  Figure  4  shows  the  measured  mean  linear  intercept  (TIF-samples) 
and  calculated  yttrium  excess  concentration  at  the  boundaries  assuming  no 
precipitation  would  occur  [17].  Experimental  yttrium  excess  concentration  at  the  grain 
boundaries  in  two  samples,  TIF-Y500  and  TIF-Y3000,  are  also  indicated  on  the  same 
plot.  The  amount  of  excess  yttrium  atoms  (ions)  at  the  GBs  of  the  sample  doped  with 
500  wt  ppm  is  almost  twice  as  high  as  the  one  in  the  sample  doped  with  3000  wt  ppm 
Y2O3.  TEM  analysis  of  the  same  samples  indicated  that  the  Y3000  sample  contained 
large  number  of  YAG  precipitates  whereas,  no  YAG  particles  were  observed  in  the  f 
Y500  sample.  AEM  analysis  of  both  set  of  samples  (TIF  and  CIP)  revealed  tftat  the 
concentration  of  excess  yttrium  at  the  boundaries  increases  with  increasing  total 
amount  of  the  dopant  up  to  a  level  (approximately  6  yttrium  atoms /nm^)  where 
precipitation  occurs.  After  the  precipitation,  the  excess  concentration  settles  at  a  level 
(~  3.5  yttrium  atoms /nm^)  which  is  lower  than  the  highest  measured  yttrium  excess 
before  precipitation. 


100 


Figure  3.  Yttrium  excess  concentration  and  grain  size  versus  total  amount  of  yttrium 
added  to  alumina.  Y-excess  concentration  is  calculated  assuming  no  precipitates. 
Experimental  yttrium  excess  for  TIF  Y500  and  Y3000  samples  are  also  indicated. 

From  the  results  it  is  obvious  that  the  explosive  grain  growth  observed  in  the 
precipitated  samples  is  closely  linked  to  the  super-saturation  of  the  boundaries  and  the 
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consequent  precipitation.  However,  the  question  about  when  exactly  the  explosive 
grain  growth  occurs,  i.e.  whether  at  the  super-saturation,  or  after  precipitation,  or 
during  the  transition  is  yet  to  be  answered.  The  issue  of  how  the  structure  of  the 
segregated  grain  boundaries  changes  during  this  transition  is  addressed  in  another 
comprehensive  publication  on  the  subject  [17].  An  explanation  of  this  phenomenon 
also  holds  the  key  to  understand  the  peculiar,  superplastic-like  plateau  regime  in  the 
high  temperature  deformation  of  yttrium  doped,  fine  grained  a-alumina.  Currently, 
experiments  with  ultra-pure  a-alumina  samples  containing  only  yttrium  as  the 
foreign  cation  are  underway  to  clarify  these  points. 

Another  important  observation  is  the  uniformity  of  the  grain  sizes  and  grain 
morphology  in  the  absence  of  excessive  amounts  of  silicon  and  calcium  impurities.  In 
the  CIP-type  specimens  where  the  only  unintented  impurity  was  zirconium,  the  grain 
size  distributions  in  both,  fine  grained  and  large  grained  samples  were  uniform.  Slab¬ 
like,  large  grains  that  were  observed  in  silicon  and  calcium  contaminated  aluminas 
were  not  found  in  these  samples  and  most  of  the  grain  were  nearly  equi-axed.  This 
would  indicate  that  yttrium  does  not  show  a  preferential  segregation  towards  a  certain 
plane  in  a-alumina.  Further  analytical  electron  microscopy  studies  are  underway  to 
support  this  conclusion. 


Conclusions 

Yttrium  can  exist  in  alpha  alumina  as  solute,  segregant  at  the  grain  boundaries 
or  surfaces,  and/or  as  in  YAG  precipitates  depending  on  its  total  concentration  and  the 
grain  size  of  the  ceramic.  Experiments  with  polycrystalline  a-alumina  doped  with 
varying  amounts  of  yttrium  indicated  that  the  excess  concentration  of  yttrium  at  the 
grain  boundaries  increases  with  increasing  doping  levels  and/or  increasing  grain  size 
of  the  ceramic  up  to  a  level  (-6  yttrium  atoms/nm2)  where  precipitation  occurs.  After 
the  precipitation,  the  average  excess  yttrium  at  GBs  was  approximately  3.5  yttrium 
atoms/nm2. 

The  microstructure  of  the  samples  with  small  additions  of  yttrium  is  made  up 
of  small  and  uniform  grains  (1-2  pm).  However,  the  grain  size  in  the  precipitated 
samples  is  more  than  an  order  of  magnitude  larger  but  yet  uniform.  Grains  in  both 
microstructures  are  nearly  equi-axed.  Results  indicate  that  the 
saturation/precipitation  behavior  is  closely  linked  to  the  explosive  jump  in  the  grain 
size. 
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ABSTRACT 

Dislocation  motion  during  high-temperature  deformation  of  erbia  single  crystals  has  been 
investigated.  Compressive  deformation  along  various  crystallographic  axes  at  1640°C  resulted  in 
slip  on  { 1 10}  planes.  The  Burgers  vector  was  determined  to  be  6  =  1/2  <  1 1 1  > .  Dislocations  with 
such  a  large  Burgers  vector,  (9.1  A),  can  dissociate  into  1/4  <  1 10  >  and  1/4  <  1 12  >  partials.  The 
critical  resolved  shear  stress  of  the  samples  at  1640°C  was  estimated  to  be  about  38  MPa.  Cleavage 
at  room  temperature  was  found  to  be  on  {111}  planes. 

INTRODUCTION 

Erbia  (Er2C>3)  is  a  rare-earth  oxide  with  an  excellent  chemical  and  thermal  stability  at  high 
temperatures.  The  free  energy  of  formation  of  Er203  is  one  of  the  lowest  among  all  binary  oxide 
ceramics  [1,2].  Because  of  its  high  thermal  neutron  absorption  cross  section,  Er203  is  a  good 
candidate  for  applications  as  a  barrier  to  migration  of  fission  products  [3].  However,  knowledge  of 
the  fundamental  mechanical  properties  of  Er203  is  lacking.  Difficulties  in  preparing  large  samples 
of  single  crystalline  rare-earth  sesquioxides  for  high-temperature  deformation  have  prevented  the 
experimental  investigation  of  plasticity  in  these  materials.  Knowledge  of  plastic  deformation  in  rare- 
earth  sesquioxides  is  limited  to  analogies  extended  from  the  study  of  yttria  (Y203)  to  other 
sesquioxides  [4].  With  advances  in  the  science  and  technology  of  single  crystal  growth,  the  direct 
study  of  dislocation  motion  in  Er2C>3  single  crystals  is  possible. 

Er203  has  the  cubic  rare-earth  type-C  bcc  crystal  structure  with  a  large  complex  unit  cell 
comprised  of  16  Er203  sesquioxide  units  with  a  10.55 A  lattice  parameter  [2].  Er203  belongs  to  the 
Ia3  space  group,  which  is  different  from  the  fluorite  structure  in  missing  one  fourth  of  the  sites  in  the 
anion  sub-lattice  in  <1 1 1>  directions.  The  oxygen  octahedra  are  distorted,  resulting  in  a  distortion  of 
the  {110}  planes  of  high  density  on  which  dislocation  movement  is  expected. 

The  aim  of  this  investigation  is  to  extend  the  scope  of  knowledge  on  the  fundamental 
mechanical  properties  and  plasticity  of  Er2C>3  rare-earth  sesquioxide  at  high  temperatures.  The  focus 
is  to  determine  the  nature  of  dislocations  in  Er2C>3  and  test  the  validity  of  the  analogies  made  from 
studies  on  Y203.  Furthermore,  this  investigation  aims  to  elucidate  the  characteristics  of  dislocations 
in  such  complex  crystal  structure. 
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EXPERIMENTAL  PROCEDURE 

A  xenon  optical  float  zone  single  crystal  growth  unit  was  used  to  prepare  single  crystals  of 
Er203.  Er203  rods  were  cold  isostatically  pressed  from  commercially  available  powders  (Rhone- 
Poulenc,  Shelton,  CT)  with  99.9  %  purity.  These  rods  were  used  as  seeds  and  feeds  to  prepare 
crystals  with  about  4  mm  diameter  and  60  mm  long.  The  details  of  crystal  growth  conditions  are 
given  elsewhere  [5].  Crystals  were  annealed  4  hours  at  1600°C  in  air  to  achieve  stoichiometry. 
Crystal  orientations  were  determined  using  Laue  x-ray  back  reflection  method.  Samples  for 
compression  testing  were  sectioned  from  these  crystals  using  a  diamond  saw.  High-temperature 
deformation  experiments  were  conducted  at  1640°  in  compression  on  samples  with  different 
orientations.  An  ATS  (Butler,  PA)  furnace  mounted  on  an  Instron  (Canton,  MA)  testing  instrument 
was  used  for  high  temperature  deformation  experiments.  Constant  strain  rate  and  constant  stress 
loading  modes  were  used  to  deform  the  samples.  Transmission  optical  microscopy  (OM),  scanning 
electron  microscopy  (SEM),  and  transmission  electron  microscopy  (TEM)  were  used  to  characterize 
the  samples. 


RESULTS 

Since  crystal  growth  took  place  in  an  inert  atmosphere,  all  the  as-grown  crystals  were 
substoichiometric.  Substoichiometry  in  cubic  C-type  Er2C>3  imparts  a  dark  black  color  to  the  crystals 
[6].  Annealing  the  black  as-grown  crystals  in  air  resulted  in  stoichiometric  samples  of  pink  color. 
The  presence  of  cracks  in  the  translucent  stoichiometric  samples  was  clearly  visible  by  naked  eye 
examination.  Imperfections  present  in  single  crystals  of  as-grown  E^Ch  posed  difficulties  in 
studying  dislocation  motion.  Microcracks  were  present  in  all  samples  because  of  thermal  shock 
experienced  by  the  sample  during  crystal  growth.  Without  using  a  single  crystalline  seed,  all 
crystals  grew  in  <1 1 1>  directions.  The  cross  section  of  the  crystal  perpendicular  to  the  growth  axis 
deviated  from  circular  by  faceting  on  two  opposite  sides.  Laue  x-ray  back  reflection  analysis 
showed  that  these  facets  were  always  {211}  planes.  The  planes  normal  to  the  facets  and  parallel  to 
the  growth  axis  were  {0 1 1}  planes.  The  facets  on  the  crystals  twisted  around  the  growth  axis, 
<1 1 1>,  by  about  1°  per  14  mm  growth.  The  presence  of  low  angle  boundaries  normal  to  the  growth 
axis  was  confirmed  from  Laue  patterns  from  the  side  of  the  crystals.  Samples  containing  boundaries 
were  not  used  for  deformation  experiments. 

Planar  cleavage  was  not  observed  at  high  temperatures  and  high  stresses.  Easy  cleavage  at 
room  temperature  was  observed  in  these  crystals  during  sample  thinning  to  make  TEM  foils  (Figure 
1).  At  room  temperature,  large  crystals  subjected  to  bending  stresses  always  fractured  on  parallel 
{111}  planes.  Laue  x-ray  pattern  confirmed  that  fracture  of  samples  occurred  on  {111}  cleavage 
planes. 


Preliminary  attempts  to  deform  single  crystals  of  E^Ch  at  and  below  1600°C  resulted  in 
brittle  fracture  of  the  samples.  These  samples  failed  by  crack  propagation;  OM  and  TEM 
examinations  could  reveal  no  evidence  of  plastic  deformation.  Hence,  the  temperature  was  raised  to 
1640°C,  which  was  the  limit  of  the  furnace  on  the  Instron  testing  machine.  The  yield  strength  of  the 
samples  at  1640°C  was  estimated  from  the  0.2%  strain  offset.  The  typical  yield  strength  of  the 
samples  was  approximately  95  MPa.  Examples  of  stress  vs.  strain  behavior  for  samples  deformed 
along  [1 12]  and  [110]  crystal  axes  at  1640°C  are  shown  in  Figure  2.  The  load  on  the  samples  was 
removed  after  about  0.1%  strain  in  order  to  prevent  catastrophic  failure  and  preserve  the  sample  for 
further  analysis.  Cracks  were  observed  in  all  the  samples  that  had  undergone  deformation.  These 
cracks  grew  under  stress  from  microcracks  developed  during  crystal  growth  and  were  not  on 
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cleavage  planes.  Due  to  the  presence  of  these  cracks,  an  increase  in  the  dimensions  of  the  samples 
was  detected  after  deformation,  compared  to  the  dimensions  before  deformation.  Hence,  the  total 
strain  in  the  samples  could  not  be  calculated  accurately  from  the  sample  dimensions  measured  before 
and  after  deformation. 


Figure  1.  Light  micrograph  of  a  thin  section  showing  {111}  cracks  in  single  crystalline  E^C^. 


0.00  0.01  0.02  0.03  0.04  0.05 

True  Strain 


Figure  2.  Estimation  of  the  yield  strength  of  Er2C>3  single  crystals  by  0.2%  strain  offset  method  for 
samples  deformed  along  [112],  [110]  directions.  Arrows  indicate  yielding.  The  slopes 
of  the  “elastic”  lines  include  effects  of  machine  softness. 

In  samples  with  only  a  small  density  of  cracks,  after  deformation  at  1640°C  slip  traces  were 
observed  on  the  surfaces  of  the  samples  (Figure  3).  Standard  trace  analysis  was  used  to  calculate  the 
slip  planes  for  samples  deformed  along  [111],  [112],  [110]  and  [123]  crystallographic  axes.  An 
example  of  observation  of  slip  planes  and  slip  traces  is  shown  in  Figure  3  for  a  sample  deformed 
along  [1 1 1];  all  the  slip  planes  that  could  be  identified  were  {110}  planes. 

A  number  of  dislocations  were  studied  by  TEM  to  determine  the  type  of  Burgers  vector 
operating  during  deformation  at  1640°C.  For  slip  on  {110}  planes,  the  possible  Burgers  vectors  are 
1  /  2  <  1 1 1  > ,  <1 10>,  and  <100>.  Of  these  possibilities,  <1 10>  appears  to  be  unlikely  due  to  its  large 
magnitude  of  15  A.  In  the  dislocation  analysis,  enough  g -vectors  were  used  to  determine  b 
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unambiguously.  Dislocations  were  imaged  with  the  three  g  =  440  type  reflections  in  the  [111]  zone 
and  g  =  400  type  vectors  for  the  three  <11 0>  type  zone  axes  at  35°  from  the  [111]  zone.  In  most 
cases,  clear  invisibility  was  obtained  with  only  one  g  -vector.  However,  most  possibilities  for  b 
could  be  eliminated  just  by  visibility  conditions.  For  example,  the  dislocation  in  the  upper  left 
comer  of  Figure  4  was  visible  with  g  =  040  and  g  =  400,  eliminating  b  =  [100],  b  =  [010], 
b  =  [001] ,  b  =  [01 1] ,  b  —  [0 1 1] ,  b  —  [101] ,  and  b  =  [  1 01] .  This  dislocation  was  invisible  with 
g  =  044,  eliminating  b  =  [1 10] ,  b  =  [1 10] ,  b  =  [1  11],  6  =  [111]  and  resulting  in  possible  b  of 
1  / 2  [  1 1 1]  or  1/2  [111].  Visibility  with  g  =  440  rules  out  the  possibility  of  b  =  1  / 2[1 1 1] .  Hence, 
the  Burgers  vector  of  this  dislocation  was  determined  as  1  /  2  [  1 1 1] .  Any  dislocation  whose  Burgers 
vector  could  be  identified  unambiguously  had  a  1  /  2  <1 1 1>  Burgers  vector. 


Figure  3.  Observation  of  the  (110)  slip  planes  from  (541)  and  (123)  side  traces  of  a  crystal 
deformed  along  [111]. 


Figure  4.  Dislocations  in  a  sample  deformed  along  [111]  crystal  axis  at  1640°C. 
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DISCUSSION 

Twist 


Rotation  of  the  crystal  orientation  about  the  growth  axis  is  likely  to  be  due  to  the  stress 
imposed  on  the  cooling  liquid  during  crystal  growth.  In  order  to  obtain  uniform  mixing  throughout 
the  molten  zone  during  crystal  growth,  the  seed  and  feed  rods  were  rotated  at  55  rpm  in  opposite 
directions.  As  the  molten  zone  was  transferred  from  one  end  of  the  feed  rod  to  the  other  end 
incrementally,  molten  Er2C>3  started  to  cool  down  and  its  viscosity  started  to  increase  until  it 
crystallized.  It  was  at  this  stage  of  the  cool  down  process  that  the  shear  stress  imposed  by  the 
surrounding  high  viscosity  liquid  caused  the  crystallizing  planes  to  rotate  on  the  seed  incrementally. 
This  rotation  resulted  in  the  creation  of  twists,  which  were  seen  as  a  doubled  pattern  in  Laue  x-ray 
back  reflection. 

During  crystal  growth,  the  power  input  is  adjusted  whenever  a  change  in  the  ratio  of  the 
molten  zone  neck  diameter  to  its  height  is  observed.  It  was  found  experimentally  that  keeping  this 
ratio  to  3/4  resulted  in  the  growth  of  crystal  with  least  defects.  Deviation  from  this  condition  due  to 
the  power  deficit  or  excess  resulted  in  a  deviation  from  equilibrium  growth  conditions  and  defects 
including  twists  in  the  crystal.  The  presence  of  twists  was  not  observed  in  most  samples  by  Laue  x- 
ray  back  reflection  after  the  crystals  were  sectioned.  Hence,  despite  the  appearance  of  continuity  of 
the  rotation  of  the  crystals  to  the  naked  eye,  twisting  in  the  crystals  was  localized  at  twist  boundaries. 

Cleavage 

Brittle  fracture  in  crystalline  materials  generally  occurs  along  cleavage  planes  of  high  atomic 
density.  Cleavage  planes  are  usually  planes  of  normal  growth  of  the  crystal  [7].  In  Er2C>3  single 
crystals,  fracture  at  room  temperature  and  low  stresses  always  occurred  on  {111}  planes,  which  are 
the  normal  growth  planes  of  the  crystal.  At  high  stresses  microcracks,  which  are  already  present  in 
the  samples,  have  propensity  to  grow  rapidly.  This  resulted  in  the  propagation  of  cracks  on  random 
crystallographic  planes  during  deformation  at  1640°C  and  relatively  high  stresses. 

Yield  Strength 

Sample  failure  under  high-temperature  and  high-stress  conditions  occurred  by  propagation  of 
microcracks  that  were  present  in  the  as-fabricated  samples.  The  presence  of  these  microcracks  often 
resulted  in  the  failure  of  the  samples  below  the  yield  strength  of  the  material.  A  drop  in  the  load 
during  constant-strain-rate-deformation  experiments  and  a  sudden  crosshead  movement  during 
constant-load  experiments  marked  the  sample  failure  by  crack  propagation.  The  presence  of 
microcracks  generated  during  crystal  growth  in  the  samples  prevented  obtaining  consistent  results 
for  yield  strengths  during  deformation  experiments. 

No  reliable  difference  in  strength  could  be  attributed  to  different  compression  axes. 
Calculating  the  value  of  the  ratio  of  the  Young’s  modulus  (E)  in  [111]  direction  to  that  in  [100] 
direction,  E[m]/E[ioo],  to  determine  the  maximum  anisotropy  in  Er2C>3  single  crystals  resulted  in  the 
value  of  1.3  indicating  some  orientation  dependence  of  Young’s  modulus  for  Er203  crystals.  The 
values  of  E  in  various  orientations  were  calculated  from  the  elastic  constants  obtained  by  using  the 
ultrasonic  resonance  technique  [8].  Anisotropy  in  elastic  behavior  observed  in  different  orientations 
in  Er2(>3  single  crystals  does  not  result  in  different  values  of  yield  strength  during  compressive 
deformation  in  different  orientations.  The  Schmid  factors  for  slip  on  {110}  planes  and  <11 1> 
directions  along  [112]  and  [110]  are  identical  with  a  value  of  0.41.  Although  in  Figure  2  yield 
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strength  of  the  sample  deformed  along  [110]  direction  is  slightly  higher  than  that  for  the  sample 
deformed  along  [112]  direction,  due  to  the  scatter  in  the  data  the  effects  of  anisotropy  on  yield 
strength  could  not  be  isolated  affirmatively  for  all  directions  examined.  The  values  of  the  yield 
strength  of  these  samples  were  affected  by  the  presence  of  imperfections  in  the  crystals.  Cracks 
were  observed  in  all  samples  after  deformation.  Propagation  of  these  cracks  resulted  in  the 
premature  failure  of  some  samples.  The  critical  resolved  shear  stress  of  the  samples  for  all 
directions  was  about  38  MPa.  The  difference  in  the  slopes  of  the  elastic  regions  observed  for  these 
samples  in  Figure  2  is  a  result  of  the  machine  softness  and  does  not  have  a  significance. 

To  prevent  crack  propagation  and  to  promote  plasticity  in  Er203  single  crystals,  deformation 
experiments  must  be  conducted  at  temperatures  higher  than  1640°C.  Although  plastic  deformation 
was  observed  in  some  samples  at  1640°C,  rapid  crack  propagation  in  most  samples  indicated  that  the 
brittle-to-ductile  transformation  temperature  of  the  samples  was  above  1640°C. 

Slip  System 

In  general,  the  slip  plane  is  the  plane  of  maximum  packing  in  metals.  In  ionically  bonded 
compounds,  slip  can  not  occur  easily  on  the  close-packed  planes  because  of  electrostatic  repulsion 
forces  caused  by  passing  like  charged  ions  near  one  another  [9].  There  are  three  crystallographic 
slip  planes  commonly  observed  in  bcc  metals,  namely,  { 1 10},  {21 1 },  and  {321 }.  Screw  dislocations 
may  move  on  any  combination  of  these  planes  that  is  favored  by  stress.  Hence  slip  lines  in  bcc 
metals  often  are  not  very  well  defined  and  are  wavy.  Slip  planes  in  the  bcc  crystal  structure  vary 
with  composition,  crystal  orientation,  temperature,  and  strain  rate  [10]. 

A  number  of  slip  systems  have  been  observed  in  cubic  rare-earth  type-C  crystal  structure  by 
studying  Y203  single  crystals.  At  low  temperatures  and  high  stresses,  { 00 1 } <  1 1 0>  slip  system  is 
reported  to  be  active  in  Y2O3  [11,12].  {001 )  planes  do  not  contain  the  shortest  Burgers  vector  for 
this  structure  which  is  b  =  1/2  <  1 1 1  > ,  (9. 1  A),  and  results  in  a  large  Burgers  vector  of  b  =<  1 10  > , 
(15  A).  The  occurrence  of  such  a  large  Burgers  vector  in  Y2O3  is  explained  by  dissociation  of 
<1 10>  into  four  collinear  partials,  which  may  glide  on  {001}  planes  [13].  Other  Burgers  vectors 
observed  in  Y203  after  undergoing  deformation  at  -0.58  Tm  are  b  =  1/2  <  111  >  and  b=<100> 
[14].  The  Burgers  vector  identified  here,  b  =  l/2<lll>  at  -0.67  Tm,  has  a  magnitude  of  9.1  A. 
Due  to  the  differences  in  deformation  temperatures  between  the  two  studies,  direct  comparison  is  not 
possible.  No  plastic  deformation  in  Er203  was  observed  at  temperatures  below  0.67  Tm.  It  is 
possible  that  different  slip  systems  become  active  at  different  temperatures. 

In  general,  the  Burgers  vector  of  a  dislocation  in  bcc  materials  is  a  b  =  l/2<lll>  type. 
Such  a  dislocation  can  glide  on  {110}  planes.  In  metals  the  1  /  2  <  1 11>  Burgers  vectors  may 
dissociate  into  three  partials  of  the  type  1/6<111>  [10].  However,  in  erbia,  due  to  the  distribution 
of  dissimilar  charges,  these  partials  can  not  form  at  1640°C.  Another  possibility  for  the  dissociation 

of  <  1 1 1  >  Burgers  vectors  is  1/2^111^— >1/4^110^  +  1/4^112^.  Such  dissociation  has  been 
observed  in  Y203  single  crystals  deformed  at  0.58  Tm  [13]. 

Burger  vectors  of  b=<100>,  although  only  slightly  larger  in  length  (10.55  A)  than 
b  =  1/2 <  ill  >,  (9.1  A),  were  not  observed  in  Er203.  The  b  =<  100  >  Burgers  vectors  observed  in 
Y2O3  crystals  is  probably  developed  by  association  of  two  <11 1>  or  <110>  Burgers  vectors  as 
1/2[111]  +  1/2[1 1 1]  — >[100]  or  1/2[110]  +  1/2[1 10]  -4  [100]  [13,14].  An  increase  in  the  density  of 
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b  =  l/2<lll>  dislocations  at  high  temperatures  (1550-1800°C)  in  Y2O3  has  been  observed  to 
induce  dislocation  junctions  with  a  Burgers  vector  of  b=<100>  [15].  Deformation  of  Er203  at 
1640°C  resulted  in  a  very  low  dislocation  density.  It  is  likely  that  the  reason  that  b=<100> 
Burgers  vectors  were  not  observed  here  is  that  the  dislocation  density  was  never  high  enough  for 
b  =  l/2<lll>  Burgers  vectors  to  interact. 

Since  strong  slip  traces  were  observed  on  the  surfaces  of  the  plastically  deformed  samples, 
high  dislocation  densities  were  expected  to  be  present  in  the  samples  after  plastic  deformation.  It 
appears  that  the  climb  of  dislocations  during  deformation  resulted  in  the  annihilation  of  dislocations. 

All  dislocations  observed  were  deformation  dislocations  since  no  dislocations  were  observed 
in  undeformed  samples  during  TEM  examinations.  Most  dislocations  were  observed  as  double  lines 
as  seen  in  Figure  4.  It  is  likely  that  very  high-energy  b  =  l/2<Tll>  Burgers  vectors  dissociate  into 
partials  to  reduce  their  energy.  Dissociation  of  b  =  l/2<lll>  into  partials  is  perhaps  the  source  of 
the  double  images  observed  for  these  dislocations. 

Examination  of  the  slip  planes,  {110}  planes,  of  an  Er2C>3  crystal  reveals  that  there  are  no 
possibilities  of  dissociation  for  b  =  1/2  <  1 1 1  >  without  creating  high-energy  stacking  faults.  The 
most  likely  dissociation  of  b  =  l/2<lll>  on  {110}  planes  seems  to  be  dissociation  into 
1/4  <  1 10  >  and  1  /4  <  1 12  >  partials  as  illustrated  schematically  in  Figure  5.  Weak  beam  TEM 
examinations  have  not  been  performed  yet  to  elucidate  the  source  of  double  images  observed. 


Figure  5.  Dissociation  of  1/2[1 11]  Burgers  vector  to  1/4[1 10]  and  1/4[1 12]  partials  on  (110) 
plane.  The  large  atoms  are  oxygen  ions  and  the  small  ones  are  erbium  ions. 

CONCLUSIONS 

The  brittle-to-ductile  transition  temperature  of  single  crystalline  Er203  is  above  1640°C.  No 
plasticity  in  Er203  was  detected  below  1640°C  and  limited  plasticity  was  observed  at  1640°C.  For 
most  samples,  crack  growth  during  high-temperature  deformation  prevented  the  stress  on  the 
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samples  from  reaching  the  yield  stress.  The  value  of  the  critical  resolved  shear  stress  for  all 
directions  at  1640°C  under  compression  was  about  38  MPa.  Slip  occurred  on  {110}  planes 
regardless  of  the  crystal  orientation.  At  1640°C,  the  slip  system  in  Er203  rare-earth  cubic  type-C  was 
determined  to  be  { 110}<1 11>.  It  is  believed  that  1  / 2  <  1 1 1  >  Burgers  vectors  dissociates  into 
1/4<110>  +  1/4<112>  partials. 
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Abstract 

A  small  dopant  effect  on  the  high- temperature  creep  resistance  in  high-purity,  polycrys- 
talline  AI2O3  is  examined  by  uniaxial  compression  creep  testing  in  air  at  temperatures  be¬ 
tween  1150  -  1350  °C  under  the  applied  stress  of  10  ~  200  MPa.  High-temperature  creep 
resistance  in  polycrystalline  A1203  is  highly  improved  by  zirconium  or  lanthanoid  ions  in  the 
level  of  about  0.05mol%.  High  resolution  electron  microscopy  (HREM)  and  X-ray  energy 
dispersive  spectroscopy  (EDS)  analyse  revealed  that  the  dopant  cation  segregate  in  grain 
boundaries,  and  is  likely  to  influence  grain  boundary  diffusion.  This  paper  aims  to  show  a 
critical  parameter  to  describe  the  high-temperature  creep  rate  in  cation-doped  A1203. 


1  Introduction 

It  has  been  reported  that  high- temperature  mechanical  property  in  polycrystalline  A1203  is 
highly  improved  by  Zr02  dispersion[l-5].  Okada  et  ai.  found  that  the  flow  stress  of  A1203- 
Zr02  with  a  composition  range  from  2  to  20  wt%  Zr02(2.5mol%Y203)  has  a  flow  stress 
in  excess  of  100  MPa  at  1400°C,  which  is  much  higher  than  that  of  undoped  Al203[3,4]. 
According  to  the  data  of  Wakai  et  a f.,  the  creep  rate  of  Al2O3  20wt%ZrO2(3mol%Y2O3) 
is  about  40  times  lower  than  that  of  A1203  at  1250  and  1300°C[5].  The  excellent  high- 
temperature  mechanical  properties  were  explained  in  terms  of  the  dispersion  of  Zr02  particles 
in  A1203  grain  boundaries  [5,6]. 

More  recently,  we  reported  that  the  major  effect  of  the  improved  creep  resistance  in  A1203- 
Zr02  is  caused  by  the  segregation  of  zirconium  ions  in  grain  boundaries  rather  than  the 
dispersion  effect  of  Zr02  particles[7].  The  improved  creep  resistance  due  to  grain  boundary 
segregation  of  cations  has  been  found  in  various  dopants  [8, 9].  The  present  paper  aims  to 
briefly  summarize  our  experimental  data  on  the  small  dopant  effect  on  the  high-temperature 
creep  resistance  and  to  show  that  the  change  in  chemical  bonding  state  in  grain  boundaries 
with  dopant  segregation  is  responsible  for  the  improvement  of  creep  resistance. 


2  Results  and  Discussion 

2.1  Improvement  of  Creep  Resistance  in  AI2O3  with  Zr02-doping 

High- temperature  creep  resistance  in  high- purity,  polycrystalline  A1203  is  highly  improved 
by  a  small  amount  of  Zr  addition  as  shown  in  Figure  1,  which  shows  the  creep  curves  at 
1300°C  under  an  applied  stress  of  26MPa  in  high-purity  A1203  with  a  purity  of  99.99%, 
0.1wt%  Zr02-doped  single  phase  A1203  and  Al2O3-10wt%  Zr02(2.5mol%  Y203)  containing 
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Zr02  dispersion [7].  The  creep  rate  is  very  much  suppressed  by  the  small  amount  of  Zr02 
doping,  and  further  reduced  by  Zr02  dispersion  in  AI2O3.  The  difference  in  creep  rate  is  not 
caused  by  grain  size  difference  or  grain  growth,  because  the  grain  size  is  nearly  the  same  in 
the  three  materials  and  grain  growth  during  creep  deformation  is  negligible. 


Figure  1.  The  creep  curves  in  high-  purity  A12C>3, 
0.1wt%  Zr02-  eloped  AI2O3  and  AI2O3-  10wt% 
Zr(>2  (2.5mol%Y2C>3)  under  an  applied  stress  of 
26MPa  at  1300°C. 


1400  1300  1 200°C 


INVERSE  TEMPERATURE  /  xl  0 4  K1 

Figure  2.  An  Arrhenius  plot  of  creep  strain 
against  inverse  temperature  in  high-  purity  AI2O3, 
0.1  wt%  Zr02  -doped  A12C>3  and  Al2O3-10wt%ZrO 


Figure  3.  A  bright- field  transmission  electron  mi¬ 
crograph  of  as-sintered  0.1wt%ZrO2-  doped  Al203. 


The  activation  energy  for  creep  de¬ 
formation  was  obtained  from  an  Arrhe¬ 
nius  plot  of  creep  strain  rate  at  an  ap¬ 
plied  stress  of  30  MPa  against  inverse 
temperature  as  shown  in  Figure  2.  The 
activation  energy  for  creep  deformation 
is  430  kJ/mol  in  high- purity  Al203,  650 
kJ/mol  in  0.1wt%ZrO2-doped  AI2O3  and 
700  kJ/mol  in  Al2O3-10wt%ZrO2  at  tem¬ 
perature  range  of  1150  ~  1400  °C  under 
the  applied  stress  of  30  MPa.  The  acti¬ 
vation  energy  values  correspond  well  with 
the  creep  resistance  in  these  materials.  It 
is  noted  that  the  doping  of  zirconium  even 
in  the  level  of  0.1  wt%  yields  a  drastic  in¬ 
crease  of  activation  energy. 

Figure  3  is  a  conventional  bright  field 
image  of  0.1wt%ZrO2-doped  AI2O3.  The 
grains  are  nearly  equiaxed  without  second 
phase.  The  0.1wt%ZrO2-doped  AI2O3  was 
confirmed  to  be  a  single  phase  material 
as  well  as  high- purity  AL2O3.  Figure  4 
is  a  HREM  image  of  0.1wt%ZrO2-doped 
A1203  (a)  together  with  the  EDS  spec¬ 
tra  taken  from  the  matrix  (b)  and  from 
the  grain  boundary  (c).  HREM  image 
was  taken  for  the  boundary  at  the  edge-on 
view,  and  EDS  spectra  were  obtained  with 
a  probe  size  of  about  lnm  at  the  indicated 
areas  shown  as  the  circles  in  Figure  4  (a). 
The  presence  of  zirconium  ions  is  detected 
in  the  grain  boundary  but  not  in  the  ma¬ 
trix.  This  must  be  the  evidence  of  Zr  ions’ 
segregation  in  grain  boundaries. 

The  activation  energy  for  high-purity 
Al203  is  in  good  agreement  with  the 
activation  energy  for  Al3+  grain  bound¬ 
ary  diffusion  which  is  reported  to  be  418 
kJ/mol  [10].  In  contrast,  the  activation 
energy  for  diffusion  in  Zr02-doped  A1203 
has  not  been  reported  so  far,  but  is  esti¬ 
mated  from  indirect  methods.  For  exam¬ 
ple,  Wang  and  Raj  obtained  the  activa¬ 
tion  energy  of  700  ±  100  kJ/mol  from  sin¬ 
tering  experiments  in  Al203-Zr02  with  a 
composition  range  from  5  to  95  vol%  Zr02 
on  the  assumption  that  sintering  is  con¬ 
trolled  by  grain  boundary  diffusion [2, 12]. 
Wakai  reported  an  activation  energy  of 
754  kJ/mol  for  superplastic  flow  in  AI2O3 
20wt%ZrO2(2.5mol%Y2O3)[5].  Since  the 
superplastic  flow  takes  place  mainly  by 
grain  boundary  sliding,  the  activation  en¬ 
ergy  may  be  associated  with  grain  bound¬ 
ary  diffusion  of  constituent  ions.  Okada 
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and  Sakuma  obtained  the  activation  energy  of  732  kJ/mol  for  grain  growth  in  Al203^6.7 
vol%Zr02[13].  From  these  results,  it  seems  reasonable  that  the  activation  energy  for  grain 
boundary  diffusion  in  Zr02-doped  A1203  is  about  700  kJ/mol.  These  values  are  not  so  dif¬ 
ferent  from  the  activation  energies  for  steady-state  creep  rate  in  0.1wt%ZrO2-doped  A1203 
and  Al2O3-10wt%ZrO2.  The  present  result  indicates  that  the  grain  boundary  diffusivity  of 
A1  ions  must  be  retarded  by  the  segregation  of  Zr  ions  in  grain  boundaries. 


2.2  High-temperature  Creep  Resistance  in  Lanthanide  Ion- 
doped  AI2O3 

The  small  dopant  effect  on  the  creep  resistance  in  polycrystalline  A1203  is  not  a  special 
case  for  zirconium  ion  but  appears  in  other  dopants  such  as  lanthanoid  ions  even  in  the 
level  of  0.05  mol%.  Figure  5  shows  the  creep  curves  at  1250° C  under  an  applied  stress  of 
50MPa  in  high-purity  A1203  and  A1203  with  0.05mol%  of  Y203,  Sm203,  Eu203,  Tm203  or 
Lu203[9].  These  materials  were  fabricated  by  sintering  in  air  at  temperatures  of  1300°C  ~ 
1400°C  in  order  to  obtain  an  average  grain  size  of  about  1  /im.  The  creep  deformation  of 
polycrystalline  A1203  is  very  much  suppressed  by  the  lanthanoid  oxide  doping.  The  dopant 
effect  is  dependent  on  the  type  of  cation;  the  improvement  of  creep  resistance  is  in  the  order, 
Sm  <  Tm  <  Eu  <  Y  ~  Lu.  Lu203  and  Y203  are  particularly  effective  to  improve  the 
creep  resistance  in  A1203  in  comparison  with  other  dopants.  The  difference  in  creep  rate  in 
the  materials  is  not  caused  by  the  change  of  grain  growth  rate,  because  the  grain  growth 
during  creep  deformation  was  negligible  in  the  present  materials  at  the  temperature  range 

examined.  . 

The  creep  rate  in  the  lanthanoid-doped  materials  reduces  with  increasing  time,  lime 
or  strain  at  the  onset  of  the  steady-state  creep  rate  depends  on  testing  condition,  and  we 
tentatively  define  the  steady-state  rate  where  the  change  of  strain  rate  with  time  is  in  the 
level  of  ±1  x  10  9  s”1.  The  steady-state  creep  rate  is  plotted  against  applied  stress  in  the 
four  materials  at  1250  °C  in  Figure  6. 

The  creep  strain  rate  in  Sm203-doped  A1203  is  about  50  times,  and  that  in  Y203-  or 
Lu203-doped  A1203  is  about  200  times  lower  than  that  of  high-purity  A1203  at  1250°C  for 


I _ Jr* _ VWAfMjw/V _ VWl  VU^-rtl  . .  * . mtm  -,1 
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Figure  4.  HREM  image  of  as-sintered  0.1wt%ZrO2-doped  A1203  (a),  and  the  EDS 
spectra  taken  from  (b)  the  matrix  in  (a)  and  (c)  the  grain  boundary.  The  analysed 
area  is  marked  by  the  circles. 
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the  same  applied  stress.  In  each  material,  the  log-log  plot  of  creep  strain  rate  against  applied 
stress  is  approximated  to  be  a  single  straight  line  with  a  stress  exponent  n  of  about  2.  This 
value  can  be  explained  in  terms  of  either  an  interface  reaction-controlled  diffusional  creep [14] 
or  a  grain  boundary  sliding[15-17].  Since  no  dislocation  activity  is  observed  in  the  crept 
samples,  the  creep  deformation  must  be  induced  by  a  diffusional  process. 

The  activation  energy  for  creep  deformation  was  obtained  in  a  conventional  way  from  an 

Arrhenius  plot  of  creep  strain  rate  at 


Figure  5.  The  creep  curves  in  undoped  AI2O3 
and  Ln203  (Ln:  Y,  Sm,  Eu,  Tm,  Lu)-doped  AI2O3 
under  an  applied  stress  of  50MPa  at  1250°C. 


an  applied  stress  of  lOOMPa  against  in¬ 
verse  temperature  as  demonstrated  in  Fig¬ 
ure  7,  in  which  a  calculated  creep  strain 
rate  of  aluminum  ion  lattice  diffusional 
creep  (Nabarro-Herring  creep)  [18]  for  high- 
purity  A1203  is  also  plotted.  From  the 
slope  of  these  lines,  the  Q  values  are  cal¬ 
culated  to  be  410  kJ/mol  for  undoped- 
AI2O3,  790  kJ/mol,  830  kJ/mol  and  780 
kJ/mol  for  Sm203-,  Y203-  and  Lu203- 
doped  A1203,  respectively.  The  activation 
energies  for  lanthanoid-doped  A1203  are 
about  twice  as  large  as  that  of  undoped- 
A1203  as  well  as  Zr02-doped  one.  The 
improved  creep  resistance  due  to  the 
lanthanoid-doping  is  mainly  caused  by  an 
increment  in  the  activation  energy. 

Figure  8  is  an  example  of  HREM  of 
a  grain  boundary  and  EDS  spectra  taken 
from  grain  interior  and  grain  boundary  in 
0.05mol%  Lu203-doped  A1203.  No  sec¬ 
ond  phase  or  amorphous  phase  is  seen  in 
the  grain  boundary,  and  the  segregation 
of  lutetium  ions  in  the  grain  boundary  is 


5.8  6.0  6.2  6.4  6.6  6.8  7.0  7.2 
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Figure  7.  An  Arrhenius  plot  of  creep  strain 
against  inverse  temperature  in  undoped  AI2O3, 
Sm2C>3-doped,  Y2(J3-doped  and  Lu203-doped 
AI2O3.  Tne  slope  of  these  lines  represent  the 
activation  energies. 
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clearly  detected  in  the  EDS  spectrum  as  well  as  Zr  ions.  The  microstructure  in  A1203  with 
other  dopant  cation  is  essentially  the  same  with  that  in  the  Lu203-doped  A1203. 

Since  the  activation  energy  for  high-purity  A1203  is  in  good  agreement  with  that  for  A1 
grain  boundary  diffusion,  it  seems  reasonable  that  creep  rate  in  undoped- A1203  is  controlled 
hy  grain  boundary  sliding  accommodated  by  grain  boundary  diffusion.  The  activation  energy 
of  about  800  kJ/mol  in  Ln-doped  A1203  is  much  larger  than  that  in  undoped-Al203.  Since 
the  dopant  cations  tend  to  segregate  in  A1203  grain  boundaries  as  well  as  zirconium  ions, 
and  since  the  creep  rate  in  Ln-doped  A1203  is  still  larger  than  that  of  lattice  diffusion  creep 


Figure  8.  A  high- resolution  electron  micrograph  of  a  grain  boundary  in  as- 
sintered  0.05mol%  Lu203-  doped  A1203  (a),  together  with  EDS  spectra  taken 
with  a  probe  size  of  about  1  nm  from  (b)  grain  interior  and  (c)  grain  boundary. 


0.84  0.88  0.92  0.96 

IONIC  RADIUS  /  A 


Figure  9.  A  Plot  of  creep  strain  rate  at  1250°C  under 
the  applied  stress  of  50  MPa  in  the  present  materials 
against  the  dopant  cation  radius[22]. 


Figure  10.  Atomic  structure  of 
cluster  models  (a)  (Al20g)12~  and 
(b)  (AlLnOg)12-. 
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exprcted  for  high-purity  A1203  as  shown  in  Fig. 7,  the  high  activation  energy  in  Ln-doped 
A1203  is  likely  to  result  from  the  suppression  of  grain  boundary  diffusion  by  the  segregation 
of  Ln  ion  in  grain  boundaries.  It  is  expected  that  the  grain  boundary  diffusion  of  aluminum 
ions  will  be  restricted  by  the  segregation,  and  the  creep  resistance  will  be  improved  when  the 
creep  deformation  is  controlled  by  grain  boundary  diffusion. 

The  present  result  demonstrates  that  the  creep  resistance  is  dependent  on  the  type  of 
dopant  cation.  Fig.9  shows  the  creep  strain  rate  in  lanthanoid  ion-doped  AI2O3  under  50MPa 
at  1250°C  against  dopant  ionic  radius  which  is  defined  for  six-fold  coordination [22].  Lutetium 
ion,  which  has  the  smallest  ionic  radius  in  the  dopant  cations,  is  the  most  effective  to  reduce 
creep  strain  rate,  but  the  dopant  effect  cannot  be  explained  in  terms  of  the  ionic  radius  of 
cation;  for  example,  Sm  and  Eu  ions  have  similar  ionic  radii,  but  the  observed  creep  rate  is 
different  between  Sm203-  and  Eu203-doped  AI2O3.  To  find  a  factor  to  describe  the  dopant 
effect,  the  change  in  electronic  structure,  the  net  charge  and  the  bond  overlap  population  of 
Al3+  and  02~  ions  with  dopant  cations  was  evaluated. 


2.3  Chemical  Bonding  State  in  AI2O3 

In  order  to  estimate  the  ionic  bonding  state  in  the  presence  of  Ln  ions  in  A1203, 
a  first-principles  molecular  orbital  calculation  was  conducted  by  the  discrete-variational 
(DV)-Xct  method  developed  by  Adachi[23].  The  model  clusters  of  undoped-  A1203  and 
A1203  with  Ln  cation  used  are  shown  in  Figure  10[24].  Figure  10(a)  shows  a  model 

cluster  for  pure  A1203,  (A1209)12_, 

0.30j - T - T - T - T - T - , -  which  represents  a  part  of  the  corun- 
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ns  0.15  \  but  it  has  been  reported  that  the  en- 

0  \  ergy  level  structure  and  the  charge 

\  density  profile  in  A1203  can  reason- 

1U  ably  be  evaluated  using  the 

c  (Al2Og)12~  cluster  [25,26].  The  net 

<§  0  05  charges  of  each  ion  and  the  bond  over¬ 

lap  population  between  atoms  can  be 

O' - 1 - 1 - 1 - 1 _ t  «  4  obtained  from  the  first-principles 

2.7  /lv  '  T  r  T  1  ]"2-1  molecular  orbital  calculations.  They 

'  '  correspond  to  the  ionicity  in  the  atoms 

_  _ a  and  the  covalency  between  the  atoms, 

<  2.6  /\  A^^  2  respectively [23, 25-28]. 

‘o  /  \  //  -2.0  ^  Figure  11  shows  the  bond  overlap 

’  O  population  between  A1  and  O  atoms 
^  (a)  anc^  the  net  charge  in  A1  and  O 
jSj  A  atoms  (b)  obtained  from  the  cluster 

O  Xsw  O  models  of  (A1209)12  and  (AlLn09)12“ 

^  in  Figure  10.  The  bond  overlap  pop- 
2  2.4 '  /  Z  ulations  in  Ln  ion-doped  clusters  are 

/  smaller  than  that  in  undoped- A1203, 

•  but  is  not  a  factor  to  explain  the  dif- 

2  3 1 _ ' _ i _  1  1  1  j  1  8  ference  in  the  type  of  dopant  cation 

Al203  Y  Sm  Eu  Tm  Lu  on  the  creep  resistance  in  AI2O3.  In 

contrast,  the  absolute  values  of  A1 

Figure  11.  Bond  overlap  population  between  Aland  “1°  "f  f ®  larger  \ 

0  (a)  and  net  charges  for  A1  and  O  (b)  obtained  by  ?  °r  Lu-doped  cluster  than  that 
noolecular  orbital  calculations  using  the  model  clusters  nndoped  one  or  the  clusteis  with 
shown  in  Figure  9.  other-dopants.  lhis  result  indicates 

that  the  net  charge  is  a  critical  factor 


0) 

CD 

S  2.5 


Sm  Eu  Tm 


Figure  11.  Bond  overlap  population  between  A1  and 
O  (a)  and  net  charges  for  A1  and  O  (b)  obtained  by 
molecular  orbital  calculations  using  the  model  clusters 
shown  in  Figure  9. 
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for  the  creep  resistance  in  Ln-doped  A1203.  ,  A1  ~  c 

Figure  12  shows  the  creep  strain  rate  in  undoped- A1203  and  Ln-doped  A12U3  in  t  lg.o 
against  (a)  the  bond  overlap  population  and  (b)  the  products  of  A1  and  O  net  charges.  As 
shown  in  Fig.  12,  the  effect  of  dopant  cations  on  the  creep  strain  rate  cannot  be  explained  from 
the  order  of  bond  overlap  population  in  Ln  -doped  A1203,  but  the  product  of  net  charges  is 
correlated  well  with  the  creep  strain  rate  in  Ln-doped  A1203.  The  increment  in  the  absolute 
value  of  the  product  corresponds  to  the  increase  of  ionicity  between  Al  and  O  ions.  omce 
the  bond  strength  in  A1203  is  mainly  caused  by  ionic  bonding,  i.e.  a  Coulomb  s  electrical 
attraction  force  between  cations  and  anions  [29],  the  present  result  suggests  that  the  creep 
resistance  in  A1203  is  influenced  by  the  change  in  the  ionic  bonding  state  between  Al  and  U 
atoms  in  grain  boundaries  with  the  segregation  of  lanthanoid  cations.  In  the  present  study, 
the  change  in  the  atomic  bonding  state  is  estimated  for  corundum  structure  and  not  lor 
grain  boundaries.  The  configuration  of  dopant  ions  at  grain  boundaries  m  A12U3  must  be 
different  from  that  of  Fig.  10,  but  it  is  very  hard  to  define  a  suitable  cluster  for  gram  bound¬ 
aries  in  A1203  and  to  determine  the  location  of  dopant  ions  in  the  cluster.  II  we  find  more 
adequate  clusters  for  grain  boundaries,  more  quantitative  agreements  will  be  available  lor 
grain  boundary  diffusivity  or  for  high-temperature  creep  resistance  in  polycrystallme  A12(J3. 


3  Conclusion 

The  creep  resistance  of  polycrystalline  A1203  with  a  grain  size  of  about  1  /im  is  highly 
improved  by  the  doping  of  zirconium  or  lanthanoid  ion  even  in  the  level  of  about  0_05 mol  %  at 
temperatures  between  1250  and  1350°C  and  an  applied  stress  in  a  range  of  10  ~  200 M  Fa.  I  he 
change  in  the  creep  resistance  is  caused  by  the  segregation  of  dopant  cations  in  alumina  gram 


UJ  10' 


0.080  0.085  0.090  0.095 

BOND  OVERLAP  POPULATION 


-4.6  -4.8  -5.0 

PRODUCT  OF  Ai  AND 
O  NET  CHARGES 


Figure  12.  A  Plot  of  creep  strain  rate  at  1250°C  under  the  applied  stress 
of  50  MPa  in  the  present  materials  against  (a)  the  bond  overlap  population 
between  Al  and  O  and  (b)  the  product  of  Al  and  O  net  charges. 
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boundaries.  Among  the  dopant  cations  examined,  Y  and  Lu  ions  are  particularly  effective 
to  improve  the  creep  resistance.  It  is  suggested  that  high-temperature  creep  deformation 
is  hkeiy  to  take  place  mainly  by  gram  boundary  sliding  accommodated  by  grain  boundary 
cbttusion.  I  he  gram  boundary  diffusivity  must  be  retarded  by  the  segregation  of  zirconium 
or  lanthanoid  ions.  The  results  of  a  first-principles  molecular  orbital  calculation  based  on 
a  model  cluster  of  (AI209)12  suggest  that  the  creep  strain  rate  is  well  correlated  with  the 
product  of  the  net  charge  on  cations  and  anions. 
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Abstract 

The  paper  presents  the  study  of  the  mechanical  behaviour  at  high  temperature  under 
compressive  stresses  of  a  Gas  Pressure  Sintered  silicon  nitride.  It  is  the  last  generation  of 
Si3N4  materials  with  elongated  grains  and  a  very  few  amount  of  glassy  phase  that  explains  a 
strong  creep  resistance  up  to  1400°C.  Stress  relaxation  and  creep  tests  were  achieved  in  the 
1400-1 650°C  temperature  range.  The  Kolhraush-Williams-Watt  empirical  expression  is  used 
to  fit  the  stress  relaxation  curves.  The  primary  creep  could  be  modelled  as  a  delayed 
deformation  ending  by  a  plateau  dependent  on  temperature.  Both  creep  and  stress  relaxation 
curves  parameters  suggest  the  existence  of  strong  microstructural  changes  during  testing 
above  1450°C. 

Material 

The  material,  supplied  by  Norton-Desmarquest  [1]  is  a  fully  dense  silicon  nitride  sintered  at 
1800°C  under  a  nitrogen  pressure  of  5  MPa.  The  GPS  method  uses  two  commercials  a-Si3N4 
(SN-E-10,  UBE)  and  a-YSiA10N  (SY5,  UBE,  Y0.5Si9.75Al2.25O0.75N  15.25)  powders  without 
additive.  The  microstructure  of  the  as-sintered  material  is  essentially  made  of  P-SLAION 
elongated  grains  and  a-YSiAlON  grains  in  an  approximate  p/a  ratio  of  80/20.  The  grain  size 
distribution  is  difficult  to  assess  but  the  SEM  observations  of  the  plasma  etched1  material 
have  revealed  some  main  characteristics  (Fig.l):  p  elongated  grains  (7  to  9  pm  in  length)  are 
frequently  observed  together  with  some  extra  large  grains  (30  pm)  resulting  from  abnormal 
grain  growth  during  the  GPS  process  [2,3].  The  high  density  (3.22  g/cm3)  of  this  randomly 
oriented  elongated  grain  structure  is  due  to  the  filling  of  the  interstitial  space  with  smaller  p 
and  a  grains  (between  0.4  and  4  pm).  The  a  grain  morphology  is  the  same  than  that  of  the 
glassy  pockets  generally  observed  in  silicon  nitride  materials  sintered  with  Y203  or  A1203  aids 

1  Acknowledgements:  The  author  would  like  to  thank  Mr  Pesant  and  Mrs  Legrand  for  the  plasma  etching  at  the 
Institut  d'Electronique  et  de  Microelectronique  du  Nord,  Ave  Poincare,  BP  69,  59652  Villeneuve  dAscq  cedex, 
France. 
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[4].  No  amorphous  film  could  be  observed  between  silicon  nitride  grains  in  TEM,  and  the 
sintered  material  seems  to  have  a  very  insignificant  amount  of  small  glassy  pockets.  Such  a 
microstructure  explains  the  high  creep  resistance  observed  up  to  1400°C  for  stresses  in  the 
order  of  lOOMPa. 


Fig.  1:  SEM  micrographs  of  the  GPS  silicon  nitride  after  SF6  plasma  etching. 


Fig.  2:  TEM  micrographs  of  the  as-sintered  material:  general  view  (left)  and  enlarged  view  of 
the  YSiAlON  crystallised  phase  (right). 


High  temperature  mechanical  tests 

The  creep  and  stress  relaxation  tests  were  conducted  on  a  high  temperature  (1800°C) 
mechanical  (Instron  8562)  testing  machine  detailed  in  a  previous  paper  [5].  To  limit  Si3N4 
oxidation  and  decomposition,  the  tests  were  carried  out  under  a  nitrogen  atmosphere.  The 
compressive  samples  (7x3x3)  mm3  were  placed  between  two  SiC  pistons.  The  heating  and 
cooling  rates  were  10°C/min.  A  differential  measurement  device,  by  means  of  a  LVDT  and 
mechanical  contacts  with  the  specimen  was  used  to  accurately  measure  the  specimen  height. 
During  creep  test,  the  load  was  electronically  maintained  constant  by  enslavement  of  the 
actuator  on  the  load,  whereas  the  sample  deformation  was  maintained  constant  for  relaxation 
test.  The  PC  acquisition  of  data  gives  about  2000  points  for  each  curve. 


Key  Engineering  Materials  Vols.  171-174 


819 


Stress  Relaxation  Results 

The  influence  of  temperature  on  the  relaxation  kinetics  was  studied  between  1400  and 
1650°C,  for  an  initial  applied  stress  of  100  MPa. 

During  the  stress  relaxation  process,  the  macroscopic  load  decrease  is  associated  to  the 
conversion  of  elastic  deformation  into  plastic  deformation.  The  stress  relaxation  kinetics  a(t), 
normalised  by  the  initial  stress  o0,  is  here  analysed  by  the  Kolhraush-Williams-Watt  equation: 

a  /  a0  =  exp  [  -  (t  /  ii)bl  ]  Eq.  1, 

where  u  is  an  apparent  relaxation  time  and  bi  a  parameter  between  0  and  1  associated  to  the 
relaxation  time  distribution  spectrum.  The  experimental  and  calculated  (Eq.l)  stress 
relaxation  curves  are  represented  on  Fig.  3. 


Fig  3'  Stress  relaxation  curves  from  an  initial  stress  of  lOOMPa,  at  different  temperatures: 
1400°C  (a),  1450°C  (b),  1500°C  (c),  1550°C  (d),  1575°C  (e),  1600°C  (f),  1625°C  (g),  and 
1650°C  (h). 


T(°C) 

1400 

1450 

1500 

1550 

1575 

1600 

1625 

1650 

b. 

0.23 

0.26 

0.35 

0.53 

0.54 

0.59 

0.62 

0.67 

xi(h) 

5602 

2016 

127 

10.6 

3.85 

1.63 

1.07 

0.59 

Table  1:  KWW  equation  parameters  of  the  stress  relaxation  curves  (Fig.  3). 

The  KWW  equation  parameter’s,  calculated  to  fit  the  experimental  curves  at  the  different 
temperatures,  are  given  in  Tablel.  First,  it  could  be  noted  that  the  relaxation  kinetics  of  the 
GPS  material  is  very  slow.  For  a  silicon  nitride  with  continuous  intergranular  glassy  films, 
Rouxel  and  Wakai  [6]  gave  relaxation  times  between  15  and  0.4  minutes  in  the  same 
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temperature  range.  The  decrease  of  the  relaxation  time,  when  the  temperature  increases,  can 
be  regarded  as  due  to  a  thermally  activated  process  with  an  average  apparent  activation 
energy  of  1070  kJ/mol.  This  high  value  is  similar  to  the  value  obtained  by  Donzel  and  al.  [7] 
for  a  YSiAlON  glass  studied  by  mechanical  spectroscopy,  but  really  far  from  the  470  kJ/mol 
value  obtain  in  reference  [6].  In  fact,  the  change  of  log  tj  with  the  reciprocal  absolute 
temperature  exhibits  a  S-shape  (Fig.  4).  This  could  result  from  modifications  of  the 
microstructure  coming  from  melting  of  yttrium  containing  crystalline  phases. 


1/RT 

Fig.  4:  Activation  energy  of  the  relaxation  time  Ti  between  1400  and  1650°C. 

Besides,  there  is  an  evolution  of  the  parameter  bj  whereas  it  is  generally  constant  and  equal  to 
0.5  in  glasses  [8].  According  to  Perez  et  al.  [9]  and  Ngai  et  al.  [10],  bj  is  a  correlation  factor 
and  can  be  tentatively  related  to  the  mobility  of  the  structural  unit  at  the  atomic  or  molecular 
scale:  b,  is  null  when  the  correlation  is  high  (elastic  solids)  and  tend  to  unity  when  the 
correlation  is  low  (bi— 1  in  liquids).  The  evolution  observed  in  our  study  (Table  1)  reflects  a 
smooth  transition  between  a  quite  rigid  state  toward  a  more  fluid  state. 

Creep  Results 

The  stress  dependence  of  creep  was  studied  at  1550°C  for  50,  100  and  200  MPa  initial 
stresses  (Fig.  5),  and  the  temperature  dependence  for  an  initial  stress  of  100  MPa  at  different 
temperatures  between  1450  and  1600°C  (Fig.  6).  The  deformation  measured  under  a  stress  of 
lOOMPa  at  1400°C  was  under  the  experimental  sensitivity. 

The  creep  curves  e(t)  can  be  analysed  as  the  sum  of  two  components:  e  =  ed  +  £s  t. 

£d,  corresponding  to  the  delayed  elastic  deformation,  is  given  by  (Eq.2)  where  e00  is  an 
asymptotic  deformation,  T2  is  a  retardation  time  and  b2  is  the  exponent  of  the  extended 
exponential  associated  to  the  retardation  time  distribution  spectrum. 

Sd  =  e00  [  1  -  exp(-(t/x2)b2)]  Eq.  2. 

8  s  t  corresponds  to  the  viscous  permanent  deformation  (Eq.3). 

Eq.  3. 


8  s  =  A  a11  exp(-Q2/RT) 
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The  strain  rate  es,  reported  in  Table  2  and  Table  3,  increases  with  stress  and  temperature 
according  to  the  Eq.  3.  The  stress  exponent  value  is  n=1.8  and  the  apparent  activation  energy, 
Q2=1069  kJ/mol,  is  very  high. 

It  is  interesting  to  note  that  Bernard  Granger  [1]  obtain  n=l  and  a  smaller  creep  activation 
energy  of  770  kJ/mol  in  the  1280-1400°C  range  for  the  same  material.  So,  the  deformation 
mechanisms  are  certainly  different  under  and  above  1450°C. 


Fig.  5:  Silicon  nitride  compressive  creep  curves  under  nitrogen  at  1550°C. 


Fig.  6:  Silicon  nitride  compressive  creep  curves  under  nitrogen  at  an  initial  stress  of  lOOMPa 
and  for  different  temperature:  1450°C  (a),  1500°C  (b),  1550°C  (c),  1575°C  (d)  and  1600°C 
(e). 

According  to  the  results  in  Table  2  and  Table  3,  the  main  transient  creep  parameter  e00  is 
independent  of  stress  but  increases  rapidly  with  temperature.  At  constant  temperature,  the 
retardation  time,  i2,  decreases  when  the  stress  increases. 
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a  (MPa) 

HUSH 

mm 

12  (h) 

b2 

50 

0.0099 

4.9  ±0.1 

0.75  ±0.05 

100 

lEEEBKM 

0.0097 

1.9  ±0.1 

0.65  ±0.05 

200 

IE&1G1I 

0.0096 

0.6  ±0.1 

0.85  ±0.05 

Table  2:  Creep  curves  parameters  at  1550°C  (Fig.  5). 

T(°C)  | 

1450  | 

1500 

1550 

1575 

1600 

umi 

M:«nai 

lUJMSHIll 

KBana 

CO 

e 

0.0009 

0.003 

0.011 

0.020 

0.045  | 

Table  3:  Creep  curves  parameters  under  lOOMPa  for  the  different  temperatures  (Fig.  6). 

In  silicon  nitride,  the  primary  creep  could  be  explain  by  a  redistribution  of  the  glassy  phase 
until  the  grains  come  in  contact  [11,12].  Then,  the  creep  becomes  stationary.  Upon  loading, 
the  secondary  glass  phase  flows  from  compressive  zones  to  tensile  ones  [13,14].  Let  us 
consider  a  material  composed  of  rigid  grains  embedded  in  a  secondary  viscous  phase  the 
quantity  of  which  depends  on  temperature.  In  this  model,  the  e00  value  is  reached  when  all  the 
secondary  phase  has  flowed  out.  Above  1550°C,  there  is  a  certain  quantity  of  liquid  secondary 
phase.  The  increase  in  e°°reflects  the  increase  of  the  liquid  phase  with  temperature  (Table  3). 
As  the  applied  stress  increases,  the  grain  rearrangement  becomes  faster,  800  is  reached  more 
rapidly  and  the  retardation  time,  t2,  decreases  (Table  2).  The  present  results  don't  permit  to 
clearly  understand  the  evolution  of  i2  with  temperature  because  there  is  several  mechanisms 
in  competition:  the  average  distance  between  the  grains  increases  with  temperature  as  e00  does, 
the  secondary  phase  viscosity  changes  with  temperature  and  composition.  For  instance,  if  the 
glass  nitrogen  content  increases,  the  glass  viscosity  rapidly  increases  [15]  whereas  it 
decreases  when  the  temperature  rises.  Only  in  situ  composition  analyses  could  reveal  the  truth 
on  this  ambiguity. 

Conclusion 

This  GPS  silicon  nitride  is  strongly  resistant  up  to  1400°C,  because  its  microstructure  consists 
in  randomly  oriented  p-Sy^  grains  without  glassy  film  at  room  temperature.  Both  relaxation 
and  creep  analyses  in  the  1400-1650°C  range  show  a  transition  in  the  mechanical  behaviour 
around  1450°C.  Above  this  temperature,  bi  tends  to  the  value  for  the  liquid  state,  and  the 
asymptotic  value  of  the  delayed  deformation  rises  with  temperature.  According  to  UBE 
information  about  the  starting  powders,  it  could  be  argue  that  there  is  formation  of  liquid 
phase  due  to  melting  of  YSiAlON  crystallise  phase  during  testing  at  these  temperatures.  This 
hypothesis  is  supported  by  our  microstructural  TEM  observations  after  testing.  Much  more 
glassy  pockets  than  in  the  as  sintered  material  was  observed  in  a  material  deformed  at 
1650°C.  Besides,  SEM  observations  (retro-diffused  mode)  of  several  tested  samples  have 
shown  that  an  important  redistribution  of  yttrium  occurs  above  1450°C  (Fig.  7).  These 
phenomena  necessary  need  the  presence  of  a  liquid  phase  during  testing. 
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Fig.  7:  White  yttrium  repartition  observed  in  the  silicon  nitride  after  1400°C  (left)  and  1600°C 
(right)  stress  relaxation  test. 


So,  microscopic  observations,  compressive  creep  and  relaxation  tests  lead  to  the  conclusion  of 
a  microstructural  transformation  by  liquid  phase  formation,  that  modifies  the  mechanism  of 
the  deformation  above  1450°C. 
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ABSTRACT 

B-Silicon  nitride  (Si3N4)  with  sintering  additives  of  5mass%  Y203  and  4mass%  A1203  was  de¬ 
formed  by  compression  at  temperatures  from  1820  to  2020K  and  at  strain  rates  from  9xl0'6  to  2xl0'4 
s'1.  Dislocation  structures  were  examined  by  transmission  electron  microscopy  (TEM)  to  identify  the 
slip  systems  activated  during  high  temperature  deformation. 

It  was  found  that  the  high  temperature  deformation  behavior  of  B-Si3N4  depended  strongly  on 
the  deformation  condition.  A  good  ductility  as  well  as  10%  in  plastic  strain  occurred  without  crack 
formation  under  the  limited  condition  of  higher  temperatures  and  lower  strain  rates.  Both  from  the 
Burgers  vector  analysis  using  the  weak-beam  method  and  from  the  trace  analysis  on  TEM,  most  of 
dislocations  operating  during  deformation  were  found  to  be  c  dislocations  belonging  to  the 
{1010}[0001]  primary  slip  system.  In  addition  to  c  dislocations,  a  dislocations_on  a  {1010}  <  1210  > 
prism  slip  were  often  observed.  However,  a+c  dislocations  on  the  {1121}  <  2113  >  pyramidal  slip 
were  only  activated  under  the  limited  conditions  where  a  good  ductility  had  been  appeared  by  com¬ 
pression.  It  has  been  considered,  therefore,  that  the  occurrence  of  ductility  would  be  closely  related  to 
the  activation  of  the  pyramidal  slip  system. 

1.  INTRODUCTION 

Since  silicon  nitride  has  an  excellent  high  temperature  strength,  a  low  density  and  a  low 
coefficiency  of  thermal  expansion,  it  has  been  expected  as  a  structural  material  used  at  high  tempera¬ 
tures.  However,  Si3N4  has  been  restricted  to  a  practical  use  for  a  structural  material  because  of  the 
lack  of  reliability  coming  from  the  brittleness.  B-Si3N4  has  a  hexagonal  structure,  so  that  secondary 
slip  systems  such  as  the  pyramidal  slip  should  be  activated  on  the  primary  one  for  polycrystalline  B- 
Si3N4  to  plastically  deform  without  crack  formation.  Therefore,  it  is  of  great  importance  to  clarify 
whether  the  secondary  slip  systems  can  be  activated  during  high  temperature  deformation.  To  the 
present  authors’  knowledge,  however,  there  are  only  a  few  investigations  on  slipsystems  of  Si3N4. 
Butler[l]  observed  the  dislocation  structures  in  B-Si3N4  and  found  that  the  {1010} [0001]  was  the 
primary  slip  system  in  B-Si3N4.  Evans  and  Sharp[2],  and  Lee  and  Hilmas[3]  analyzed  the  Burgers 
vector  by  TEM  on  the  basis  of  the  g  b= 0  invisibility  criteria,  where  g  and  b  were  general  meanings, 
and  reported  that  a  and  a+c  dislocations  operated  on  c  dislocations.  However,  slip  planes  of  these  a 
and  a+c  dislocations  have  never  experimentally  identified  so  far.  Recently,  Milhet  et  al.[ 4]  found  that 
the  {1 120}[0001]  slip  was  activated  at  1073K  on  the  {1010}[0001]  primary  slip.  They  supposed  that 
the  c  dislocations  on  {1120}  were  probably  as  a  result  of  the  cross-slip  of  c  dislocations  with  the  screw 
component  on  the  {1010}  primary  slip  planes  onto  the  {1120}  planes.  However,  the  relation  between 
the  deformation  behavior  and  the  activated  slip  systems  has  not  been  completely  understood  yet. 

In  the  present  investigation,  high  temperature  deformation  behavior  of  B-Si3N4  was  examined  by 
compression,  then  dislocation  structures  were  analyzed  by  TEM  using  the  weak-beam  method  to 
identify  the  activated  slip  systems  during  high  temperature  deformation.  From  these  results,  the 
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deformation  behavior  has  been  discussed  from  the  viewpoint  of  the  activated  slip  systems. 

2.  EXPERIMENTAL  PROCEDURE 
2. 1.  Specimen  preparation 

The  material  used  in  this  study  was  a  hot-pressed  8-Si3N4  with  sintering  aids  of  5mass%  Y203 
and  4mass%  A1203.  The  mean  grain  size  was  about  0.6pm  and  the  density  was  3.26Mg/m3,  which 
was  99.7%  in  theoretical  density.  Specimens  for  compression  tests  were  cut  from  the  sintered  mate¬ 
rial  using  a  low  speed  diamond  saw  and  mechanically  polished  to  a  final  size  of  about  2mmx2mmx3mm. 
Then,  the  side  planes  of  specimens  were  buff-finished  to  mirror  planes  with  a  diamond  paste  of  1pm 
in  particle  size. 

2.  2.  Compression  test 

High  temperature  compression  tests  were  carried  out  under  a  nitrogen  atmosphere  at  tempera¬ 
tures  from  1820  to  2020K  and  at  strain  rates  from  9xl0'6  to  2xl0'4s1.  The  details  of  the  experimental 
procedure  were  the  same  as  those  described  in  the  previous  paper[5].  In  this  study,  compression  rods 
made  of  sintered  SiC  were  used.  The  compression  faces  of  the  rods  were  painted  with  high  purity 
hexagonal  BN  for  lubrication  and  seizure  proof. 

The  specimens  deformed  to  3-10%  in  strain  were  rapidly  cooled  under  loading  by  switching-off 
the  radio  frequency  heating  current  to  freeze-in  the  dislocation  structures  developed  during  high  tem¬ 
perature  deformation. 

2.  3.  TEM  observation 

Thin  foils  suitable  for  TEM  observation  were  prepared  by  the  following  way.  Sheets  of  about 
0.5mm  in  thickness  were  cut  from  the  deformed  samples  parallel  to  the  compression  axis  using  a  low 
speed  diamond  saw  and  mechanically  polished  to  less  than  50pm  in  thickness.  Then,  they  were  buff- 
finished  to  mirror  plane  using  a  diamond  paste  of  1pm  in  particle  size  and  A+  ion  milled  into  foils 
under  the  condition  of  4.0kV,  0.4mA  and  15°  in  beam  angle.  In  addition,  the  foils  were  coated  with 
carbon  to  prevent  from  charging-up  during  TEM  observation.  A  JEOL  JEM-2000EX/T  electron 
microscope,  which  was  modified  to  achieve  ±25°  double  tilt,  was  worked  with  an  acceleration  voltage 
of  200k  V. 

2.  4.  Identification  of  slip  system 

A  slip  system  is  defined  as  the  combination  of  a  slip  plane  and  a  slip  direction.  The  slip  direc¬ 
tion  is  relevant  to  the  Burgers  vector,  and  the  slip  plane  is  defined  as  the  plane  containing  both  the 
Burgers  vector  and  the  dislocation  line  direction.  Therefore,  if  the  Burgers  vector  and  the  dislocation 
line  direction  are  determined,  the  slip  system  can  be  identified  except  the  case  for  a  pure  screw  dislo¬ 
cation. 

In  this  study,  the  weak-beam  method  was 
applied  to  determine  the  Burgers  vector  of  a  dis¬ 
location^].  Under  the  weak-beam  condition, 
fine-spaced  thickness  fringes  appear  in  a  dark- 
field  image  of  wedge-shaped  specimen.  If  the 
foil  contains  a  dislocation,  some  of  the  fringes 
terminate  at  the  end  of  the  dislocation  as  shown 
in  Fig.  1.  According  to  Ishida  et  a/.[6],  the  num¬ 
ber  of  the  terminating  fringes,  N,  is  closely  re¬ 
lated  to  the  Burgers  vector,  b ,  of  the  dislocation. 

They  give  a  equation  with  the  following  form, 
g-£=sgn(s)N,  (1) 

where,  g  is  the  reflection  vector  and  sgn(s)  the 
sign  of  the  deviation  vector  from  the  ideal  Bragg 


Dislocation 


Fig.  1  Schematic  illustration  of  a  weak-beam 
image  of  a  thin  foil  containing  a  dislocation.  The 
number  of  terminating  thickness  fringes,  N,  is  +1. 
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condition,  s.  The  sign  of  s  was  defined  as  plus 
when  the  deviation  vector,  s,  turned  to  outside  of 
the  Ewald  sphere.  The  number  of  terminating 
fringes,  N,  was  taken  as  positive  sign  when  the 
fringes  terminated  at  the  right-hand  side  of  the  end 
of  the  positive  dislocation  line  direction,  where  the 
positive  dislocation  line  direction  was  the  direction 
towards  the  edge  of  the  thin  foil.  For  example,  the 
number  of  the  terminating  fringes  is  +1  for  Fig.  1. 
Therefore,  the  Burgers  vector  can  be  determined 
from  three  weak-beam  images  of  the  same  disloca¬ 
tion  with  independent  reflection  vectors. 

The  trace  analysis  was  applied  for  the  deter¬ 
mination  of  a  dislocation  line  direction.  Figure  2 
is  a  schematic  explanation  of  the  trace  analysis.  The 
true  dislocation  line  ab  is  observed  as  the  projected 
image  a’  b'  on  the  normal  plane  to  the  incident  beam 
direction,  BA.  As  shown  in  Fig.  2,  the  plane  con¬ 
taining  both  and  a'  b1  also  contains  the  true  dis¬ 
location  line  ab .  Micrograph  taken  in  any  other 
beam  direction,  f?B,  results  in  second  projected  im- 
age  a* '  b" .  Then,  the  other  plane  is  defined  by 
a’ 1  b"  and  Z?B.  Consequently,  the  intersection  of 
these  two_planes  gives  the  true  direction  of  the  dis¬ 
location  ab. 

3.  RESULTS  AND  DISCUSSION 
3. 1.  Compression  test 

Figure  3  shows  stress-strain  curves  of  B-Si3N4 
compressed  at  1970K  and  at  various  strain  rates  in¬ 
dicated  in  this  figure.  High  temperature  deforma¬ 
tion  behavior  of  B-Si3N4  depends  strongly  on  the 
strain  rate.  The  flow  stress  decreases  with  decreas¬ 
ing  strain  rate.  The  stress-strain  curves  show  a 
peak  followed  by  monotonous  decrease  in  flow 
stress.  The  decrease  in  the  flow  stress  after  the 
peak  occurs  abruptly  at  higher  strain  rates  than 
2xl0‘5s‘1  because  of  either  crack  initiation  or  propa¬ 
gation,  while  the  stress  reduction  occurs  gradually 
at  a  strain  rate  of  9xl0‘6s1.  It  was  found  that  any 
cracks  were  not  observed  on  the  surfaces  of  the 
samples  deformed  at  9x lO'V1.  Also,  the  tempera¬ 
ture  dependence  of  deformation  behavior  was  simi¬ 
lar  to  the  strain  rate  dependence. 

Figure  4  shows  the  relation  between  the  plas¬ 
tic  strain  rate,  ep,  and  the  peak  stress  compensated 
by  the  shear  modulus,  The  shear  modu¬ 

lus  was  estimated  by  an  extrapolating  the  tempera¬ 
ture  dependence  of  the  shear  modulus  measured  at 
temperature  range  from  R.T.  to  1673K  for  hot- 
pressed  B-Si3N4f7].  The  slope  in  the  double  loga- 


Incident  beam  direction,  BA 


Fig.  2  Schematic  explanation  for  the  determi¬ 
nation  of  the  true  dislocation  line  direction.  The 
true  dislocation  line  direction  is  determined  as 
the  intersection  of  the  two  distinct  planes,  which 
contain  the  incident  beam  direction  and  the  pro¬ 
jected  dislocation  line  direction. 


Fig.  3  Stress-strain  curves  for  B-Si3N4  com¬ 
pressed  at  1970K  and  at  various  strain  rates. 
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rithm  plot  shown  in  Fig.  4  gives  the  stress  expo¬ 
nent,  n.  It  is  seen  that  there  are  two  distinct  regions 
with  different  stress  exponents  depending  on  the 
strain  rate  except  at  1820K.  The  stress  exponent, 
is  about  3  in  the  higher  strain  rate  region  (HSR),  10 4 
whereas  1  in  the  lower  strain  rate  region  (LSR).  In 
addition,  the  transition  from  HSR  to  LSR  region 
was  in  good  agreement  with  the  brittle-  ductile  tran-  go 

sition  from  the  viewpoint  of  crack  formation.  "V 

•co 

3.  2.  TEM  observation 

Figure  5[8]  shows  the  dislocation  structure  of  10-s 
B-Si3N4  deformed  at  1920K  at  a  strain  rate  of  9x10* 

V1.  Figures  5  (a)  and  (b)  were  taken  at  the  same 
area  with  different  reflection  vectors;  (a)  g=0002, 

(b)  g=32 10 .  The  dislocation  distribution  is  ho¬ 
mogeneous  and  subboundaries  are  scarcely  ob¬ 
served.  Moreover,  most  of  dislocations  are  bow¬ 
ing  out,  indicating  that  these  dislocations  are  mo¬ 
bile.  According  to  the  g*£=0  invisibility  criteria,  a  Fig-  4  Relation  between  the  strain  rate,  q>,  and 
dislocations  having  the  Burgers  vector  of  a!  the  peak  stress  compensated  by  shear  modulus, 
3<1120  >  should  be  invisible  tf  it  is  imaged  with  %JG>  at  various  temperatures, 
the  reflection  vector  of  g=  0002  (Fig.  5  (a)),  while  _ 

c  dislocations  with  the  Burgers  vector  of  c[0001]  is  invisible  with  g=32 1 0  (Fig.  5  (b)).  Furthermore, 
a+c  dislocations,  a/3<ll  20  >+c[0001],  should  be  in  contrast  with  both  of  the  reflections.  Therefore, 
we  can  see  that  most  of  dislocations  observed  in  Fig.  5  are  c  dislocations.  In  addition,  some  a  dislo¬ 
cations  are  present  but  the  a+c  dislocation  cannot  be  observed  in  this  area.  The  ratio  of  the  dislocation 
densities  of  c  and  a  dislocations  was  roughly  estimated  to  be  10  : 1.  The  dislocation  structure  shown 


Fig.  5  Dislocation  structure  observed  in  the  sample  10%  deformed  at  1920K  and  at  a  strain  rate  of 
9x10  V1.  _Micrographs  (a)  and  (b)  were  taken  at  the  same  area  with  different  reflection  vectors; 

(a)  g=0002,  (b)  g=32 10  [8]. 
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Fig.  6  Weak-beam  images  of  a  c  dislocation  with  three  independent  reflection  vectors[8]. 


Fig.  7  Weak-beam  images  of  an  a  dislocation  with  three  independent  reflection  vectors[8] 


Fig.  8  Weak-beam  images  of  an  a+c  dislocation  with  three  independent  reflection  vectors[8]. 

in  Fig.  5  was  the  typical  one  developed  during  high  temperature  deformation  of  B-Si3N4.  The  disloca¬ 
tion  density  ratio  of  c  and  a  was  found  to  be  independent  of  deformation  conditions. 

3.  3.  Identification  of  slip  system 

Figures  6,  7  and  8[8]  show  weak-beam  images  of  dislocations,  each  of  which  was  taken  with 
three  independent  reflection  vectors.  Dislocations  shown  in  Figs.  6  and  8  were  observed  after  defor¬ 
mation  to  5%  in  strain  at  1920K  and  at  a  strain  rate  of  lxlO'V1,  those  in  Fig.  7  being  after  deformation 
to  10%  at  2020K  and  at  a  strain  rate  of  2x10  V1.  One  thickness  fringe  is  terminating  at  the  left-hand 
side  of  the  end  of  the  positive  dislocation  line  direction  in  figs.  6  (a)  and  (c),  while  one  fringe  is 
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terminating  at  the  right-hand  side  in  fig.  6  (b).  Ac-  Table  1  Reflection  vectors,  g,  numbers  of  ter- 
cording  to  the  definition  as  mentioned  above,  the  minating  thickness  fringes,  Ny  sign  of  the  devia- 
number  of  terminating  fringes,  AT,  are  -1,  +1  and  -1  tion  vectors  from  the  exact  Bragg’s  diffraction 
for  Figs.  6  (a),  (b)  and  (c),  respectively.  The  sign  of  condition,  sgn(s),  and  analyzed  Burgers  vectors, 
deviation  vector  from  the  ideal  Bragg  condition,  b ,  for  figs.  6,  7  and  8. 
sgn(s),  was  minus  for  each  diffraction  condition  of 
Figs.  6  (a),  (b)  and  (c).  If  the  Burgers  vector  of  the 
dislocation  in  Fig.  6  is  assumed  to  be  b=[h  k  i  /],  the 
following  equations  are  given, 

-k+i+ 1=1  (2) 

h-i-U-1  (3) 

h-  k+  1=  1.  (4) 

By  solving  the  eqs.  (2)- (4)  with  taking  account  of 
the  manner  of  Miller  index  for  the  hexagonal  coor¬ 
dination,  i.e.,  h+k+i  =  0,  the  Burgers  vector  of  the 
dislocation  in  Fig.  6  is  confirmed  to  be  6=c[0001]. 

The  same  procedure  applied  for  the  dislocations  in 
Fig.  7  and  8  revealed  that  the  dislocations  in  Fig.  7 
and  8  were  a  and  a+c  dislocations,  respectively.  The  reflection  vectors,  g,  the  number  of  terminating 
fringes,  N,  the  sign  of  the  deviation  vector  from  the  ideal  Bragg  condition,  sgn(s)  and  determined 
Burgers  vectors,  b ,  for  Figs.  6,  7  and  8  are  summarized  in  table  1. 

Figure  9[8]  demonstrates  the  stereographic  analysis  of  the  slip  plane  for  the  dislocation  shown 
in  Fig.  6.  The  planes  normal  to  the  incident  beam  BA  or  Bb  are  shown  in  the  stereogram  as  great 
circles  (A)  or  (B),  respectively.  The  projected  dislocation  line  directions  on  (A)  or  (B)  are  indicated 
by  dA  or  dB ,  respectively.  Hence,  the  true  dislocation  line  direction,  wd,  is  determined  as  the  intersec¬ 
tion  of  two  great  circles;  one  of  which  straddles  between  BA  and  dA,  the  other  between  Bb  and  dB. 
Consequently,  the  slip  plane  is  given  as  a  plane  which  contained  both  the  Burgers  vector,  b ,  and  the 
true_dislocation  line  direction,  «d.  The  pole  of  this  slip  plane  indicated  by  ©  is  very  close  to  that  of 
(10J.0)  prism  plane.  Therefore,  it  is  confirmed  that  the  dislocation  shown  in  Fig.  6  is  belong  to  the 
{10 1 0}[0001]  prism  slip  system.  Since  c  dislocations  were  the  most  frequently  observed  in  deformed 
samples,  the  {1010}[0001]  prism  system  is  considered  to  be  the  primary  slip  system  in  B-Si3N4.  This 
finding  is  in  good  agreement  with  that  reported  by  Butler[l].  However,  we  have  never  observed  the 
{1120}[0001]  slip  system  reported  by  Milhet  et 

al\  4]. 

Figure  10[8]  shows  the  stereogram  illustrat¬ 
ing  the  slip  planefor  the  dislocation  with  the  Burgers 
vector  of  a/3 [21  10  ]  shown  in  Fig.  7.  From  the 
trace  analysis,  the  slip  plane  for  the  a  dislocation 
was  found  to  be  (01 10)  prism  plane,  so  that  the 
secondary  slip  system  of  { 10 1 0  }<1 210  >  had  been 
activated  on  the  primary  slip  system  during  high 
temperature  deformation.  In  this  study,  a  disloca¬ 
tions  lying  on  the  (0001)  basal  plane  have  never 
been  ’observed.  This  finding  suggests  that  the 
Peierls’  barrier  against  the  motion  of  a  dislocations 
on  the  (0001)  basal  plane  is  higher  than  that  on  the 
{1010}  prism  plane  because  of  the  small  c!a  ratio 
of  0.38  in  8-Si  N. 

3  4 

Figure  11  [8]  demonstrates  the  stereographic 
trace  analysis  of  the  slip  plane  for  the  a+c  disloca-  Fig-  9  Stereographic  projection  for  the  analysis 
tion,  a/3[2110]+c[0001],  shown  in  Fig.  8.  The  of  the  slip  plane  for  the  dislocation  in  Fig.  6[8]. 
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Fig.  10  Stereographic  projection  for  the  analysis 
of  the  slip  plane  for  the  dislocation  in  Fig.  7[8]. 


Fig.  11  Stereographic  projection  for  the  analysis 
of  the  slip  plane  for  the  dislocation  in  Fig.  8[8]. 


pole  of  the  slip  plane  indicated  by  ©  in  Fig.  11  is  close  to  the  pole  of  (11 21 )  pyramidal  plane.  Oth¬ 
erwise,  there  are  not  any  other  planes  with  low  index  except  the  (1121)  pyramidal  plane  around  it. 
Thus,  if  the  experimental  error  is  taken  into  account,  we  can  conclude  that  the  a+c  dislocation  shown 
in  Fig.  8  lies  on  the  (1121)  pyramidal  plane;  *.<?.,  the  {1121  }<  2113>  pyramidal  slip  system  also  can 
be  activated  during  high  temperature  deformation.  However,  the  density  for  a+c  dislocations  was 
very  low  and  it  was  approximately  1/100  of  that  for  c  dislocations. 


3.  3.  Relation  between  high  temperature  deformation  behavior  and  activated  slip  systems 

The  relation  between  the  high  temperature  deformation  behavior  and  the  activated  slip  systems 
is  summarized  in  Fig.  12[8].  The  high  temperature  deformation  behavior  is  seemed  to  be  classified 
into  two  regions;  one  is  the  “Brittle”  region  where  the  cracks  were  observed  after  deformation,  the 
other  is  the  “Ductile”  region  where  the  good  elongation  of  more  than  10%  was  obtained  without  crack 
formation.  The  characters  of  dislocations  observed  are  also  shown  in  Fig.  12.  Both  the  primary  slip 
system  of  {1010}[0001]  for  c  dislocations  and  the  {1010}<1210>  prism  slip  system  fora  disloca¬ 
tions  operated  during  deformation  under  the  all  conditions  conducted  in  this  study.  However,  the 
{1121  }<  2113>  pyramidal  slip  for  a+c  dislocations  was  activated  only  under  the  limited  conditions 
shown  by  “Ductile”  in  Fig.  12.  In  general,  the  primary  slip  system  in  a  hexagonal  structure  such  as  8- 
Si3N4  cannot  satisfy  the  von  Mises  criterion[9],  so  that  cracks  are  most  likely  to  be  initiated  at  grain 
boundaries  in  polycrystals  unless  a  pyramidal  slip 
contributes  to  the  plastic  strain  besides_the  primary 
slip.  The  activation  of  the  {10 10}<1210  >  prism 
slip  system  on  the  primary  prism  slip  cannot  result 
in  to  satisfy  the  von  Mises  criterion.  At  “Brittle” 
region,  the  premature  crack  formation  occurred. 

This  is  probably  because  that  the  von  Mises  crite¬ 
rion  was  not  satisfied  at  this  region.  On  the  other 
hand,  if  the  {1121  }<2113>  pyramidal  slip  sys¬ 
tem  operates,  the  von  Mises  criterion  must  be  sat¬ 
isfied.  In  this  study,  however,  since  the  density  of 
a+c  dislocations  was  very  low  (pc :  pa  :  pa+c  =  100 
:  10 : 1),  it  is  hardly  considered  that  the  plastic  strain 
obtained  at  the  “Ductile”  region  was  predominantly 
attributed  to  the  dislocation  motion  of  a+c  dislo- 


Fig.  12  Relation  between  deformation  condi¬ 
tions  conducted  in  this  study  and  deformation 
behaviors.  Characters  of  dislocations  observed 
are  also  shown  by  c,  a  and  a+c[8]. 
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cations.  Moreover,  at  the  “Ductile”  region,  the  stress  exponent,  n ,  was  about  1  (see  Fig.  4),  indicating 
the  grain  boundary  slidmg  was  probably  dominant  deformation  mechanism.  Therefore,  it  is  consid¬ 
ered  that  the  {1121  }<  2113>  pyramidal  slip  system  may  operate  as  one  of  the  accommodation  pro¬ 
cesses  for  the  stress  concentration  at  triple  points  or  ledges  of  grain  boundaries  caused  by  the  grain 
boundary  sliding.  Therefore,  the  activity  of  the  {11 21  }<  2113>  pyramidal  slip  system  likely  plays  an 
important  role  for  ductility  of  polycrystalline  B-Si3N4  at  high  temperatures. 

4.  CONCLUSIONS 

High  temperature  deformation  behavior  of  B-Si3N4  was  examined  by  compression  and  disloca¬ 
tion  structures  were  observed  by  TEM.  The  weak-beam  method  was  applied  for  the  identification  of 
activated  slip  systems  during  high  temperature  deformation.  The  results  obtained  are  summarized  as 
follows. 

(1)  High  temperature  deformation  behavior  of  B-Si3N4  depended  strongly  on  deformation  condi¬ 
tions.  It  was  roughly  classified  into  two  regions;  one  is  ductile  region  where  a  good  elongation  was 
obtained  without  crack  formation,  and  the  other  is  brittle  region  where  the  cracks  initiated  in  slight 
deformation.  The_brittle_to  ductile  transition  resulted  in  change  of  the  stress  exponent  from  3  to  1. 

(2)  The  {10 10}<1210  >  prism  slip  for  a  dislocations  and  the  {1121  }<  2113>  pyramidal  slip 
for  a+c  dislocations  were  found  to  be  activated  on  the  {1010}[0001]  primary  slip  for  c  dislocations 
during  high  temperature  deformation.  However,  the  activation  of  the  pyramidal  slip  was  limited  in 
the  ductile  region.  The  ratio  of  the  densities  for  c,  a  and  a+c  dislocations  was  100  :  10  :  1,  respec¬ 
tively. 

(3)  The  activity  of  the  {1121  }<  2113>  pyramidal  slip  system  was  of  great  importance  for  duc¬ 
tility  of  polycrystalline  B-Si3N4  at  high  temperatures. 
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Abstract 

Microstructural  observation  using  transmission  electron  microscope  were  conducted  on  creep- 
deformed  SiC,  AI2O3  and  Si3N4  ceramics  in  order  to  analyze  microscopic  deformation  mechanism  in 
these  ceramics  directly.  Thin  foils  were  prepared  from  the  tensile  surface  of  the  four-point  bending 
bars  after  creep  test  at  various  conditions.  In  SiC  ceramics  crept  at  1250°C,  very  sharp  microcracks 
propagated  relatively  straight  and  transgranularly.  Microcracks  also  branched  and  some  of  them 
extended  along  grain  boundary.  In  SiC  crept  at  1480°C,  grain  boundary  cavities  and  dislocations 
were  also  observed.  In  Si3N4  crept  at  around  1200°C,  cavities  along  grain  boundary  were  frequently 
observed.  Dislocations  were  sometimes  observed.  No  transgranular  cracks  were  happened.  In  AI2O3 
ceramics  crept  at  1000°C,  sharp  microcracks  ran  through  both  grain  boundary  and  inside  grains  with 
small  number  of  very  tiny  grain  boundary  cavities.  Grain  boundary  glassy  phase  was  partly 
crystallized.  Based  on  the  observed  microstructure,  creep  mechanisms  of  these  ceramics  were 
discussed  in  relation  with  creep  ductility. 


Introduction 

Ceramics  are  creep-deformed  and  finally  ruptured  under  static  stress  at  high  temperatures. 
There  are  many  studies  to  analyze  creep  deformation  mechanisms  up  to  now,  and  it  has  been 
shown  that  the  deformation  behavior  changes  material  to  material[l-10].  Diffusion  mechanism, 
dislocation  mechanism  or  subcritical  crack  growth  mechanism  are  proposed  for  creep  deformation  of 
ceramics  based  on  the  number  of  stress  exponent,  n,  in  the  empirical  relation  between  steady  state 
strain  rate  and  applied  stress  at  a  given  temperature.  The  values  of  1,  2  or  greater  than  10  for  n  are 
reported  to  correspond  with  the  diffusion  mechanism,  dislocation  mechanism  or  subcritical  crack 
growth  mechanism,  respectively. 

Yokobori  et  al.  reported  that  the  creep  deformation  behavior  of  three  typical  high  temperature 
structural  ceramics  such  as  alumina,  SiC  and  Si  3N4  at  high  temperatures,  and  mentioned  that  creep 
ductility  increased  in  the  order  SiC<Al203<Si3N4[  11-14].  To  understand  the  creep  mechanism 
more  clearly,  it  is  important  to  observe  not  only  macroscopic  deformation  characteristics  such  as 
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creep  rate  and  failure  life  measurement  but  also  microstructure  change  during  creep  deformation. 
Grain  size,  grain  size  distribution,  grain  morphology,  pore,  amount  and  property  of  secondary 
phase(s)  of  ceramics  always  differ  from  material  to  material,  so  that  deformation  behavior  should 
deeply  depends  on  the  microstructure.  Therefore,  deformation  behavior  of  ceramics  shows  more 
complex  feature  than  that  of  metals. 

In  this  paper,  microstructural  investigation  of  creep-deformed  alumina,  SiC  and  8^4 
ceramics  are  reported.  The  deformation  mechanism  is  also  discussed  based  on  both  microscopic 
observation  and  macroscopic  mechanical  properties. 

Experimental  Procedure 

The  following  three  ceramics  were  investigated.  (l)Gas-pressure  sintered  containing 

AI2O3  and  Y2O3  as  sintering  additives.  The  amount  of  sintering  additives  was  about  8-10wt%  in 
total.  Sintering  temperature  was  around  1800°C(NGK  Sparkplug  Co.  Ltd,  Japan).  (2)Pressureless- 
sintered  SiC  containing  about  2wt%  in  total  B  and  C  as  sintering  additives.  Sintering  temperature 
was  2100-2200°C(Hitachi  Ltd,  Japan).  (3)Pressureless-sintered  alumina  containing  4wt%  in  total 
Si(>2,  CaO  and  MgO  (Hitachi  Chemical  Ltd,  Japan). 

Rectangular  bending  bars  with  dimensions  of  about  4mm(width)x3mm(depth)x36mm(length) 
were  prepared.  The  tensile  surface  was  lapped  up  to  the  surface  roughness  of  less  than  0.8s.  The 
specimens  were  lorded  in  a  four-point  bending  fixture  with  upper  span  of  10mm  and  lower  span  of 
30mm  in  air  using  an  universal  testing  machine[14]. 

Thin  foils  for  transmission  electron  microscopy(TEM)  were  cut  from  the  part  where  largest 
tensile  stress  was  applied,  i.e.,  the  center  part  of  lower  spans.  The  thin  section  parallel  to  lower 
surface  was  cut  using  low-speed  diamond  cutter.  Therefore,  the  tensile  direction  is  included  in  the 
thin  section.  If  the  specimen  was  ruptured,  the  closest  surface  near  broken  surface  was  selected. 
After  mechanical  polishing,  then  the  thin  section  was  dimpled  and  finally  ion-milled  using  Ar(Duo 
Mill  or  PIPS,  Gatan  Co.  USA).  Thin  foils  were  observed  using  TEM(EM30,  Philips,  The 
Netherlands  and  H-9000,  Hitachi  Ltd.,  Japan).  Un-deformed  specimens  were  also  observed  as 
references. 

Results 

1.  SiC 

In  the  un-deformed  SiC  specimen,  there  was  no  detectable  grain  boundary  phase.  The  average 
SiC  grain  size  was  about  3|jim.  Carbon  grains  were  sometimes  located  at  three  grains  junctions.  In 
SiC  grains,  parallel  stacking  faults  were  frequently  observed. 

The  specimen  creep-deformed  at  1250°C  under  an  applied  stress  of  286MPa  and  ruptured 
after  30. 4h  was  observed(relatively  short  life  specimen).  Fig.l  shows  typical  micro  structure  around 
crack  path.  Microcracks  observed  were  very  sharp  and  thin  in  thickness.  They  propagated  mainly 
transgranular  but  sometimes  intergranular  in  manner.  The  crack  labeled  as  'a'  branched  into  two 
cracks,  'b'  and  'c',  at  inner  part  of  the  grain.  Two  cracks  crossed  the  grain  boundary  and  into  the 
adjoining  grain,  one  went  into  the  grain,  'd',  but  the  other  propagated  through  grain  boundary,  labeled 
as  'e'.  In  the  other  grain,  as  shown  in  Fig.  2,  the  crack  'a1  twisted  at  inner  grain  portion  of  'b',  giving 
wavy  contrast  observed  at  'c'.  Branched  cracks  stopped  at 'd'  or  produced  dislocations  at  'e'.  The 


T  Fig.  1  Microstructure  of  SiC  crept  at  1250°C 
under  286MPa. 

-^Fig.  2  Microstructure  of  SiC  crept  at  1250°C 
under  286MPa. 


overall  direction  of  the  cracks  was  relatively  uniform  and  straight,  probably  perpendicular  to  the 
maximum  tensile  stress  direction.  There  was  no  detectable  cavities  along  grain  boundaries. 

Figs.  3,  4  and  5  show  microstructure  of  the  specimen  creep-deformed  at  1480°C  under  an 
applied  stress  of  245MPa  and  did  not  ruptured  until  490h(long  life  specimen).  In  this  specimen,  the 
formation  of  cavities  along  grain  boundary  was  observed  relatively  frequently,  as  shown  in  Fig.  3. 
Cavities  could  be  seen  on  a  grain  boundary  of  which  direction  should  be  perpendicular  to  the 
maximum  tensile  stress  direction.  The  shape  of  cavities,  lens-like  or  pyramidal  or  box-like, 
wasreflected  the  crystalline  planes  of  adjoined  grains.  The  size  of  cavities  was  less  than  50nm  in 
maximum  length.  Fig.  4  indicates  high  magnification  photograph  of  a  sharp  crack.  The  crack 
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Fig.  4  Microstructure  of  SiC  crept  at  1480°C 
under  245MPa. 
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Fig.  3  Microstructure  of  SiC  crept  at  1480°C 
under  245MPa. 
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propagates  mainly  along  the  closest-packed 
crystal  plane,  but  made  steps  with  a  constant 
interval.  Fig.  5  shows  the  other  cracks,  which 
progressed  along  grain  boundary.  It  is 
interesting  that  dislocations  were  initiated  at 
the  kink  points  of  cracks.  These  dislocations 
directed  the  same  direction  and  stopped  after 
extension  into  a  grain. 

«-Fig.  5  Microstructure  of  SiC  crept  at  1480°C 
under  245MPa. 


2.  AI203 

The  observation  of  reference  alumina 
indicated  that  this  alumina  contained  relatively  large  amount  of  grain  boundary  glassy  phase.  Most 
of  AI2O3  grains  were  equiaxed  and  showed  polyhedral-like  crystal  planes  particularly  along  the 
grain  boundary  phase.  The  average  grain  size  was  observed  to  be  3-5  fim.  Small  number  of 
dislocations  were  presented  before  deformation. 

The  specimen  creep-deformed  at  1000°C  under  an  applied  stress  of  54MPa  and  ruptured 
after  8.5h,  relatively  short  life  at  lower  temperature  condition,  was  observed.  Fig.  6  and  7  show 
typical  microstructure  around  crack  path.  Many  microcracks,  very  sharp,  propagated  along  grain 
boundary  and  change  direction  at  triple  point  glassy  phase,  as  shown  in  Fig.  6.  Not  so  frequent  but 
some  case,  dislocation  network  was  observed  together  with  a  crack,  as  shown  in  Fig.  7.  Along  some 
grain  boundaries,  very  tiny  cavities,  less  than  20nm  in  diameter,  was  observed.  Grain  boundary 
phase  was  partly  crystallized  as  shown  in  Fig.  8.  The  crystallization  of  grain  boundary  phase  was 
confirmed  by  X-ray  diffraction  in  the  specimen  creep-deformed  at  1 100°C  under  54MPa  for  68h. 


Fig.  6  Microstructure  of  A1203  crept  at  1000°C 
under  54MPa. 


Fig.  7  Microstructure  of  A1203  crept  at  1000°C 
under  54MPa. 
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3.  Si3N4 

From  the  micro  structure  observation  of 
reference  Si  3N4  specimen,  it  was  clarified  that 
the  specimen  contained  relatively  large  amount 
of  grain  boundary  glassy  phase.  It  was  existed 
between  each  grain  boundaries  without 
exception.  The  grains  were  mostly  equiaxed 
with  diameter  of  about  1  |xm.  The  edges  of 
each  grains  were  rounded.  There  were  some 
grains  with  plate-like  or  bar-like  shape  of 
which  size  was  greater  than  equiaxed  grains. 

Figs.  9  and  10  show  microstructure 
of  the  specimen  creep-deformed  at  1150°C 
under  an  applied  stress  of  196MPa  and  did 
not  ruptured  until  300h(long  life  specimen).  In  the  case  of  different  from  SiC  and  AI2O3, 

cracks  or  cavities  were  not  so  sharp.  All  cavities  aligned  along  grain  boundaries.  These  cavities  were 
not  continuous  in  the  thin  TEM  specimen,  but  have  tendency  to  lay  in  one  direction 
macroscopically,  probably  perpendicular  to  the  maximum  tensile  stress  direction.  The  cavities  were 
seemed  to  be  expanded  by  viscous  flow  of  grain  boundary  glassy  phase  under  stress.  No 
transgranular  cracks  was  observed  whereas  some  dislocations  were  observed.  A  part  of  grain 
boundary  phase  was  crystallized,  and  it  was  also  confirmed  by  X-ray  diffrac-tion  analysis. 

After  the  creep  test  at  121 5°C  under  an  applied  stress  of  147MPa,  and  ruptured  after  103h, 
the  specimen  showed  almost  resemble  microstructure  with  that  of  the  specimen  crept  at  1150°C. 
As  shown  in  Figs.  11  and  12,  grain  boundary  cavitation  was  frequently  observed  along  one 
direction.  The  width  of  cavity  was  larger  than  the  case  of  1150°C  specimen.  Dislocation  network 
was  observed  in  some  grains  and  also  a  part  of  grain  boundary  phase  was  crystallized. 


0.5pm 

Fig.  8  Microstructure  of  AI2O3  crept  at  1000°C 
under  54MPa. 


Fig.  9  Microstructure  of  Si3N4  crept  at  1 150°C  under  196MPa. 
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Discussion 


Fig.  10  Microstructure  of  Si3N4  crept  at  1 150°C  under  196MPa. 


From  the  present  microstructural  observation,  whereas  the  deformation  conditions  and 
materials  were  limited,  deformation  mechanism  actually  progressed  in  the  materials  was  indicated 
and  it  showed  variety  depending  on  material  and  temperature. 

In  the  case  of  SiC  ceramics,  deformation  progressed  mainly  by  the  formation  of  microcracks 
which  propagated  mainly  transgranularly  without  formation  of  grain  boundary  cavities  at  relatively 
low  temperature  under  a  high  applied  stress.  High  applied  stress  induced  very  complicated 
microcrack  path  through  grains,  sometimes  it  made  steps  and  the  other  time  was  twisted  or 
branched,  probably  due  to  high  grain  boundary  strength  of  the  present  'solid- state-sintered'  SiC 
ceramics.  This  ceramics  contains  almost  no  grain  boundary  phase.  At  1480°C,  relatively  high 


Fig.  12  Microstructure  of  Si3N4  crept  at  1215°C 
under  147MPa. 


Fig.  11  Microstructure  of  Si3N4  crept  at  1215°C 
under  147MPa. 


Key  Engineering  Materials  Vols.  171-174 


839 


deformation  temperature,  on  the  contrary,  the  formation  of  cavities  along  grain  boundaries  was 
observed,  with  concurrent  microcrack  propagation  and  formation  of  dislocations.  It  is  expected  that 
the  creep  behavior  depends  greatly  on  test  temperature.  From  the  recovery  measurement  of 
neutron-irradiated  defects  in  SiC,  it  was  reported  that  the  temperature  of  irradiation-induced 
vacancy  migration  occurred  significantly  above  about  1250°C[15,16].  Thus,  the  migration  rate  of 
vacancy  changes  around  1250°C  or  a  little  higher  temperature.  The  relation  between  steady  state 
creep  rate  and  creep  rupture  time  of  the  same  SiC  as  the  present  study  indicates  that  the  data  can  be 
plotted  as  linear  line  in  the  log(steady  state  creep  rate)-log(rupture  life)  diagram[5-7,13,14],  but 
different  lines  depending  on  the  test  temperature.  As  test  temperature  increases,  the  line  shifts  to 
the  direction  of  creep-ductile  materials.  It  is  supposed  that  cavity  formation  as  a  result  of  bulk  and 
grain  boundary  diffusion  causes  this  change.  Besides  cavity  formation  observed  at  relatively  higher 
temperature,  both  subcritical  crack  growth  and  dislocation  mechanisms  are  seemed  to  be  contributed 
for  the  creep  deformation  in  the  present  SiC  ceramic.  In  other  words,  at  relatively  lower 
temperature,  cavity  formation  may  be  suppressed.  Change  in  apparent  activation  energy  of  stress- 
strain  rate  measurement  of  hot-pressed  SiC  containing  small  amount  of  A1  was  reported  to  be 
around  1500°C,  smaller  energy  and  higher  stress  exponent  on  strain  rate  value  than  1  in  the  lower 
temperature  than  1500°C[17],  Microstructure  investigation  of  the  deformed  specimen  in  that  study 
indicated  brittle  fracture  with  sharp  microcracks  without  cavitation  in  the  lower  temperature  region, 
which  is  roughly  consistent  with  the  present  result. 

Si3N4  ceramics  observed  in  this  study  contained  large  amount  of  grain  boundary  phase.  Grain 
boundaiy  phase,  which  is  mostly  glassy  phase  before  deformation,  should  be  softened  near  its 
melting  point  of  around  1500°C.  Grain  boundary  phase  is  more  easy  to  deform,  rapid  to  diffuse  at 
such  a  high  deformation  temperature.  It  was  observed  at  all  grain  boundaries.  Wiederhom  et  al.[18] 
investigated  creep  and  fracture  behavior  of  a  grassy  phase  containing  alumina  both  with 
mechanically  and  microscopically.  They  concluded  that  the  creep  of  the  alumina  dominated  by  the 
viscous  flow  and  solute  precipitation  mechanism  of  grain  boundary  phase.  In  the  case  of  'liquid- 
phase-sintered'  Si3N4  in  the  present  study  is  also  seemed  to  be  dominated  by  the  characteristics  of 
grain  boundary  phase,  i.e.,  viscous  flow  and  solution  precipitation  of  grain  boundary  phase. 
Cavitation  or  crack  opening  will  be  formed  as  a  result  of  viscous  flow  of  grassy  phase.  The 
log(steady  state  creep  rate)-log(rupture  time)  plot  was  presented  as  one  straight  line  independent  of 
test  temperature  and  more  close  to  that  of  ductile  materials  such  as  Cr-Mo-V  steel[13,14].  Before 
opening  of  continuous  large  cracks,  formation  of  independent  cavities  should  be  observed.  A  part  of 
grain  boundary  phase  was  crystallized.  If  plenty  of  glassy  phase  was  crystallized  during 
deformation,  creep  deformation  rate  should  be  lowered.  The  effect  of  dislocation  on  creep  rate  may 
be  limited  due  to  the  small  number  of  dislocations  compared  with  the  viscous  flow.  Thus  the 
deformation  of  Si3N4  at  observed  narrow  temperature  range  is  mainly  dominated  by  the 
deformation  of  grain  boundary  phase,  and  partial  recrystallization  and  change  in  composition  or 
dislocation  lead  not  so  significant  effects  on  deformation.  Tighe  etal.[19]  reported  onMgO-doped 
and  Y203-doped  Si3N4  that  stress  exponent  of  4.2  and  presence  of  grain  boundary  cavitation. 

In  the  case  of  alumina,  the  microstructure  of  deformed  specimen  showed  intermediate  feature 
between  those  of  Si3N4  and  SiC.  It  contained  relatively  large  amount  of  grain  boundaiy  phase,  but 
probably  it  is  not  ductile  at  around  1000°C.  The  grain  boundary  phase  is  weaker  than  alumina 
particle  so  that  microcracks  extended  along  mainly  grain  boundary.  At  lower  temperature,  the 
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deformation  mechanism,  i.e.,  mainly  microcrack  formation,  is  resemble  with  that  of  SiC.  As  test 
temperature  increases,  deformation  of  grain  boundaiy  phase  and  cavity  formation  will  dominate 
creep  deformation  mechanism,  as  in  the  case  of  liquid  phase  sintered  Si3N4,  mentioned  above  and 
also  of  vitreous-bonded  alumina  discussed  by  Wiederhom  et  al.[18],  who  measured  the  stress 
exponent  of  4.8.  In  the  latter  case,  crystallization  of  grain  boundary  phase  may  affect  the 
deformation  behavior.  Then  the  Iog(steady  state  creep  rate)-log(rupture  time)  plot  was  appeared 
between  those  of  SiC  and  Si3N4[13,14],  and  may  show  slight  temperature  dependency[18]. 

Conclusions 

Microstructural  observation  using  TEM  were  conducted  on  creep-deformed  SiC,  A1203  and 
Si3N4  ceramics.  In  SiC  ceramics  crept  at  1250°C,  sharp  microcracks  propagated  relatively  straight 
and  transgranularly.  Microcracks  were  also  branched  and  some  of  them  extended  along  grain 
boundary.  At  1480°C,  grain  boundary  cavities  and  dislocations  were  also  observed.  In  Si3N4  crept 
at  around  1200°C,  grain  boundary  cavities  due  to  viscous  flow  were  frequently  observed  with  small 
number  of  dislocations.  No  transgranular  cracks  were  observed.  A  part  of  grain  boundary  phase  was 
crystallized.  In  A1203  ceramics  crept  at  1000°C,  sharp  microcracks  ran  through  mainly  grain 
boundaiy  with  small  number  of  very  tiny  grain  boundary  cavities.  Grain  boundary  phase  was 
partly  crystallized.  Compared  with  microstructural  deformation  mechanisms  of  three  ceramics, 
liquid-phase-sintered  Si3N4  showed  more  creep-ductile  and  solid-state-sintered  SiC  more  creep- 
brittle  deformation.  The  results  explain  the  estimation  from  log(steady  state  creep  rate)-log(rupture 
life)  diagram  proposed  by  one  of  the  authors.  In  every  cases,  creep  deformation  is  not  dominated  by 
single  simple  micro-mechanism. 
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Abstract 

Tensile  creep  behavior  is  examined  in  advanced  silicon  nitride  ceramics  in  order  to  reveal 
the  lifetime  controlling  process  and  to  confirm  10,000h  creep  resistance.  From  the  creep  rupture 
behavior  under  high  stress  level  within  short  testing  period  less  than  l,000h,  the  relationships 
between  log-log  plot  of  applied  stress  and  time-to-failure  exhibits  a  single  straight  line  at  each 
temperature  examined.  Then,  the  applied  stress  corresponding  to  time-to-failure  of  10,000h  is 
estimated  from  the  extrapolation  of  straight  lines,  and  10,000h  creep  resistance  was  successfully 
confirmed  under  the  predicted  applied  stress  at  relatively  low  temperatures.  However,  at  1300°C, 
the  relationship  is  divided  into  two  straight  lines  at  the  stress  of  240MPa.  Estimation  of  deformation 
parameters  reveals  that  the  slop  of  the  log-log  plot  is  nearly  equal  to  the  inverse  of  the  stress 
exponent  at  the  deformation  condition.  This  result  indicates  that  the  change  in  the  slope  of  creep 
lifetime  dependence  on  applied  stress  can  be  predicted  from  the  estimation  of  stress  exponent  in  the 
creep  tests  for  only  a  few  hundred  hours,  which  is  very  useful  for  lifetime  prediction- 

introduction 

Silicon  nitride  is  one  of  the  most  promising  materials  for  the  application  in  advanced 
ceramic  gas  turbines  with  improved  efficiency.  For  its  high-temperature  applications,  however, 
many  mechanical  properties  must  be  confirmed  such  as  high  levels  of  strength,  oxidation  and  creep 
resistance  and  also  high  reliability  of  the  lifetime  at  certain  working  conditions. 

When  the  ceramic  material  is  used  as  a  high-temperature  structural  component,  a  durability 
more  than  100,000h  is  expected  in  many  case.  However,  it  is  practically  difficult  to  perform  a  long¬ 
term  tests  of  ceramic  materials  at  high  temperatures  for  more  than  100,000h.  Therefore,  it  is 
necessary  to  predict  the  long-term  live  from  the  result  of  short-term  tests  accurately.  In  order  to 
estimate  long-term  durability,  long-term  creep  rupture  data  is  required.  There  are  a  few  recent  data 
of  creep  test  more  than  several  thousand  hours  [1,  2],  but  most  of  the  creep  tests  conducted  so  far  on 
ceramics  have  been  at  a  level  of  several  hundred  hours,  which  is  too  short  to  estimated  long-term 
durability.  Collecting  long-term  creep  rupture  data  is  needed  to  raise  reliability  in  the  estimated 
durability. 

In  the  present  study,  tensile  creep  behavior  is  examined  in  advanced  silicon  nitride 
ceramics  to  reveal  the  lifetime  controlling  process  and  to  confirm  the  long  term  creep  resistance 
more  than  10,000h. 

Experimental  Procedure 

Silicon  nitride  ceramics  used  in  this  study  are  SN88M  produced  by  NGK  Insulators,  Ltd. 
(Nagoya,  Japan),  which  is  gas  pressure  sintered  silicon  nitride  ceramics.  The  material  was  cut  and 
ground  to  flat  dog-bone  specimens  with  rectangular  cross  section  of  4x2.5mm2  and  a  gage  length  of 
20mm.  Tensile  creep  tests  were  conducted  in  the  temperature  range  of  1200  to  1300°C.  The  tests 
were  made  at  a  constant  load.  The  displacement  of  the  specimens  was  measured  by  two  linear 
variable  differential  transducers  (LVDT)  located  outside  furnace  and  recorded  by  plotter.  In  some 
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specimens,  the  displacement  was  measured  in  situ  between  two  points  in  the  gage  section  by  an 
optical  system  and  data  were  collected  by  a  computer.  The  accuracy  of  the  optical  system  is  less 
than  10pm.  In  the  tests,  bending  strain  was  minimized  to  less  than  5%  by  adjustment  at  room 
temperature  individually  for  each  specimen.  The  bending  strain  was  measured  by  4  strain  gauges  on 
each  surface  of  a  specimen  in  the  center  of  the  gauge  section.  Detailed  testing  procedure  has  been 
reported  elsewhere  [3]. 

Testing  program  for  the  developed  material  is  as  follows.  The  first  step  is  to  evaluate  creep 
rupture  behavior  within  relatively  short  testing  periods  and  under  high  stress  level,  typically  less 
than  l,000h.  The  second  step  is  to  estimate  the  applied  stress  corresponding  to  time-to-failure  of 
10,000h,  using  log-log  plots  between  applied  stress  and  time-to-failure.  The  third  step  is  to  carry  out 
confirmation  tests  of  10,000h  in  the  estimated  conditions. 

Results  and  Discussion 

At  first,  creep  rupture  behavior  is  evaluated  within  relatively  short  testing  periods  and 
under  high  stress  level,  typically  less  than  l,000h.  Figure  1  shows  the  relationships  between 
logarithm  of  applied  stress  and  logarithm  of  time-to-failure  in  SN88M  at  1250  and  1300°C.  The 
relationship  exhibits  a  single  straight  line  at  each  temperature  examined.  From  the  extrapolation  of 
straight  lines,  the  applied  stress  corresponding  to  time-to-failure  of  10,000h  is  estimated  and 
confirmation  tests  of  10,000h  creep  resistance  are  conducted. 

Figure  2  shows  the  results  of  confirmation  tests  of  10,000h  creep  resistance  in  SN88M  at 
1250°C  and  1300°C.  The  creep  resistance  of  10,000h  was  confirmed  under  the  predicted  applied 
stress  at  1250°C.  The  creep  resistance  of  10,000h  has  been  confirmed  in  many  materials  at  several 
conditions  under  the  predicted  applied  stress  from  the  extrapolation  of  straight  lines  obtained  within 
relatively  short  testing  periods  [4]. 

In  contrast  to  the  results  under  the  most  of  conditions,  the  creep  resistance  of  10,000h  in 
SN88M  at  1300°C  is  not  confirmed  under  the  predicted  applied  stress  from  the  extrapolation  of  the 
straight  line  as  shown  in  Fig.  2  (b).  The  time-to-failure  is  only  about  one  or  two  thousand  hours  at 
the  predicted  stress  for  10,000h. 

Since  the  lifetime  at  the  relatively  low  stress  level  is  overestimated  by  the  extrapolation  of 
the  straight  line,  a  new  function  must  be  introduced.  Assuming  that  the  log-log  plots  of  the  applied 
stress  vs.  time-to-failure  can  be  expressed  as  bimodal  linear  relationship,  the  slope  changes  at  the 
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applied  stress  of  about  240MPa.  Figure  3  shows  the  result  of  the  lifetime  prediction  from  the 
extrapolation  of  log-log  plots  of  relatively  lower  applied  stress  data.  The  lifetime  of  more  than 
10,000h  is  confirmed  under  the  predicted  condition. 

In  the  case  that  the  log-log  plots  of  the  applied  stress  (a)  vs.  time-to-failure  ( tr )  is 
represented  as  straight  lines,  the  relationship  is  described  as, 

lna  =  — — lnff  +  Const.  (1) 

where  N  is  a  constant.  As  shown  in  Fig.  3,  N  is  estimated  to  be  about  4  at  lower  stress  level  than 
240MPa  and  about  9  at  higher  stress  level.  It  has  been  reported  that  the  change  in  the  slope  of  the 
stress  vs.  failure  time  curves  represents  the  change  in  the  kinetics  of  the  crack  growth  mechanism 
depending  on  the  applied  stress,  i.e.,  creep 
controlled  failure  occurs  at  low  stress  level, 
where  failure  is  controlled  by  slow  crack 
growth  at  higher  stress  level  [5].  However, 
this  is  not  the  case  in  the  present  study 
because  the  slow  crack  growth  region  is 
obviously  observed  at  the  stress  level  higher 
than  400MPa  in  the  present  material.  Creep 
controlled  failure  must  occur  in  both  region 
above  and  below  the  stress  level  of  240MPa. 

If  it  is  the  case,  the  change  in  some  creep 
property  is  expected  near  the  stress  level  of 
240MPa.  Then,  the  stress  exponent  n  is 
estimated  around  the  stress  level  of 
240MPa. 

Figure  4  shows  creep  curves  of 
SN88M  at  1300°C  under  various  applied 
stresses.  At  the  lower  stress  level  of  140  and 
160MPa,  transient  creep  and  steady-state- 
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Fig.  4  Creep  curves  of  SN88M  at  1300°C 
under  various  applied  stresses. 


APPLIED  STRESS  /  MPa 


Fig.  5  Relationship  between  applied  stress 
and  strain  rate  in  SN88M  at  1300°C. 


like  creep  regions  are  observed.  On  the  other  hand,  tertiary  creep  region  is  also  clearly  observed  at 
the  stress  level  higher  than  180MPa. 

The  previous  reports  reveals  that  the  true  steady-state  creep  is  not  clearly  defined  in  silicon 
nitride  [6].  The  lack  in  steady-state  may  be  caused  by  chemical  or  structural  change  due  to 
oxidation  during  creep.  The  minimum  creep  strain  rate  is  used  in  the  previous  studies,  which  is 
obtained  at  a  creep  time  of  several  hundred  hours.  In  the  present  study,  the  secondary  creep  strain 
rate  is  estimated  from  the  strain  rate  at  the  time  of  200h  in  the  case  that  tertiary  creep  is  not 
observed. 

Figure  5  shows  the  relationship  between  applied  stress  and  strain  rate  in  SN88M  at  1300°C. 
The  results  show  that  the  creep  rate  strongly  depends  on  the  applied  stress.  It  is  explicitly  shown 
that  the  relationship  between  log  of  applied  stress  and  log  of  strain  rate  is  bimodal,  i.e.,  the  slope  is 
approximately  4  at  the  region  under  220  MPa,  and  changed  to  about  9  at  the  region  above  230  MPa. 

There  are  some  reports  that  the  stress  exponent  increases  with  the  increase  of  flow  stress.  A 
large  increase  of  stress  exponent  with  increasing  applied  stress  has  been  attributed  to  failure  at  an 
early  stage  due  to  higher  applied  load  in  some  cases  [7].  However,  this  is  not  the  case  in  the  present 
study  because  tertiary  creep  region  is  clearly  observed  at  the  higher  stress  level.  Another  possible 
interpretation  is  due  to  creep  damage  or  cavitation.  There  have  been  some  reports  that  formation  of 
cavity  changes  the  stress  exponent  [8,  9].  In  the  present  material,  there  is  a  report  that  the  strain  in 
compressive  test,  where  effect  of  cavitation  is  limited,  is  much  less  than  that  in  tensile  test  [10]. 
Detailed  cavitation  study  will  be  conducted  in  future  works. 

As  shown  in  Fig.  3,  N  is  estimated  to  be  about  4  at  lower  stress  level  than  240MPa  and 
about  9  at  higher  stress  level,  while  the  stress  exponents  n  estimated  in  Fig.  5  are  approximately  4  at 
the  region  under  220  MPa,  and  changed  to  about  9  at  the  region  above  220  MPa.  Since  the  two  plots 
have  similar  trend  that  the  slope  change  from  4  to  9  at  the  stress  level  around  230MPa,  it  is  expected 
that  N  and  n  have  the  same  meaning.  If  it  is  the  case,  the  change  in  the  slope  of  creep  lifetime 
dependence  on  applied  stress  can  be  predicted  from  the  estimation  of  stress  exponent  in  the  creep 
tests  for  only  a  few  hundred  hours.  It  is  very  useful  for  lifetime  prediction.  Since  the  relationship 
between  applied  stress  and  strain  rate  ( e )  is  represented  as 


the  following  relationship  must  be  satisfied  from  Eq.  1  and  Eq.2  when  N  and  n  have  the  same 
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meaning. 


irtr  =  Const.  (3) 

As  a  lifetime  prediction  method  developed  and  generally  used  in  metallic  materials,  it  is 
well  known  that  the  relationship  between  log  of  time-to-failure  and  log  of  the  secondary  creep  strain 
rate  exhibits  single  straight  line  in  many  materials.  In  that  case,  the  relationship  between  secondary 
creep  strain  rate  and  time-to-failure  is  represented  as, 

imtr=  Const.  (4) 

where  m  is  the  strain  rate  exponent.  There  are  also  some  reports  that  silicon  nitride  ceramics  also 
fits  this  linear  relationship  [1,  6,  11,  12].  When  the  strain  rate  exponent  of  1,  it  has  been  reported 
that  the  time-to-failure  is  almost  same  with  the  time  for  the  formation  of  facet  size  cavities  [12], 
which  is  in  good  agreement  with  the  present  result  that  facet  size  cavities  are  observed  but  cracks 
are  rarely  observed  in  the  failed  specimens. 

From  these  results,  it  is  clarified  that  the  change  in  the  slope  of  creep  lifetime  dependence 
at  1300°C  is  originated  from  the  change  in  stress  exponent.  This  result  indicates  that  the  change  in 
the  slope  of  creep  lifetime  dependence  on  applied  stress  can  be  predicted  from  the  estimation  of 
stress  exponent  in  the  creep  tests  for  only  a  few  hundred  hours,  which  is  very  useful  for  lifetime 
prediction. 

Conclusion 

Tensile  creep  behavior  is  examined  in  advanced  silicon  nitride  ceramics  in  order  to  reveal 
the  lifetime  controlling  process  and  to  confirm  the  long  term  creep  resistance  more  than  10,000h. 
The  results  obtained  are  as  follows. 

(1)  The  results  of  creep  rupture  behavior  evaluated  under  high  stress  level  within  relatively 
short  testing  periods  typically  less  than  l,000h  reveals  that  the  relationships  between  logarithm  of 
applied  stress  and  logarithm  of  time-to-failure  exhibits  a  single  straight  line  in  each  material 
examined.  The  creep  resistance  of  10,000h  was  confirmed  in  the  most  of  materials  under  the 
predicted  applied  stress. 

(2)  The  relationship  between  the  logarithm  of  applied  stress  and  the  logarithm  of  time-to- 
failure  is  not  represented  by  a  single  straight  line  in  relatively  long  testing  period,  but  is  divided  into 
two  straight  lines  at  the  stress  level  of  240MPa  at  1300°C.  Estimation  of  deformation  parameters 
reveals  that  the  slop  of  the  log-log  plot  between  applied  stress  and  time-to-failure  is  nearly  equal  to 
the  inverse  of  the  stress  exponent  at  the  deformation  condition.  This  result  indicates  that  the  change 
in  the  slope  of  creep  lifetime  dependence  on  applied  stress  can  be  predicted  from  the  estimation  of 
stress  exponent  in  the  creep  tests  for  only  a  few  hundred  hours,  which  is  very  useful  for  lifetime 
prediction. 
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Abstract:  The  high  temperature  deformation  behavior  of  a  high-purity  yttria-stabilized  tetragonal 
zirconia  (3Y-TZP)  was  examined  by  constant  load  creep  tests.  By  excluding  the  influence  of  grain 
growth  during  deformation,  a  sigmoidal  relationship  similar  to  superplastic  metals  appeared  in  the 
relationship  between  true  stress  and  creep  rate.  At  stresses  lower  than  10  MPa,  a  stress  exponent  of 

1.6  appeared,  suggesting  the  intervention  of  diffusional  creep.  At  stresses  higher  than  15  MPa,  a 
stress  exponent  of  2.7  appeared.  In  thehighstress  region,  TEM  observation  revealed  some  intragranular 
dislocation  activity.  This  result  suggests  that  rate-controlling  mechanism  for  the  stress  exponent  of 

2.7  is  dislocation  creep. 

1.  INTRODUCTION 

The  high  temperature  deformation  of  high-purity  yttria-stabilized  tetragonal  zirconia  (Y-TZP) 
has  been  characterized  by  a  stress  exponent  of  2  at  a  high  stress  region  and  a  stress  exponent  of  ~3 
at  a  low  stress  region  [1-8].  Explanations  for  the  origins  of  these  deformation  regions  are  inconsistent 
to  each  other.  For  example,  Chokshi  et  al.  [1-4]  have  proposed  grain  boundary  sliding  (GBS)  and 
interface  reaction  processes  for  the  high  and  low  stress  regions,  respectively.  Jimenez-Melendo  et 
al.  [5-8]  have  assumed  the  existence  of  a  threshold  stress  for  GBS,  and  attributed  these  regions  to  a 
single  deformation  process  controlled  by  the  lattice  diffusion  of  cations. 

High  temperature  deformation  mechanism  of  high-purity  Y-TZP  has  been  analyzed  by 
e  =  Aon  /dp ,  (1) 

where  e  is  the  steady  strain  rate,  o  is  the  stress,  d  is  the  grain  size,  n  and  p  are  the  stress  and  the 
grain  size  exponents,  respectively,  A  is  a  material  constant.  From  this  definition,  n  and  p  should  be 
evaluated  for  the  instantaneous  relationship  among  stress,  strain  rate  and  grain  size  at  strain  e  in  a 
steady  state.  Since  the  strict  examination  of  this  relationship  is  laborious  and  grain  growth  is 
sluggish  in  Y-TZP,  however,  most  of  earlier  studies  [1-8]  examined  the  creep  behavior  without 
correcting  the  effect  of  grain  growth  on  the  stress-strain  rate  relationship.  Furthermore,  the  studies 
measured  overall  strain  rates  that  may  include  the  effects  of  deformation  in  the  grip  region  of  tensile 
specimens  or  those  of  constrained  deformation  near  both  sides  of  compression  specimens.  There 
seems  to  be  little  assurance,  however,  that  these  situations  did  not  influence  the  evaluation  of  the 
creep  parameter.  Indeed,  a  recent  experiment  [9]  for  a  high-purity  Y-TZP  has  shown  that  grain 
growth  and  deformation  in  the  grip  region  strongly  affect  the  shape  of  creep  curves  and  the  evaluation 
of  n -value.  Such  a  result  indicate  that  strict  examination  in  accordance  with  the  definition  of  Eq.  (1) 
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is  necessary  to  obtain  an  essential  understanding  of  the  deformation  behavior  of  Y-TZP. 

The  present  study  was  undertaken  to  (1)  examine  the  effects  of  grain  growth  on  creep 
behavior,  (2)  to  evaluate  the  stress  exponent  from  creep  strain-rate  curves  corrected  for  both 
instantaneous  stress  and  strain,  and  (3)  to  assess  the  possible  mechanisms  of  creep  deformation  in  a 
high-purity  3Y-TZP  on  the  basis  of  the  evaluated  stress  exponent  and  the  microstructural  features  in 
deformed  specimens. 


2.  EXPERIMENTAL  PROCEDURE 
2-1.  Material 

High  purity  3Y-TZP  powder  (Tosoh  Co.,  Japan:  <50  A1203,  50  SiO»  <50  Fe203,  220  Na20 
in  wt  ppm)  was  cold-isostatically  pressed  at  100  MPa  and  then  sintered  at  1673  K  for  3  h  in  air. 
The  sintered  material  had  a  relative  density  higher  than  98%  and  an  average  grain  size  of  0.35  fim. 
From  the  material,  dog-bone-shaped  flat  tensile  specimens  with  a  gage  portion  of  *3xw3x  }20  mm 
were  machined.  In  the  present  material,  no  intergranular  glass  phase  was  observed  along  grain 
boundaries. 


2-2.  Creep  Test 


Constant  load  creep  tests  were  performed  at  1673  K  in  air.  In  each  test,  the  tensile  stress 
was  setted  in  a  range  of  3~80  MPa.  True  tensile  displacement  was  measured  with  an  electro-optical 
extensometor  which  can  directly  monitor  the  length  between  targets  made  at  both  ends  of  the  gauge 
portion  [9].  The  monitored  creep  rate  em  was  corrected  against  the  current  values  of  both  cross 
sectional  area  of  the  gauge  portion  and  grain  size  follows  [9]. 


Assuming  constant  volume  and  uniform  deformation  in  the  gauge  portion,  the  instantaneous 
creep  rate  ea  at  an  arbitrary  true  strain  ea  can  be  written  as 

^  =  ^exp(-«fJ.  (2) 

When  the  corrected  creep  rate  decreases  from  'eM  to  eal  by  grain  growth,  the  grain  size  exponent 
can  be  expressed  as 


~P  = 


(3) 


In (d/d0) 

where  £a0  and  eal  are  the  creep  rates  corrected  for  the  initial  grain  size  dQ  and  the  instantaneous 
grain  size  d ,  respectively.  Inserting  Eq.  (2)  into  Eq.  (3)  leads  to  the  creep  rate  £ad  corrected  against 
both  instantaneous  stress  and  grain  size: 

eal=eaQ(dfdoy 

=  £m&xV(-n£a)-(d/dQ)p.  (4) 

For  this  correction,  the  stress  exponent  was  evaluated  from  the  monitored  creep  rate  em  at  a  true 
strain  of  0.03,  where  quasi-steady  state  was  established  and  grain  growth  stayed  less  than  3%  at 
15-80  MPa  and  ~30  %  at  3-10  MPa.  The  stress  exponents  used  for  the  correction  were  2.2  for  <sl0 
MPa  and  2.6  for  >10  MPa  [9]. 


2-3.  Microstructural  Evaluation 

Static  grain  growth  was  examined  by  annealing  the  sintered  specimens  at  1673  K  in  air.  For 
the  determination  of  average  grain  sizes  in  the  annealed  and  the  deformed  specimens,  scanning 
electron  microscopy  (SEM)  was  used.  The  specimens  for  SEM  observation  were  mechanically 
polished  and  thermally  etched  at  1473  K  for  30  min  in  air.  The  grain  size  was  evaluated  as  1.56Z, 
where  L  is  the  average  intercept  length  of  grains  in  SEM  micrographs. 

For  TEM  observation,  the  tensile  specimens  were  deformed  up  to  prescribed  strains  and 
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cooled  at  an  initial  rate  of  5  Ks'1.  During  the  cooling,  creep  load  was  not  removed  to  freeze-in  the 
deformed  structures.  TEM  specimens  were  cut  from  the  deformed  gauge  portion,  mechanically 
polished  to  a  thickness  of  100  ^m  and  further  thinned  by  Ar  ion-milling. 

3.  EXPERIMENTAL  RESULTS 
3-1.  Static  and  dynamic  grain  growths 

The  static  grain  growth  of  the  present  3Y-TZP  was  examined  by  using  the  classical  growth 

law: 

drs-drQ=k-t ,  (5) 

where  r  is  the  grain  growth  exponent,  ds  is  the  grain  size  at  annealing  time  t  and  k  is  the  rate 
constant.  Figure  1(a)  confirms  that  the  static  grain  growth  follows  the  cubic  law,  Le. ,  r=  3.  This  is 
consistent  with  a  previous  result  for  a  high-purity  3Y-TZP  [10]. 

Grain  growth  during  creep  deformation,  that  is,  dynamic  grain  growth  was  observed  to 
proceed  more  rapidly  than  the  prediction  from  Eq.  (5).  Such  enhanced  grain  growth  can  be 
attributed  to  an  additional  strain-dependent  component  in  the  form  [11] 

In  (d/ds)-a-ea,  (6) 

where  d  is  the  instantaneous  grain  size  at  true  strain  ea9  ds  is  the  grain  size  attained  only  by 
annealing  for  a  duration  of  [exp(efl)-l ]/i0  and  a  is  the  rate  constant  of  dynamic  grain  growth. 
From  the  slope  of  the  e  -In (d/ds)  plot  in  Fig.  1(b),  a  is  evaluated  as  0.45.  This  value  is  close  to  a 
=0.6  reported  for  a  high-purity  2.5Y-TZP  [12].  Inserting  Eq.  (5)  into  Eq.  (6),  we  can  evaluate  the 
instantaneous  grain  size  in  Eq.  (4)  as 

1/3 

d=[d30+kt)  exp(0.45eJ.  (7) 

3-2.  Creep  behavior 

Figure  2(a)  shows  the  creep  rate  curves  for  3Y-TZP  deformed  at  1673  K,  at  5  MPa.  The 
light  solid  line  represents  the  creep  rate  curve,  em ,  monitored  along  the  gauge  portion.  In  the  em 
-curve,  a  primary  creep  region  appears  up  to  -0.02,  where  the  creep  rate  decreases  steeply  with 
strain,  and  this  region  is  followed  by  a  quasi-steady  state  region,  where  the  creep  rate  gradually 
decreases  with  increasing  strain.  The  broken  line  represents  the  creep  rate  curve,  ea,  corrected  only 


Fig.  1  (a)  Static  and  (b)  dynamic  grain  growth  in  3Y-TZP  at  1673  K. 
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(b) 


Instantaneous  Grain  Size,  d  /  pm 


Fig.  2  Creep  rate  curves  of  3Y-TZP  at  1673  K,  at  5  MPa;  (a)  the  light  solid,  broken  and  heavy  solid 
lines  represent  the  creep  rates  monitored  optically  along  the  gauge  portion  (£m),  corrected  only 
against  the  stress  (  e0  )  and  corrected  against  both  stress  and  grain  size  ( e0d ),  respectively,  and  (b) 
s0  -curves  were  shown  as  a  function  of  the  instantaneous  grain  size  d . 


against  the  instantaneous  stress  by  using  Eq.  (2).  Although  the  e0 -curve  has  a  similar  feature  to  that 
of  the  em  -curve,  the  quasi-steady  state  region  shifts  toward  a  lower  creep  rate  region.  Figure  2(b) 
shows  ea  as  a  function  of  the  instantaneous  grain  size  evaluated  by  Eq.  (7).  The  strain  rate 
decreases  almost  linearly  with  increasing  grain  size  and  the  slope  of  the  trend  line  yields  a  grain  size 
exponent  of  about  2.0.  This  means  that  the  absence  of  steady-state  is  due  to  grain  growth  during 
deformation.  The  heavy  solid  line  in  Fig.  2(a)  represents  the  creep  rate  curve,  corrected  against 
both  stress  and  grain  size  by  using  Eqs.  (4)  and  (7)  forp=2.0.  In  contrast  to  the  em  -  and  ^-curves, 
the  £cd -curve  exhibits  a  well-defined  steady  state  region.  It  should  be  noted  that  the  discrepancy  in 
creep  rate  between  the  ea- and  e ^-curves  increase  with  strain. 

Figure  3  illustrates  the  variation  in  the  corrected  creep  rate  with  true  stress  in  a  double- 
logarithmic  scale.  The  open  circles  represent  the  steady  state  creep  rates,  evaluated  at  e 
=0.05-0.1.  The  open,  filled  and  inverted  triangles  represent  ea  evaluated  at  e  =0.03,  0.05  and  0.1, 
respectively.  For  comparison,  earlier  data  obtained  by  Owen  and  Chokshi  for  a  high-purity  3Y-TZP 
at  1673  K  [3]  are  also  shown  with  the  thin  solid  line.  Their  data  exhibit  the  typical  feature  of 
stress-strain  rate  relationship  reported  in  earlier  studies  [1-8],  where  the  stress  exponent  varies  from 
2.0  at  >40  MPa  to  3.0  at  <40  MPa. 

The  present  result  is  different  from  those  of  earlier  studies  [1-8].  The  stress-strain  rate 
relationship  corrected  against  both  instantaneous  stress  and  grain  size  shows  a  sigmoidal  feature 
similar  to  that  of  superplastic  metals.  The  steady-state  stress  exponent  takes  a  value  of  2.7  at  15-80 
MPa  and  1.6  at  stresses  lower  than  10  MPa.  However,  the  transition  of  the  stress  exponent  from  2 
to  3  reported  in  the  earlier  studies  [1-8]  does  not  appear  in  the  stress  range  of  the  present  examination. 

For  ea,  the  stress  exponent  takes  almost  the  same  value  as  that  for  Le.,  n~2.1  at  stresses 
higher  than  15  MPa.  There  is  also  the  lack  of  the  transition  from  n~ 3  to  n~ 2.  At  stresses  lower  than 
10  MPa,  the  stress  exponent  tends  to  increase  with  an  increase  in  strain.  This  trend  is  due  to  the 
effect  of  grain  growth  clearly  seen  in  Fig.  2,  that  is,  grain  growth  decreases  ea  at  larger  strains  and 
thereby  results  in  spuriously  large  n -values.  Thus,  the  correction  against  the  instantaneous  grain 
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Fig.  3  Creep  strain  rates  plotted  against  true  stress  for  3Y-TZP  deformed  at  1673  K. 


Fig.  4  Dark  field  TEM  micrographs  of  3Y-TZP  deformed  up  to  £  =0.18  at  1673  K,  at  30  MPa; 
(a)  tangled  dislocations  and  (b)  dislocations  punched  from  multiple  grain  junction  were  observed. 
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size  is  indispensable  for  evaluating  the  stress  exponent  at  low  stresses.  In  Fig.  3,  we  should  also 
note  that  the  broken  line  for  e  =0.1  parallels  the  earlier  data  and  yields  n~ 3.0,  which  is  consistent 
with  w -values  obtained  without  considering  the  effect  of  grain  growth  at  low  stresses  [1-8]. 

3-3.  Deformed  intragranular  microstructure 

Since  dislocation  structures  are  highly  sensitive  to  the  cooling  procedure  [13],  the  deformed 
specimens  were  cooled  rapidly  under  loading  at  the  respective  initial  stresses.  As  typically  shown 
in  Fig.  4,  the  present  TEM  observation  revealed  evidence  of  intragranular  dislocation  activities  such 
as  a  tangle  of  dislocations  and  a  dense  alignment  of  dislocations,  which  were  not  found  in  undeformed 
specimens.  The  presence  of  tangled  dislocations  seen  in  Fig.  4(a)  suggests  that  a  few  slip  system 
can  simultaneously  be  activated  during  deformation.  As  indicated  with  arrows  in  Fig.  4(b),  dislocations 
were  quite  frequently  observed  near  the  multiple  grain  junctions.  This  is  an  indication  that  the 
dislocations  were  punched  out  from  the  grain  junctions. 

In  contrast  to  the  present  observation,  intragranular  dislocation  activities  have  not  been 
reported  in  a  fine-grained  Y-TZP.  A  difference  in  specimen  preparation  seems  to  relate  this 
situation.  If  the  TEM  samples  are  prepared  from  failed  specimens  or  from  interrupted  specimens 
cooled  without  loading,  a  considerable  part  of  intragranular  dislocations  introduced  by  deformation 
would  be  annealed  out  during  cooling,  as  suggested  by  Messerschmidt  et  al.  [13].  Furthermore, 
grain  sizes  smaller  than  about  0.5  pm  may  also  make  it  difficult  to  observe  intragranular  dislocation 
under  a  two-beam  condition. 

4.  Discussion 

4.1  Absence  of  a  region  with  n~2 

A  deformation  region  with  n~ 2  reported  in  earlier  studies  [1-8]  did  not  appear  at  stresses  up 
to  80  MPa  in  the  present  examination.  Such  a  difference  cannot  be  connected  with  grain  growth. 
This  is  because  the  effect  of  grain  growth  decreases  with  increasing  stress  and  accordingly  the  data 
for  and  e a  almost  overlap  to  each  other  as  seen  in  Fig.  3.  Earlier  studies  have  noted  that  the 
transition  stress  tends  to  increase  with  decreasing  grain  size  [1-8].  If  this  is  true  in  the  present 
material,  there  may  be  a  possibility  of  2  for  e ^  and  ea  at  stresses  higher  than  80  MPa,  since  the 
initial  grain  size  of  the  present  material  is  smaller  than  that  used  by  Owen  and  Chokshi  [3]. 
Interference  from  preferential  deformation  around  the  specimen  grips  in  conventional  experiments 
[9]  may  be  also  concerned  with  the  difference,  because  the  interference  can  be  expected  to  enhanced 
at  higher  stresses  owing  to  higher  stress  concentrations  in  the  grip  regions.  To  confirm  the  appearance 
of  n= 2,  additional  experiments  using  the  present  technique  are  desirable  at  stresses  higher  than  100 
MPa. 

4.2  High  stress  region  with  n=  2.7 

Although  the  stress  exponent  higher  than  3.0  is  usually  correlated  with  dislocation  creep  for 
metals  and  some  yttria-stabilized  zirconia  single  crystals  [5,  14],  this  has  not  been  the  case  for 
fine-grained  Y-TZP.  This  is  because,  in  fine  grained  Y-TZP,  intragranular  dislocation  activities 
have  not  confirmed  in  earlier  studies  [1-8]  and  the  level  of  flow  stress  is  much  lower  than  the  yield 
stress  of  the  zirconia  single  crystals.  Accordingly,  n~ 3.0  in  Y-TZP  has  been  related  with  a  interface- 
reaction-controlled  process  [1-4]  or  a  diffusional  process  incorporated  with  a  threshold  stress  for 
GBS  [5-8].  According  to  the  existent  models  [15,  16],  however,  n~ 3  does  not  seem  to  be  consistent 
with  such  processes. 

The  present  data  seem  to  provide  anther  explanation  for  this  deformation  region.  The 
present  observation  confirms  that  dislocations  are  activated  itragranularlly  as  seen  in  Fig.  4,  irrespective 
of  the  level  of  flow  stress  lower  than  the  yield  stress  of  single  crystals  as  mentioned  above.  This 
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result  indicates  that  stress  concentrations  occurring  particularly  around  the  multiple  grain  junctions 
are  likely  to  activate  the  dislocation  motion.  Such  dislocation  motion  can  be  assumed  to  relieve  the 
strain  concentrations  due  to  GBS,  and  thereby  contribute  to  the  accommodation  process  during 
deformation.  The  stress  exponent  slightly  smaller  than  3.0  may  be  an  indication  of  the  intervention 
of  some  other  processes  noted  in  the  earlier  studies  [1-8]. 


4.3  Low  stress  region  with  n- 1.6 

The  comparison  among  e^,  eq  and  the  data  by  Owen  and  Chokshi  [3]  shown  in  Fig.  3 
strongly  suggests  that  «~3.0  in  the  low  stress  region  of  earlier  studies  is  probably  spurious  at 
stresses  lower  than  ~10  MPa.  As  described  before,  such  a  spurious  region  occurs  from  the  use  of 
large  strains  to  attain  the  quasi-steady  state  sufficiently  without  correcting  the  effect  of  grain  growth 
(Eqs.  (4)  and  (7)).  Instead  of  3.0,  a  n -value  closing  toward  unity  is  essential  at  stresses  lower 
than  ~10  MPa. 

Although  stress  exponents  close  to  unity  have  been  reported  for  coarse-grained  Y-TZP  with 
d0  >~2  fim  [17]  and  attributed  to  lattice  diffusion  creep,  there  has  been  little  information  available 
on  the  definite  explanation  of  rate-controlling  mechanisms  in  fine-grained  Y-TZP  at  such  low 
stresses.  However,  the  stress  exponent  smaller  than  2.0  incorporated  with  a  grain  size  exponent  of 
2.0  suggests  an  intervention  of  diffusional  creep  in  this  stress  region. 


4.4  Intermediate  region  with  n>5 

For  superplastic  metallic  alloys  [18]  and  Y-TZP  [5-8],  the  appearance  of  a  large  rc-value  in 
an  intermediate  deformation  region  is  often  related  with  the  existence  of  a  threshold  stress,  below 
which  a  rate-controlling  mechanism  working  at  higher  stresses  is  suppressed.  To  examine  this 
point,  the  steady  strain  rate  compensated  against  the  stress  exponent  for  the  high  stress  region  as 
e  Jim)  is  plotted  as  a  function  of  stress  in  Fig.  5.  A  liner  relationship  appears  in  the  plot  and  the 
trend  line  intersects  with  the  abscissa  at  ~1.0  MPa.  This  value  is  much  smaller  than  10-15  MPa  at 
which  the  transition  of  the  stress  exponent  occurs.  Thus,  the  w-value  larger  than  5  in  the  intermediate 
region  of  Fig.  3  cannot  be  explained  by  such  a  threshold  stress  approach.  The  large  «-value  can  be 
regarded  as  a  transient  one  due  to  a  change  in  rate -controlling  mechanisms  suggested  in  the  former 
sections. 
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5.  SUMMARY 

The  creep  behavior  of  a  high-purity  yttria-stabilized  tetragonal  zirconia  (3Y-TZP)  at  1673  K 
is  examined  directly  along  the  gauge  portions  of  tensile  specimens.  Correction  of  creep  rates 
against  both  instantaneous  stress  and  grain  size  reveals  a  sigmoidal  stress-strain  rate  relationship 
being  different  from  that  in  earlier  studies.  In  a  high  stress  region  lying  at  ;>15  MPa,  the  stress 
exponent  takes  a  value  of  2.7  and  evidence  of  intragranular  dislocation  activities  is  found  in 
deformed  specimens.  This  result  suggests  that  dislocation  creep  may  pertain  in  this  region.  In  a 
low  stress  region  lying  at  <10  MPa,  the  stress  exponent  takes  a  value  of  1.6,  suggesting  an  intervention 
of  diffusional  creep.  In  an  intermediate  region  connecting  the  former  two  regions,  the  stress 
exponents  takes  a  value  larger  than  5.  The  large  rt-value  can  be  regarded  as  a  transient  one 
accompanying  the  change  in  the  rate-controlling  mechanism  between  the  high  and  the  low  stress 
regions. 
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Abstract 

Eutectic  AI2O3-Y3AI5O12  (YAG)  single  crystals  were  fabricated  by  unidirectional  solid¬ 
ification.  High-temperature  deformation  behaviour  was  examined  by  uniaxial  compression 
testing  in  argon  flow  at  temperatures  between  1773K  and  1973K  under  an  initial  strain  rate 
in  a  range  of  2.8  x  10-6  ^  1  x  10  4  s_1.  High- temperature  yield  stress  in  AI2O3-YAG  single 
crystal  is  much  higher  than  that  in  sintered  AI2O3-YAG  composite  with  the  same  composi¬ 
tion.  The  stress  exponent  n  and  the  activation  energy  Q  in  the  single  crystal  are  estimated 
to  be  about  6  and  about  730  kJ/mol,  respectively.  The  activation  energy  is  nearly  the  same 
with  that  in  A1203  or  YAG  single  crystal  reported  previously.  In  the  deformed  samples, 
tangled  dislocations  are  observed  in  both  AI2O3  and  YAG  single  crystals.  High-temperature 
deformation  is  likely  to  be  controlled  by  dislocation  motion. 


1  Introduction 

In  recent  years,  considerable  efforts  have  been  made  to  develop  high-performance  materials 
with  excellent  high-temperature  strength  at  above  about  1800  K  in  an  oxidized  atmosphere 
in  order  to  improve  heat  efficiency  of  gas  generators  or  aerospace  jet  engines [1,2].  Oxide 
ceramics  with  high  melting  points  must  be  useful  for  their  high-temperature  strength  and 
oxidation  resistance.  However,  high-temperature  strength  in  sintered  polycrystalline  oxides 
is  not  so  high  because  the  strtength  is  reduced  by  an  existence  of  grain  boundaries  [3]. 

More  recently,  unidirectionally  solidified  A1203  -  YAG  single  crystals  have  been  fabricated  [4], 
whose  flexural  strength  is  as  high  as  400  MPa  at  2000  K.  This  strength  is  about  seven  times 
higher  than  that  in  sintered  Al2O3-50vol%  YAG  composite  at  the  same  temperature [5].  The 
present  paper  aims  to  examine  the  high-temperature  flow  behaviour  in  A1203  YAG  single 
crystals  at  temperatures  1773  ^  1973K. 
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2  Experimental  Procedure 

The  material  used  in  this  study  is  q-A1203-YAG  single  crystal.  High-purity  commercial 
powders  of  a-Al203  (AKP-30;  Sumitomo  Chemical  Co.  Ltd.)  and  Y203  (Y203-SU;  Shin- 
etsu  Chemical  Co.  Ltd.)  were  used  for  starting  materials.  These  powders  were  ball-milled 
in  ethanol  with  an  a-Al203  and  Y203  mole  ratio  of  82:18  to  produce  the  composites  with 
50  vol%  of  eaeh  phase.  The  slurry  obtained  was  dried,  pressed  into  cylinder  with  a  size  of 
<t>  10  x  10  mm3,  and  then  pre-melted  by  arc-melting  to  get  initial  ingots.  The  powders  obtained 
by  crushing  the  initial  ingots  were  put  into  a  Mo  crucible  heated  by  high-frequency  induction 
at  a  pressure  of  10  “5  mmHg  in  an  argon  atmosphere.  They  were  unidirectionally  solidified 
using  the  advanced  alloy  ciystalline  structure  controlling  equipment  at  the  Japan  Ultra-high 
Temperature  Materials  Research  Center.  The  unidirectional  solidification  was  conducted  at 
2223K  with  a  molybdenum  crucible  at  a  down-speed  of  1.39  x  10“6  m/s  to  obtain  the  single 
crystal  A1203-YAG  composite. 

High-tempereature  compression  tests  were  carried  out  using  an  Instron-type  testing  ma¬ 
chine  (MTS  808).  The  jigs  were  made  of  graphite  rods,  and  the  composite  plates  were  set 
between  rods  and  sample  to  protect  the  jigs.  The  size  of  the  specimens  was  4x4  mm2  in  cross 
section  and  6  mm  in  height.  Compression  tests  were  carried  out  in  argon  flow  at  a  constant 
cross-head  speed  with  a  resistance-heated  furnace.  The  initial  strain  rate  and  temperatures 


Figure  1.  SEM  micrographs  of  an  unidirec¬ 
tionally  solidified  A1203-YAG  single  crystal  on  Figure  2.  A  high-resolution  electron  micro- 
the  cross-sectional  plane  (a)  normal  and  (b)  par-  graph  of  an  A1203/YAG  interface, 
allel  to  the  solid ificational  direction. 
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examined  were  in  a  range  of  2.8  x  10“ 6  ~  1.0  x  10~~4  s-1  and  1773  ~  1973  K,  respectively. 

Microstructures  were  examined  with  an  optical  microscope  (Nikon  AFX-II),  scanning  elec¬ 
tron  microscope  (SEM;  JSM-5200,  JEOL,  Japan)  and  transmission  electron  microscope (TEM; 
H-800,  Hitachi,  Japan).  High-resolution  transmission  electron  microscopy  (HREM)  was  also 
performed  to  analyze  the  grain  boundary  structure  using  300  keV  high-resolution  electron 
microscope  (H-9000NAR,  Hitachi,  Japan). 


3  Results  and  Discussion 


The  average  bulk  density  of  samples  was  about 
SEM  micrographs  of  the  surface  (a)  normal  and 
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Figure  3.  Strain-stress  curves  at  temperatures 
between  1773K  ~  1973K  under  an  initial  strain  rate 
in  a  range  of  2.8  x  10“6  ^  1.0  x  10“4  s'"1. 


99%  of  theorical  density.  Figure  1  shows 
(b)  parallel  to  the  solidification  direction 
in  A1203-YAG  single  crystal.  In  this 
figure,  bright  and  dark  contrasts  cor¬ 
respond  to  YAG  and  AI2O3  phases, 
respectively.  The  normal  cross  sec¬ 
tion  shows  an  isotropic  structure,  but 
the  parallel  section  seems  to  be  elon¬ 
gated  to  the  solidification  direction. 
The  AI2O3-YAG  single  crystal  has  a 
microstructure  consisting  of  three  di¬ 
mensionally  continuous  and  entangled 
AI2O3  and  YAG  single  crystals. 

Figure  2  shows  the  high-resolution 
transmission  electron  micrograph 
along  an  A1203  /  YAG  interface. 
No  second  phase  is  seen  in  AI2O3  and 
YAG  phases  with  TEM  examinations 
even  in  the  interphase  boundary.  The 
growth  directions  of  AI2O3  and  YAG 
are  determined  to  be  [1120]  and  [210], 
respectively.  The  (0001)  lattice  plane 
in  AI2O3  is  parallel  to  (121)  in  YAG 
lattice  plane,  but  the  interface  between 
each  phases  seems  not  to  be  coherent, 
because  the  difference  in  the  lattice  pa¬ 
rameters  for  each  plane  is  more  than 
10%. 

Figure  3  shows  the  strain-stress 
curves  in  the  present  material  at  tem¬ 
peratures  between  1773K  ^  1973K  un¬ 
der  an  initial  strain  rate  in  a  range  of 
2.8  xlO-6  ~  1.0xl0~4s_1.  The  stress- 
strain  curves  exhibit  yield  and  flow  be¬ 
haviour  at  all  temperatures. 
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In  this  study,  we  tentatively  analyze  the  yield  stress  from  the  following  equation, 


e  =  At"  exp  (1) 

where  A  is  the  material  constant,  <j  is  the  applied  stress,  R  is  the  gas  constant,  T  is  the 
absolute  temperature,  Q  is  the  activation  energy  for  creep,  and  n  is  the  constants  termed 
the  stress  exponent.  Figure  4  shows  a  log-log  plot  of  initial  strain  rate  against  yield  stress 
at  three  temperatures.  The  previous  data  of  Al203[6]  and  YAG[7]  single  crystal  and  sin¬ 
tered  AI2O3-YAG  composite [4]  are  also  shown  in  Fig.  4  for  comparison.  The  compression 
axis  of  AI2O3  and  YAG  single  crystal  is  [1120]  and  [111],  respectively.  The  yield  stress  in 
A1203-YAG  single  crystal  at  1873  K  under  the  initial  strain  rate  of  1.0  x  10~4  s_1  is  433 
MPa,  which  is  about  13  times  higher  than  that  in  sintered  A1203-YAG  composite  with  the 
same  composition,  and  twice  as  high  as  that  in  A1203  single  crystal.  However,  the  yield 
stress  in  YAG  single  crystal  is  much  higher  than  that  in  A1203-YAG  single  crystal.  The 
yield  stress  in  YAG  single  crystal  under  the  initial  strain  rate  of  1.0  x  10"6  s^1  at  1803K  is 


STRESS  /  MPa 


Figure  4.  A  log-log  plot  of  initial  strain  rate  against  yield 
stress  at  three  temperatures  examined  in  A1203-YAG  single 
crystal,  accompanied  with  the  previous  data  of  A1203  and  YAG 
single  crystal  and  sintered  A1203-YAG  composite  for  compres¬ 
sive  testing. 


nearly  the  same  with  that  in 
A1203-YAG  single  crystal  at 
1773K. 

The  log-log  plot  of  ini¬ 
tial  strain  rate  against  yield 
stress  is  apploximately  to  be 
a  single  straight  line  at  each 
temperature,  and  the  stress 
exponent  n  is  estimated  to 
be  about  6  for  the  present 
material.  The  stress  expo¬ 
nent  is  nearly  the  same  with 
that  in  A1203  or  YAG  sin¬ 
gle  crystal,  but  is  much  larger 
than  that  in  sintered  A1203- 
YAG  composite  which  is  re¬ 
ported  to  be  about  1.  It  has 
been  reported  that  the  high- 
temperature  deformation  in 
A1203  or  YAG  single  crys¬ 
tal  takes  place  by  dislocation 
mechanism [6, 7],  and  that  the 
creep  deformation  in  sintered 
AI2O3-YAG  composite  occurs 
by  diffusional  process  such  as 
diffusional  creep  [8].  The  large 
stress  exponent  in  A1203- 
YAG  single  crystal  indicates 
that  the  high- temperature  de¬ 
formation  takes  place  mainly 
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by  dislocation  motion. 

Figure  5  is  a  bright  field  image  of  (a)  AI2O3  phase  and  (b)  YAG  phase  of  the  present 
material  after  10%  deformation  at  1873K  under  an  initial  strain  rate  of  1.0  x  1CT4  s_1.  Many 
dislocations  are  seen  in  both  phases.  This  result  supports  the  dislocation  motion  as  a  rate¬ 
controlling  mechanism  for  the  high-temperature  deformation  in  AI2O3-YAG  single  crystal. 

Figure  6  shows  an  Arrhenius  plot  of  initial  strain  rate  against  yield  stress  in  A1203-YAG 
single  crystal  at  temperatures  in  a  range  of  1773K  ~  1973K.  The  activation  energy  for  high- 
temperature  deformation  Q  is  estimated  to  be  about  730  kJ/mol,  which  is  not  so  different 
from  the  values  estimated  for  high-temperature  compressive  tests  in  A1203  or  YAG  single 
cryatal;  the  activation  energy  for  A1203  single  crystal  with  a  compression  axis  of  [1120]  and 
YAG  single  crystal  with  an  axis  of  [111]  are  reported  to  be  637kJ/mol[6]  and  789  kJ/mol[7], 
respectively.  This  fact  also  suggests  that  the  high-temperature  deformation  in  A1203-YAG 
single  crystal  may  be  rate-controlled  by  a  dislocation  motion  induced  by  lattice  diffusion  in 
AI2O3  or  YAG  single  crystal. 

Next,  we  will  examine  the  high-temperature  deformation  of  this  composite  from  isostress 
and  isostrain  models  [9].  On  the  assumption  that  the  duplex  microstructure  can  be  simplified 


Figure  5.  A  transmission  electron  micrograph  of  (a) 
A1203  and  (b)  YAG  phase  in  the  unidirection  ally  solid¬ 
ified  AI2O3  YAG  single  crystal  deformaed  10%  in  com¬ 
pression  testing  at  1873K  under  an  initial  strain  rate  of 
1.0  X  IQ"4  s"1. 


Figure  6.  An  Arrhenius  plot  of 
the  initial  strain  rate  against  the  flow 
stress  at  temperatures  between  1773K 
~  1973K. 
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such  that  the  composite  consists  of  the  alternating  plates  of  each  phase  as  shown  in  Figure 
7,  the  two  models  are  the  idealized  isostress  model  of  Fig.7(a),  and  the  isostrain  model  of 
Fig.7(b).  The  composite  strain  rate  s  and  stress  <x  can  be  described  by  the  following  relations, 

isostress  model  :  e  =  Vm2o3£m2o3  +  ^yag^yag  (2) 

isostrain  model  :  cr  =  ^ai2o30-ai2o3  +  vYAGaYAG  (3) 

where  vx  is  the  volume  fraction,  erx  is  the  yield  stress,  ex  is  the  initial  strain  rate  and 
Ax  is  the  materials  constant  of  X  single  crystal  (X:  A1203,  YAG).  By  using  the  activation 
energy  QYAG[111]  for  YAG  single  crystal  of  789  kJ/mol  and  vYAG  of  0.5,  calculated  i  against  a 
relationship  at  1873K  is  shown  in  Figure  8.  The  isostrain  model  provides  a  better  description 
of  the  experimental  results.  The  result  is  consistent  with  the  fact  that  dislocations  are  formed 
both  in  AI2O3  and  YAG  phases  in  deformed  samples  as  shown  in  Fig.5. 


4  Conclusion 


High-temperature  deformation  in  unidirectionally  solidificated  A1203-YAG  single  crystal 
was  examined  by  uniaxial  compression  testing  in  argon  flow  at  temperatures  between  1773K 
and  1973K  under  an  initial  strain  rate  in  a  range  of  2.8  x  10~6  rKJ  1  x  10  4  s  1 .  The  strain- 


(a) 

t 


\  O 

(b) 

t 


\  O 


Figure  7.  Idealized  composite  mi¬ 
crostructures:  (a)  isostress  and  (b) 
isostrain  orientations. 


Figure  8.  A  mixing- rule  predictions  based  on 
the  isostress  and  isostrain  models  for  the  initial 
strain  rate  and  yield  stress  together  with  the  ex¬ 
perimental  data  in  A1203-YAG  single  crystal  at 
1873K. 
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stress  curves  in  A1203-YAG  single  crystal  exhibit  yield  and  flow  behaviour  in  this  temperature 
range.  High-temperature  yield  stress  at  1873K  under  an  initial  strain  rate  of  1  x  10  4  s1 
in  AI2O3-YAG  single  crystal  is  433  MPa,  which  is  much  higher  than  that  in  sintered  A1203- 
YAG  composite  with  the  same  composition.  The  stress  exponent  n  in  the  single  crystal 
is  estimated  to  be  about  6,  and  the  activation  energy  for  deformation  is  about  730kJ/mol. 
The  activation  energy  is  nearly  the  same  with  that  in  Al203  single  crystal  deformed  in 
compression  in  the  [1120]  direction  and  YAG  single  crystal  with  a  compression  axis  of  [111] 
which  are  reported  to  be  637  kJ/mol  and  789  kJ/mol,  respectively.  An  analysis  of  high- 
resolution  electron  microscopy  reveals  that  there  is  no  amorphous  phase  at  AI203-YAG 
interface.  In  the  deformed  samples,  tangled  dislocations  are  observed  in  both  A1203  and 
YAG  single  crystals.  Plastic  flow  must  be  induced  by  dislocation  motion  in  the  two  phases. 
The  initial  strain  rate  against  yield  stress  relationship  in  A1203-YAG  single  crystal  can  well 
be  described  by  a  simple  isostrain  model. 
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